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ABSTRACT 

 

 Rechargeable lithium-ion batteries (LIBs), which are the most prevailing and 

promising electrochemical energy storage and conversion devices due to their high 

energy density and design flexibility, are widely used in portable electronics and electric 

vehicles. Currently commercialized LIBs adopt graphite as anode for its long cycle life, 

abundant material supply, and relatively low cost. However, graphite suffers low specific 

charge capacity (372 mAhg−1), which is obviously insufficient for powering new 

generation electronic devices. Thus, considerable efforts are being undertaking to develop 

alternative anode materials with low cost, high capacity, and long cycle life. A variety of 

high capacity anode materials have been identified, and silicon (Si) stands as the leading 

candidate and has attracted much attention for its highest theoretical capacity (4200 

mAhg−1). Nevertheless, inherent to the high-capacity electrodes, lithium (Li) insertion-

extraction cycling induces huge volumetric expansion and stress inside the electrodes, 

leading to fracture, pulverization, electrical disconnectivity, and ultimately huge capacity 

loss. Therefore, a fundamental understanding of the degradation mechanisms in the high-

capacity anodes during lithiation-delithiation cycling is crucial for the rational design of 

next-generation failure-resistant electrodes. 

 In this thesis, a finite-strain chemo-mechanical model is formulated to study the 

lithiation-induced phase transformation, morphological evolution, stress generation and 

fracture in high capacity anode materials such as Si and germanium (Ge). The model 

couples Li reaction-diffusion with large elasto-plastic deformation in a bidirectional 
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manner: insertion of the Li into electrode generates localized stress, which in turn 

mediates electrochemical insertion rates. Several key features observed from recent 

transmission electron microscopy (TEM) studies are incorporated into the modeling 

framework, including the sharp interface between the lithiated amorphous shell and 

unlithiated crystalline core, crystallographic orientation-dependent electrochemical 

reaction rate, and large-strain plasticity. The simulation results demonstrate that the 

model faithfully predicts the anisotropic swelling of lithiated crystalline silicon nanowires 

(c-SiNWs) observed from previous experimental studies. Stress analysis reveals that the 

SiNWs are prone to surface fracture at the angular sites where two adjacent {110} facets 

intersect, consistent with previous experimental observations. In addition, Li insertion 

can induce high hydrostatic pressure at and closely behind the reaction front, which can 

lead to the lithiation retardation observed by TEM studies. 

 For a comparative study, the highly reversible expansion and contraction of 

crystalline germanium nanoparticles (c-GeNPs) under lithiation-delithiation cycling are 

reported. During multiple cycles to the full capacity, the GeNPs remain robust without 

any visible cracking despite ~260% volume changes, in contrast to the size dependent 

fracture of crystalline silicon nanoparticles (c-SiNPs) upon the first lithiation. The 

comparative study of c-SiNPs, c-GeNPs, and amorphous SiNPs (a-SiNPs) through in-situ 

TEM and chemo-mechanical modeling suggest that the tough behavior of c-GeNPs and 

a-SiNPs can be attributed to the weak lithiation anisotropy at the reaction front. In the 

absence of lithiation anisotropy, the c-GeNPs and a-SiNPs experience uniform hoop 

tension in the surface layer without the localized high stress and therefore remain robust 
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throughout multicycling. In addition, the two-step lithiation in a-SiNPs can further 

alleviate the abruptness of the interface and hence the incompatible stress at the interface, 

leading to an even tougher behavior of a-SiNPs. Therefore, eliminating the lithiation 

anisotropy presents a novel pathway to mitigate the mechanical degradation in high-

capacity electrode materials.  

 In addition to the study of the retardation effect caused by lithiation self-generated 

internal stress, the influence of the external bending on the lithiation kinetics and 

deformation morphologies in germanium nanowires (GeNWs) is also investigated. 

Contrary to the symmetric core-shell lithiation in free-standing GeNWs, bending a 

GeNW during lithiation breaks the lithiation symmetry, speeding up lithaition at the 

tensile side while slowing down at the compressive side of the GeNWs. The chemo-

mechanical modeling further corroborates the experimental observations and suggests the 

stress dependence of both Li diffusion and interfacial reaction rate during lithiation. The 

finding that external load can mediate lithiation kinetics opens new pathways to improve 

the performance of electrode materials by tailoring lithiation rate via strain engineering. 

Furthermore, in the light of bending-induced symmetry breaking of lithiation, the 

mechanically controlled flux of the secondary species (i.e., Li) features a novel energy 

harvesting mechanism through mechanical stress. 

 Besides the continuum level chemo-mechanical modelings, molecular dynamics 

simulations with the ReaxFF reactive force field are also conducted to investigate the 

fracture mechanisms of lithiated graphene. The simulation results reveal that Li diffusion 

toward the crack tip is both energetically and kinetically favored owing to the crack-tip 

stress gradient. The stress-driven Li diffusion results in Li aggregation around the crack 
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tip, chemically weakening the crack-tip bond and at the same time causing stress 

relaxation. As a dominant factor in lithiated graphene, the chemical weakening effect 

manifests a self-weakening mechanism that causes the fracture of the graphene.  

 Moreover, lithiation-induced fracture mechanisms of defective single-walled 

carbon nanotubes (SWCNTs) are elucidated by molecular dynamics simulations. The 

variation of defect size and Li concentration sets two distinct fracture modes of the 

SWCNTs upon uniaxial stretch: abrupt and retarded fracture. Abrupt fracture either 

involves spontaneous Li weakening of the propagating crack tip or is absent of Li 

participation, while retarded fracture features a “wait-and-go” crack extension process in 

which the crack tip periodically arrests and waits to be weakened by diffusing Li before 

extension resumes. The failure analysis of the defective CNTs upon lithiation, together 

with the cracked graphene, provides fundamental guidance to the lifetime extension of 

high capacity anode materials. 
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Chapter 1  
 

Introduction 

1.1 Motivation 

 The exponential growth in the demands for electrical energy storage, not only for 

portable electronic devices, such as cellular phones and laptop computers, but also for 

transportation, load-leveling, and commercialization of renewable resources such as solar 

and wind power, has attracted enormous interest in compact, light-weight, and high-

capacity batteries that can offer high energy densities, as batteries are by far the most 

common form of storing electrical energy [1-4]. Therefore, advanced battery technologies 

are critically important for the wide range applications of various batteries, from portable 

electronics to electric vehicles [5-8].  

 Among the present battery technologies, rechargeable lithium-ion batteries 

(LIBs), which are the most prevailing and promising devices for electrochemical energy 

storage and conversion due to their high energy density and design flexibility [1, 2, 6, 8-

10], as shown in Fig. 1-1, are widely used in portable electronics and electric vehicles. 

Currently commercialized LIBs adopt graphite as anode for its long cycle life, abundant 

material supply, and relatively low cost. However, graphite suffers low specific charge 

capacity (372 mAhg−1) [11, 12], which is obviously insufficient for powering new-

generation electronic devices. Thus, alternative anode materials with low cost, high 

capacity, and long cycle life need to be developed. 
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Figure 1-1. Comparison of the different types of batteries in terms of volumetric and 

gravimetric energy density [1]. Lithium-ion batteries (LIBs) are the most 
prevailing and promising devices for electrochemical energy storage and 
conversion due to their high energy density and design flexibility. 

 

 A variety of high capacity anode materials have been identified, and silicon (Si) 

stands as the leading candidate and has attracted much attention for its highest theoretical 

capacity (4200 mAhg−1) [9, 11-13]. Nevertheless, during electrochemical lithiation-

delithiation process, all these high capacity anode materials inherently experiences large 

volume change (especially up to 300% for Si), leading to fracture, pulverization, 

electrical disconnectivity, and ultimately huge capacity loss [12, 14-20]. Therefore, a 

fundamental understanding of the degradation mechanisms in the pertinent anode 

materials during lithiation-delithiation cycling is crucial for the rational design of high 

energy density anodes in LIBs.  
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1.2 Background 

 A battery is an energy storage device that converts the chemical energy contained 

in its active materials directly into electric energy by means of an electrochemical 

reaction [21]. For a rechargeable battery, the process can be reversed during the charging 

period. Among the various existing technologies, LIBs are the best performing ones 

owing to their high energy density [1, 2, 6, 8-10], which exceeds any competing 

technologies by at least a factor of 2.5 [1]. 

1.2.1 The Working Principle of Lithium-Ion Batteries 

 A battery contains one or more electrochemical cells that are connected in series 

and/or in parallel to provide the desired output voltage and capacity, respectively [1, 3, 

21]. Each cell consists of three major components: negative electrode (anode), positive 

electrode (cathode), and electrolyte which separates the two electrodes, as shown in Fig. 

1-2 [22]. The electrolyte must have good ionic conductivity but not be electronically 

conductive in order to provide the medium for the transfer of lithium ions (Li+) but not 

electrons between the anode and cathode. Additionally, current collectors, which are 

usually metals and must not react with the electrode materials, are used to allow the 

transport of electrons to and from the electrodes. Typically, copper (Cu) is used for the 

anode and aluminum (Al) for the cathode. As LIBs are based on the electrochemical 

reaction during which Li is inserted into or extracted from both cathode (positive 

electrode) and anode (negative electrode), when the battery is being charged, the 

electrochemical potential difference of Li+ in the two electrodes acts as a driving force for 
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the migration of Li+ from the cathode to the anode through the electrolyte. Meanwhile, 

electrons flow from the cathode to the anode through the external circuit connected to the 

two current collectors. Such process will be reversed during discharging period, and the 

electrical energy transformed from the chemical energy stored in the electrodes will be 

used to power the external working load. 

 
Figure 1-2. Schematic of a lithium-ion battery comprised of a negative electrode 

(graphite) and a positive electrode (LiCoO2), separated by a non-aqueous 
liquid electrolyte. Li ions move from the negative (positive) electrode to the 
positive (negative) electrode through the electrolyte during discharging 
(charging); meanwhile electrons move through an external circuit to 
maintain the electrical neutrality. Solid electrolyte interfaces (SEIs) are 
formed during the electrochemical cycling. Current collectors (here are Al 
and Cu) are used to transport electrons to and from the electrodes [22]. 

 

 Once the positive and negative electrodes are connected externally, the 

electrochemical reactions proceed simultaneously at both electrodes, thereby liberating 
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electrons and enabling the current to go through the external circuit to do work. The 

measures of the performance of a battery, such as cell potential, capacity, and energy 

density which are determined by the product of cell capacity and potential, are related to 

the intrinsic properties of the chosen anode and cathode materials. Energy density, the 

amount of electrical energy that a battery can deliver, is a function of the cell potential 

( ocV  ) and capacity (Ahkg-1), and can be expressed either per unit of weight (gravimetric 

energy density, Whkg-1) or per unit of volume (volumetric energy density, Whl-1) [1]. 

Both of the cell potential and capacity are directly linked to the chemistry of the system. 

The cell potential ocV  of a lithium (Li) cell can be determined by the difference in the Li 

chemical potential between the cathode ( )Li cµ  and the anode ( )Li aµ  as: 

( ) ( )Li c Li a
ocV

F
µ µ−

=                                                  (1-1) 

where, F  is the Faraday constant. The theoretical capacity of a cell, expressed as the 

total quantity of electricity involved in the electrochemical reaction, is also determined by 

the amount of active materials in the cell [21]. Figure 1-3 shows all the conventional 

anode and cathode materials with their Li+ capacity and electrochemical potential 

compared with Li metal [22]. In addition, the nature of the interface between the cell 

electrodes and electrolyte determines the cycle life of a battery, and safety is a function of 

the stability of the electrode materials and interfaces [1]. Therefore, the construction of 

high-performance batteries requires a careful selection of existing and new materials as 

negative and positive electrodes, as well as appropriate electrolyte, in order to minimize 

detrimental reactions associated with the electrode-electrolyte interface [1]. 
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Figure 1-3. Diagram illustrating the lithium ion (Li+) capacity and electrochemical 
potential with respect to lithium (Li) metal for conventional anode (red axis) 
and cathode (blue axis) materials. The battery potential is the relative 
difference between the voltage of the selected positive electrode materials 
(blue ovals) and voltage of the corresponding negative electrode material 
(red ovals) [22]. 

 

 According to the working principle of LIBs, the capacity of the LIBs largely 

depends on the ability of the electrodes to accommodate Li atoms [6]. For this reason, 

significant research over the last decade has been directed towards searching for materials 

with high capacity to increase battery efficiency. Graphitized carbon, the most commonly 

used anode for LIBs, exhibits relatively small volumetric change, stable working voltage 

and good cycle performance. However, the chemical compound LiC6 limits the 
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theoretical capacity of Li-C anodes to 372 mAhg−1 [11, 12], which is insufficient for high 

power applications. Compared to the Li-C anodes, a variety of Li-alloy (LixM, M = Sn, 

Al, Ge, Si) anodes show substantially higher theoretical capacity and high Li packing 

density, as shown in Fig. 1-4 [11, 12, 23]. Si, as the leading candidate for anode material 

in LIBs, has a theoretical capacity of 4200 mAhg−1 with the formation of Li22Si5 alloy [9, 

11-13], one order of magnitude higher than graphitized carbon. 

 
Figure 1-4. Gravimetric capacities of different candidate anode materials. Capacity of 

graphite (C) is given as a reference. Silicon (Si) stands as the leading 
candidate for the highest capacity. 

1.2.2 Mechanical Degradation of High-Capacity Electrodes 

 Inherent to the high-capacity electrodes, Li insertion-extraction cycling induces 

huge volumetric expansion and stress inside the electrodes, causing fast disintegration or 

cracking [12, 14-20, 24-26]. For instance, fully lithiated Si undergoes about 300% 

volume expansion [19]. The issue is even severer when an electrode undergoes high-rate 

charging or discharging, which is highly desired but often induces non-uniform Li 
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distribution in the electrode. The resulting large incompatible deformation between areas 

of different Li contents tends to initiate fracture, as shown in Fig. 1-5 [14], leading to the 

electro-chemo-mechanical failures of the electrodes. As exposed to the electrolyte 

through the newly cracked surfaces, the active material in the electrodes will react with 

the electrolyte to form solid electrolyte interfaces (SEI) on the newly cracked surfaces, 

resulting in the consumption of the active material in the electrodes and subsequent 

capacity fading of the battery. In addition, the mechanical degradation can also cause the 

loss of electrical contact between active materials, current collectors, and electrolytes, 

leading to poor cyclability.  

 
Figure 1-5. Mechanical degradation of Si electrodes: (a) Schematic and (b) experiment of 

morphological changes that occur in Si thin films during electrochemical 
cycling [14]. The volume of Si anodes changes by about 300% during 
cycling. As a result, Si films tend to pulverize. Much of the material loses 
contact with the current collector, causing the capacity fading. 

 

 The inherent mechanical degradation of the high-capacity electrode materials 

directed researchers to seek for solutions from nanotechnology. During the last decade, 

the advance of nanotechnology enabled low-cost, fast fabrication of nanostructured 

materials with nanoscale controls on the size, shape, and chemical compositions. The 

development of nanostructured electrodes, on one hand, can provide facile strain 
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relaxation, to some extent, to prevent electrode pulverization and maintain effective 

electrical contact between active material and the current collector, as shown in Fig. 1-6. 

It has been demonstrated that reduction of a particle size to nanoscale can change the 

crystal structure and modify the mechanism of volumetric expansion upon lithiation [27, 

28]. On the other hand, the reduced dimensions can significantly increase the insertion-

extraction rates of Li and, hence, facilitate high power capacity [10, 29]. The size effect 

has been explored in a variety of Si nanostructures [30-32]. Nanoelectrodes of different 

geometrical shapes were also considered, including nanowires (NWs) [18, 27, 28, 33-35], 

nanotubes [36-38], thin films [16, 39, 40], and nanoparticles (NPs) [41-44]. Another 

route to enhance the performance of electrodes is through composite design, where one 

material component (e.g., Si) contributes to the capacity of the electrode, while the other 

(e.g., carbon) to the conductivity and/or mechanical stability [45-54].  

 
Figure 1-6. Schematic (a) and experiment (b) of electrochemical cycling of Si nanowires 

(SiNWs) grown on the current collector [27]. Facile strain relaxation in the Si 
nanowires allows them to increase in diameter and length without breaking. 
During the first cycle, the initial crystalline wires are transformed into 
amorphous LixSi with embedded nanocrystalline Si. The direct connection 
between Si nanowires (SiNWs) and current collector facilitates efficient 1D 
electron transport along the SiNWs. 
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 In general, the nanostructured and nanocomposite electrodes indeed exhibited 

better capacity retention as compared to their bulk counterparts during electrochemical 

cycling. However, mechanical degradation remains a serious roadblock to the 

development of failure-resistant electrodes. In order to real-timely study the degradation 

of electrode at nanoscale, new experimental platform was developed recently. In the 

experiment, a nanoscale battery, in which the electrodes are comprised of nanoparticle or 

nanowire arrays, or even single nanoparticles and nanowires [19, 33, 35, 44, 55-60], is 

assembled. An high-resolution transmission electron microscope (TEM) is adopted to 

monitor the electrochemical cycling responses of the nano-battery. Such experimental 

setup allows real-time tracking of the tempo-spatial evolution of deformation, crack 

nucleation and propagation, and phase transformation during Li insertion-extraction 

cycling, thereby offering a unique platform for the study of degradation mechanisms in 

electrodes. A variety of high capacity anode materials have been investigated using the 

in-situ TEM combined with other techniques, i.e. ex-situ TEM and scanning electron 

microscope (SEM) [19, 20, 33, 35, 38, 44, 55-60]. Recent experimental results show that 

lithiation can drastically embrittle multi-walled carbon nanotubes (MWCNTs) [38], in 

opposite contrast to the highly reversible deformability of pristine CNTs. However, 

graphene is demonstrated as a robust anode material [56]. TEM studies also reveal that 

the crystallographic orientations of Si nanostructures significantly affect the anisotropic 

swelling of the structure after Li insertion, leading to the orientation- and size-dependent 

fracture patterns [18-20, 30, 57]. On the contrary, germanium (Ge), a group IV element 

as carbon and Si, undergoes nearly isotropic lithiation without fracture as well as 

amorphous Si [44, 57, 61]. In addition, core-shell composite designs are proved to not 
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only enhance the ability of the electrode for capacity retention, but also tailor the 

lithiation behavior by control the Li transport-insertion paths [52, 54, 62]. Despite the 

significant advances achieved through the in-situ TEM experiments, the fundamental 

understandings of the electro-chemo-mechanical processes with Li insertion and 

extraction at nanoscale are critically lacking. Particularly, the mechanisms of the electro-

chemically induced mechanical failures of different anode materials, which can be 

serious handicaps for the further advances of high-capacity LIB techniques, are still 

uncovered. 

1.2.3 Chemo-Mechanics in Electrode Degradation 

 Central to the electrode degradation are processes that couple the electrochemistry 

and large deformation mechanics in solid-state electrodes. A fundamental understanding 

of the processes is the prerequisite for a robust design of failure-resistant electrodes. 

During electrochemical cycling, the electrode materials may undergo a series of complex 

phase transformations [63, 64]. For example, the electrochemical reaction between Li and 

Si crystal yields solid-state amorphous phases at low temperature, but crystalline phases 

at high temperature (~415 °C) [63]. At the lithiation front, Li reacts with electrode 

materials. The mobility of the reaction front is determined by the reaction rate, which is 

demonstrated to be crystallographic orientation dependent [18, 19, 24, 44, 65]. Behind 

the lithiation front, the Li concentration gradient drives the Li diffusion. The reaction 

front mobility, diffusivity, and the mechanical properties of lithiated electrode materials 

are all phase (i.e., Li-concentration) dependent. In addition, the lithiation front separates 
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the lithiated region from non-lithiated region, where incompatible strain and stress are 

generated [44, 55, 66]. Highly lithiated regions often undergo significant plastic 

deformation [67]. The electrochemically-induced stress and strain may affect the reaction 

rate and the Li diffusivity. The mechanical deformation thus couples with chemical 

reaction and Li diffusion, posing a challenging interdisciplinary problem. 

 The multiscale and interdisciplinary nature of electrode degradation poses 

significant scientific challenges in understanding the electro-chemo-mechanical process. 

Currently, experimental studies have been mainly focused on the battery-cell level 

measurement, with the post-mortem TEM/SEM characterization of lithiated-delithiated 

products. Even though the new in-situ TEM technique can offer the opportunities for 

researchers to real-timely track the behaviors of electrods during Li insertion-extraction 

cycling, information regarding the real-time nanoscale electrochemical process of the 

electrodes is critically missing due to the extreme challenges in constructing small-scale 

batteries and real-time imaging with atomic resolution. Therefore, enormous efforts have 

been dedicated to the development of chemo-mechanical models to understand the 

inherent electrochemical and mechanical coupling problems in LIBs.  

 At the atomistic length scale, first-principles calculations have provided the lattice 

constant, binding energy of Li atoms, and the migration barriers within Si and other high-

capacity crystals [68-84]. In addition, the Li insertion-extraction mechanisms, structures 

and properties of the lithiated Li-M (M = Si, Ge, Sn) alloy phases are also studied based 

on density functional theory (DFT) [85-88]. However, most of these data are only valid 

for the dilute Li condition (where the crystalline structure remains). Atomistic 

simulations with the ReaxFF reactive force field that accounts for complicated bond 
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order, frequent bond breaking and forming during the lithiation-delithiation process are 

also conducted to reveal the mechanisms of the electrochemical reactions happening in 

high capacity electrodes and at electrode-electrolyte interface [89-93].  

 At the other end of length scale spectrum, continuum-level models generally 

couple mechanical equilibrium conditions with Li diffusion equations. Various models 

have been developed to describe the diffusion-induced stress in Si anode [94-98]. In all 

these works, the Li insertion is treated as atomic diffusion in solid electrodes, and the 

fundamental physics involved is the Li diffusion changes the compositions and volumes 

of the solid electrodes. If the volumetric change can not be accommodated appropriately, 

mechanical stress will be generated in the solids, and in turn affect the Li diffusion in the 

electrodes [99]. However, all of the aforementioned models are based on the assumption 

of single-phase lithiation: Li distribution varies gradually and smoothly in the electrodes, 

and predict only hoop compression in the outer surface layer of the solid electrodes, 

which is in contradiction to the experimentally observed phenomena that fracture always 

initiates on the outer surface of the electrodes during lithiation [20, 30, 44, 65]. 

 Motivated by recent experimental observation that lithiation of crystalline Si 

nanowires (c-SiNWs) and nanoparticles (c-SiNPs) proceeds through the migration of an 

atomically sharp phase boundary that separates the fully lithiated amorphous shell and the 

intact pristine core [19, 30, 33, 55], different two-phase lithiation models have been 

developed to predict the large elasto-plastic deformation and stress in Si under lithiation. 

Zhao et al. [100] and Pharr et al. [101] simulated the Li diffusion in Si nanopillar by 

solving a surrogate heat conduction problem, in which the two-phase lithiation process is 

realized by prescribing a moving temperature field. Using the same method for the two-
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phase lithiation, Ryu et al. [102] developed a cohesive zone̠finite element model to 

simulate the anisotropic lithiation and fracture in c-SiNPs. However, as the movements of 

the reaction fronts are generated by the prescribed moving temperature field, which 

means the Li flow rates and directions are fixed at the beginning of the simulation, the 

effect of local stress on the Li reaction-diffusion (rates and directions) can not be 

simulated by such models. Therefore, these models are realized in a unidirectional 

coupling manner in which only the effect of Li reaction-diffusion on mechanical stress 

can be considered, whereas the effect of mechanical stress on Li reaction-diffusion is 

ignored. In addition, Cui et al. [103] developed a mathematical model with finite 

deformation kinematics and stress-diffusion bidirectional interactions considered to study 

the interaction between interfacial chemical reaction and bulk diffusion in binary systems 

by introducing an electrochemical Biot number defined by the ratio of the rate of 

interfacial chemical reaction and the rate of bulk diffusion. In contrast to the 

aforementioned models with prescribed interface movements, this model is capable of 

capturing the evolution of phase interface with arbitrary shapes. Moreover, Huang et al. 

[104] constructed a model with the interfacial chemical reaction at reaction front and Li 

diffusion in the lithiated shell considered in a unified manner by treating the interfacial 

reaction as the diffusion to investigate the stress generation in a spherical particle 

subjected to Li insertion. In this model, a nonlinear Li concentration-dependent function 

for Li diffusivity was adopted to produce a sharp phase boundary with an abrupt change 

of Li concentration. Nevertheless, this nonlinear diffusion model did not contain a 

material length scale related to the interface thickness [66] and the crystallographic 

orientation-dependent interfacial reaction [55] was not considered. 
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1.3 Scope of the Thesis 

 Despite the significant advance in experimental studies of high capacity anode 

materials, models that are versatile enough to capture the key experimental phenomena 

and reveal the mechanical degradation origins are still lacking. Challenge still lies in the 

establishing a multiscale model that concurrently incorporates the essential 

microstructure-deformation dynamics at all the length scales: dynamic multi-phase 

evolution; phase-dependent material properties; and tempo-spatial variation of large 

deformation, defect nucleation and growth, and failure. Therefore, models that are 

significant for the fundamental understanding of the deformation and fracture 

mechanisms in the high capacity anode materials during lithiation-delithiation process are 

urgently needed for the rational design of high energy density anodes in LIBs.  

 In the present study, a chemo-mechanical model is developed for the study of 

morphological evolution, stress generation, and fracture in lithiated high capacity anode 

materials such as Si and Ge. The model couples Li reaction-diffusion with large elasto-

plastic deformation in a bidirectional manner: insertion of the Li into electrode generates 

localized stress, which in turn mediates electrochemical insertion rates. In addition, the 

model incorporates several key physical features observed from TEM studies, and is thus 

faithful to the underlying chemo-mechanical mechanisms. The modeling framework 

developed herein is generic and therefore applicable to study the degradation mechanisms 

in a variety of high-capacity electrodes. Moreover, molecular dynamics (MD) simulations 

with the ReaxFF reactive force field are conducted to elucidate the failure mechanisms of 

lithiated single-layered graphene and single-walled carbon nanotubes (SWCNTs) with 
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preexisting defects. The atomistic understanding of the degradation mechanisms from 

these simulations could subsequently lead to the rational design of electrodes with 

maximum reliability and lifetime extension. 

 The remainder of this thesis is organized as follows. In Chapter 2, a finite-strain 

chemo-mechanical modeling framework that incorporates several key features observed 

from TEM studies including the sharp amorphous-crystalline interface, anisotropic 

interface mobility and large deformation is developed. Using this model, lithiation-

induced phase change, large deformation and fracture in SiNWs with different 

crystallographic orientations are simulated. In contrast to the fragile c-Si nanostructures, 

the tough electrochemical lithiation-delithiation behavior of individual crystalline Ge 

nanoparticles (c-GeNPs) studied by in-situ TEM is reported in Chapter 3. Chemo-

mechanical modeling is conducted to investigate the mechanisms that lead to the different 

lithiation behaviors of c-SiNPs, c-GeNPs, and amorphous SiNPs (a-SiNPs). Chapter 4 

explores the influence of the external bending on the lithiation kinetics and deformation 

morphologies in Ge nanowires (GeNWs). The stress dependence of both Li diffusion and 

interfacial reaction rate during lithiation is demonstrated by the chemo-mechanical 

modeling. In addition, lithiation-induced self-weakening mechanisms of graphene are 

investigated using MD simulations with the ReaxFF reactive force field in Chapter 5. The 

strong coupling between the crack-tip stress gradient and the Li migration is explored. 

Furthermore, the Li diffusion mediated fracture in SWCNTs with different preexisting 

defects is simulated in Chapter 6. The effects of the defect size, Li concentration, and 

loading rate on the onset fracture strain as well as the crack propagation speed are 
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studied. Finally, the major results and conclusions from the current study are summarized 

in Chapter 7, and possible extensions are also discussed. 

 



 

 

Chapter 2  
 

A Chemo-Mechanical Model of Lithiation in Silicon①

2.1 Introduction 

 

 The high-capacity Lithium (Li) ion batteries (LIBs) are critically important for 

portable electronics, hybrid electric vehicles, and large-scale energy storage [1, 7, 105]. 

This has stimulated enormous efforts to the development of new electrode materials that 

are not only of high energy and high power densities, but also electro-chemo-

mechanically reliable [9, 11, 30, 35, 43, 44, 52, 56, 106, 107]. A number of high-capacity 

electrode materials have been recently studied, among which silicon stands as the leading 

candidate with its theoretical capacity one order of magnitude higher than conventional 

graphite anodes [9, 11, 27, 33, 108]. However, inherent to the high-capacity electrodes, 

Li insertion-extraction induces large volumetric change and stress inside the electrodes, 

causing degradation and cracking [14, 24, 109-111]. The issue becomes more significant 

when an electrode undergoes high-rate charging or discharging, which often induces non-

uniform Li distribution in the electrodes. The resulting large incompatible deformation 

between regions with different Li concentrations tends to initiate fracture in the 

electrodes. Subsequent crack propagation and failure may cause the loss of electrical 
                                                      
① Results reported in this chapter are mainly from:  

Yang, H.; Fan, F.; Liang, W.; Guo, X.; Zhu, T.; Zhang, S., J. Mech. Phys. Solids, 2014. 70(0): p. 
349-361. 
Yang, H.; Huang, S.; Huang, X.; Fan, F.; Liang, W.; Liu, X.H.; Chen, L.-Q.; Huang, J.Y.; Li, J.; 
Zhu, T.; Zhang, S., Nano Lett., 2012. 12(4): p. 1953-1958. 

where, Yang, H. did all of the simulation work and data analysis. 
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contact between active materials, current collectors, and electrolytes, leading to fast 

capacity fading and poor cyclability. Chemo-mechanical degradation is one of the major 

challenges in the development of next-generation high-performance LIBs. 

 It has been recognized that nanoscale electrode materials can facilitate strain 

relaxation, enhance flaw tolerance, shorten Li ion and electron diffusion paths, and 

increase surface area for Li-electrode reaction [36, 112]. Therefore, scaling the size of 

electrode materials down to the nanometer range represents one of the promising 

strategies to drastically improve the electrode performance [27, 43, 48, 51, 113, 114]. 

Recent experimental studies on the size effect have demonstrated that nanoscale materials 

indeed exhibit better capacity retention as compared to their bulk counterparts [20, 30, 

95]. The promise of nanomaterials also motivated the development of new experimental 

platforms for real-time studies of electrode degradation at the nanoscale. In these works, 

a nanoscale battery is assembled, where the electrodes are comprised of nanoparticle or 

nanowire arrays, or even single nanoparticles and nanowires [19, 33, 35, 44, 55-60]. The 

electrochemical cycling responses of the nano-battery were monitored by in-situ high-

resolution transmission electron microscope (TEM) [19, 57, 60]. This experimental setup 

allows real-time tracking of the tempo-spatial evolution of large deformation, crack 

nucleation and propagation, and phase transformation during electrochemical cycling, 

thereby offering a unique platform for the study of degradation mechanisms in electrodes. 

 Recent scanning electron microscope (SEM) and TEM studies have revealed a 

range of novel phenomena during lithiation of Si nanowires (SiNWs) and nanoparticles 

(SiNPs) [18-20, 24, 33, 55, 57, 115]. Upon lithiation, crystalline SiNWs (c-SiNWs) not 

only undergo large volume expansion (~300%), but also swell in an anisotropic manner 
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[18, 19, 24], with predominant expansion along the <110> direction, but negligibly small 

expansion along the <111> direction [19]. The anisotropic swelling results in a range of 

unique cross-sectional morphologies in fully lithiated SiNWs, depending on the 

crystallographic orientations of c-SiNWs [18, 19], as shown in Fig. 2-1. SEM and TEM 

studies further show that crack nucleates from the surface of lithiated SiNWs or SiNPs 

[19, 20, 30, 44]. Subsequent crack extension not only depends on the size of SiNWs and 

SiNPs, but also occurs along the specific directions dictated by the crystallographic 

structure of the pristine crystalline Si (c-Si) [20, 30, 44]. More recently, it has been 

observed that lithiation of SiNWs or SiNPs slows down as lithiation proceeds, indicating 

that mechanical stress generated in the lithiation process can drastically retard chemical 

reaction at the reaction front and/or the Li diffusion in the lithiated regions [65, 115]. 

 Despite the rapid advance in experimental studies, models that are versatile 

enough to capture the key experimental phenomena and reveal their mechanistic origins 

are still lacking. In this chapter, a chemo-mechanical model is developed for the study of 

morphological evolution, stress generation, and fracture in lithiated Si. The model 

couples Li reaction-diffusion with large elasto-plastic deformation in a three-dimensional 

(3D) setting. In addition, the model incorporates several key physical features observed 

from TEM studies, and is thus faithful to the underlying chemo-mechanical mechanisms. 

The modeling framework is generic and thus applicable to study the degradation 

mechanisms in a variety of high-capacity electrodes. 

 The rest of this chapter is organized as follows. Section 2.2 discusses several key 

features observed in TEM experiments, which form the physical basis of the chemo-

mechanical model. Section 2.3 formulates the chemo-mechanical model, with special 
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attention paid to the mathematical incorporation of these key physical features. Section 

2.4 implements the model by finite element methods. Section 2.5 reports major numerical 

results on the morphological evolution and stress generation of the SiNWs under 

lithiation. Possible extensions of the model are discussed in Section 2.6 and conclusions 

are drawn in Section 2.7. 

 
Figure 2-1. SEM [20] and TEM [19] images of anisotropic swelling and fracture in 

lithiated SiNWs with four different axial orientations: (a) <100>, (b) <110>, 
(c) <111>, and (d) <112>. Top: Cracks oriented along the axes of the 
SiNWs are indicated by red arrows. Bottom: The corresponding 
crystallographic orientations of the facets on the sidewalls of each SiNW are 
shown. The scale bars in the insets are 200 nm. 

2.2 Key Physical Features in Lithiation of Crystalline Silicon  

2.2.1 Sharp Phase Boundary  

 During electrochemical lithiation, Li reacts with and diffuses within Si. Since the 

Li mobility on the surface is much larger than that in the bulk, Li tends to first cover the 

surface of SiNWs or SiNPs before radial Li flow starts [19, 30, 65, 73]. Recent in-situ 
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TEM studies revealed that lithiation of c-SiNWs or c-SiNPs proceeds through the 

migration of an atomically sharp reaction front (~1 nm in width) that separates the 

lithiated amorphous shell of LixSi alloy and the c-Si core (Fig. 2-2) [19, 33, 55, 66]. The 

Li concentration within the unlithiated core is apparently low, evidenced by the intact 

lattice structure with the measured lattice spacing close to that of pristine c-Si [19, 33, 

55]. The lithiated phase likely consists of amorphous Li15Si4 since its volume expansion 

is close to that of crystalline Li15Si4 [19, 55]. The lithiation reaction front is therefore 

identified as a phase boundary, across which an abrupt change of Li concentration occurs. 

Namely, the Li-poor and Li-rich phases do not transform continuously into each other 

with changing composition, and lithiation proceeds by the phase boundary migration. The 

sharp interface plays a vital role in stress generation and fracture in c-Si during lithiation 

[44, 65]. A mechanistic model thus requires a faithful description of co-evolution of the 

two phases with a sharp phase boundary.  

2.2.2 Time Scales of Reaction and Diffusion  

 Lithiation of SiNWs involves two processes in series: Li diffusion through the 

lithiated shell and chemical reaction at the phase boundary. The characteristic time of 

long-range Li diffusion scales with 2~Dt L D  [10, 112], where L  and D  are the sample 

size and the Li diffusivity in lithiated amorphous Si, respectively. On the other hand, Li-

Si reaction is a short-range process involving the dissociation of the Si-Si bonds and 

formation of the lithiated amorphous product at the reaction front. The characteristic time 

scale Rt  of Li-Si reaction (i.e., of reaction front migration) is L k , where k  is the rate 
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constant of reaction. A critical length scale, , exists. For nanometer-sized 

samples, . The reaction front under this condition propagates much slower than 

the Li diffusion behind it, and lithiation is limited by the interfacial reaction. On the 

contrary, for large specimens, , and lithiation is limited by diffusion. A transition 

between the two rate-limiting mechanisms exists at an intermediate size of L .  

 
Figure 2-2. In-situ TEM experiment of lithiation of a <112> c-SiNW. (a) TEM image of a 

c-SiNW prior to lithiation. (b) Formation of a core-shell structure in a 
partially lithiated SiNW, where the crystalline core (c-Si) is surrounded by 
the amorphous shell (a-LixSi). A thin layer of Li2O is formed on the outer 
surface of the lithiated shell. (c) The amorphous-crystalline interface (ACI), 
i.e., the phase boundary separating the amorphous lithiated shell and the 
unlithiated crystalline core, is atomically sharp (~1 nm) [55]. 

2.2.3 Lithiation Anisotropy 

 There have been debates regarding the origin of anisotropic swelling of c-Si upon 

lithiation when the experimental observations were first reported. Considering the core-

shell structure in a partially lithiated SiNW or SiNP, the elasto-plastic properties and Li 
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diffusivity in the fully lithiated shell are both isotropic because of its amorphous 

structure. In the pristine crystalline core, the cubic structure of Si crystal renders isotropic 

Li diffusivity [116], but anisotropic elastic properties. Owing to the lithiation-induced 

strain mismatch, the crystalline core undergoes elastic deformation. The anisotropic 

elastic properties of c-Si could lead to stress anisotropy, which could in turn cause 

anisotropic reaction rate near the reaction front, considering that chemical reaction rate is 

generally stress-dependent. However, the order of elastic anisotropy (with elastic moduli 

) is inconsistent with that of lithiation-induced expansion 

( 110 100 111ε ε ε< > < > < >> > ), which excludes the possibility of the dominant role of elastic 

anisotropy. In addition, the marginal anisotropy in the elastic properties (elastic moduli 

differ by only ∼10% in <111> (189 GPa) and <110> (169 GPa) directions [117]) is 

unlikely to account for the considerable anisotropy of expansions in lithiated SiNWs 

(swelling in <110> is about 9 times that in <111>). This leaves only one possible origin 

of the anisotropic swelling: the crystallographic orientation dependence of the Li-Si 

reaction rate at the sharp phase boundary [100, 118]. 

 The orientation dependence of reaction rate was recently verified by in-situ TEM 

studies [55]. It has been observed that lithiation of c-Si proceeds by the migration of an 

amorphous-crystalline interface (ACI) [19, 30, 55, 115]. The interface migration occurs 

through a ledge mechanism, involving lateral movement of ledges on the close-packed 

}111{  atomic planes [55]. These ledges are usually inclined to the ACI (except for the 

}111{  interface), leading to the orientation dependence of interfacial migration velocity. 

The in-situ TEM shows that the phase boundary migrates much faster along <110> 
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directions (several nanometers per minute) than other directions, while the interfacial 

migration velocity is at least one order of magnitude lower along <111> directions [55]. 

 The orientation dependence of lithiation rate at the reaction front affects not only 

the morphology of the fully lithiated Si structures, but also the subsequent fracture [20, 

44]. At the fastest-moving {110} interface, the large volumetric expansion occurs due to 

an abrupt increase of Li concentration across the interface. Such expansion tends to push 

the lithiated product behind the moving interface outward [44, 65, 104, 118]. As a 

consequence of the outward pushing normal to {110}  interfaces, large incompatible 

strains are generated at the intersections of adjacent {110} facets (particularly near the 

outer surface), leading to crack nucleation at well-defined angular sites [44].  

2.2.4 Lithiation-Induced Large Deformation 

 Lithiation of c-Si can characteristically results in amorphous alloys and large 

deformation. It is now well-accepted that lithiated Si undergoes material remodeling 

through plastic flow [67], generating unique deformation morphologies [18, 19, 24]. The 

lithiation-induced deformation is expected to be large and well beyond the applicable 

region of small-strain theory. Indeed, as demonstrated in the previous simulations, the 

small-strain theory may be still suited to approximate the morphological evolution, but 

inadequate to accurately predict stress distribution in the SiNWs under lithiation [118]. It 

is important to note that the small-strain theory predicts a nearly uniform principal stress 

within the lithiated shell. This would imply that crack nucleation might be equally 

possible at any location near the surface of the lithiated SiNWs, in contradiction with the 
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well-defined surface fracture sites observed in recent SEM and TEM studies [19, 20, 44]. 

Such inadequacy suggests that the finite-strain plasticity theory should be invoked to 

accurately compute stress generation during lithiation, since it is essential to use the 

appropriate strain and stress measures and associated constitutive relations that 

distinguish the reference and deformed configurations [119].  

2.3 A Chemo-Mechanical Model 

2.3.1 Evolving the Two-Phase Microstructure 

 A partially lithiated SiNWs or SiNPs with a core-shell structure can be 

decomposed into three numerical domains: two bulk domains, one behind the reaction 

front (where c c+≥ ) and the other in front of the reaction front (where c c−< ), and a 

diffuse interfacial domain (where c c c− +< < ) with thickness δ  between the two bulk 

domains [118], as shown in Fig. 2-3. Note that c  is the Li concentration normalized by 

that of the fully lithiated phase of Li15Si4, with 1c =  representing Li15Si4 and 0c =  pure 

Si. Here, c+  is assigned to be close to 1, while c−  close to 0. It should be stressed that Li 

transport in the interfacial domain occurs through chemical reactions that are 

characterized by the dissociation of the Si-Si bonds and formation of the amorphous 

Li15Si4, which are expected to differ from the atomic processes of Li diffusion in the 

lithiated shell [55]. Despite such a difference between reaction and diffusion, the two 

concurrent processes are simulated in a unified manner by treating the interfacial reaction 

as non-linear diffusion across a diffuse interfacial domain for numerical convenience. 
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One should, however, bear in mind the difference in the physical processes of interfacial 

reaction and bulk diffusion.  

 
Figure 2-3. Decomposition of a partially lithiated core-shell structure into three sub-

domains: two bulk domains, one behind the reaction front ( c c+≥ , red 
region) and the other in front of the reaction front ( c c−< , blue region), and 
the amorphous-crystalline interfacial domain ( c c c− +< < ) with thickness δ  
between the two bulk domains, where c  is the Li concentration normalized 
by that of the fully lithiated phase of Li15Si4, with 1c =  representing the 
amorphous Li15Si4 (red region) and 0c =  pure crystalline Si (blue region). 

 

 In order to produce a sharp phase boundary with an abrupt change of Li 

concentration, the Li diffusivity is set to be a nonlinear function of Li concentration in the 

entire system:  

( )0
1 2

1
D D c

c
α

 
= − − 

                                                 (2-1) 

where 0D  is a diffusion constant and α  is a tunable constant that controls the 

concentration profile near the phase boundary [19, 118]. The singular function yields 
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considerably large Li diffusivity in the lithiated shell ( 1c = ), but a finite value ( 0D ) close 

to the unlithiated core ( 0c = ), thereby effectively generating a sharp interface that 

separates the Li-poor core and the Li-rich shell [19, 55]. In order to avoid numerical 

singularity, D  is set to be 5
010D D=  when the value of the singular term in Eq. (2-1) 

exceeds 510 . It should be pointed out that while the strong nonlinearity of Li diffusivity is 

essential to produce the sharp interface, the choice of the specific functional form in Eq. 

(2-1) is only a matter of computational convenience [104]. 

 In order to implement the orientation-dependent reaction rate at the reaction front 

during lithiation of c-Si, the reaction rate is set to depend on the local crystallographic 

orientation of the exposed c-Si facets within the interfacial domain ( c c c− +< < ). 

However, within the lithiated domains ( c c+≥ ), the diffusivity is set to be isotropic. As 

mentioned previously, the orientation-dependent reaction rate (or interfacial mobility) is 

modeled by the anisotropic interfacial diffusion across an interfacial domain between the 

lithiated and unlithiated regions. Based on the experimental data, the orientation-

dependent interfacial diffusion constants are set to be 0, 110 0, 100 0, 1116 60F F FD D D< > < > < >= =  

[118], where the associated orientations are indicated in the subscripts and the superscript 

“ F ” indicates the constant within the interfacial domain. Here the orientation-dependent 

interfacial diffusivities play the same role of orientation-dependent reaction rate constants 

when the interfacial layer is regarded approximately as a sharp interface, as discussed 

above. A smooth interpolation using the trigonometric functions from the above diffusion 

constants gives those of other directions (shown in Fig. 2-4), which are currently 

unavailable due to the limited experimental data. 
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Figure 2-4. Orientation-dependent diffusion constant (modeling the lithiation reaction 

rate) at the sharp amorphous-crystalline interface (ACI) on the cross 
sections of SiNWs with different axial orientations: <100>, <110>, <111>, 
and <112>. 

 

 The diffusion constant in the lithiated domain, denoted by 0
BD , is set to be the 

same as 0, 100
FD < > , where the superscript “ B ” indicates the bulk domains behind the 

reaction front. With this setting, the diffusivity D  computed by Eq. (2-1) is significantly 



30 

 

larger in the lithiated domain than that in the interfacial domain due to the difference in 

the Li concentrations of these domains. This effectively realizes the two-phase 

microstructure with a sharp phase boundary whose migration is rate-limiting.  

2.3.2 Lithiation-Induced Elasto-Plastic Deformation 

 Lithiation of SiNWs or SiNPs results in a core-shell structure. The deformation in 

the crystalline core simply involves the elastic straining of the lattice. At the sharp 

reaction front, an abrupt change of Li concentration causes large chemical strains. In 

addition, the lithiated shell behind the reaction front further undergoes structural 

relaxation through elasto-plastic deformation [67], which is induced by the pushing-out 

effect associated with lithiation expansion at the moving, curved reaction front. 

Considering the lithiation-induced large deformations, the finite-strain plasticity theory is 

employed to characterize the deformation kinematics and the constitutive relations.  

In the finite-strain plasticity framework, deformation is characterized by the 

elastic and plastic stretch rates (denoted by ed  and pd , respectively) and spin rates 

(denoted by  and , respectively). The total stretch rate tensor d  can be 

decomposed into three additive parts:  

c e p= + +d d d d                                                    (2-2) 

where cd , ed ,and pd  are the chemical, elastic, and plastic stretch rates, respectively [98, 

120-123]. Assuming that the lithiation-induced electrochemical deformation rate is 
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dilational without spin and the electrochemical stretch rate cd  is proportional to the 

increment of the Li concentration, then: 

c cβ=d I                                                           (2-3) 

where β  is the lithiation expansion coefficient and I  is the identity tensor. One notices 

that the chemical strain is analogous to the thermal strain in formulation by considering 

β  as the coefficient of thermal expansion and c  the temperature. Moreover, assumption 

is also made that the lithiated product undergoes isotropic hardening and accordingly 

. 

In the model, the unlithiated crystalline core is treated as an isotropic, elastic 

material, whose stress and strain rates obey the classical Hooke’s law with two material 

constants, Young’s modulus Y  and Poisson’s ratio ν . For the lithiated phase, the 

isotropic elastic and perfectly plastic model is adopted to describe its constitutive 

response, which relates the stretch and stress rates by the following form: 

ˆ ˆ
tr( )

ˆˆ1 1 2
e e eY ν

ν ν
∇  = + + − 

d d Iτ                                         (2-4) 

where “tr” denotes the trace of a tensor, τ  is the Kirchhoff stress. The superscripts in e∇τ  

denote the Jaumann rate of τ , for which the elastic spin is involved. Note that the 

Kirchhoff stress is related to the Cauchy stress σ  by J=τ σ , where J  characterizes the 

elastic volume expansion [120]. Different from the crystalline core for which the elastic 

constants are fixed values, the two elastic constants, Young’s modulus  and Poisson’s 

ratio ν̂ , for the lithiated product are phase-dependent, i.e., vary with Li concentration.  
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The plastic stretch rate, pd , obeys the associated J2-flow rule. Namely, plastic 

yielding occurs when the equivalent stress, = 3 : 2eqτ s s , reaches the yield strength, Yτ . 

Here tr( ) 3=s Iτ − τ  is the deviatoric stress tensor. In the J2-flow theory, the plastic 

stretch rate is given by: 

3
2

p p
eq

eq

d
τ

=
sd                                                        (2-5) 

where 2 : / 3p p p
eqd = d d  is the equivalent plastic stretch rate.  

 The lithiated phase is modeled as an isotropic elastic and perfectly plastic 

material. However, perfect plasticity often leads to numerical instability in simulations. 

To circumvent this difficulty, the Cowper-Symonds overstress power law with 

appropriately chosen parameters to approximate the perfectly plastic limit is used, as: 

1
n

eqp
eq

Y

d m
τ
τ

 
= − 

 
                                                 (2-6) 

where m  and n  are the reference stretch rate and the rate sensitivity exponent, 

respectively [119].  

2.3.3 Boundary Value Problem 

 The dynamic evolution of Li concentration, morphological change, and stress 

generation in lithiated Si can be simulated by solving a coupled boundary value problem. 

At any given time in a lithiation process, all the material points satisfy the following 

equilibrium equation: 
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0       in V∇⋅ =σ                                                   (2-7) 

with a traction-free boundary condition 

0       on S⋅ =n σ                                                   (2-8)
 

where ∇  represents the vector differential operator with respect to spatial coordinates, n  

is the outward normal of the outer surface of the SiNW exposing to Li, V is the volume of 

the SiNW, and S is the outer surface of the SiNW. 

As aforementioned in the previous section, the concurrent reaction and diffusion 

processes are simulated in a unified manner by treating the interfacial reaction as non-

linear diffusion across a diffuse interfacial domain for numerical convenience in the 

current model, despite the difference in interfacial reaction and bulk diffusion. Therefore, 

the classical diffusion equation is adopted to describe Li transport in the entire domain: 

                                          (2-9) 

The Dirichlet boundary condition is imposed on the circumference Γ of the circular cross 

section at one end of the SiNW: 

1        on .c Γ=                                                  (2-10)  

2.4 Numerical Implementation 

2.4.1 Model Parameters 

 To simulate the dynamic evolution of the core-shell structure in lithiated SiNWs, 

the coupled chemo-mechanical model is implemented in the finite element package 
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ABAQUS [119]. As diffusion and heat conduction are dictated by the same type of 

governing equation (Eq. 2-9), the Li diffusion is simulated by solving a surrogate heat 

conduction problem, where the normalized Li concentration c  is regarded as temperature 

T  in heat conduction [19, 100, 101, 104, 118]. Accordingly, the lithiation-induced 

electrochemical stretch rate  is simulated by a thermal strain rate and the lithiation 

expansion coefficient β  is then equivalently treated as the coefficient of thermal 

expansion. Using the implicit coupled temperature-displacement procedure in 

ABAQUS/Standard, the corresponding Li concentration and stress-strain fields are 

updated incrementally. Meanwhile, the user subroutine UMATHT interfaces with 

ABAQUS to dynamically update the diffusivities based on the instantaneous Li 

distribution profile.  

 Using the coupled chemo-mechanical model, the morphological evolutions and 

stress generation of the four three-dimensional SiNWs with different axial orientations 

(<100>, <110>, <111>, and <112> in Fig. 2-1) are simulated [18, 19]. Prior to lithiation, 

the cross sections of all the SiNWs are circular with a radius of R. Due to symmetry of 

the cross section, only a quarter of each SiNW is simulated with appropriately imposed 

symmetrical boundary conditions in order to reduce the computational cost.  

 All the material parameters are specified according to experimental data whenever 

possible. The yield stress Yτ  for the fully lithiated phase, Li15Si4, is set to be 1.5 GPa [66, 

67, 124]. The simulation domain is carefully meshed to ensure numerical stability and 

convergence. The material parameters m  and n  in Eq. (2-7) are set to be  (1/s) 

and , respectively, which yield nearly rate-independent behavior. Young’s modulus 
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 and Poisson’s ratio ν̂  of the lithiated product are both assumed to linearly vary with 

Li concentration, i.e., from 160 to 40 GPa and from 0.24 to 0.22 [72, 77, 91, 117], 

respectively, as c varies from 0 (c-Si,  and ν̂ ν= ) to 1 (the fully lithiated phase). 

The chemical dilational coefficient is chosen to be 0.6β =  in order to match the 300% 

volume expansion in the fully lithiated phase.  

2.4.2 Treatment of the Interfacial Domain 

 The model involves a careful treatment of the interfacial domain. At any instant, 

the narrow interfacial domain ( c c c− +< < ) is identified based on the Li concentration 

profile. In the current model, 0.02c− =  and 0.98c+ =  are chosen. At any point within 

such an interfacial domain, the local interfacial orientation is determined from the 

direction of the largest Li concentration gradient, i.e. that of the resultant concentration 

gradient vector. Based on the component of the concentration gradient vector in the 

cross-sectional plane, the diffusion constants 0D  along these directions can be calculated 

from the interpolated function of the orientation-dependent diffusion constant, as shown 

in Fig. 2-4. However, Li diffusivity on the surface of SiNWs, irrespective of the local 

interfacial orientation, is set to be two orders of magnitude larger than that in the bulk, 

which reflects the much faster Li diffusion on the surface of SiNWs than in the bulk. The 

Li concentration profile is then updated to simulate the migration of the phase boundary 

in the SiNWs. 
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 As will be demonstrated later, the interfacial domain identified spans only a few 

elements in finite element simulations, demonstrating its sharpness. In addition, the 

thickness of the interfacial domain remains roughly the same throughout the simulation. 

One notes that the experimentally observed thickness of the amorphous-crystalline 

interface is about δ∼1 nm [66]. The simulated interfacial domain thus conveniently 

defines a characteristic length scale in the finite element model that would be otherwise 

scale independent.  

2.5 Numerical Results 

2.5.1 Lithiation-Induced Anisotropic Swelling: Small Strain Model 

 In this section, a 3D finite element, small-strain model is used to simulate the 

morphological change and stress generation in SiNWs. Figure 2-5 shows the 

morphologies of four lithiated SiNWs with their crystallographic orientations shown in 

Fig. 2-1. The dynamic Li transport in the axial and radial directions of the SiNWs are 

indicated by the color contours, with red representing the nearly fully lithiated amorphous 

Si phase (Li15Si4) and blue the crystalline Si phase. For each SiNW, three subfigures 

respectively display the overall deformation morphology, the Li concentration profiles 

along the radial direction and along the axial direction. In each subfigure, a quarter of 

partially lithiated cross section (shaded) is displayed by an enlarged image with finite 

element meshes attached, showing the width of the interface is only a few elements. 
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Figure 2-5. 3D morphologies of the lithiated SiNWs of different axial crystallographic 

orientations: (a) <100>; (b) <110>; (c) <111>; and (d) <112>. The Li 
concentrations on the surface and different cross sections are indicated by 
the contours. Transition colors from red to blue indicate the reaction 
fronts. In each SiNW, a quarter of the partially lithiated cross section 
(shaded) is highlighted by an enlarged image with finite element meshes 
attached, showing that the width of the simulated interface is only a few 
elements. 

 

 As the Li diffusivity on the surface of SiNWs is much larger than that in the bulk, 

the surface of the SiNWs acts as a fast Li transport path. It follows that the cross sections 

along the axial direction are lithiated in a similar fashion: Li flows radially inward, 

forming a two-phase core-shell structure separated by a sharp interface. As shown in Fig. 

2-5, the cross sections close to the end are fully lithiated. Within the partially lithiated 

cross sections, the reaction fronts form polygonal shapes. The unlithiated core tapers 

along the axial direction of SiNWs. The development of the faceted reaction front is due 

to the much higher mobility of {110}  phase boundaries than others. From the fully 
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lithiated end to the remote unlithiated end of the nanowire, the remaining core of 

unlithiated c-Si becomes progressively larger. Thus, the core-shell structures of different 

cross sections along the axial direction at any instant can be effectively considered as the 

dynamic lithiation process of a single representative cross section. It should be noted that 

as lithiation proceeds, only the {110} facets survive eventually at the core-shell interface. 

The simulated two-phase microstructure and morphological evolution of the SiNWs 

agree closely with the experimental observations [18, 19], as shown in Fig. 2-1. 

 
Figure 2-6. Li flux profiles at a representative lithiation snapshot (t = 0.3) for all the four 

SiNWs, showing that the dominant flux in the <110> directions, a direct 
consequence of high reactivity of Li at the {110} phase boundary.  

 

 Figure 2-6 plots the Li flux profile on the front ends of different SiNWs at time t 

= 0.3, where t is normalized by the total time required to fully lithiate the front end of the 

SiNWs, and the flux vectors are represented by red arrowed lines (the arrow represents 

the direction of the flux, while the length of the arrowed lines the magnitude). The 

resulting flux patterns indicate that the Li diffusion in the <110> directions is 

considerably faster than other directions in the lithiated shell, despite of the imposed 

isotropic diffusivity in the lithiated shell. Such <110>-preferred flux patterns, which 

result from the large reaction rate at the {110} phase boundary, i.e., the high mobility of 
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the {110} core-shell interface, demonstrated that the current Li reaction-diffusion model 

can effectively capture the essential features of Li transport.  

 
Figure 2-7. Maximum principal Cauchy stress distributions (based on small-strain theory) 

in the lithiated SiNWs (from left to right: <100>, <110>, <111>, and 
<112>) at the lithiation snapshots t = 0.3, where t is normalized time.  

 

 The maximal principal Cauchy stress (denoted by 1σ ) in the four SiNWs at the 

lithiation snapshot t = 0.3 is shown in Fig. 2-7, where t is normalized by the total time 

required to fully lithiate the front end of the SiNWs. It can be found that the small-strain 

model captures the general trend of stress distribution in the lithiated SiNWs, i.e., the 

development of hoop tension in the lithiated outer shell and compression near the 

reaction front. However, the simulated stress distribution does not exhibit significant 

concentration of hoop tension in the surface layer, implying that fracture may initiate at 

any circumferential position at the outer surface, which contradicts with the well-defined 

fracture sites observed in previous experiments [19, 20, 44]. Such discrepancy arises 

from the small-strain theory used in the 3D simulations, to be shown in the next section. 
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2.5.2 Lithiation-Induced Anisotropic Swelling: Finite-Strain Model 

 Based on the finite-strain model, the 3D morphological change and stress 

evolution of the SiNWs are also simulated with the same boundary conditions as adopted 

in the small-strain model. Figure 2-8 plots the maximal principal Cauchy stress (denoted 

by 1σ ) at the lithiation snapshots t = 0.3, where t is again normalized by the total time 

required to fully lithiate the front end of the four SiNWs. The predicted morphological 

changes of the cross sections for all the SiNWs due to lithiation are similar to those by 

the small-strain model. Importantly, the finite-strain analysis predicts concentration of 

hoop tension at particular angular sites of the cross sections in the SiNWs, indicating the 

onset fracture locations. The predicted sites of onset fracture agree with the recent 

experimental studies [19, 44], as shown in Fig. 2-1. 

 
Figure 2-8. Maximum principal Cauchy stress distributions (based on finite-strain theory) 

in the lithiated SiNWs (from left to right: <100>, <110>, <111>, and 
<112>) at the lithiation snapshots t = 0.3, where t is normalized time.  

 

 As the current model involves large plastic deformation and dynamically couples 

Li diffusion and mechanics, the 3D model is computationally expansive, particularly 

when relatively fine meshes are used. Since different cross sections in each of the SiNWs 

are lithiated in a similar manner, a two-dimensional (2D) model may be well suited to 
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capture the stress generation in the SiNWs. In accordance to the negligible expansion 

along the axial direction of the SiNWs observed in experiments [18], the plain-strain 

condition can be justified and imposed in the 2D simulations. The Dirichlet boundary 

condition 1c =  is imposed on the outer boundary of the cross section. Figure 2-9 plots 

the maximal principal Cauchy stress ( 1σ ) at four different lithiation snapshots t = 0.015, 

0.05, 0.2 and 0.3, where t is normalized by the total time required to fully lithiate each of 

the cross sections. One notes that the stress distribution profiles on the cross sections in 

the SiNWs obtained by the 2D simulations agree closely to those by the 3D model, 

demonstrating the validity of the 2D model.  

 
Figure 2-9. Stress contours (the maximal principal Cauchy stress) in the lithiated SiNWs. 

From left to right, the four columns represent the morphological changes 
and stress distribution in <100>, <110>, <111>, and <112> SiNWs, 
respectively. Each column includes four simulation snapshots (t = 0.015, 
0.05, 0.2 and 0.3, where t is the normalized time) of the SiNWs being 
lithiated.  
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Figure 2-10. Evolution of Li concentration and the principal stresses of two 

representative material points in the <100> SiNW. Both points are located at 
0.9r R=  in the pristine state of the SiNW, where R  is the radius of the 

SiNW. Point 1 (P1) is located along the largest expansion direction (<110> 
direction, o0θ = ), and Point 2 (P2) along the least expansion direction 
(<100> direction, o45θ = ).  

 

 It should be noted that the maximal principal stress 1σ  represents the hoop 

component at the symmetric planes, and closely approximates the hoop component 

anywhere else. As seen from the stress contours, the hoop component 1σ  is tensile in the 

outer surfaces, while compressive near the reaction fronts. The hoop tension near the 

outer surface stems from the “pushing-out” effect, i.e., the large volume expansion at the 

reaction front causes the radial expansion and accordingly hoop stretch in the materials 

behind the reaction front. It is also observed that the concentrated stress develops at the 

early stage of lithiation. The levels of stress concentration (~1.5 Yτ ) are almost the same 
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for the four SiNWs. Interestingly, the stress concentration exclusively occurs at the 

angular sites between two adjacent {110} facets for all the four SiNWs. The development 

of such stress concentrations at the specific angular sites near the outer surface can be 

attributed to the pushing-out effect of the newly lithiated product from the two adjacent 

{110} facets at the reaction front. As the pushing-out effect generates large expansion 

normal to the {110} facets, the materials located at the intersection of the two adjacent 

{110} facets undergo large and non-uniform stretch, leading to stress concentration. The 

concentrated stress may well exceed the fracture strength of the amorphous lithiated Si. 

As a result, fracture initiates at the specified angular sites near the outer surfaces of the 

lithiated SiNWs. 

 Figure 2-10 plots the evolution of the maximal principal stress experienced by 

two representative material points along with that of the Li concentration at the points in 

the <100> SiNW of the 2D models. The two material points are located at 0.9r R=  

along the maximal ( o0θ = , denoted by point 1) and minimal ( o45θ = , a stress 

concentration site, denoted by point 2) radial expansion directions, respectively, of the 

<100> SiNW in the pristine state, as marked in the inset of Fig. 2-10. As the material 

points are very close to the outer surface of the SiNW, the reaction front reaches the 

material points in a very short time at which the Li concentration begins to rise, and 

rapidly reaches to unity, i.e., the fully lithiated state. Point 1 is lithiated earlier than Point 

2 since the former is right along the primary Li flow direction, i.e., the <110> direction. 

As the reaction front sweeps through the material points, the principal stress decreases, 

reaches a minimum, and then rapidly increases to its maximum. For Point 1, the principal 
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stress even changes its sign twice (from tension, compression, to tension) when the 

reaction front sweeps through it. As lithiation continues, the principal stresses at these 

two points vary insignificantly. It should be noted that Point 2 experiences a maximal 

stress double more than that at Point 1, clearly indicating that it is the onset site of 

fracture.  

2.6 Discussions 

 The present modeling framework can be extended in several aspects, particularly 

regarding the stress-mediated lithiation rate and size-dependent fracture. In general, Li 

insertion generates hydrostatic compression both at and closely behind the reaction front 

in solid-state electrodes. The compressive stress may suppress Li reaction at the reaction 

front as well as Li diffusion behind it, thus slowing down further lithiation. Such stress-

induced retardation of lithiation has been demonstrated by recent in-situ TEM studies: the 

migration of the lithiation reaction front in both SiNWs and SiNPs slowed down 

considerably as lithiation proceeded [65, 115]. The lithiation-induced hydrostatic 

compression in Si could be high enough to completely override the electrochemical 

driving forces on reaction and diffusion, leading to the stagnation of lithiation. Thus, the 

lithiation-induced stresses play an important role in the kinetics of Li insertion and 

extraction in electrodes, which will subsequently affect the charging and discharging rate. 

 Lithiation retardation can be characterized by incorporating the stress effects on 

the lithiation kinetics. Both the reaction rate at the reaction front and the diffusion rate in 

the lithiated region may be set to be stress dependent, e.g.,  
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exp( / )eff BD D p k T= − Ω ,                                         (2-11) 

where D  is the Li diffusivity in the stress-free condition, defined in Eq. (2-1), Ω  is the 

activation volume of Li diffusion,  is the thermal energy, and p  is the pressure that 

can be obtained from the trace of the symmetric Cauchy stress tensor σ  [103, 115, 125]. 

 Figure 2-11 shows the simulated time evolution of the lithiation depth measured 

at the front ends of the <110>- and <111>- oriented c-SiNWs and amorphous SiNW (a-

SiNW). The lithiation depth is measured in the lithiated configuration and normalized by 

the thickness of the fully lithiated SiNWs. For c-SiNWs the lithiated thickness is 

measured in the {110} direction, while for the a-SiNW in an arbitrary radial direction, as 

marked by the colored arrows in the deformed cross sections of the SiNWs in Fig. 2-11. 

The lithiation times for all the cases are normalized by that required for fully lithiating 

the front end of the <110>-oriented c-SiNW. For the a-SiNW, the anisotropic mobility at 

the reaction front is turned off in the simulation by assigning an orientation-independent 

constant value to 0D  in Eq. (2-1). The slopes of the curves in Fig. 2-11 indicate the 

lithiation rates. At the early stage of lithiation, the lithiation thicknesses of all SiNWs 

evolve nearly at the same high rate, corresponding to the fast surface lithiation of the 

nanowires. With the inward movement of the reaction front in the radial direction, 

lithiation-induced hydrostatic pressure p  increases in order to push out the materials in 

the thickening shell, and consequently the effect of p  becomes more significant. By 

reducing the reaction rate at the reaction front and the diffusivity in the lithiated shell, the 

compressive stress finally leads to the retardation of the lithiation process, namely, the 

gradually slowing down of the increasing rate of the lithiation thickness. It should be 



46 

 

noted that the retardation effect is less intensive in the a-SiNW than that in the crystalline 

ones due to the isotropic mobility of the reaction front. The simulations clearly show that 

with increasing lithiation anisotropy (a-SiNW < <111> c-SiNW < <110> c-SiNW [118]) 

the retardation effect is increasingly pronounced. 

 

Figure 2-11. Thickness evolution of the fully lithiated a-LixSi shell in the cross sections 
of <100>- and <111>- oriented c-SiNWs and an a-SiNW. The lithiation 
thickness is measured in the deformed configuration and normalized by the 
thickness of the fully lithiated SiNWs, while the lithiation time is 
normalized by that required for fully lithiating the <110>-oriented c-SiNW. 
For c-SiNWs the fully lithiated thickness is measured in the {110} direction, 
while for a-SiNW in an arbitrary direction due to its isotropic lithiation, as 
marked by the colored arrows in the deformed cross sections of the SiNWs.  

 

 It should be pointed out that stress gradient can also regulate the lithiation kinetics 

in solid electrodes [89, 126]. The effect of stress gradient can be incorporated into the 

model by relating the stress gradient to the Li flux, as shown recently [126]. These 

studies clearly showed the strong coupling between lithiation-generated stress and 
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lithiation kinetics. In the following chapters, the exploitation of externally applied forces 

to regulate lithiation rate and rate anisotropy will be also demonstrated. Given the 

intimate relations between lithiation rate anisotropy and the fracture of c-Si electrodes, 

this study opens a possible pathway to mitigate the degradation of c-Si during 

electrochemical cycling. 

 Within the framework of finite-strain plasticity, the present model accurately 

predicts the locations of stress concentration, consistent with the experimentally observed 

crack nucleation sites in lithiated SiNWs. Once nucleated, subsequent crack propagation 

is size dependent, as shown in the recent experiments [30]. Such size dependence of 

fracture can be understood in terms of flaw tolerance in small systems. For a SiNW with 

a sufficiently small diameter, the energy release rate during crack extension is dominantly 

governed by the sample size (i.e., the diameter of cross section) rather than the flaw size, 

i.e., an increase of the sample size can raise the energy release rate of crack extension, 

given the same size of the crack. When the SiNW exceeds a critical diameter, the energy 

release rate becomes large enough to drive crack growth. In addition, the coupling 

between lithiation chemistry and crack mechanics involves the interplay between the 

crack-tip stress field and the local Li reaction-diffusion [89, 126]. Therefore, a detailed 

study of crack extension in lithiated Si that incorporates these factors is worthwhile. 

2.7 Conclusions 

 In conclusion, a finite-strain chemo-mechanical model is formulated in this 

chapter to study the lithiation-induced phase change, large deformation and fracture in c-
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Si in a 3D setting. The modeling framework incorporates several key features observed 

from TEM studies, including the sharp amorphous-crystalline interface, anisotropic 

interface mobility and large deformation. The model also couples the Li reaction-

diffusion with deformation mechanics in unidirectional manner, i.e., lithiation induces 

strain and stress. By considering the effect of lithiation-induced stress on Li reaction-

diffusion kinetics, the model can be further extended to bidirectional coupling. Though 

only c-SiNWs were simulated in this chapter, the modeling platform can be extended to 

a-Si (by turning off the anisotropic mobility of the reaction front) and other high-capacity 

electrode materials (with experimentally verified materials properties), as demonstrated 

in the following chapters. 

 Using the chemo-mechanical model, the morphological evolution and stress 

generation in SiNWs upon lithiation is simulated. The simulation results show that the 

anisotropic interfacial Li mobility significantly impacts the morphological changes and 

stress concentration in lithiated Si. Owing to the much faster reaction rate along the 

<110> directions, the unlithiated cores exhibit polygonal shapes with {110} facets. The 

large deformation occurring at the reaction front, i.e., {110} facets, pushes the lithiated 

product outward, resulting in large anisotropic swelling as well as stress concentrations at 

the angular sites between adjacent {110}  facets in the lithiated shell. In addition, Li 

insertion can induce high hydrostatic pressure at and closely behind the reaction front, as 

shown in the simulation results, which may explain the lithiation retardation observed by 

in-situ TEM studies. It also found that the 3D small-strain model can capture the 

morphological changes and the general trend of stress distribution during lithiation. In 
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contrast, the 3D finite-strain model captures not only the morphological evolution, but 

also the concentration of hoop tension, and thus predicting the onset fracture sites in the 

lithiated SiNWs. Since all the cross sections in the SiNWs are lithiated in a similar 

manner with insignificant elongation along the axial directions, a 2D finite-strain model 

with the plane-strain condition is demonstrated to be well suited to accurately resolve the 

stress concentration during the lithiation process. Such a 2D model is advantageous for its 

significantly reduced computational cost. Both the morphological changes and fracture 

sites predicted by the current finite-strain models agree well with the previous 

experimental studies. In addition to presenting a chemo-mechanical model for the study 

of lithiation-induced degradation in high-capacity electrode materials, the mechanistic 

understanding of microstructural evolution and stress generation in current study shed 

lights onto the design of next-generation failure-resistant electrodes. 



 

 

Chapter 3  
 

Tough Germanium Nanoparticles under Electrochemical Cycling②

3.1 Introduction 

 

 The demand for high-capacity lithium-ion batteries (LIBs) for portable 

electronics, hybrid electric vehicles, and large scale energy storage has stimulated the 

relentless search for new electrode materials with superior energy density, power density 

and cyclability [1, 7, 105]. Silicon (Si) is being considered as one of the leading 

candidates to replace current carbonaceous anodes in LIBs for its high theoretical 

capacity [9, 11, 27, 108]. However, Si electrodes undergo huge volume changes (~300%) 

induced by lithium (Li) insertion and extraction during charging-discharging process, 

which can lead to fracture even in the first cycle, and subsequently the rapid, irreversible 

capacity decay and poor cyclability [19, 20, 30]. Therefore, mechanical degradation 

during electrochemical cycling remains a major technical barrier for the 

commercialization of the Si based high-capacity electrode materials [14, 19, 20, 53, 127-

130]. In addition to Si, germanium (Ge), as another group IV element, is also being 

treated as a promising anode material due to its unique characteristics. As shown in Fig. 

1-4, the capacity of Ge is second only to that of Si [23]. More importantly, both the Li 

diffusivity and the electronic conductivity in Ge are much higher than those in Si [28, 
                                                      
② Partial results reported in this chapter are from:  

Liang, W.; Yang, H.; Fan, F.; Liu, Y.; Liu, X.H.; Huang, J.Y.; Zhu, T.; Zhang, S., Acs Nano, 2013. 
7(4): p. 3427-3433. 

where, Liang, W. conducted the in-situ TEM experiments. 
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131], which can enable the high-rate charging-discharging performance of Ge electrodes. 

Even though the high performance of Ge-based anodes has been demonstrated by recent 

experiments [132-135], the cyclability of Ge electrodes, which is the major concern for 

high-capacity LIBs, remains unclear. 

 In this chapter, the behavior of crystalline germanium nanoparticles (c-GeNPs) 

under charging-discharging cycling is studied by using in-situ transmission electron 

microscopy (TEM). The experimental results revealed that during multiple lithiation-

delithiation cycles c-GeNPs of a large size range (from 100 nm to submicrometer) 

remained robust with highly reversible expansion and contraction, and without any 

visible cracking, despite ~260% volume changes. For the comparison of the lithiation-

delithiation behaviors of c-GeNPs and crystalline silicon nanoparticles (c-SiNPs), the 

electrochemical behavior of c-SiNPs was also investigated. In stark contrast to the robust 

behavior of c-GeNPs, c-SiNPs exhibited the size-dependent fracture upon the first 

lithiation, which is consistent with the previous experimental observations [30, 65]. In 

addition to the in-situ TEM studies, a chemo-mechanical modeling is conducted to 

elucidate the underlying mechanisms that lead to the different behaviors of c-SiNPs, c-

GeNPs, and amorphous silicon nanoparticles (a-SiNPs). Through a comparative study, 

the lithiation anisotropy is demonstrated to cause the non-uniform stress in the hoop 

direction in lithiated c-SiNPs, leading to fracture in the well-defined planes. In the 

absence of such lithiation anisotropy as the lithiation rate at the reaction front in Ge and 

a-SiNPs is nearly crystallographic orientation-independent [35, 57, 59, 61, 62, 136, 137], 

the c-GeNPs and a-SiNPs experience uniform hoop tension in the surface layer without 

the localized high stress and therefore remain robust throughout multicycling. The 
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findings of this study demonstrate that the Li insertion-induced high, non-uniform 

stresses can be mitigated through isotropic lithiation, which presents a novel mechanism 

of averting the fracture in high-capacity electrodes.  

3.2 Experimental Methodology  

 In order to prepare the GeNPs used in the experiment, a Ge wafer was first ground 

for 30 min, and then the obtained Ge powders were dispersed in ethanol solution, 

followed by ultrasonic treatment. A tip-flattened Pt rod was dipped into the solution to let 

the GeNPs to attach onto the end of the Pt rod through surface interaction. A typical as-

prepared GeNP with a diameter of ~620 nm is shown in Fig. 3-1(a), which was single-

crystalline (denoted as c-GeNP) as demonstrated by the electron diffraction pattern 

(EDP) in Fig. 3-1(b). The c-SiNPs were prepared by following the same procedure, while 

the used Si powders were a commercialized product of US Research Nanomaterials, Inc. 

 The in-situ TEM study of the lithiation-delithiation cycling behavior of c-GeNPs 

and c-SiNPs was carried out based on an open-cell nanobattery configuration, as 

schematically shown in Fig. 3-1(c). The open-cell nanobattery consists of a single c-

GeNP (or c-SiNP) sitting on a Pt rod as the working electrode, a small piece of bulk Li 

metal on a tungsten (W) probe as the counter electrode, and a native lithium oxide (Li2O) 

surface layer grown on the Li metal as the solid electrolyte. During the electrochemical 

tests, the open-cell nanobattery was first implanted in TEM using a Nanofactory TEM-

scanning tunneling microscopy (STM) holder, and then a piezo-positioner was used to 

drive the Li2O/Li electrode to contact the c-GeNPs (or c-SiNPs). In order to initiate and 
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sustain the lithiation (delithiation), a bias of -2 V (+1 V) was applied to the Pt rod with 

respect to the W rod. Such in-situ TEM setup enables the real-time measurement of 

electrochemical reactions in electrodes during the lithiation-delithiation cycling [19, 26, 

33, 35, 38, 55, 57, 59, 65, 115]. 

3.3 Results and Discussion 

3.3.1 Experimental Results 

 The morphological evolution and phase transformation of an individual c-GeNP 

are shown in Figs. 3-1(d-f). At the beginning of the in-situ TEM experiment, a potential 

of -2V was applied to the c-GeNP with respect to the Li metal electrode in order to 

initiate the lithiation. Once the pristine GeNP was brought into contact with the Li2O/Li 

electrode, the entire surface of the GeNP was quickly covered by Li, owing to the much 

higher Li diffusion rate on the surface than in the bulk of Ge, similar to the lithiation of Si 

[30, 57]. The GeNP then began to expand radially, as shown in Fig. 3-1(d), indicating the 

start of bulk lithiation. As the lithiation proceeded, Li flowed nearly uniformly from the 

surface to the center of the GeNP along the radial direction, forming a structure 

consisting of a c-Ge core and a lithiated shell of amorphous LixGe (a-LixGe) that were 

separated by a sharp amorphous-crystalline interface, as marked by the red dashed circle 

in Fig. 3-1(e). The similar core-shell structures were widely observed in the lithiation of 

Si nanowires (c-SiNWs) [19, 33] and SiNPs [30, 57]. As shown in Fig. 3-1(e), Li 

insertion induced a nearly isotropic volume expansion in the GeNP, leading to the change 
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of diameter from 620 nm (Fig. 3-1(a)) to 830 nm (Fig. 3-1(e)). The approximately 

uniform thickness of the obtained amorphous shell clearly indicated the isotropic 

lithiation in GeNPs. At 632 s, the GeNP was fully lithiated with its diameter increased to 

 
Figure 3-1. Morphological evolution and phase transformation of an individual c-GeNP 

during lithiation. (a) Pristine c-GeNP with a diameter of ~620 nm. (b) The 
EDP indicates the GeNP is single-crystalline. (c) Schematic illustration of 
the in-situ nanobattery setup, consisting of a single GeNP as the working 
electrode, bulk Li metal as the counter electrode, and a naturally grown Li2O 
surface layer as the solid electrolyte. (d-f) TEM snapshots showing the 
morphological evolution and uniform volume expansion of the GeNP upon 
lithiation. (d) Pristine GeNP was brought into contact with the Li2O/Li 
electrode. (e) Lithiation-induced crystal-to-amorphous phase transformation, 
forming the structure with a crystalline core and an amorphous shell. The 
amorphous-crystalline interface is marked by the red dashed circle. (f) The 
c-Li15Ge4 phase formed after full lithiation to a-Li15Ge4, as indicated by the 
EDP shown in (g). 

 

946 nm (Fig. 3-1(f)), which corresponds to ~260% volume increase, consistent with the 

~280% volume increase of the fully lithiated SiNPs (a-Li15Si4) [30, 138]. However, the 

lithiated GeNP did not fracture even though its initial size was considerably large, which 

was in distinct contrast to the c-SiNPs that typically fracture into pieces upon lithiation 
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provided that the initial diameter exceeds ∼150 nm [30]. As identified by the EDP in Fig. 

3-1(g), the fully lithiated a-Li15Ge4 phase in the GeNP was finally crystallized to c-

Li15Ge4 [139, 140]. Similar to the congruent crystallization of a-LixSi [140], the 

crystallization of a-LixGe to c-Li15Ge4 was a simultaneous process for the whole 

nanoparticle, and no phase boundary can be observed during the process. Such observed 

two-step phase transformation of c-Ge → a-LixGe → c-Li15Ge4 is consistent with the 

previous study of lithiation in c-GeNWs [35].  

 In order to investigate the cycling behavior of GeNPs, another nearly spherical 

shaped c-GeNP with an initial diameter of ∼160 nm was selected for the in-situ TEM 

experiment, as shown in Fig. 3-2(a). The corresponding EDP of the GeNP confirmed its 

single-crystalline phase (Fig. 3-2(b)). For the lithiation of the GeNP, a bias of -1 V was 

first applied. After 54 s, when the c-GeNP was fully lithiated to a-Li15Ge4 (Fig. 3-2(c)), 

the diameter of the GeNP increased to 247 nm, which corresponds to ~260% volume 

increase. Then the potential was reversed to +1 V before crystallization occurred to 

initiate the delithiation process. The spherical a-LixGe NP shrunk in a uniform manner 

once the delithiation started, and was fully delithiated to its original size ∼160 nm with 

the final phase identified as a-Ge (Fig. 3-2(d)). By periodically reversing the applied 

potential, repeated lithiation-delithiation between a-Ge and a-LixGe was conducted after 

the first cycle, as shown in Figs. 3-2(e-k) and the videos in the Supporting Information of 

[44]. It should be noted that the applied potential should be reversed immediately once 

the GeNP was fully lithiated to a-Li15Ge4 but before the crystallization of a-Li15Ge4 to 

ensure the further delithiate the a-LixGe NP. If the applied potential was held for a  
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Figure 3-2. Multicycling of a single c-GeNP. (a) Pristine GeNP with a nearly spherical 

shape is 160 nm in diameter. (b) EDP of the pristine GeNP indicates that the 
nanoparticle is single-crystalline. (c-d) First lithiation-delithiation cycle. A 
bias of -1 V was applied in the lithiation process. The diameter increased to 
247 nm with a-LixGe formed. Then, a bias of +1 V was applied to initiate 
delithiation. The diameter decreased to 160 nm after full delithiation with a-
Ge phase formed. (e-j) Second, third, and fourth lithiation-delithiation 
cycles showing the same behavior as the first cycle, demonstrating the 
cyclability of the GeNP. (k, l) Fifth lithiation and crystallization. The a-
LixGe phase formed and then crystallized to c-Li15Ge4. 
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relatively long time during the lithiation stage, for instance, at the fifth cycle (Fig. 3-

2(k)), the a-LixGe was crystallized to c-Li15Ge4 (Fig. 3-2(l)). After crystallization, the c-

Li15Ge4 phase could no longer be delithiated even with a higher reverse potential (+2 V), 

manifested by the nearly constant volume before and after the reverse potential was 

applied. The inability of delithiation indicated a high affinity of Li with Ge in the c-

Li15Ge4 phase.  

 The above experimental results indicated that the c-GeNPs can sustain the 

lithiation-delithiation induced huge volume expansion and contraction during multiple 

electrochemical cyclings, which demonstrated that the c-GeNPs appear to be 

unexpectedly tough, in distinct contrast to the fragility (i.e., ease of fracture) of c-SiNPs 

[30, 65]. As shown in Fig. 3-3, the typical core-shell structures in a partially lithiated c-

SiNP (a1-a3), c-GeNP (b1-b3), and a-SiNP (c1-c3) were compared. The original sizes of 

both c-Si and c-Ge NPs are around 160 nm, and a-SiNP is about 540 nm [57]. The 

lithiation behaviors of the NPs differ in several key aspects. First, similar to the strong 

anisotropic swelling observed in lithiation of c-SiNWs [19, 30, 33], the lithiation-induced 

swelling in c-SiNPs was highly anisotropic (Figs. 3-3(a1-a3)), which is in contrast to the 

nearly isotropic volume expansion of c-GeNPs (Figs. 3-3(b1-b3)) and a-SiNPs (Figs. 3-

3(c1-c3)). Second, all of the NPs undergo two-phase lithiation, that is, the unlithiated 

pristine core and lithiated amorphous shell are separated by a sharp interface. The 

apparent swelling behavior of different NPs is critically governed by the lithiation 

reaction at the two-phase boundary [55, 62, 118]. Due to the fastest lithiation rate of the 

}110{  plane in c-Si [55], a hexagonal shaped unlithiated core with the survived }110{  

facets appears inside the c-SiNP. The thickness of the lithiated shell is apparently 
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orientation-dependent, which further demonstrates the strong anisotropy of the lithiation-

induced swelling. In contrast, lithiation in the c-GeNP and a-SiNP is nearly orientation-

independent, as manifested by the circular shaped core and the uniform thickness of the 

fully lithiated shell. The nearly isotropic lithiation in c-Ge is consistent with the much 

weaker orientation-dependent wet-etching rate in c-Ge than in c-Si [136, 137].  

 
Figure 3-3. Lithiation-induced anisotropic swelling and fracture in a c-SiNP versus the 

isotropic swelling without fracture in a c-GeNP and a-SiNP. The original 
sizes of both c-Si and c-Ge NPs are about 160 nm, and a-SiNP is about 540 
nm. (a1) Partially lithiated c-SiNP showing the hexagon-shaped c-Si core 
with the {110} facets. (a2, a3) Fracture occurred in a late stage of lithiation. 
The well-defined fracture sites are indicated by red dashed circles. (b1, b2) 
Partially lithiated c-GeNP showing the rounded c-Ge core. (b3) Full lithiation 
without fracture of a c-GeNP. (c1, c2) Partially lithiated a-SiNP showing the 
rounded a-Si core. (c3) Full lithiation without fracture of a a-SiNP [57].  
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 According to Fig. 3-3, another striking difference among c-SiNPs, c-GeNPs, and 

a-SiNPs is their fracture behavior and cyclability. As shown in Figs. 3-3(a2-a3), the 

lithiated c-SiNP undergoes the symmetry breaking of fracture in the circumferential 

direction. That is, fracture occurs on the well-defined angular site (indicated by red 

dashed circles in Figs. 3-3(a2-a3)), which is located on one of the planes (represented by 

the pink dashed line in Fig. 3-4) that passes through the opposite vertices of the 

unlithiated hexagonal shaped c-Si core. Such well-defined fracture planes have also been 

reported in recent experiments for both c-SiNWs [20] and c-SiNPs [65], showing that the 

fracture sites reported here are consistent with previous experimental observations. In 

contrast, all the c-GeNPs investigated in this work and a-SiNPs reported in [57] are tough 

without any visible crack-like defects formed during electrochemical cycling. Such good 

electrochemical cyclability promises the GeNP as a robust, high-capacity anode material. 

 The previous study of c-SiNWs in Chapter 2 shows that intensified hoop tension 

θσ  exclusively occurs at the angular sites between two adjacent }110{  facets, as shown 

in Fig. 3-4, leading to the initiation of fracture at the specified angular sites near the outer 

surfaces of the lithiated SiNWs. Owing to the anisotropic lithiation rate in c-Si [55], only 

the fast lithiation facets (i.e., }110{  facets) survive during the lithiation process. At the 

respective }110{  facets of the reaction front, lithiation-induced volume expansion at the 

reaction front pushes the lithiated shell outward, leading to the large expansion normal to 

the facets. Materials located at the intersection of the two adjacent {110} facets undergo 

large and non-uniform stretch. To maintain material coherency (i.e., deformation 

compatibility), the large intensified hoop tension θσ  arises near the interface plane 
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(represented by the pink dashed line in Fig. 3-4) of the neighboring domains (represented 

by black blocks in Fig. 3-4). The concentrated hoop stress may well exceed the fracture 

strength of the amorphous lithiated Si, resulting surface fracture at the corresponding 

sites.  

 
Figure 3-4. Development of an intensified hoop tension θσ  near the fracture plane 

(indicated by the pink dashed line). When lithiation occurs at the respective 
{110}  facets, lithiation-induced volume expansion at the reaction front 
pushed the lithiated shell outward, leading to the large expansion normal to 
the facets. Materials located at the intersection of the two adjacent {110} 
facets undergo large and non-uniform stretch. To maintain material 
coherency (i.e., deformation compatibility), the large hoop tension θσ  arises 
near the interface plane of the neighboring domains (black blocks). 

 

 It naturally follows that the unexpected tough behavior of the c-GeNPs and a-

SiNPs [57] might be ascribed to the isotropic nature of lithiation. In order to appreciate 

the significance of such lithiation isotropy, it is essential to understand why the large c-

SiNPs undergoing anisotropic swelling are fragile while the c-GeNPs (with a wide size 

range of 100 nm to submicrometer) and a-SiNPs undergoing isotropic swelling are not. 

Even though both the surface cracking and the size dependence of fracture of c-SiNPs 
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have been rationalized in the previous fracture analyses [19, 20, 30], the effects of 

isotropic versus anisotropic lithiation on fracture remain unclear. 

3.3.2 Numerical Results 

 To appreciate the significance of isotropic versus anisotropic lithiation on 

fracture, the continuum chemo-mechanical model developed in Chapter 2 is invoked here 

to simulate the concurrent processes of phase transformation and stress evolution during 

lithiation of a c-SiNW, c-GeNW, and a-SiNW. The use of the nanowire geometry 

simplifies the analysis, while capturing the essential physics. Lithiation of all of the 

nanowires involves two concurrent processes in series: reaction at the reaction front and 

Li diffusion behind it. Despite the difference in the physical processes of interfacial 

reaction and bulk diffusion, the two concurrent processes are simulated here in a unified 

manner by treating the interfacial reaction as non-linear diffusion across a diffuse 

interfacial domain for numerical convenience. In the model, a sharp reaction front with 

an abrupt change of the normalized Li concentration from zero (a-Si or c-M, M = Si or 

Ge) to one (a-Li15M4) is generated by prescribing a concentration dependent Li 

diffusivity: ( )0 1 1 2D D c cα= − −   , where 0D  is the diffusion constant of Li in M, c  is 

the Li concentration normalized by that of the fully lithiated phase of a-Li15M4, and α  is 

a tunable constant to control the concentration profile near the reaction front. The total 

strain ijε  consists of three parts, p
ij

e
ij

c
ijij εεεε ++= . That is, c

ijε  is the lithiation-induced 

electrochemical strain given by c
ij ijcε βδ=  (where c denotes the local normalized Li 
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concentration, ijβ  is the expansion coefficient, and ijδ  the Kronecker delta with 1ijδ =  

for i j= , and 0ijδ =  otherwise.), e
ijε  is the elastic strain, and p

ijε  is the plastic strain. In 

this study, β  is set to be 0.6β =  for c-Si, 0.54β =  for c-Ge, and 0.56β =  for a-Si, 

which correspond to the ~300%, ~260%, and ~280% volume increase in the fully 

lithiated c-Si, c-Ge, and a-Si, respectively. The diffusion constant 0D  is set to be 

orientation-dependent at the sharp amorphous-crystalline interface to mimic the lithiation 

behavior of the <111> c-SiNW. As c-Ge and a-Si undergo nearly isotropic lithiation, the 

pertinent 0D  at the reaction front is set to be orientation-independent, corresponding to 

the isotropic lithiation rate. It should be noted that the lithiation mechanisms for a-Si and 

c-Si are slightly different. Lithiation of a-Si occurs by the movement of a sharp phase 

boundary which separates the a-Si intact phase and the amorphous Li2.5Si phase 

(corresponding to volume expansion ~170%) in the first lithiation step. The amorphous 

Li2.5Si is then lithiated into amorphous Li15Si4 in the second step, with a total volume 

expansion of ~280%. In contrast, c-Si is lithiated through the migration of a sharp 

reaction front that separates the lithiated amorphous shell of LixSi and the c-Si core. Li 

concentration within the unlithiated core is low, and the lithiated phase likely consists of 

amorphous Li15Si4, with ~300% volume expansion. 

 Figure 3-5 shows the simulated Li distribution c and the associated hoop stress θσ  

on the cross sections of different nanowires. Apparently, the different lithiation kinetics 

leads to differences in the volume swelling and stress generation. For anisotropic 

lithiation in c-Si, since the {110} facets undergo fastest lithiation, much stronger pushing-

out effect is generated along the <110> directions than any other directions, leading to 
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large non-uniform hoop tension at the outer lithiated shell. In particular, hoop tension 

( θσ ) at the angular sites between two adjacent {110} facets is significantly intensified 

(Figs. 3-5(a1-a2)) in a <111> c-SiNW, as large incompatible strain is developed as a 

result of the anisotropic pushing-out effect. These angular sites are identified as the spots 

of the onset of fracture, consistent with the TEM observation shown in Figs. 3-3(a2-a3). 

While for isotropic lithiation of c-GeNW and a-SiNW, the uniform pushing-out effect 

results in isotropic lithiation morphologies (Figs. 3-5(b1-b2) for c-GeNW and Figs. 3-

5(c1-c2) for a-SiNW). The resulting hoop tension in the outer shell is also uniform. The 

lack of stress-intensified sites on the outer shell inhibits the initiation of fracture in 

lithiated c-GeNW and a-SiNW, which can explain why the c-GeNPs and a-SiNPs 

observed in the previous in-situ TEM studies remains tough upon cyclic lithiation and 

delithiation. For the simulating of the two-step lithiation in a-Si, the a-SiNW is first 

partially lithiated to a-Li2.5Si, and then to a-Li15Si4. The first-step lithiation results in a 

sharp interface, while the second a diffuse interface. Figures 3-5(c1-c2) plot the Li 

concentration and stress distribution at the state when the two reaction fronts coincide, 

which represents the most critical condition but experimentally may not be realistic. The 

stress profile clearly shows that the two-step lithiation alleviates the abruptness of the 

interface and hence the incompatible stress at the interface. The pushing-out effect is also 

weaker, and hence reduced hoop tension in the outer shell, as compared to the lithiation 

generated stress in the c-GeNW (Figs. 3-5(b1-b2)). This explains the tough behavior of 

micron-sized a-Si during lithiation in previous studies [57, 61]. 
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Figure 3-5. Chemo-mechanical modeling of the core-shell structure and stress generation 

in the cross section of a lithiated nanowire, showing the effect of the 
lithiation anisotropy. (a1) Orientation-dependent interfacial reaction rate in 
<111> c-SiNW leads to a hexagonal shaped reaction front in the cross section 
of the nanowire, represented by the transition colors from red to blue. (b1, 
c1) Isotropic interfacial reaction rate results in circular shaped reaction fronts 
in the cross sections of c-GeNW and a-SiNW. Li concentration in (a1) and 
(c1) is normalized by that of Li15Si4, while the one in (b1) is normalized by 
that of Li15Ge4. (a2, b2, c2) Hoop stress ( θσ ) profiles in cross sections of 
<111> c-Si (a2), c-Ge (b2), and a-Si (c2) nanowires. Lithiation anisotropy 
causes the intensified hoop tension at the angular sites between two {110} 
adjacent facets in the <111> c-SiNW (a2), while such intensified tension is 
absent in the other two nanowires (b2 and c2).  
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3.4 Conclusions 

 The electrochemical cycling behavior of individual c-GeNPs and c-SiNPs was 

studied with in-situ TEM in this chapter. The experimental results indicated that the c-

GeNPs involves a two-step phase transformation upon lithiation: c-Ge → a-LixGe → c-

Li15Ge4, with a ~260% volume increase, which is consistent with previous 

electrochemical tests. Tough behavior of the c-GeNPs was demonstrated by the fast 

lithiation-delithiation multicycling of the GeNPs with huge volume expansion and 

contraction. In particular, the current experiments showed that the c-GeNPs, as a-SiNPs, 

remained robust without fracture in multiple cycles with a wide size range (from 100 nm 

to submicrometers), which is in distinct contrast to the size-dependent fracture of c-SiNPs 

upon the first lithiation.  

 Based on the chemo-mechanical model, comparative study of the lithiation 

behavior of the c-SiNPs, c-GeNPs and a-SiNPs was conducted to appreciate the 

significance of lithiation kinetics on the deformation and fracture of different NPs. Due to 

the orientation-dependent lithiation rate, c-SiNPs undergo highly anisotropic lithiation. 

Such lithiation anisotropy is demonstrated to cause the intensified non-uniform hoop 

stress in outer lithiated shell of SiNPs, leading to fracture at the angular sites between two 

adjacent {110} facets. In the absence of such lithiation anisotropy, the c-GeNPs and a-

SiNPs experience isotropic lithiation, and subsequently uniform hoop tension in the 

surface layer without the localized high stress. As the lack of stress-intensified sites on 

the outer shell can inhibit the initiation of fracture, the c-GeNPs and a-SiNPs remain 

robust upon cyclic lithiation and delithiation. In addition, the two-step lithiation in a-
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SiNPs can further alleviate the abruptness of the interface and hence the incompatible 

stress at the interface, which can lead to the tough behavior of a-SiNPs with the size even 

up to micronmeter.  

 As demonstrated in the current study, lithiation anisotropy is the leading factor 

account for the fragile behavior of c-Si during electrochemical cycling. Therefore, 

eliminating the lithiation anisotropy by amorphization presents a novel pathway to 

mitigate the mechanical degradation in high-capacity electrode materials. While previous 

study showed that lithiation of the {110}  facet in c-Si involves the step-by-step ledge 

flow on the inclined, close-packed }111{  layers [55], the lithiation-induced atomic 

arrangements in c-Ge and a-Si remain unclear. Thus, the atomistic origin of the different 

lithiation kinetics (isotropy or anisotropy) warrants further study in the future.  

 



 

 

Chapter 4  
 

Bending-Induced Symmetry Breaking of Lithiation in Germanium 
Nanowires③

4.1 Introduction 

 

 Insertion of secondary species into solid electrodes constitutes the primary 

energy-storage mechanism for modern battery systems [1, 7, 141, 142]. Understanding 

the insertion-induced chemo-mechanical degradation of the host materials has become a 

central focus of the present battery research [14, 19, 20, 30, 38, 44, 105, 143]. Much like 

other physiochemical processes such as oxidation and corrosion in metals, 

electrochemical cycling of electrodes features intimate coupling between insertion 

kinetics and mechanical stress: insertion of the secondary species generates localized 

stress, which in turn mediates electrochemical insertion rates [65, 89, 90, 115, 126]. This 

coupled effect is particularly strong in high-capacity electrodes in which a large amount 

of secondary species are inserted and extracted during electrochemical cycling. As a well 

studied example, crystalline silicon (c-Si), a negative electrode material with a theoretical 

capacity 10-fold higher than graphite [11, 17, 23], undergoes ~300% volume expansion 

and generates large localized tensile stress on its surface during electrochemical lithiation 

[19], leading to size-dependent surface fracture [30, 65]. Reciprocally, lithiation-induced 
                                                      
③ Results reported in this chapter are mainly from:  

Gu, M.; Yang, H.; Perea, D.E.; Zhang, J.-G.; Zhang, S.; Wang, C.-M., Nano Lett., 2014. 14(8): p. 
4622-4627. 

where, Gu, M. conducted the in-situ TEM experiments; Yang, H. did all of the data analysis and 
simulation work. 
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mechanical stress causes retardation or even arrest of lithiation [65, 115]. Understanding 

the coupled effect is therefore imperative for capacity retention and cycle life extension 

of the high-rate lithium-ion batteries (LIBs). 

 While the coupled effect in the electrochemical cycling of electrodes has long 

been recognized, the strong effect of the electrochemical reaction rate on the degradation 

of electrode materials has only been recently appreciated through the distinctly different 

lithiation behaviors of crystalline germanium (c-Ge) and c-Si [44]. Ge, another Li-

alloying negative electrode material with a high capacity (1384 mAhg-1) second only to 

Si [23], undergoes ~260% volume increase (i.e., the volume of the fully lithiated product 

is ~360% of the original structure) upon fully lithiation [44]. Both the electron 

conductivity and Li diffusivity in Ge are much higher than those in Si [28, 131], 

rendering Ge an attractive high-rate electrode material [132-135, 144-146]. Recent in-situ 

transmission electron microscopy (TEM) studies revealed that lithiation of both c-Si and 

c-Ge proceeds by the motion of an atomically sharp two-phase interface: the lithiated 

amorphous phase progressively consumes the crystalline phase, forming a core-shell 

structure [19, 44, 55, 62]. Differently, the electrochemical lithiation rate in c-Si is 

crystallographic orientation dependent [18, 19, 24], as opposed to the isotropic lithiation 

in c-Ge [35, 44, 62], despite the similar crystalline structures of these two crystals. 

Consequently, c-Si undergoes anisotropic swelling, leading to crack nucleation and 

growth at well-defined angular sites of the outer surface of the Si crystals [19, 20, 44, 65], 

in distinct contrast to the isotropic swelling and tough behavior of c-Ge throughout the 

entire lithiation process [35, 44, 62]. The same correlation between isotropic lithiation 

and high toughness was recently observed in amorphous Si [57, 61], further 
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demonstrating the critical role of the lithiation rate anisotropy on the degradation of the 

electrodes. The rate-dependent chemo-mechanical behavior suggests that controlling the 

electrochemical reaction rate represents a new pathway for the design of durable high-

capacity LIBs. 

 
Figure 4-1. Morphological evolution of a free-standing GeNW under lithiation. (a) 

Schematics of the in-situ nanobattery setup, consisting of a single GeNW as 
the working electrode, bulk Li as the counter electrode, and a native Li2O 
surface layer on the Li metal as the solid electrolyte. (b) A pristine c-GeNW 
with a diameter of 50 nm. (c-e) TEM snapshots showing the uniform 
lithiation in the radial direction, forming core-shell structures. (f) Li 
distribution map obtained by EELS mapping at the region marked by the red 
rectangle in (d); the dark region corresponds to the crystalline core of the 
cross section. 

4.2 Experimental Methodology  

 Using in-situ TEM studies, the control of the lithiation rate in GeNWs by the 

external bending is demonstrated in this chapter. The GeNWs used in this study were 
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grown using chemical vapor deposition (CVD), which has been widely used to fabricate 

SiNWs. The GeNWs were doped with phosphorous for enhanced electrical conductivity. 

The diameter of the GeNWs ranges from 50 to 220 nm, and the length from 2 to 10 μm. 

The in-situ TEM was carried out based on an open-cell nanobattery configuration, which 

consists of a single GeNW as the working electrode, bulk Li as the counter electrode, and 

a native lithium oxide (Li2O) surface layer grown on the Li metal as the solid electrolyte, 

as schematically shown in Fig. 4-1(a). The nanobattery device was implanted in TEM 

using a Nanofactory scanning tunneling microscopy (STM) holder. An overpotential 

ranging from -0.5 V to -2 V was applied to drive the Li ions across the Li2O solid 

electrolyte for lithiation. The in-situ TEM study enables real-time imaging of 

electrochemical reactions in GeNWs. 

4.3 Results and Discussion 

4.3.1 Experimental Results 

 Figures 4-1(b-e) show the TEM images of a free-standing c-GeNW with an initial 

diameter of 50 nm at different lithiation stages. As soon as the Li metal touched the 

GeNW (Fig. 4-1(b)), Li quickly diffused over a long distance along the GeNW surface 

within several seconds before bulk lithiation in the radial direction occurred (see Fig. 4-

1(c) and Movie S1 in Supporting Information of [147]), owing to the much higher Li 

diffusion rate on the surface than in the bulk of Ge, similar to the lithaition of Si [19, 44, 

57, 58, 65, 115]. The GeNW then started to expand (Fig. 4-1(d)) radially, indicative of 
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bulk lithiation, forming a structure consisting of a c-Ge core and a lithiated shell of 

amorphous LixGe (a-LixGe) [62]. Similar core-shell structures have been widely observed 

in lithiated SiNWs and Si nanoparticles (SiNPs) [19, 30, 55, 57, 65]. Previous studies 

revealed that lithiation of c-Ge proceeds by a two-step phase transformation: (c-Ge → a-

LixGe → c-Li15Ge4) [35, 44]. The volume increase of the free-standing c-GeNW due to 

lithiation was measured to be ~260%, which is consistent with previous studies [44], 

indicating that the lithiated product was likely to be c-Li15Ge4. These structural 

observations are also corroborated by the spatial distribution of Li probed by the electron 

energy loss spectroscopy (EELS) (Fig. 4-1(f)). It can be noted that lithiation proceeded in 

an axisymmetric manner in the radial directions at any axial positions, in contrast to the 

orientation dependent lithiation in c-Si [18, 19, 24]. As a result, the unlithiated core 

should be of the circular shape for all the cross sections. Throughout the lithiation 

process, the GeNW remained straight, indicative of minimal axial stress imposed to the 

nanowire during the lithiation process. It is observed that the thickness of the lithiated 

shell at a given lithiation time was nearly the same at different axial positions, further 

demonstrating much higher surface diffusivity of Li than the bulk diffusivity. Thus, the 

cross sections of c-GeNW at any different axial locations were lithiated in a similar 

manner.  

 Previous TEM studies demonstrated that self-generated stress during lithiation 

causes lithiation retardation in c-Si [115, 148]. On the basis of the coupled effect of the 

mechanical stress and the electrochemical lithiation rate, externally applied load might 

also mediate the electrochemical lithiation rate in the same manner as lithiation self-

generated stress in the GeNWs. To see this, the GeNWs were brought into contact with 
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the Li metal for lithiation. As soon as lithiation started, the GeNWs were pushed against 

the Li metal electrode using a piezoelectric nanomanipulator, as shown in Fig. 4-2. The 

pushing force effectively bent the GeNWs while the GeNWs were being lithiated, 

generating a complex stress state in the GeNWs with the mixed components of bending 

and axial compression. The stress profile is thus radially non-uniform in the bent region 

such that one side of the GeNW undergoes compression and the other undergoes tension. 

Owing to the axial compression, the neutral plane is not the central plane of the GeNW, 

but shifted to the tensile side. Panel A of Fig. 4-2 (and Movies S2 in Supporting 

Information of [147]) displays an initially tapered GeNW (Fig. 4-2(a1)) pushed to the left 

(i.e., the tensile side is on the left) during lithiation. The diameter of the uniform portion 

of the GeNW is ~220 nm. The dark contours shown in Figs. 4-2(a1-a2) correspond to the 

strain induced diffraction contrast. Lithiation of the bent GeNW also generated a core-

shell structure (Figs 4-2(a2-a4)), similar to the free-standing GeNW, where the red 

dashed lines mark the boundaries between the a-LixGe shell and the c-Ge core. However, 

the reaction front propagated asymmetrically on the tensile and compressive sides, with a 

noticeably higher lithiation rate on the tensile side than the compressive side. As a result, 

the radially uniform core-shell structure observed in the free-standing GeNW was broken 

in the bent GeNW. As lithiation continued, the constraint to the volume expansion along 

the axial direction generated increasingly higher compressive stress, which, together with 

the lithiation self-generated compressive stress at the reaction front, resisted further 

lithiation. When the combined compressive stress reached a critical value, lithiation of 

the GeNW was completely arrested, leaving an unlithiated core in the GeNW. This 

asymmetric lithiation resulted in a non-uniform core-shell structure, featuring a thicker 
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Figure 4-2. TEM snapshots showing the symmetry-breaking in lithiation of three 

representative GeNWs. The GeNWs were pushed against the Li metal to 
create bending during the lithiation processes, leading to lithiation 
asymmetry. The unlithiated crystalline cores in the GeNWs are outlined by 
the dashed red lines. Panels A and B: the GeNWs were pushed to the left. 
Panel C: the GeNW was pushed to the right.  

 



74 

 

lithiated shell (~213 nm) on the tensile side and thinner on the compressive side (~65 nm) 

at the bent region, as shown in Fig. 4-2(a4). It should be noted that bending-induced non-

uniform contact conditions between the GeNW and the Li source biased the Li diffusion 

distance from the Li source to the tensile and compressive sides. However, This small 

biased distance should not be responsible for the symmetry-breaking of lithiation 

observed in the experiments since surface diffusion of Li is much faster, making the time 

scale associated with the biased distance negligibly small.  

 The bending experiments with other GeNWs were repeated, and similar results 

were observed, as shown in panels B and C of Fig. 4-2 and the associated Movies 

(Movies S3 and S4) in Supporting Information of [147]. In panel B, the GeNW with a 

diameter of ~220 nm was pushed to the left, and its lithiation morphology was similar to 

the GeNW in panel A. As lithiation came to a complete stop, the lithiated thicknesses on 

the tensile and compressive sides were 200 nm and 98 nm, respectively. In panel C, the 

GeNW with a diameter of ~200 nm was pushed to the right, and correspondingly, 

lithiation proceeded at a much higher rate along the right side than the left side of the 

nanowire, as shown in Figs. 4-2(c2) and (c4). At the end of lithiation, a small unreacted 

core remained on the left side of the nanowire. At the snapshot of 84 s, the lithiated 

thickness on the left side is 90 nm, compared to the 194 nm thickness on the right side. 

 To further appreciate the stress effects on the lithiation kinetics, the time-

dependent thickness of the lithiated shells in the GeNWs is investigated. It should be 

noted that the lithiation kinetics may depend on the diameter of the GeNWs, the doping 

conditions, the extent of pushing, and the applied overpotential, all of which may vary for 

different GeNWs, rendering direct comparisons of the lithiation kinetics infeasible for 
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different GeNWs. Hence, the analysis below will be focused on the general trend of the 

stress effects on the lithiation kinetics. 

 Figure 4-3 plots the time-dependent normalized thickness of the lithiation shell 

for the bent and free-standing GeNWs, where the slopes of the curves indicate the 

lithiation rates. The thickness is normalized by the diameter of the corresponding pristine 

GeNW. For the free-standing GeNW (II in Fig. 4-3(a)), the lithiation thickness is 

measured at a representative cross section of the c-GeNW shown in Fig. 4-1. The 

lithiation started rather fast (~1.13 nm/s), but gradually slowed down (~0.06 nm/s) as 

lithiation proceeded, exhibiting lithiation retardation. Similar lithaition retardation 

behavior has been previously observed in c-SiNPs and c-SiNWs [65, 115], and has been 

understood as a result of suppressed lithiation rate and Li diffusion due to the lithiation 

self-generated compressive stress at the reaction front and in the lithiated shell, 

respectively. For each bent GeNW (I in Fig. 4-3(a), III and IV in Fig. 4-3(b)), two distinct 

cross sections at different axial positions are chosen, one located at the highly curved 

point, and the other at the straight portion (bending free) of the GeNW, as marked, for 

instance, in Figs. 4-2(b3) and (b4), respectively. Owing to the symmetry breaking at the 

curved segment, the lithiated thicknesses of the tensile and compressive sides are plotted 

separately, as shown in Fig. 4-3. From all the three curves associated with the bent 

GeNW, lithiation started with a relatively high speed (>2.5 nm/s), and slowed down 

gradually to a rather low speed (<0.1 nm/s). The initial lithiation rate for the tensile side 

of the cross section of the bent point is the highest, manifested by the steepest slope of the 

curves. The data points for the straight point fell between those for the tensile and 

compressive sides, indicating an intermediate stress state of this cross section. It can be 
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noted that the curve for the straight point is closer to that for the compressive side of the 

curved cross section, indicating that the GeNW globally underwent axial compression. 

Furthermore, after a fast lithiation regime, the lithiation kinetics curves for all the three 

cross sections become flat, indicating strong lithiation retardations. By comparison, 

lithiation retardation in the bent GeNW is apparently stronger than that of the free-

standing GeNW since the pushing force also generated considerable axial compression in 

the bent GeNW. 

 
Figure 4-3. Lithiation kinetics of the GeNWs. (a) Time-dependent normalized lithiation 

thickness of the bent GeNWs (I: the GeNW shown in panel B in Fig. 4-2) 
and the free-standing GeNW (II: the GeNW shown in Fig. 4-1). (b) 
Normalized lithiation thickness of two bent GeNWs (III: the GeNW shown 
in panel C in Fig. 4-2, and IV: the GeNW shown in Movie S5 in Supporting 
Information of [147]). The thickness is normalized by the diameter of the 
corresponding pristine GeNW.  

4.3.2 Numerical Results 

 For a quantitative understanding of the bending induced symmetry breaking in the 

lithiation rate in GeNWs, the chemo-mechanical model developed in Chapter 2 is 
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extended to simulate the lithiation process in the GeNWs. In the model, a sharp reaction 

front (interfacial domain) with an abrupt change of Li concentration from zero (c-Ge) to 

one (c-Li15Ge4) is generated by adopting a concentration dependent Li diffusivity: 

( )0 1 1 2D D c cα= − −   , where 0D  is the diffusion constant of Li in Ge and α  is a 

tunable constant to control the concentration profile near the reaction front. The model 

identifies three computational sub-domains: the lithiated shell and unlithiation crystalline 

core, separated by the sharp two-phase interfacial domain. Since GeNWs undergo nearly 

isotropic lithiation, 0D  is set to be orientation-independent within the interfacial domain. 

Moreover, Li diffusivity on the surface of GeNWs is set to be two orders of magnitude 

larger than that in the bulk, which reflects the much faster surface diffusion than that in 

the bulk of GeNWs. To incorporate the stress effects in the lithiation kinetics, both the 

reaction rate at the reaction front and the diffusivity in the lithiated region is set to be 

stress-dependent, i.e., / Bp k T
effD De− Ω= , where effD  is the effective diffusivity, Ω  is the 

activation volume of Li diffusion, Bk T  is the thermal energy, and p  is the hydrostatic 

pressure that can be obtained from the trace of the Cauchy stress tensor.  

 The interfacial domain separates the unlithiated, elastic c-Ge core and the lithiated 

c-Li15Ge4 shell that undergoes large-plastic deformation. The total strain ijε  in the 

chemo-mechanical model consists of three parts, e p c
ij ij ij ijε ε ε ε= + + . That is, e

ijε  is the 

elastic strain, p
ijε  is the plastic strain, and c

ijε  is the lithiation-induced electrochemical 

strain given by c
ij ijcε βδ= , where c  denotes the local normalized Li concentration with 

1c =  representing the Li15Ge4 phase while 0c =  the pure Ge phase, β  is the expansion 
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coefficient, and ijδ  is the Kronecker delta ( 1ijδ =  for i j= , and 0ijδ =  otherwise.). In 

order to generate ~260% volume increase in Ge due to lithiation, β  is set to be 0.54β = . 

To simulate the dynamic evolution of the core-shell structure in the lithiated GeNWs, the 

Li diffusion equation is coupled with the mechanical equilibrium equations within the 

framework of elasto-plasticity. The Young’s modulus and yield stress are set to be Li 

concentration dependent, varying from 130 to 30 GPa and from 1.0 to 0.2 GPa, 

respectively [85, 149, 150].  

 
Figure 4-4. Simulation setup of a GeNW under lithiation. (a) Solid model used in the 

simulation, consisting of a rigid substrate representing the counter electrode 
and a single GeNW. The bottom tip of the GeNW is fully covered by Li, and 
external pushing force is applied on the top end of the GeNW to bend the 
GeNW before lithition. (b) Finite element mesh adopted to discretize the 
solid model.  

 

 As shown in Fig. 4-4(a), a rigid substrate that represents the counter electrode is 

placed at the tapered end of a GeNW to mimic the boundary conditions in the 
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experiments. External force is applied to the top end of the GeNW to bend the GeNW 

before lithiation. Meanwhile, the surface-to-surface contact interaction (with lateral 

friction) is applied between the top surface of the substrate and the outer surface of 

GeNW. In order to simplify the model and ignore the Li diffusion across the contact 

surface, the Li source is set at the bottom tip of the GeNW ( 1c = ). In addition, the 

symmetry boundary condition (about the x-y plane) is used to reduce the computational 

cost of the model. Therefore, only half of the solid model is considered in the simulation, 

and discretized by 8-node brick element, as shown in Fig. 4-4(b). The coupled chemo-

mechanical model is implemented in the finite element package ABAQUS [119]. Using 

the implicit coupled temperature-displacement procedure in ABAQUS/Standard, the 

corresponding Li concentration and stress-strain fields are updated incrementally. 

Meanwhile, the user subroutines are used to interface with ABAQUS to dynamically 

update the diffusivities based on the instantaneous Li and stress distribution profiles. 

 A series of sequential snapshots of the simulated GeNWs during lithiation under 

external loading are displayed in Fig. 4-5. Figures 4-5(a1-a5) show the Li concentration 

profiles at different lithiation stages, while Figs. 4-5(b1-b5) the corresponding hydrostatic 

stress profiles, h tr( ) 3σ = σ , where tr( )σ  is the trace of the Cauchy stress tensor σ . To 

better show the bending induced symmetry breaking in lithiation, the Li concentration 

profile and the stress distribution of the cross section at the point of the largest curvature 

are also plotted at different lithiation stages. The numerically predicted morphological 

evolution of the GeNW during the lithiation processes under the externally applied loadis 

available in the Supporting Information (Movie S6) of [147]. Starting from the pristine c- 
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Figure 4-5. 3D chemo-mechanical modeling of the lithiation kinetics and stress 

generation in a GeNW subject to bending. (a1-a5) The Li concentration 
profiles at different lithiation stages; (b1-b5) The corresponding hydrostatic 
stress concentration profiles. The symmetry breaking in lithiation is clearly 
shown by both the longitudinal and cross-sectional views of the Li 
concentration and stress profiles. (c) Lithiation kinetics of the simulated 
GeNW. The lithiation thickness is normalized by the diameter of the 
simulated GeNW, and the time is normalized by the total time for the cross 
section to be fully lithiated.  
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GeNW (Figs. 4-5(a1) and (b1)), axially applied external force bends the GeNW (Figs. 4-

5(a2) and (b2)), resulting in tension on the left side and compression on the right side at 

the bent region. The top-left corner is also compressed as a result of the pushing. Figures 

4-5(a2-a5) show the dynamic Li transport in the axial and radial directions of the GeNW, 

with the red color representing the nearly fully lithiated phase (c-Li15Ge4) and blue the c-

Ge phase. As the Li diffusivity on the surface of the GeNW is much higher than that in 

the bulk, the surface of the GeNW acts as a fast Li transport path. It follows that the Li 

always covers the surface of the GeNW first, then flows radially inward, forming a core-

shell structure separated by a sharp interface, marked by the transition color between red 

and blue.  

 Figures 4-5(b2-b5) plot the corresponding stress profiles at different lithiation 

stages. It should be noted that the resulting stress profile in the GeNW is a 

superimposition of the lithiation-generated stress and that caused by the external pushing 

force. Similar to the lithiated free-standing SiNWs, the unlithiated core undergo tension, 

while the two-phase interface undergoes compression (See Figs. 4-5(b3-b5)) [118, 151], 

indicating that the lithiation-generated stress dominates the stress profiles of the core-

interphase in the GeNW; whereas the applied bending mostly influences the stress profile 

of the outer and inner surface layers at the highly curved regions. As the hydrostatic 

compression retards both reaction and diffusion while hydrostatic tension enhances them, 

the symmetry of lithiated pattern observed in bending-free GeNW is broken by bending, 

as shown in both the longitudinal and the cross-sectional views. Consequently, the 

lithiation proceeds appreciably faster on the left side (tension side) than on the right side 

(compression side) of the GeNW in both radial and axial directions. Therefore, an 
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asymmetrical core-shell is generated, as shown by the Li concentration profile of the 

cross section at the bent region in Fig. 4-5. At the end of the lithiation (Figs. 4-5(a5) and 

(b5)), the cross section become elliptically shaped with an unlithiated core being located 

closer to the compressive side, further demonstrating the symmetry breaking in the 

lithiation process. The lithiation kinetics in the simulated GeNW is shown in Fig. 4-5(c). 

Compared with Fig. 4-3, these curves show the same trends: lithiation started with a very 

high speed and slowed down gradually, illustrating the consistence between the 

theoretical and experimental results.  

4.4 Conclusions 

 In summary, the influence of the external bending on the lithiation kinetics and 

deformation morphologies in GeNWs is investigated in this chapter. It was found that 

free-standing GeNWs undergo isotropic lithiation. Lithiation self-generated internal 

stress due to the incompatible strain at the reaction front causes lithiation retardation in 

the free-standing GeNWs, similar to SiNWs and SiNPs. Bending a GeNW during 

lithiation breaks the lithiation symmetry, enhancing the lithiation rate on the tensile side 

while suppressing it on the compressive side, both in the radial and the axial directions. 

Chemo-mechanical modeling corroborates the experimental observations and suggests 

the stress dependence of both Li diffusion and interfacial reaction rate during lithiation.  

 The external load mediated lithiation kinetics opens new pathways to improve the 

performance of electrode materials by tailoring lithiation rate via strain engineering. As 

anisotropic lithiation constitutes the primary origin for the fracture of c-Si, external 
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forces, such as bending, might be applied to suppress the lithiation anisotropy, therefore 

mitigating fracture. The current findings also suggest that pre-tension may counteract 

with the self-generated compressive stress in the electrodes during lithiation, thereby 

improving the rate performance of the LIBs. Moreover, as an electrode is of essentially 

multi-components, local mechanical incompatibility among different components, 

particularly due to the large volume expansion of the high-capacity active materials, 

generates highly localized compressive stress that may subsequently result in poor rate 

performance and capacity loss of the battery. Therefore, active materials should be 

appropriately spaced such that certain extent of free expansion is permitted to avoid 

buildup of high compressive stresses.  

 Moreover, the bending-induced symmetry-breaking of lithiation may be exploited 

to the design of novel battery system by active, reversible bending. The battery system 

can be as simple as a three-layer thin film, two pre-lithiated Ge layers separated by a 

solid electrolyte layer. Upon bending, the chemical potential of Li on the convex side 

(tensile side) is higher than the concave side, leading to the Li flux to the convex side. 

Bending the thin film to the opposite direction reverses the flux direction. For Ge, the 

voltage of such bending activated battery can be deduced from the lithiation rate 

difference between the tensile and compressive sides of the thin film, as shown Fig. 4-3. 

Lithiation rate 0
BE k Teγ γ −∆= , where 0γ  is a rate constant, Bk T  is the thermal energy, and 

E∆  is the activation energy barrier for Li-Ge reaction at the reaction front. The activation 

energy barrier is referenced from the energy state of the a-Li15Ge4, and is a function of 

the local stress state. A tensile stress lowers the barrier, while a compressive stress raises 
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it. Assuming that the reference energy states are the same for the tensile and compressive 

sides of a bent GeNW (i.e., a-Li15Ge4), one notes that the chemical potential difference 

( )InB T Ck Tη γ γ∆ = , where Tγ  and Cγ  are the lithiation rates on the tensile and 

compressive sides of the bent thin film, respectively. For a bending sensitive material, 

lithiation for the compressive side may be completely arrested, giving rise to a very large 

T Cγ γ  and η∆ , corresponding to a workable voltage of the bend-to-power battery. 

Going beyond Li based system and considering the system with other pre-inserted 

secondary species (hydrogen, sodium, etc.), bending of the thin film may also modify the 

chemical potentials of these secondary species, leading to the flux of the inserted species 

from the compressive side to the tensile side. Therefore, the mechanically controlled flux 

of the secondary species will feature a novel energy harvesting mechanism through 

mechanical stress. 



 

 

Chapter 5  
 

Self-Weakening in Lithiated Graphene Electrodes④

5.1 Introduction 

 

 Graphene and carbon nanotubes (CNTs) not only possess outstanding mechanical 

properties and electronic characteristics, but also hold significant promise as anode 

materials in lithium (Li) ion batteries (LIBs) [152-158]. Due to their high electrical 

conductivity, they have been used as conducting additives to other active materials in 

electrodes [22, 159]. Because of their unique geometries, CNTs and layered graphene 

possess enhanced energy storage capacities as compared to the conventional Li-graphite 

anodes [160-163]. Owing to their great flexibility and high fracture strength, they are also 

expected to exhibit longer cycle life than conventional carbonaceous anodes [164, 165].  

 Recent experimental studies evidenced that CNTs undergo mechanical 

degradation upon electrochemical cycling, and showed that CNTs were broken into 

smaller pieces after up to a few hundred or thousand cycles [38, 166, 167]. More 

recently, Liu et al. reported that lithiation drastically embrittles multi-walled carbon 

nanotubes (MWCNTs) [38], but not layered graphene [56, 130]. It was argued that the 

different mechanical responses stem from the geometrical constraints of MWCNT and 

layered graphene. For MWCNTs, the inter-wall Li intercalation causes ~6% hoop strain 
                                                      
④ Results reported in this chapter are mainly from:  

Yang, H.; Huang, X.; Liang, W.; van Duin, A.C.T.; Raju, M.; Zhang, S., Chem. Phys. Lett., 2013. 
563(0): p. 58-62. 

where, Yang, H. did all of the simulation work and data analysis. 



86 

 

[38]. In contrast, graphene in layered geometry can freely bend into the third dimension 

[56], thereby suppressing the buildup of high in-plane stretching energy that would cause 

fracture. Despite the obvious difference in the lithiated multi-layered graphene and 

MWCNTs, the embrittlement of MWCNTs remains to be understood from a mechanics 

perspective, given the fact that a pristine CNT can sustain an in-plane strain up to 20% or 

even larger [168].  

 During lithiation of an MWCNT, Li intercalation into the graphene layers 

generates tensile stress in the hoop direction. The intercalated Li can be regarded as 

adatoms of the graphene layers, which also chemically weakens the graphene. Previous 

molecular orbital theory calculations showed that the presence of a single Li weakens the 

pristine graphene by ~30% [38]. Owing to these weakening factors, small cracks may 

nucleate, either homogeneously, or from preexisting atomic vacancies. The nucleation 

processes are beyond the scope of the present study. Instead, molecular dynamics (MD) 

simulations is carried out herein to elucidate the lithiation-induced failure mechanisms of 

monolayer graphene, with a focus on the effect of Li on the propagation of a preexisting 

crack in monolayer graphene. While the focus of the present study is lithiated monolayer 

graphene, the modeling results can be straightforwardly extended to CNTs by taking into 

account of the curvature effects. It is shown that the stress gradient at the crack tip drives 

Li adatoms migrating toward the crack tip. The aggregation of Li at the crack tip lead to 

two consequences: weakening the crack-tip bond due to the local chemical Li-C reaction 

and causes stress relaxation of the high Li-concentration region. Through MD 

simulations, it is identified that the chemical weakening effect is the dominant factor on 

the crack propagation in graphene. Moreover, the stress-diffusion coupling effect and the 
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crack-tip Li-aggregation induced fracture behavior are universal in the degradation of 

electrodes. The current studies offer a fundamental guidance to the cycle life extension of 

CNT- and graphene-based anodes in LIBs, and shed light on the failure mechanisms of 

other important anode materials such as Si. 

5.2 Methodology 

 In the current MD simulations, the interatomic interactions are modeled by the 

ReaxFF reactive force field. The ReaxFF combines a bond-distance/bond order 

relationship with a geometry-dependent charge calculation, and provides a highly 

transferable method, applicable to covalent, metallic and ionic materials and their 

interfaces [169-171]. It generally fits not only thermodynamic properties at equilibrium 

states, but also kinetic properties including reaction barriers, both from first-principles 

based simulations. It has been adequately shown that the ReaxFF can provide an accurate 

account of the chemo-mechanical behavior of the hydrocarbon systems, while capable of 

treating thousands of atoms [91, 92, 172, 173]. The accuracy of the ReaxFF is tested after 

introducing Li into the hydrocarbon system. For instance, the migration barrier from one 

hollow site (the center of the hexagons) to another on a monolayer graphene calculated 

by the ReaxFF differs only 3% from the density functional theory (DFT) calculations 

[174, 175]. The functional form of the ReaxFF and parameters are given in 

Supplementary of [89]. 

 To simulate Li-mediated crack propagation in graphene, a size-reduced model 

(1910 carbon atoms in total) consisting of a small circular-shaped domain cut around a 
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crack tip is adopted [176, 177], as shown in Fig. 5-1. In classical fracture mechanics, the 

asymptotic stress profile ijσ  for a plane-stress condition in the region sufficiently close to 

a crack tip can be written as: 

( )
app
I

2ij ij
K

r
σ θ

π
= Θ                                                  (5-1) 

where r  and θ  are the polar coordinates with the origin O sitting at the crack tip, Θ  is 

the known angular dependent function, i and j are the two Cartesian coordinate indices. 

Note that the asymptotic stress at the crack tip is dominated by a single loading 

parameter, i.e., the applied stress intensity factor (SIF) app
IK , independent of the geometry 

of the specimen. Such a domain at the crack tip is known as the K-dominant zone. In the 

simulation model, the domain size is chosen such that its outer boundary falls in the K-

dominant zone. Such a small system can effectively model a long crack that extends self-

similarly under applied K load with considerably reduced computational cost.  

 To generate the asymptotic stress profile described in Eq. (5-1) in the atomic 

system around a crake tip, the crack-tip displacement consistent with the asymptotic 

stress field is imposed on the atoms. To begin with, the pristine graphene system is 

dynamically relaxed at 10 K free of any constraints using the Berendsen thermostat. 

Starting from the relaxed system, atoms about 3 Å from the outer boundary (red dots in 

Fig. 5-1) are held fixed, while the remainder of atoms is set free. All the atoms in the 

system are then displaced according to the displacement field of the crack-tip asymptotic 

solution dictated by the applied SIF, with the origin O taking as the center of the circular 

graphene:  
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Figure 5-1. The size-reduced simulation model for analyzing the lithiation induced 

fracture in graphene. The circular domain can be loaded by prescribing the 
displacement field in Eq. (5-2), where the red dots represent the carbon 
atoms that are fixed, while the green dots are free carbon atoms. In 
determining the mobility of Li adatom, a dummy atom at the crack tip 
(purple) is connected to the Li adatom (gold) at the far field with a virtual 
spring of high stiffness.  
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= −   
  

                              (5-2)
  

where µ  is the shear modulus of the lattice, (3 ) / (1 )κ ν ν= − + , and 0.4ν =  is the 

Poisson’s ratio directly obtained from MD simulations. Due to the applied 1 2r -dependent 

displacement, a crack appears with the crack tip at O. The stress distribution of the 

strained circular graphene can be obtained by evaluating the Virial stress at all the atomic 

sites, followed by the interpolation over the entire graphene surface [178]. The 
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simulations demonstrate that the Virial stress distribution agrees very well with the 

continuum asymptotic stress field (only hydrostatic stress is plotted as an example) that 

desired to mimic, as shown in Fig. 5-2(a), demonstrating the validity of the model.  

 
Figure 5-2. Stress-mediated stability of Li adatom. (a) The pressure profile at the crack 

tip obtained from continuum fracture mechanics ( cos( / 2)P θ∝ ); (b) Virial 
stress profile at the crack tip; (c) the stability map. From green to red colors 
the stability of the Li adatom increases. The high-stability domain at the 
crack tip is inconsistent with the high-pressure contour in (a) and (b), 
suggesting that shear stress and possibly the free crack edges play additional 
roles in the stability of the Li adatom.  
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5.3 Results and Discussion 

5.3.1 Li Stability on a Cracked Graphene 

 Upon successfully setting the stress field at the crack tip, the stability and mobility 

of an adatom Li under the stressed environment of the crack tip is next determined. An 

adatom Li is placed at different hollow sites and then the binding energy is computed by 

imposing the K-dominant displacement field at prescribed K values. In order to calculate 

the energy, the system is dynamically relaxed at low temperature (10 K) with and without 

the Li adatom. For a graphene consisting of n carbon atoms, the binding of a Li adatom 

can be expressed by: 

6 6n nLi C LiC C −+ → +                                               (5-3) 

where nC  denotes the pure graphene, the product on the right side of the arrow is the 

graphene with a Li adatom. The energy difference 6 6( ) ( ) ( )n nE E LiC C E Li E C−∆ = + − −  

gives rise to the binding (formation) energy of the Li adatom. Interpolation of the binding 

energy over the entire simulation model gives rise to a stability map, as shown in Fig. 5-

2(c). The map clearly shows that the closer the Li adatom to the crack tip, the higher the 

thermodynamic stability of the system. It should be noticed that the Li stability map is not 

fully consistent with the high-pressure concentration profile at the crack tip. The 

inconsistency suggests that the shear stress and the free edges (crack surface) may play a 

certain role in the Li stability. 
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5.3.2 Migration Pathways and Kinetic Barriers of Li on a Cracked Graphene  

 The migration barriers of Li adatoms from the far field to the crack tip are further 

investigated in order to evaluate the Li mobility under the stress gradient at the crack tip. 

A fixed dummy point is chosen at the bridge site of the crack-tip bond because of its 

higher stability than the crack-tip hollow site. A virtual harmonic spring is then generated 

to link the dummy point and Li adatom at the far field on the graphene (as shown in Fig. 

5-1). The equilibrium length of the spring at the beginning is set to be the initial distance 

between the dummy point and the Li adatom. The equilibrium length of the spring is then 

decreased incrementally, followed by system energy minimization at each step until the 

Li adatom moves to the dummy point. The stiffness of the spring is set to be very high 

such that at each step the bond length is highly constrained to the equilibrium length of 

the spring, while the bond can freely rotate in the 3D space, thereby enabling the 

exploration of the minimum energy path. Due to the high stiffness, the energy stored in 

the spring at each step is negligibly small. The energy landscape along the minimum 

energy path can be then determined from the total system energy and the spring length 

(i.e., reaction coordinate). Figure 5-3 shows the migration paths and barrier of the Li 

adatom along two directions: o0θ =  and o45 .  

 Similar to the Li stability, the mobility of the Li adatom increases as it gets closer 

to the crack tip, manifested by the increasingly reduced migration barrier. Figure 5-3(a) 

depicts the migration paths of the adatom Li initially placed at three representative 

positions on the graphene ( o0θ = , 
o45 , and ). For the Li adatom placed along the 

direction of o0θ =  and o60  (not shown), the adatom Li migrates along a straight path, 
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i.e., the [1100]  direction. However, for the Li adatom placed at the direction of o45θ = , 

the adatom Li adopts a non-straight migration path: rather than migration along o45θ =  

direction to reach the crack-tip hollow site, the Li adatom take two o60θ =  migration 

path segments, connected by a horizontal migration path. Figure 5-3(b) plots the 

corresponding migration energy landscapes for the adatom Li placed. In general, the 

migration barrier decreases as the adatom moves toward the crack tip. The calculations 

further show that the migration barrier also decreases with the increase of the applied 

stress intensity factors, as shown in Fig. 5-4. 

 
Figure 5-3. The mobility of the Li adatom. (a): The migration paths (minimum energy 

paths) for a Li adatom initially placed along o0θ =  (path indicated by a 
sequence of pink dots) and o45θ =  (path indicated by a sequence of blue 
dots) migrating toward the crack-tip hollow site; (b) The migration energy 
landscapes corresponding to the two migration paths.  
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Figure 5-4. Load dependent migration barrier of the Li adatom ( o0θ = ). As the applied 
load (stress intensity factor I I

ˆ 2K K µ= ) increases, the migration barrier 
decreases.  

 

 The above analysis shows that Li diffusion to the crack tip is both 

thermodynamically and kinetically favored, driven by the stress gradient around the crack 

tip. The stress-driven Li diffusion therefore causes the concentration of Li around the 

crack tip, i.e., the Li concentration gradient is in the opposite direction of the stress 

gradient: c P∇ ∝∇ , where ( ) / 3rrP θθσ σ= − +  is the pressure. The Li distribution has 

two possible consequences on the fracture of the graphene: (a) the Li adatom at the crack 

tip may significantly weaken the crack-tip bond, giving rise to a reduced bond strength, 

and therefore a reduced fracture strength; and (b) concentrating Li at the crack tip may 

cause local stress relaxation [126]. Both the consequences modulate the onset condition 

of the crack propagation. 
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5.3.3 Chemical Weakening and Crack-Tip Stress Relaxation 

 It is conceived that the Li adatoms at and around the crack tip may reduce the 

crack-tip C-C bond strength and at the same time disturb the stress distribution. In order 

to explore the coupled effects and assess how aggregation of Li at the crack tip modifies 

the fracture behavior of the graphene, four configurations are considered with different Li 

concentrations around the crack tip, forming a crystal core embedded in an outer pristine 

graphene shell, as shown in Fig. 5-5. Configuration Ω0 is simply the pristine circular 

graphene sheet without any Li adatoms (not shown); configuration Ω1 is the graphene 

sheet with a single adatom placing at the hollow site of the crack tip (Fig. 5-5(a)); 

configuration Ω2 is the graphene sheet with LiC6 around the crack tip and all the Li are 

placed on one side of the graphene (Fig. 5-5(b)); and configuration Ω3 with LiC3 around 

the crack tip (Fig. 5-5(c)) [81, 83]. The difference in the fracture strength between Ω1 and 

Ω0 gives rise to the chemical weakening effect of the single adatom at the crack-tip; 

while the difference between Ω1 and Ω2, and Ω3 to the effect of Li aggregation on the 

fracture strength. It should be noted that it has raised heated debates as to the maximal 

concentration of Li on a graphene surface [179, 180]. Instead of intending to fuel the 

debates, the current study is focused on the chemo-mechanical consequence of 

concentrated Li at the crack tip. 

 Fracture loads at which the first C-C bond at the crack tip breaks for the four 

configurations are calculated by numerically determining the critical stress intensity 

factor IK̂ . Systematic simulations in this study show that the fracture loads are 0.86 for 

configuration Ω0, 0.75 for configuration Ω1, 0.71 for Ω2, and 0.70 for Ω3. The fracture 
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Figure 5-5. Chemical weakening and stress relaxation due to Li aggregation to the crack 

tip, demonstrated by the profiles of Virial stress for different Li 
concentrations at the crack tip. Top row from left to right: Configuration Ω1 
to Ω3. Li adatoms are around the crack tip. For Ω3, the Li adatoms on the 
different sides of graphene are marked by different colors. Bottom row from 
left to right: hydrostatic stress of the configurations corresponding to the top 
row.  
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load for Ω1 is significantly lower than that for Ω0, indicating that the strong chemical 

weakening effect of the Li adatom to the crack-tip C-C bond. With increasing Li 

concentration at the crack tip, the fracture load decreases, further confirming the 

weakening effects of the Li adatoms on the graphene surface.  

 In addition to the chemical weakening effect, concentrating Li adatoms on the 

crack tip also perturbs the stress around the crack tip. To verify this effect, the hydrostatic 

stress on the carbon atoms around the crack tip is calculated using the Virial formula for 

the three cases (Ω1, Ω2, and Ω3), as shown in Figs. 5-5(a2-c2). Indeed, the hydrostatic 

stress is moderately relaxed due to the aggregation of Li adatoms around the crack tip. 

The stress level suggests the magnitude of the driving force for the crack propagation. 

Thus, stress relaxation due to the presence of Li adatoms should theoretically lead to an 

increase of the fracture load, opposite to the chemical weakening effect. The calculated 

fracture loads, however, decrease with increasing Li concentration. This suggests that the 

chemical weakening effect overshadows the stress relaxation effect. It should be noted 

that with increasing Li concentration, the reduction in the fracture load decreases. For 

example, the fracture loads for Ω2 and Ω3 are nearly the same. This indicates that the 

stress relaxation becomes increasing more pronounced with further increased Li 

concentration. It can be followed that the stress relaxation would become the dominant 

factor and the fracture loads would increases beyond a critical Li concentration. 

5.4 Conclusions 

 In conclusion, lithiation-induced fracture mechanisms of graphene are 
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investigated using MD simulations with the ReaxFF reactive force field in this chapter. 

The new ReaxFF can be used for atomistic study of phase transformation, Li diffusion, 

defect nucleation and growth etc., of a wide range of carbonaceous materials. Simulation 

results show that the stress gradient around the crack tip drives the Li migration toward 

the crack tip, leading to the aggregation of Li around the crack tip. The aggregation of Li 

locally reduces the bond strength on the one hand, and causes stress relaxation at the 

crack tip on the other. The former reduces the fracture strength, while the latter reduces 

the fracture driving force (and hence increases the fracture strength). In the case of 

lithiated graphene, the former factor is dominant. Taking together of the stress-gradient 

driven Li migration and subsequent reduced fracture strength, lithiated graphene exhibits 

a self-weakening mechanism that causes the fracture of the graphene. 

 It is worth to point out that the strong coupling between the crack-tip stress 

gradient and the Li migration, as well as the subsequent weakening/strengthening effects 

are universal for all the electrodes upon lithiation. Giving Si as an example, the stress 

gradient will lead to the concentration Li at the crack-tip. However, due to the large 

volume expansion (~300%) upon lithiation, the stress relaxation effect may be dominant 

over the chemical weakening effect [126]. As a result, concentration of Li may arrest 

propagating crack. The current studies shed lights on the lithiation-induced embrittlement 

of MWCNTs and pave the way to mitigate the degradation of graphene-based anode 

materials in LIBs.  



 

 

Chapter 6  
 

Lithiation-Induced Corrosive Fracture in Defective Carbon Nanotubes⑤

6.1 Introduction 

 

 Carbon nanotube (CNT) is being considered as one of the high-power and high-

energy electrode materials in advanced lithium (Li) ion batteries (LIBs) due to its 

superior electrical conductivity and high surface area as compared to the bulk graphite 

[152, 153, 157, 158, 160, 181]. Because of their excellent mechanical flexibility and 

extremely high fracture strength, CNTs have also been expected to possess longer cycle 

life than the conventional carbonaceous anode materials [164, 182, 183]. However, recent 

in-situ transmission electron microscopy (TEM) studies evidenced that lithiation 

drastically embrittles multi-walled CNTs (MWCNTs), manifested by the sharp fracture 

edges as well as apparently low fracture strain [38], opposite to the highly reversible 

deformability of pristine CNTs [184, 185]. The drastic embrittlement motivated an 

important question as to whether defects would pre-exist in the MWCNTs of the 

experiments or nucleated during the experimentation, and what roles these defects might 

play in the embrittlement of the lithiated CNTs. 

 Defects are known to influence the performance of CNT-based electrodes in 

several aspects. For a pristine MWCNT, diffusion of Li from its open ends to its center 
                                                      
⑤ Results reported in this chapter are mainly from:  

Huang, X.; Yang, H.; Liang, W.; Raju, M.; Terrones, M.; Crespi, V.H.; van Duin, A.C.T.; Zhang, S., 
Appl. Phys. Lett., 2013. 103(15): p. 153901-4. 

where, Yang, H. did all of the simulation work and data analysis. 
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constitutes the only channel for Li intercalation into the interfacial spacings of the 

MWCNT [80, 186-188]. Due to the long diffusion distance, a long, pristine MWCNT 

thus may have less competitive charging-discharging rates. However, the presence of 

defects may enhance the charging-discharging rates of MWCNTs since Li may be able to 

diffuse through the defects, a shortcut to the center of the MWCNTs [166, 189-193]. In 

addition, the presence of a defect generates a local stress field around it, which may 

create a chemical potential gradient that drives Li diffusion toward the defect [89, 177]. 

The aggregated Li subsequently weakens the C-C bonds around the defect, acting as a 

corrosive agent that modulates crack nucleation and propagation [89, 126]. Therefore, a 

defect in a CNT thus carries a dual role upon lithiation: mechanically weakening the CNT 

while modulating Li diffusion and distribution. Moreover, the dual characters may be 

strongly coupled: the stress gradient around a defect directs Li diffusion and subsequently 

weakens the defects. Such a complicated interplay between defects and Li diffusion has 

remained elusive and merits a detailed study. 

 In this chapter, molecular dynamics (MD) simulations with ReaxFF reactive force 

field [89, 169, 172] are conducted to uncover the lithiation-mediated corrosive failure 

mechanisms in defective single-walled CNTs (SWCNTs). The ReaxFF combines a bond-

distance/bond-order relationship with a geometry-dependent charge calculation, and 

provides a highly transferable method, applicable to covalent, metallic and ionic 

materials and their interfaces [169, 170]. As the ReaxFF generally fits not only 

thermodynamic properties, but also kinetic properties including reaction and diffusion 

barriers, both from first-principles based simulations, it has been adequately shown to 
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provide an accurate account of the chemo-mechanical behavior of the Li/C systems, 

while computationally much more efficient than first-principles simulations [89, 170]. 

6.2 Methodology  

 To study the effect of defect size on the embrittlement of lithiated CNTs, two 

representative types of defects in a (18, 0) zigzag SWCNT are chosen: a single vacancy 

and a hole-like defect created by removing 10 carbon atoms [80, 187, 194-197]. 

Mechanical degradation by both types of defects has been widely studied in previous 

research [168, 198-200]. In the current MD simulations, periodic boundary condition is 

applied in the axial direction of the SWCNT. The length of the CNT is 7.2 nm (~1200 

carbon atoms in total). Li atoms are randomly added to the outer surface of the SWCNT 

with varying concentrations, as shown in Fig. 6-1. Prior to loading, the system is 

dynamically equilibrated to its lowest energy state. Thereafter, the SWCNT is uniaxially 

stretched at a constant stretching rate of 0.01 Å/ps until the SWCNT breaks into two 

pieces. Throughout the simulations the system temperature is maintained at 300 K using 

the Nosé-Hoover thermostat. 

6.3 Results and Discussion 

 Figure 6-1 depicts the fracture process of the SWNCTs with the two types of 

defects at four different Li concentrations: Li:C = 0, 1:36, 1:12, and 1:6. Zero Li 

concentration corresponds to a pure carbon structure. An interesting observation is that Li 
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atoms actively participate in the fracture of the CNTs. For the hole-like defect (Panel A, 

b, c, and d), Li tends to aggregate around the hole before fracture initiates. Some Li atoms 

even reach the inner surface of the CNT via through-role diffusion [80, 194]. The number 

of Li atoms aggregated around the hole depends on the Li concentration (until it reaches a 

saturation limit), leading to the different levels of weakening [89]. As a result, the onset 

fracture strain decreases with increasing Li concentration. For instance, at a 10% tensile 

strain, the Li-free SWCNT remains intact, while the SWCNT with high Li density (Li:C 

= 1:6) already breaks into two pieces, and for the SWCNTs with relatively low Li 

densities (Li:C = 1:36 and 1:12), fracture is initiated but not completed. Once the crack is 

initiated, the stress field in the CNT is dynamically modified as crack propagates. Driven 

by the potential difference associated with the dynamically modified stress profile, Li 

tends to diffuse toward the newly cracked surfaces and the crack tip by depleting those on 

the pristine part of the CNT. This active role of Li atoms on the fracture process will be 

further evidenced in the stress-strain relations and the time-evolving Li distribution in the 

CNT, as discussed in the next. For the single-vacancy defected SWCNT (Panel B), the 

small size of the single vacancy limits the number of Li atoms it can accommodate. It 

also inhibits through-defect diffusion toward the inner surface of the CNT [80, 194]. 

Thus, the weakening effect is relatively low as compared to the hole-like defect, and 

appears to be insensitive to the Li concentration, and leading to the roughly the same 

onset fracture strain for all the Li concentration. In addition, the fracture occurs rather 

abruptly and crack propagates rapidly until the CNTs completely break. For all the 

simulations presented above, no dislocations are observed during the fracture process, 

indicating that the fracture is purely brittle. 
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Figure 6-1. Fracture of defective (18, 0) SWCNTs with varying lithium (Li) 

concentrations. The green dots represent carbon atoms, while the purple dots 
represent Li. The applied tensile strains are indicated. (A) The SWCNT with 
a hole-like defect formed by removing 10 carbon atoms. Prior to crack 
propagation, Li aggregates to the hole. During crack propagation, Li flows 
to the newly cracked surface and crack tip, dynamically weakening the 
crack and modulating the crack propagation. The SWCNT with different Li 
concentrations breaks at different fracture strains. (B) SWCNT with a single 
vacancy defect. Fracture occurs abruptly for all the cases, and Li diffusion 
plays an insignificant role once the crack is initiated. Except for the Li-free 
case, for all the other cases with different Li concentrations the SWCNT 
breaks at approximately the same fracture strain. 
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Figure 6-2. (a) Stress-strain curve of the SWCNTs containing a hole-like defect with 

different Li densities under tensile loading. (b) Three fractural states of 
SWCNTs showing a “wait-and-go” fracture behavior of SWCNTs with a low 
Li density (Li:C = 1:12). 

 

 Figure 6-2(a) shows the stress-strain curves of the SWCNT with the hole-like 

defect. For the Li-free SWCNT and that with a high Li concentration (Li:C = 1:6), 

fracture occurs rather abruptly, manifested by a sudden drop of the stress to zero at a 

fracture strain of 14.08% and 7.15% (as listed in Table 6-1), respectively. While the 

brittle fracture behavior for the Li-free SWCNT is anticipated, the fast crack propagation 

of the SWCNT with the high Li concentration indicates that the saturated Li weakens the 

propagating crack at anywhere the crack-tip extends without requiring Li diffusion and 

redistribution. In contrast, crack propagation in the SWCNTs with relatively low Li 

densities (Li:C = 1:36 and 1:12) involves active Li participation, exhibiting a “wait-and-

go” fracture behavior and an increased stretchability, as shown in Fig. 6-2(b). At an 

applied strain beyond the onset of fracture, the system arrives at state ① at which the 
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crack is arrested. Further stretching of the CNT results in insufficient stress buildup at the 

crack tip to break the crack-tip C-C bond. The crack is thus at a waiting state for Li atoms 

to arrive by diffusion to weaken the crack tip bond. At state ②, new Li atoms finally 

arrive at the crack tip, chemically weaken the crack-tip C-C bond, the crack propagation 

resumes. At state ③, the bond at the crack tip breaks, and the crack is again at the waiting 

state since there are no Li atoms at the new crack tip. Such a “wait-and-go” process 

repeats until the CNT breaks into two pieces. The “wait-and-go” fracture process results 

in increased stretchability and fracture toughness (indicated by the area underneath the 

stress-strain curve).  

Table 6-1. The onset fracture strain, rapture strain, and fracture strength of defective (18, 
0) SWCNTs with varying Li concentrations (SV: single vacancy). 

 
Defects 

 
Li:C 

Onset fracture 
strain (%) 

Rapture 
strain (%) 

Fracture 
strength (%) 

Hole 0 14.08 14.29 107.90 

Hole 1:36 7.82 10.80 49.07 

Hole 1:12 7.03 15.11 44.27 

Hole 1:6 7.15 7.73 43.94 
     

SV 0 15.49 15.71 124.77 

SV 1:36 12.53 12.75 88.78 

SV 1:12 12.52 12.87 80.10 

SV 1:6 13.55 13.78 75.13 
 

 The stress-strain curves of the single-vacancy defected SWCNTs with different Li 

densities are shown in Fig. 6-3. It can be found that for the single-vacancy defected 

SWCNTs the stress suddenly drops to zero at the fracture load for all the cases without 
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exhibiting the “wait-and-go” fracture phenomenon. Owing to the smaller weakening 

effect of the single-vacancy defect than that of the hole-like defect, the fracture stress is 

quite high. Upon reaching the fracture stress, the large elastic energy accumulated in the 

SWCNTs is released abruptly, causing fast crack propagation. The fast crack propagation 

leaves insufficient time for Li diffusion and redistribution. As a result, active 

participation of the Li atoms in the fracture process is not as obvious as in the hole-like 

defected SWCNTs, and the fracture behavior for all the SWCNTs are similar, 

independent of Li concentration. It should be noted that the fracture strain for the case of 

Li:C = 1:6 is ∼1% higher than the other two cases with relatively low Li concentrations. 

The slightly increased fracture strain may possibly be due to the enhanced stretchability 

of the pristine part of the CNT at high Li concentration. 

 
Figure 6-3. Stress-strain curves of the SWCNTs containing a vacancy defect with 

different Li densities under tensile loading. 
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Figure 6-4. Active lithium (Li) diffusion on the surface of SWCNTs with a hole-like (a) 

and single-vacancy defect (b). For both (a) and (b), Li:C = 1:12. 
 

 To further illustrate the active role of Li diffusion in the fracture of the SWCNTs, 

the dynamic distribution of Li on the surface of the SWCNTs during the loading process 

is plotted in Fig. 6-4, with the Li concentration equals to Li:C = 1:12. The hole-like 

defect (a) accommodates more Li atoms than the single-vacancy defect (b) prior to 

loading (red lines). Considerable Li atoms diffuse through the hole and arrive at the inner 

surface of the CNT (green line). Such through-defect Li diffusion is inactive for the 

single-vacancy defected CNT. Upon uniaxial stretch, Li atoms diffuse to the inner surface 

of the CNT, possibly due to the enlarged hole size and reduced crossing barrier for Li. As 

crack propagates, the spatial distribution of Li atoms changes rapidly, with significant Li 

atoms diffusing from the outer and inner surfaces to the newly created fractured surfaces 

driven by the chemical potential gradient. While for the single-vacancy defected 

SWCNTs, Li distribution remains nearly unchanged until complete rapture occurs.  
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 As MD simulations clearly demonstrate that the active role of Li atoms in 

modulating fracture of CNTs depends on the relative time scales of the Li diffusivity and 

the crack propagation speed, it follows that the fracture behavior of the lithiated CNTs is 

also loading-rate dependent. Figure 6-5 depicts the stress-strain curves of the hole-like 

defected SWCNT under two different stretching rates: 0.05 Å/ps and 0.1 Å/ps, and with 

three different Li concentrations: Li:C = 0, 1:12, and 1:6. For the Li-free case and that of 

high Li concentration (Li:C = 1:6), the loading rate effect is insignificant. The loading 

rate independence for the high Li concentration case is due to the fact that saturated Li 

atoms can weaken the crack at anywhere the crack tip extends without requiring long-

range Li diffusion, same as the inactive role of Li diffusion in crack propagation of the 

CNT with high Li concentration. In contrast, the rate dependence is more pronounced at 

an intermediate Li concentration (Li:C = 1:12) because Li redistribution dynamically 

modulates the weakening extent of the initial hole and the propagating crack. As a result, 

a higher loading rate yields higher fracture strength because the Li atoms do not have 

sufficient time to diffuse toward the hole to weaken it. Moreover, a higher loading rate 

(0.05 Å/ps) results in a sudden drop of the fracture stress for the similar reason. In 

contrast, a lower loading rate (0.01 Å/ps) results in a lower fracture stress and the “wait-

and-go” fracture behavior because diffusion time scale is comparable with the loading 

rate. 
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Figure 6-5. Loading rate effect on the lithiation-induced weakening of SWCNTs. 
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6.4 Conclusions 

 In conclusion, systematic MD simulations are performed in this chapter to explore 

Li diffusion mediated fracture in SWCNTs containing two types of defects, single-

vacancy and hole-like defect. Simulation results show that Li diffusion actively 

modulates the onset of fracture and crack propagation. The active role of Li diffusion 

depends on the defect size and Li concentration on the CNT. In essence, the defect size 

and Li concentration set the onset fracture strain as well as the crack propagation speed. 

The relative time scales of crack propagation speed and Li diffusion dictate whether Li 

may actively participate in crack propagation. For the same reason, the failure mechanism 

of the defected CNTs is loading rate dependent. Interestingly, simulations demonstrate 

that CNTs at an intermediate Li concentration with a large defect, such as an atomic hole, 

fracture with a relatively slow crack propagation speed, which allows dynamic 

weakening the extending crack tip through Li diffusion and redistribution. The active Li 

participation causes a “wait-and-go” fracture behavior, leading to significantly increased 

stretchability. The failure analysis of the defective CNTs upon lithiation provides 

fundamental guidance to the lifetime extension of CNT-based anode materials. 

 



 

 

Chapter 7  
 

Conclusions and Future Work 

7.1 Conclusions 

 A finite-strain chemo-mechanical model is formulated to study the lithiation-

induced phase transformation, morphological evolution, stress generation and fracture in 

high capacity anode materials such as Si and Ge. The model couples Li reaction-diffusion 

with large elasto-plastic deformation in a bidirectional manner: insertion of the Li into 

electrode generates localized stress, which in turn mediates electrochemical insertion 

rates. Several key features observed from recent TEM studies are incorporated into the 

modeling framework, including the sharp interface between the lithiated amorphous shell 

and unlithiated crystalline core, crystallographic orientation dependent electrochemical 

reaction rate, and large-strain plasticity.  

 Using the chemo-mechanical model, the morphological evolution and stress 

generation in different crystalline SiNWs upon lithiation is simulated. By faithfully 

predicting the anisotropic swelling of lithiated SiNWs observed from previous 

experimental studies, the simulation results demonstrate that the anisotropic interfacial Li 

mobility significantly impacts the morphological changes and stress concentration in 

lithiated Si. Owing to the much faster reaction rate along the <110> directions, the 

unlithiated cores exhibit polygonal shapes with {110}  facets. The large deformation 

occurring at the reaction front, i.e., {110} facets, pushes the lithiated product outward, 
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resulting in large anisotropic swelling as well as stress concentrations at the angular sites 

between adjacent {110} facets in the lithiated shell. In addition, Li insertion can induce 

high hydrostatic pressure at and closely behind the reaction front, as shown in the 

simulation results, which can explain the lithiation retardation observed by in-situ TEM 

studies. The simulation results show that the larger the lithiation anisotropy, the more 

conspicuous the retardation effect will be. It also found that the 3D small-strain model 

can capture the morphological changes and the general trend of stress distribution during 

lithiation. In contrast, the 3D finite-strain model captures not only the morphological 

evolution, but also the concentration of hoop tension, and thus predicting the onset 

fracture sites in the lithiated SiNWs. Since all the cross sections in the SiNWs are 

lithiated in a similar manner with insignificant elongation along the axial directions, a 2D 

finite-strain model with the plane-strain condition is demonstrated to be well suited to 

accurately resolve the stress concentration during the lithiation process with significantly 

reduced computational cost. 

 For a comparative study, the electrochemical lithiation-delithiation behavior of 

individual c-GeNPs is studied with in-situ TEM. The results confirm that the lithiation of 

c-GeNPs involves a two-step phase transformation: c-Ge → a-LixGe → c-Li15Ge4, with a 

total volume expansion of ~260%, consistent with previous electrochemical tests. Fast 

multicycling of the GeNPs between the a-Ge and a-LixGe phases is demonstrated, with 

highly reversible expansion and contraction. In particular, the experimental results 

demonstrate that the c-GeNPs with a wide size range (from 100 nm to submicrometers) 

remained robust without fracture in multiple cycles, in distinct contrast to the size-

dependent fracture of c-SiNPs upon the first lithiation. Based on the chemo-mechanical 
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modeling, the lithiation anisotropy is demonstrated to cause the non-uniform stress in the 

hoop direction in lithiated c-SiNPs, leading to fracture in the well-defined planes. In the 

absence of such lithiation anisotropy, the c-GeNPs and a-SiNPs experience uniform hoop 

tension in the surface layer without the localized high stress and therefore remain robust 

throughout multicycling. In addition, the two-step lithiation in a-SiNPs can further 

alleviate the abruptness of the interface and hence the incompatible stress at the interface, 

leading to an even tougher behavior of a-SiNPs. Therefore, eliminating the lithiation 

anisotropy presents a novel pathway to mitigate the mechanical degradation in high-

capacity electrode materials.  

 In addition to the study of retardation effect caused by lithiation self-generated 

internal stress, the influence of the external bending on the lithiation kinetics and 

deformation morphologies in GeNWs is also investigated. It is found that free-standing 

GeNWs undergo isotropic lithiation. Lithiation self-generated internal stress due to the 

incompatible strain at the reaction front causes lithiation retardation in the free-standing 

GeNWs, similar to SiNWs and SiNPs. Bending a GeNW during lithiation breaks the 

lithiation symmetry, enhancing the lithiation rate on the tensile side while suppressing it 

on the compressive side, both in the radial and the axial directions. The chemo-

mechanical modeling corroborates the experimental observations and suggests the stress 

dependence of both Li diffusion and interfacial reaction rate during lithiation. The finding 

that external load can mediate lithiation kinetics opens new pathways to improve the 

performance of electrode materials by tailoring lithiation rate via strain engineering. 

Furthermore, in the light of bending-induced symmetry breaking of lithiation and 

considering a thin-film structure with pre-inserted secondary species (Li, hydrogen, 
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sodium, etc.), bending of the thin film modifies the chemical potentials of the secondary 

species, leading to the flux of the inserted species from the compressive side to the tensile 

side. The mechanically controlled flux of the secondary species features a novel energy 

harvesting mechanism through mechanical stress. 

 Besides the continuum level chemo-mechanical modeling, MD simulations with 

the ReaxFF reactive force field are also conducted to investigate the fracture mechanisms 

of lithiation graphene. The simulation results show that the stress gradient around the 

crack tip drives the Li migration toward the crack tip, leading to the aggregation of Li 

around the crack tip. The aggregation of Li locally reduces the bond strength and 

subsequently the fracture strength on the one hand, and causes stress relaxation and 

reduction of the fracture driving force (and hence increase of the fracture strength) at the 

crack tip on the other. In the case of lithiated graphene, the former factor is dominant. 

Taking together of the stress-gradient driven Li migration and subsequent reduced 

fracture strength, lithiated graphene exhibits a self-weakening mechanism that causes the 

fracture of the graphene. 

 Moreover, systematic MD simulations are performed to identify two distinct 

fracture modes, abrupt and retarded fracture, in lithiated SWCNT containing two types of 

defects, single-vacancy and hole-like defect. Simulation results reveal that the defect size 

and Li concentration set the onset fracture strain, fracture strength, as well as the crack 

propagation speed. The relative time scales of crack propagation and Li diffusion dictate 

the fracture mode. Following the same argument, varying the loading rate can also 

control the fracture mode of the defective CNTs. The failure analysis of the defective 
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CNTs upon lithiation, together with the cracked graphene, provides fundamental 

guidance to the lifetime extension of high capacity anode materials.  

7.2 Future Work 

 The demand for high-capacity lithium-ion batteries (LIBs) for portable 

electronics, hybrid electric vehicles, and large scale energy storage has stimulated the 

relentless search for new electrode materials, and various anode materials have been 

identified as the promising candidates to replace current carbonaceous anodes in LIBs for 

their high theoretical capacity. However, rapid, irreversible capacity decay and poor 

cyclability, which arise largely due to the huge volume changes induced by Li insertion 

and extraction, remain a major technical barrier for commercializing high-capacity 

anodes such as Si and Ge. Therefore, a comprehensive understanding of the concurrent 

electro-chemo-mechanical processes during lithiation-delithiation cycling is necessary for 

the development of the next-generation high-density LIBs. Beyond the scope of this 

thesis, following questions remain interesting and are worthwhile to explore in future 

work. 

 Even though the chemo-mechanical model developed in this study can faithfully 

predict the lithiation-induced material behaviors observed in high capacity anodes by in-

situ TEM studies, the interfacial chemical reaction at reaction front is treated as diffusion 

for numerical convenience. As there is no length scale incorporated into the model, the 

size-dependent lithiation behaviors can not be captured by the current model. Therefore, 

it would be interesting to develop a real multiphysical reaction-diffusion model that 
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couples with large elasto-plastic deformation, in which the interfacial chemical reaction is 

distinguished from bulk diffusion, and the thickness of the interfacial domain, as an 

intrinsic material length scale, is incorporated. 

 During the past few years, various continuum level chemo-mechanical models 

have been developed. However, systematic measurements of the material properties of 

electrodes are still lacking. Basic parameters, such as the modulus, Poison’s ratio, yield 

strength, fracture energy, viscosity, diffusivity, and chemical reaction rate, which are 

dependent on not only the crystallographic orientations, but also the lithiation state, are 

needed to predict practical systems more faithfully. 

 Currently, most of the modeling works are focused on the first cycle lithiation. So 

far, very little attempt has been made to clarify the fatigue-caused failure mechanism of 

electrodes under multiple lithiation-delithiation cyclings. Therefore, new material 

constitutive laws need to be developed to mimic the behaviors of electrodes during 

multiple electrochemical cyclings. In addition, as lithium (Li) atoms are extracted from 

the anode materials during the delithiation process, nanosized voids will nucleate inside 

the electrodes. How the nanosized voids nucleate, grow, and finally lead to the failure of 

the electrodes is also worthwhile to study. 

 Although only a few anode materials are study herein, it would be also interesting 

to study Li insertion into other alloy anodes, such as tin (Sn), aluminum (Al), arsenic 

(As), etc. Previous study shows that doubling the capacity of the positive electrode 

(cathode) can increase the cell energy density by 57 percent, while increasing the 

capacity of the negative electrode (anode) by a factor of 10 can only lead to the increase 
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of the overall cell energy density by 47 percent [6]. Therefore, new cathode materials are 

also needed to be explored [201].  

 Moreover, sodium-ion based electrochemical energy storage shows promise as a 

complementary alternative to the current lithium-ion based systems [202]. Due to the 

wide availability and low cost of sodium, sodium-based batteries possess the potential for 

meeting large scale grid energy storage needs. As sodium exhibits similar chemical 

properties as lithium, the knowledge developed for Li-ion batteries might be applied to 

ensure rapid progress in sodium-ion batteries. 
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