The Pennsylvania State University
The Graduate School
Department of Materials Science and Engineering

SYNTHESIS AND CHARACTERIZATION OF HEXAGONAL BORON NITRIDE FOR
INTEGRATION WITH GRAPHENE ELECTRONICS

A Dissertation in
Materials Science and Engineering
by
Michael S. Bresnehan

 2013 Michael S. Bresnehan

Submitted in Partial Fulfillment
of the Requirements
for the Degree of

Doctor of Philosophy

December 2013

The dissertation of Michael S. Bresnehan was reviewed and approved* by the following:

David W. Snyder
Adjunct Professor of Chemical Engineering
Head of Electronic Materials and Devices Department – Electro Optics Center
Dissertation Co-Advisor
Co-Chair of Committee

Joshua Robinson
Professor of Materials Science and Engineering
Dissertation Co-Advisor
Co-Chair of Committee

Joan M. Redwing
Professor of Materials Science and Engineering

Mauricio Terrones
Professor of Physics

Suzanne Mohney
Professor of Materials Science and Engineering
Chair of Graduate Program in Materials Science and Engineering

*Signatures are on file in the Graduate School

iii
ABSTRACT
Hexagonal boron nitride (h-BN) has attracted increased interest as a dielectric material to
graphene electronics. Traditional dielectrics, such as SiO2 or various high-k materials, can
introduce scattering from charged surface states, impurities, surface optical phonons, and
substrate roughness; significantly degrading the transport properties of graphene. Hexagonal
boron nitride boasts several key advantages over SiO2 and high-k dielectrics. Most notably, it
exhibits an atomically smooth surface that is expected to be free of dangling bonds, leading to an
interface that is relatively free of surface charge traps and adsorbed impurities. Additionally, hBN’s high energy surface optical phonon modes lead to reduced phonon scattering from the
dielectric. Using h-BN (grown via CVD on copper foil) as a gate dielectric to quasi-freestanding
epitaxial graphene (QFEG) devices, a >2.5x increase in intrinsic current gain cut-off frequency
and a >3x increase in mobility over HfO2 gated devices is obtained.
In addition, this thesis presents the transfer-free deposition of boron nitride on sapphire
and silicon for use as a supporting substrate to CVD-grown graphene. This is accomplished via a
polymer-to-ceramic conversion process involving the deposition of polyborazylene at low
temperature (≤400°C) and subsequent annealing at 1000°C to BN. Atomic force microscopy
(AFM) confirms the deposition of an ultra smooth (RMS roughness <130pm) h-BN film without
the need for a solution-based transfer process. However, x-ray photoelectron spectroscopy (XPS)
shows that the stoichiometry is dependent on the initial polyborazylene deposition temperature.
Despite a turbostratic structure and a boron-rich stoichiometry, CVD graphene transferred to
boron nitride films deposited on Al2O3 at a polyborazylene deposition temperature of 400°C is
nearly strain-free and results in an improvement in mobility of >1.5x and >2.5x compared to
CVD graphene transferred to bare Al2O3 and SiO2, respectively, due to a low impurity density
and reduced surface optical phonon scattering.
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Chapter 1

Introduction / Literature Review
1.1: Fundamental Properties and Characterization of Hexagonal Boron Nitride

Boron nitride (BN) is a III-V compound that can exist in hexagonal, cubic, or wurtzite
crystalline structures, as well as in amorphous form.1 Of particular interest for this thesis is
hexagonal boron nitride (h-BN), which is an insulating isomorph to graphite, which consists of
sp2 hybridized bonding resulting in layered hexagonal basal planes with lattice constants of
a0=b0=2.50-2.51Å and c0=2.66-2.67Å, and having a space group of P63/mmc.2 In contrast to
graphite, which displays an AB Bernal stacking, the stacking of h-BN sequence is AA′, where B
atoms of one plane are directly above the N atoms of the underlying plane.1 h-BN has been
synthesized through various methods, such as metalorganic vapor phase epitaxy (MOVPE),3
pulsed laser deposition,4 atomic layer deposition (ALD),5 plasma enhanced chemical vapor
deposition (PECVD),6 and various other thermal chemical vapor deposition (CVD) methods. 7–10
Contrary to graphite, which is conductive, h-BN is electrically insulating with dielectric
properties similar to SiO2. Various electrical properties of interest for h-BN are shown in Table
1.1.1.

Table 1.1.1: Various properties of hexagonal boron nitride films prepared by
CVD.11
Property
Refractive Index
Band gap (eV)
Dielectric constant
Electrical resistivity (Ω-cm)
Dielectric Breakdown Strength (V/cm)

Value
1.7-1.8
5.8
3.7
1014 - 1017
5x106

2
In addition to its insulating properties, h-BN is chemically inert in a wide variety of acids,
solvents, and oxidizers. In fact, only heated phosphoric acid has been consistently shown to etch
h-BN, where etch rates of ~8nm/min have been reported for a solution of 1:1 deionized (DI)
water : phosphoric acid at 130°C.11 Additionally, dry etching with a CF4/O2 plasma has been
demonstrated.12 Owing to its high chemical resistance and thermal stability, h-BN is an attractive
material for use as a chemically inert coating in hazardous environments.13 In-plane thermal
conductivity has been reported as high as 390 W/m-K at room temperature, 280 times higher than
SiO2, making h-BN an attractive dielectric material for heat generating electronic devices. 13
Perhaps its most common application is as a dry lubricant, as with graphite, due to its weak interplanar van der Waals bonds.
Similarly to graphite, h-BN has a strongly anisotropic coefficient of thermal expansion
(CTE) due to its anisotropic bond strength. The CTE in the a-direction (in-plane) is negative (2.90x10-6K-1 at room temperature), while the CTE in the c-direction (inter-plane) is over ten times
larger and positive (4.05x10-5K-1 at room temperature).14 The change in lattice parameters as a
function of temperature has been studied in detail by Paszkowics et al.15 The large positive
thermal expansion in the c-direction is due to weak van der Waals bonding between planes, and
leads to the potential use of h-BN as a temperature calibrant.15
The most commonly accepted phase diagram of boron nitride was calculated from
thermodynamic properties of boron nitride phases by Solozhenko et al in 1999 after refining their
original work from 1988.16 It was found that the cubic phase of boron nitride (c-BN), rather than
h-BN, is thermodynamically stable at ambient conditions.16 This is in contrast to the carbon phase
diagram, where the hexagonal phase (graphite) is the stable phase at ambient conditions.17 The
phase diagram of boron nitride is shown in Figure 1.1.1, where the dashed lines indicate the
original calculations by Solozhenko et al in 1988 and the solid lines indicate the refined diagram.
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The h-BN/c-BN/liquid triple point occurs at 3480±10K at 5.9±0.1GPa while the hBN/liquid/vapor triple point occurs at 3400±20K and 400±20Pa.16

Figure 1.1.1: Pressure-Temperature phase diagram of boron nitride.16

Interestingly, the above phase diagram indicates that c-BN is favorable at temperatures
below ~1600K (~1327°C). However, as detailed subsequently in Section 2, the growth
temperature of h-BN on transition metals has been reported extensively well below the stability
region of h-BN, typically between 750 and 1050°C. This may be explained by the sensitivity of
the transition temperature with slight variations in the Gibbs free energy of the system, where
Kern et al demonstrated significant shifting of the h-BN/c-BN transition temperature as a
function of Gibbs free energy.18 Figure 1.1.2 shows the range of the transition temperature when a
shift in free energy of ±10meV/atom is implemented. When this change of free energy is
considered, the transition temperature can vary between 1200-1800K (927-1527°C), where the
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lower value is in range of typical h-BN growth temperatures.18 Small variations of the free energy
may be caused by grain size, defects, or contamination or interaction with other elements (such as
interaction with a transition metal substrate).18,19

Figure 1.1.2: Pressure-Temperature phase diagram of boron nitride at low
pressure and temperature. The shaded region indicates the range over which the
transition temperature varies depending on the shift in free energy of the phase.18

Additionally, experimental attempts to grow c-BN on non-transition metals substrates at
low temperatures (<1000°C) and pressures have been difficult, where boron nitride either forms
exclusively as h-BN or as a mixture of h-BN and c-BN.20 This observation has been explained
qualitatively by two empirical chemical rules known as the Ostwald and Ostwald-Volmer rules.20
The Ostwald rule proposes that when energy is withdrawn from a system with multiple energy
states, the system will not reach the stable ground state directly, but instead must first pass
through all intermediate states.20 Therefore, for the case of BN, the metastable hexagonal phase
will often form despite the fact that the cubic phase is thermodynamically preferred. This rule is
also apparent in the low pressure CVD synthesis of diamond, where the metastable cubic
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(diamond) phase forms despite the fact that the hexagonal (graphitic) phase is thermodynamically
preferred. Even further, the Ostwald-Volmer rule states that the less-dense phase (i.e. – h-BN) is
formed first.20 For the case of diamond however, where the hexagonal (graphitic) phase is less
dense, this rule is circumvented due to the preferential etching of non-diamond carbon phases by
hydrogen and the Ostwald rule (rather than the Ostwald-Volmer rule) dominates. For boron
nitride however, both rules are satisfied, leading often to the formation of the metastable
hexagonal phase over the stable cubic phase. In addition, c-BN growth may be complicated by
differences in the atomic attachment kinetics during growth along the (111) direction due to
anisotropy of the (111) planes; where they are either N-terminated nor B-terminated, in contrast
to diamond which is always C-terminated.20 Also, the bonding energies and bond lengths of B-N,
B-B, and N-N bonds are dissimilar in the cubic phase of boron nitride, further complicating CVD
synthesis.20
Therefore, many factors come into play that can influence the experimentally obtained
phase of boron nitride. Determination of the boron nitride phase can be easily accomplished
through Raman spectroscopy. Typical first-order Raman spectra for cubic and hexagonal boron
nitride are shown in Figure 1.1.3. Cubic boron nitride has one optical phonon mode that is Raman
active. This mode splits into a transverse (TO) and longitudinal (LO) optical phonon due to the
ionic character of BN, where the TO mode is located at ~1055cm-1 and the LO at ~1304cm-1.21
Hexagonal boron nitride, on the other hand, has one Raman active phonon that is mode located at
~1364cm-1. This optical phonon mode is an in-plane, doubly degenerate (TO/LO) mode with a
E2G symmetry where the B and N atoms move in opposite directions.21
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Figure 1.1.3: First-order Raman spectra of (a) cubic and (b) hexagonal boron
nitride.21

In summary, hexagonal boron nitride has dielectric properties similar to SiO2, is
chemically inert, and has a high thermal conductivity. Therefore, h-BN appears to be a suitable
material for dielectric integration with microelectronics. Despite the fact that widely accepted
phase diagrams indicate that c-BN is the stable phase at ambient conditions, c-BN has proven to
be difficult to attain experimentally due to variation of the Gibbs free energy of BN synthesis.
This therefore leads to the potential to easily synthesis the metastable hexagonal phase. Finally,
Raman spectroscopy can be easily employed to determine the deposited phase.
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1.2: CVD Growth of h-BN on Transition Metals

1.2.1: Bonding of h-BN to Transition Metal Surfaces

It has been well documented that ultra-thin (often monolayer) films of h-BN readily bind
in a hexagonal structure to transition metals such as Rh,22 Ru,23 Pt,23 Ni,24 Pd,25 and Cu,26 through
a catalytic thermal CVD growth process. One of the first examples was by Nagashima et al,24
who demonstrated h-BN layers on Ni(111), Pd(111), and Pt(111) substrates through the thermal
decomposition of borazine.24 They found through angle-resolved ultraviolet photoelectron
spectroscopy (ARUPS) that the bonding for h-BN films on Ni was stronger than for the other two
substrates. This same group later realized through high resolution electron energy loss
spectroscopy (EELS) that there was a level of hybridization between transition metal d and BN π
states that was responsible for the differences in binding strength.27 Through X-ray photoelectron
diffraction (XPD) and scanning tunneling microscopy (STM), Auwarter et al showed that the
structure of the h-BN film on Ni(111) surface is a commensurate (1x1) structure that is most
stable when N atoms are bound directly over Ni atoms and B atoms over fcc hollow sites,
leading to a slightly compressed film.28 This same structure was also found to be the case for hBN on Cu(111).26 Through core-level spectroscopies, Preobrajenski et al studied the role of 3d
states of Ni(111) and Cu(111) and found that the bonding strength of the h-BN/metal interface is
dependent mainly on the strength of the metal 3d – h-BN π orbital hybridization.26 It was found
that h-BN is strongly chemisorbed on Ni(111) while only weakly chemisorbed on Cu(111).26
Through density functional theory (DFT) calculations, Laskowski et al investigated binding
energies of h-BN on various transition metals, as shown in Table 1.2.1, and found a trend across
the periodic table.29 Going across the 3d, 4d, and 5d rows of the periodic table, the binding energy
of h-BN on transition metal surfaces decreases from left to right, with noble metals having the
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lowest binding energies. Additionally, it was found that the highest binding energies were
obtained for the 4d elements and the lowest for the 3d elements.29 It was found that for all cases a
repulsive force acted on the N atoms while an attractive force acted on the B atoms, leading to
vertical buckling of the h-BN lattice that is dependent on the binding energy.29

Table 1.2.1: Local density approximation (LDA) of binding energies (ΔE) of hBN on various transition metals, vertical metal-to-nitrogen distance (ZM-N), and
vertical boron-to-nitrogen distance (ZB-N).29

3d

4d

5d

Element
Co
Ni
Cu
Ru
Rh
Pd
Ag
Ir
Pt
Au

ΔE
0.32
0.27
0.19
0.98
0.61
0.47
0.19
0.49
0.34
0.16

ZM-N (Å)
2.14
2.12
3.10
2.13
2.16
2.21
2.55
2.20
2.26
2.95

ZB-N (Å)
0.11
0.11
0.02
0.14
0.13
0.11
0.04
0.14
0.12
0.02

Therefore, the binding energy of h-BN on transition metals decreases with the filling of
the valence d-band of the metal. This binding energy was found to play a critical role on the
structure of h-BN films on various transition metals. High binding strength on transition metals
with close lattice matches, such as on Ni (0.4%), has been shown to result in a commensurate
(1x1) h-BN structure, often with large h-BN domains.30,31 However, a high binding strength can
complicate the h-BN structure when the lattice mismatch between film and substrate is
significant. For example, strong 3d-π hybridization was found for Rh and Ru leading to high
binding strengths, but the lattice mismatch between h-BN and these substrates is ~7%.22,32 To
compensate for the induced strain, the h-BN film forms a highly ordered corrugated bilayer
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structure consisting of an array of 2nm diameter holes with a periodicity of 3nm, called a “BN
nanomesh”, due to a strong splitting of the h-BN σ bands.22,32 Interestingly, other metals with
large lattice mismatches, such as Pt(10.8%)33 and Pd(~9%),34 resulted in complete h-BN films
rather than a nanomesh. In these cases, the h-BN film on these substrates accounted for the
induced strain by forming two distinct structures; a 10x10 commensurate structure and an
incommensurate structure rotated by 30°, where the rotated structure allowed for a reduced lattice
mismatch.34 On the contrary, a low binding energy has different effects on the h-BN structure.
Growth of h-BN films on Ag(111) substrates led to arbitrarily oriented nanocrystalline h-BN
domains.35 This is due to the increased filling of the 4d band of Ag and is expected for other
noble metals. Therefore, both the binding energy and lattice mismatch must be taken into account
when choosing a suitable substrate for h-BN deposition.

1.2.2: CVD Growth of h-BN on Cu

Copper, having a lattice mismatch with h-BN of only 0.9%,26 is one of the most common
transition metal substrates for CVD synthesis of h-BN and, like Ni, forms strictly 1x1
commensurate h-BN layers. In this thesis, Cu substrates are used almost exclusively for synthesis
of h-BN via CVD. Therefore, current results for CVD h-BN on Cu will be presented in detail in
this section. Table 1.2.2 details the growth parameters used in several examples from literature.
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Table 1.2.2: Growth parameters for CVD h-BN on Cu substrates from various
references.

Reference

Precursor
Ammonia
Borane

Song et al36
Preobranjenski
et al26
Borazine
Kim et al37
Kim et al38
Lee et al39

40

Guo et al

Borazine
Ammonia
Borane
Ammonia
Borane
Ammonia
Borane

Growth
Temperature (°C)

Growth
Pressure

Growth
Time (min)

Additional
Treatment

1000 N/A
2000L
750 (exposure)

30-60

N/A

N/A

750 Ambient

10-60

1000 350mTorr

10-120

1000 Ambient

30

1000 675mTorr

120

N/A
Post-Anneal at
1000°C
AB sublimation at
60-90°C
Chemical polish
of Cu foils
Varied AB weight,
Cu foils in quartz
enclosure

Growth of h-BN on Cu generally results in a polycrystalline film with domain sizes
<10nm.36,37,40 Therefore, the crystallinity is not as high as h-BN films grown on Ni, where
domains >1µm have been obtained.31 However, it was found that h-BN films grown on Ni foils
are generally more leaky as a dielectric layer due to incomplete regions present at Ni grain
boundaries.41 Therefore, growth of h-BN on Cu foils represents a more realistic and suitable
approach for large scale device development. Additionally, growth of h-BN on Cu is not a selflimited growth process, unlike graphene growth on Cu, where the film thickness of h-BN grown
on Cu can be easily controlled through tailoring of the growth parameters. 36–38 The control of
layer thickness is critical for gate dielectric applications, where the tunneling currents were found
to be excessive for h-BN films less than four layers thick.42,43
Kim et al revealed the nucleation behavior of h-BN on Cu foils through varying the
ammonia borane (AB) sublimation temperature and growth time.38 At an AB sublimation
temperature of 60°C, h-BN formed as small triangular domains that were randomly oriented due
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to the weak chemisorption (low binding energy) of h-BN on Cu. Unlike graphene, which forms as
hexagonal domains, triangles are more energetically favorable for h-BN growth as nitrogenterminated edges have lower edge energy than boron-terminated edges and hexagon formation
would ultimately lead to B-terminated edges.38 At higher AB sublimation temperatures, the
domains became more asymmetric, presumably due to the increased concentration of gas-phase
precursors at higher sublimation temperatures. Additionally, by studying the effects of growth
time, it was found that monolayers form through the coalescence of triangular domains, as shown
in Figure 1.2.1. Here, a complete monolayer is formed after ~40 minutes, as evidenced by the
formation of wrinkling, as shown in Figure 1.2.1c. Wrinkling naturally occurs in CVD grown hBN (and graphene) on Cu due to h-BN’s negative coefficient of thermal expansion, causing h-BN
to expand upon cooling.14 After the initial monolayer is complete, additional (smaller) ad-layers
nucleate over the original monolayer, as shown in Figure 1.2.1f. This indicates a growth
mechanism similar to Stranski-Krastanov growth, where growth proceeds via a surface mediated
layer-to-layer mechanism before changing to an island-like growth. This is most likely due to the
strong adatom-surface interaction on the Cu surface and sharp decrease in the surface reactivity
after the first h-BN layer.38 This also verifies that, unlike similar graphene growth on Cu, the
growth of h-BN on Cu is not a self-limiting process.
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Figure 1.2.1: (a-e) Nucleation behavior of h-BN film on Cu substrate as a
function of growth time from 10-120 minutes. (f) Higher magnification image of
(e).38

The surface morphology of the copper foil also plays a significant role in the nucleation
and growth of h-BN. Often, impurity particles and unwanted cubic BN and amorphous BN
allotropes can form as 3D particulates in the h-BN film, possibly forming through a VolmerWeber nucleation along defects (such as vacancies, dislocations, and grain boundaries) on the Cu
surface.39 Lee et al demonstrated a significant reduction in the density of such 3D particulates
through the use of an extended pre-growth anneal and a pre-growth chemical polish, as shown in
Figure 1.2.2.39 Thermal annealing was performed at 1020°C for 2 hours in an Ar atmosphere and
resulted in an increase in the starting Cu grain size from ~30µm to ~120µm and a reduction in the
RMS roughness from 2.42nm to 1.57nm.39 Chemical polishing was performed by rubbing the
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copper foil with Cu etchant (Transcene, Type 1) following thermal annealing and resulted in a
further improvement in RMS roughness (from 1.57nm to 1.10nm) over the thermally annealed
samples.39 These results show that the starting Cu foil surface is essential for the suppression of
3D nanoparticles that form on surface defects.

Figure 1.2.2: Optical images of (a) untreated, (b) thermally annealed, and (c)
thermally annealed and chemically polished Cu foils. (d-f) Optical images of hBN films grown on the respective Cu foil and transferred to SiO2 substrates.39

To further elucidate the improvement in h-BN growth when using an enhanced starting
Cu morphology, Raman spectroscopy was used and showed a suppression of defect peaks arising
from boron carbon nitride (1304cm-1) and amorphous BN “soot” (1336cm-1) when the thermal
anneal and chemical polishing steps were employed.39 Additionally, a reduction in the full width
at half maximum (FWHM) of the E2G peak (1367cm-1) from 22.9cm-1 to 14.8cm-1 was observed
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for the untreated and thermally annealed/chemically polished sample, respectively. This indicates
improved crystallinity and increased domain size, which was verified with transmission electron
microscopy (TEM).39
Similar 3D nanoparticles were also observed on h-BN films grown on Cu foil by Kim et
al.38 However, here the nanoparticles were postulated to form in the gas phase upon sublimation
of ammonia borane. It was found that when a carrier gas flowed through the sublimator, a high
density of nanoparticles (up to 50-100nm in diameter) were formed on the surface. The density of
these nanoparticles increased with sublimation temperatures above 100°C. Therefore, the
sublimation temperature was reduced to 60-90°C and no carrier gas was used (allowing the
precursor to naturally diffuse into the growth zone).38 Again, using an electrochemical polishing
(ECP) step improved the nucleation of h-BN on Cu foils, where nucleation was found on
unpolished samples to occur preferentially on rolling lines (induced during manufacturing) of the
Cu foil. The ECP step resulted in a more uniform nucleation over the Cu surface and a reduced
density of nucleation sites. This ultimately led to an increase in h-BN domain size.38
Despite the well documented research on h-BN growth on Cu substrates, the growth
mechanisms of CVD grown h-BN are not fully understood and several growth-related issues exist
which can impact graphene device performance such as: 1) impurity scattering from dangling
bonds of 3D nanoparticles, 2) surface roughness scattering from wrinkles induced during growth,
and 3) current leakage through nanocrystalline domain boundaries.

1.3: Sublimation Properties of Ammonia Borane

Ammonia borane (BH3NH3) is a white solid that is isoelectronic to ethane and contains a
highly polarized electron-pair dative bond.44 The B-N bond results from a donation of the lone
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pair electrons of ammonia to the 2pz orbital of borane and has a dissociation energy of
130kJ/mol.44,45 Ammonia borane (AB), being non-flammable and non-explosive under ambient
conditions, has attracted considerable interest as a potential hydrogen (H2) storage material for
automotive applications due to its high hydrogen content, having a gravimetric hydrogen density
of 19.6 wt% and a volumetric hydrogen density of 145 Kg/m3, which can be extracted through
various processes, such as thermolysis, hydrolysis, hydrothermolysis, and methanolysis.45 Of
these, thermolysis (thermal decomposition) is the most common and practical method for
generating hydrogen from AB, which can result in a generation of >9 wt% hydrogen at moderate
temperatures.45 The thermal decomposition of AB proceeds via multiple exothermic
decomposition steps that correspond to both a weight loss and a release of hydrogen and/or
various boron-nitrogen species. Preceeding the exothermic decomposition steps, an endothermic
process occurs near 101°C that can be attributed to the melting of AB.46 As shown in Figure
1.3.1, the exothermic decomposition steps occur at ~110°C, ~130°C, and ~1170°C.47 The first
weight loss step at ~110°C results primarily in the release of H2 with small traces of monomeric
aminoborane (BH2NH2), leaving behind a solid polyaminoborane (PAB). This is followed by a
second weight loss step at ~130°C, which results in a second hydrogen release from the PAB
accompanied by a release of borazine (B3N3H6), which is a boron-nitrogen analog of benzene.48
Other reports have shown that additional boron-nitrogen species are released at the 130°C weight
loss step as well, including monomeric aminoborane and diborane (B2H6).48–50 The second weight
loss step results in residual solid polyiminoborane (PIB) that remains stable until further
hydrogen abstraction begins at temperatures above 1170°C, which ultimately result in the
formation of a semi-crystalline P63/mmc (hexagonal) boron nitride phase.47
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Figure 1.3.1: Experimentally observed decomposition pathways for the thermal
decomposition of ammonia borane to boron nitride. Labelled species are: [1]
Ammonia Borane; [2] Molecular aminoborane; [3] Polyaminoborane (PAB); [4]
Borazine; [5] Polyiminoborane (PIB); [6] Semi-crystalline hexagonal boron
nitride; [7] Hydrogen abstraction by the evolution of molecular hydrogen at high
temperature, is assumed, but other possible pathways exist. **Reversible reaction
between molecular aminoborane, [2], and PAB, [3].47

Mass spectrometry results corroberate well with the above thermal decomposition model.
As shown in Figure 1.3.2, the intial weight loss at ~110°C (Figure 1.3.2A) shows a large release
of hydrogen (m/z = 2) accompanied by additional m/z values located at 27, 28, and 29
corresponding to aminoborane fragments. The second weight loss step (Figure 1.3.2B) also
results in a hydrogen release but is accompanied by several additional species at higher m/z
values.47 When compared to the mass spectrum of pure borazine (Figure 1.3.2C), which has
distinct m/z peaks at 81, 80, 67, 63, 53, and 28, many similarities are observed indicating the
generation of borazine at the second AB decomposition step.47 The complete mass spectrum is
given in Table 1.3.1.48
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Figure 1.3.2: Mass Spectrum: (A) pyrolysis gases generated at 114°C scaled to
impurity levels; (B) pyrolysis gases generated at 135°C scaled to impurity levels;
(C) pure borazine. The m/z = 2 signal intensities in A and B are each about 2
orders of magnitude above their respective y-axis scales.47
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Table 1.3.1: Mass spectrum of the gas phase above BH3NH3 at elevated
temperatures.48
Mass Number
2
11
12
13
14
24
25
26

Assignment
H2+
11 + 10
B , BH+
11
BH+, 10BH2+
11
BH2+, 10BH3+
11
BH3+, N+
10
BN+, 11B2H2+, 11B10BH3+
11
BN+, 10BNH+, 11B2H3+
11
BNH+, 10BNH2+, 11B2H4+

Mass Number
27
28
42
53
62
63
78
80

Assignment
11
BNH2+, 10BNH3+, 11B2H5+
11
BNH3+, 10BNH4+
11
BH2NH2, 11BH2+
11
B2N2H3+
11
B3N2H+
11
B3N2H2+
11
B3N3H3+
11
B3N3H5+

Additionally, it was found by several groups that the decomposition of AB is strongly
dependent on the thermal history and heating conditions.48–50 It was found that the onset
temperature for the first decomposition step is a function of the heating rate, where the starting
temperature of decomposition increases from 82-107°C as heating rate increases from 0.051°C/min.46 Additionally, the weight loss of the solid phase of AB is dependent on the heating
rate. It was found that the first and second decomposition steps corresponded to an 8 and 15wt%
loss, respectively, for a heating rate of 1°C/min. However, when the heating rate is increased to
5°C/min, the weight loss increases to 10 and 23wt% for the first and second decomposition steps,
respectively.48 Interestingly, it was observed through mass spectrometry that the evolution of
hydrogen is independent of heating rate.48 Instead, the increased weight loss was found to be due
to the increased yield of boron-nitrogen species such as borazine, monomeric aminoborane, and
diborane.48 Table 1.3.2 shows the increase in product yield of these boron-nitrogen species with
increasing heating rate.
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Table 1.3.2: Yield of gaseous products of the thermal decomposition of ammonia
borane at temperatures up to 500K calculated on the basis of thermogravimetric
and mass spectrometric data for different runs.48
Heating Rate
0.5 K/min
1.5 K/min
5.0 K/min
Iso 363 K-1 K/min

Product Yield (mol product/mol AB)
H2
BH2NH2
Borazine
2.2
0.12
0.035
2.2
0.16
0.050
2.2
0.21
0.065
2.2
0.12
0.040

Diborane
0.020
0.025
0.040
0.020

Pressure was also found to be an important factor in the decomposition of AB.
Sublimation of AB at ~90°C under an Ar background pressure ranging from ~35 Torr to
atmospheric pressure resulted in an increase in the total weight loss (from 7 to 24wt%) with
decreased pressure.49 The induction period of hydrogen evolution was also found to decrease with
decreasing pressure, from 7 hours at atmospheric pressure down to 4 hours at low pressure. 49
Additionally, mass spectrometry shows a dependence of the evolved species with pressure. Near
ambient pressure, the primary emission was hydrogen (m/z = 2) with little detectable nitrogenboron species. However, when the Ar background pressure was reduced to < 650 Torr, additional
m/z values began to appear at 78 and 80 (borazine), 27-29 (aminoborane), 10-13 and 23-26
(diborane), and 42 (aminodiborane). It was found that the intensity of these boron-nitrogen
species increases with decreasing pressure, as shown in Figure 1.3.3.49 It is reported that the
increase in the boron-nitrogen species upon sublimation of AB at sub-ambient pressures may be a
result of the increased breaking of dihydrogen bonding networks at higher sublimation rates.49
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Figure 1.3.3: Mass spectrometry results as a function of time during thermal
aging at 363K at pressures ranging from 52-1039 mbar. Mass spectrometry data
is given for hydrogen (H2), m/z = 2; unknown, m/z = 41; borazine (B3N3H6), m/z
= 78 and m/z = 80; monomeric aminoborane (BH2NH2), m/z between 27 and 29;
diborane (B2H6), m/z between 10 and 13, and m/z between 23 and 26;
aminodiborane (BH2NH2BH3), m/z = 42; and boron (B+) m/z = 11.49

The mechanism for the thermal decomposition of AB was studied via an in-situ

11

B

magic angel spinning-nuclear magnetic resonance (MAS-NMR) technique at a decomposition
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temperature of 88°C and external fields of 7.1T and 18.8T.51 The decomposition pathway can be
described by induction, nucleation, and growth mechanisms, as shown in Figure 1.3.4.

Figure 1.3.4: The proposed dehydrogenation pathway of ammonia borane
proceeds via induction, nucleation, and growth steps.51

The induction period results in little to no hydrogen release but yields a mobile AB phase
that is caused by disruptions of the dihydrogen bonding network, which are composed of bonds
between amine protons and boron hydrides of adjacent AB molecules.51 Additionally, it was
found that preheating of AB can result in a decreased induction period.50,51 The nucleation step
then yields a reactive species from the mobile AB phase, identified as diammoniate of diborane
[(NH3)2BH2]+[BH4]- (DADB).51 Growth then proceeds via a bimolecular reaction between DADB
and AB to release the stored hydrogen and additional gas phase boron-nitrogen species. In other
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words, hydrogen bonding is disrupted upon heating that allows for increased motion of AB
groups during the “induction” step. The mobile phase converts into a new species, DADB, during
“nucleation”. Once the DADB phase is formed, it reacts with the remaining AB during the
“growth” step, which yields hydrogen and aminoborane.51 This study however, only examines the
time-resolved hydrogen evolution at temperatures below the melting point of AB. However, these
mechanisms give insight into the possible pathways for formation of boron-nitrogen species at
higher temperatures, which may include additional breaking of the dihydrogen bonding network.
Sublimation of ammonia borane has been shown to occur in two distinct weight loss
steps, where the first step results in evolution of hydrogen and the second results in additional
hydrogen along with various boron-nitrogen species, such as borazine. Therefore, ammonia
borane appears to be an excellent source for production of precursors for BN growth. However,
the sublimation behavior of ammonia borane is highly sensitive to parameters such as heating rate
and sublimation pressure. Therefore, significant attention must be placed on a maintaining a
consistent control of the ammonia borane sublimation process.

1.4: Polyborazylene as a Precursor to Boron Nitride

It was discussed in the previous section that ammonia borane can readily decompose to
yield, among other gas-phase species, borazine (B3N3H6). Fazen et al has shown that borazine can
dehydropolymerize to a yield a soluble polymer, polyborazylene (B3N3H~4)x, in yields of 81-91%
at temperatures as low as 70-110°C.52 Polyborazylene, which is soluble in ethers such as glyme
and tetrahydrofuran (THF), can be thermally converted to boron nitride in yields of 89-99%
through a two-dimensional cross-linking reaction.52 Polyborazylene is composed of linked
borazine rings, as shown in Figure 1.4.1 in two configurations.
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Figure 1.4.1: Chemical structure of Polyborazylene consists of linked borazine
rings in the ρ or σ configuration 52

The chemical composition (hydrogen content) was found to be dependent on the
temperature that borazine was heated to, as well as the reaction time. Hydrogen content was
found to decrease with increased reaction times and temperature. At a maximum temperature of
500°C, an insoluble white powder was obtained with a chemical formula of BNHx (x≈1).52 The
general thermal conversion reaction at 70°C is shown in Equation 1.4.1.

𝒙𝑩𝟑 𝑵𝟑 𝑯𝟔 → (𝑩𝟑 𝑵𝟑 𝑯𝟒 )𝒙 + 𝒙𝑯𝟐
Equation 1.4.153

Polyborazylene was produced from liquid borazine at 70°C for 48-60 hours. The
remaining polymer was soluble in ethers such as glyme and THF and was found to be moisture
sensitive, readily decomposing in air.52 The average chemical formula for the polyborazylene
made this way was B3.0N3.1H3.6.52 Diffuse reflectance infrared fourier transform (DRIFT)
spectroscopy was used to identify the presence of the B-N stretch mode near 1460cm-1 and B-N-B
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bending mode at ~900cm-1, characteristic of borazine rings. Additionally, 11B nuclear magnetic
resonance (NMR) was used to identify that a diborazine structure was responsible for the B-N
bonds connecting adjacent borazine rings, indicating that the polymer proceeds via a
dehydropolymerization reaction that forms a linked borazine ring structure.52
Polyborazylene is expected to be an ideal chemical precursor to boron nitride, only
having to lose hydrogen to form boron nitride. Fazen et al found that through pyrolysis of
polyborazylene at 900-1450°C in argon or ammonia, boron nitride powder could be obtained at
chemical yields of 89-99% with B:N ratios near 1:1.52 Equation 1.4.2 shows the ultimate
conversion of polyborazylene to BN through pyrolysis at temperatures >900°C.

(𝑩𝟑 𝑵𝟑 𝑯𝟒 )𝒙 → 𝟑𝑩𝑵 + 𝟐𝑯𝟐
Equation 1.4.253

X-ray powder diffraction (XRD) showed the presence of turbostratic BN. Increasing the
pyrolysis temperature resulted in an improvement in the crystallinity, as shown in Figure 1.4.2,
where a temperature of 1450°C led to a sharp XRD peak near 26° 2θ for the (002) orientation and
a d-spacing approaching 3.33Å, consistent with bulk h-BN.54 Additionally, peaks near 42° 2θ and
54° 2θ indicate reflections associated with the (001) and (004) orientations, respectively.52 Not
only did the increased pyrolysis temperature lead to enhanced crystallinity; the density of the BN
films increased from 1.7 to 2.0 g/cm3 for pyrolysis temperatures of 900 and 1450°C,
respectively.52
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Figure 1.4.2: XRD spectra of boron nitride pyrolyzed from polyborazylene
under an Ar environment at various temperatures.52

The conversion of polyborazylene to boron nitride proceeds via two-step weight loss
process, as shown with thermogravimetric analysis (TGA) in Figure 1.4.3. The first weight loss
occurs between 125 and 300°C and corresponds to a 2% weight loss. Over the range of 300700°C, little weight loss is observed. From 700°C up to 1100°C weight loss continues,
corresponding to an additional 4% weight loss.52 Combining mass spectrometry with TGA shows
that hydrogen is the primary species evolved at both steps. However, small concentrations of
boron-nitrogen species were found to evolve from the polyborazylene in the first weight loss
regime below 300°C.52
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Figure 1.4.3: Thermogravimetric analysis (TGA) of the polyborazylene to boron
nitride conversion.52

One sample was heated to a temperature of 400°C, which lies just outside of the first
weight loss step. Elemental analysis of this sample showed a empirical formula of B3N3H~2. The
1:1 B:N stoichiometry and reduced hydrogen content from polyborazylene indicates that
hydrogen loss is primarily responsible for the observed weight loss.52
Figure 1.4.4 shows the possible polyborazylene to boron nitride conversion process.
Following the formation of polyborazylene thermally from borazine at 70°C, two algined
(idealized) linear structures may then undergo an interchain dehydrocoupling at intermediate
temperatures which results in the loss of hydrogen through the formation of a B-N cross-linked
structure.52 The second hydrogen loss occurs only at higher temperatures from un-aligned (nonidealized) chain branched structures, forming boron nitride.52
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Figure 1.4.4: Proposed polyborazylene to boron nitride conversion process.52

Indeed, polyborazylene has been shown in literature to be an excellent candidate for
boron nitride coatings. BN has been produced from spin coating polyborazylene on a variety of
substrates,53,55 dip-coating on metallic substrates,56 and through CVD on transition metal
substrates.31 Spin coating polyborazylene on silicon substrates and subsequent pyrolysis at 9001250°C was performed by Chan et al.53 The thickness of the spin coated polyborazylene was
found through optical ellipsometry to be ~950Å with a refractive index of ~1.67.53 It was found
that the pyrolysis temperature played a significant role in the stoichiometry and morphology of
the obtained BN films. Table 1.4.1 details the chemical composition (obtained through
Rutherford backscattering spectrometry (RBS)) of the films studied by Chan et al. Samples
prepared at 900°C resulted in a uniform and smooth morphology, but were boron-rich. In fact, the
samples prepared at 900°C were more boron-rich than the starting polyborazylene film.
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Unfortunately, no explanation for the observed differences in B/N ratios between samples is
provided by Chan et al. When the pyrolysis temperature was increased to 1250°C, the B/N ratio
became closer to unity and the hydrogen and oxygen content decreased compared to the sample
prepared at 900°C. The pyrolysis step led to the incorporation of oxygen, which was not observed
in the original polyborazylene film, for both pyrolysis temperatures. This was attributed to
possible contamination during transfer to the annealing furnace, or from incorporation during
annealing due to oxygen impurities in the furnace.

Table 1.4.1: Composition and thickness of spin coated polyborazylene on silicon
and boron nitride prepared from pyrolysis of polyborazylene.53
Sample Description
Polyborazylene
BN prepared at 900°C
BN prepared at 1250°C

B/N
1.18
1.37
1.09

O/B
N/A
0.21
0.14

Atomic fraction of H
0.33
0.10
0.09

Thickness (Å)
1500
800
900

Interestingly, the samples prepared at 1250°C showed the presence of surface features,
unlike the samples prepared at 900°C which were visually smooth. The surface features were pits
covering ~15% of the film surface and were ~0.5µm in diameter and 2-7nm deep.53 Figure 1.4.5
shows an SEM image of the surface features resulting from the 1250°C pyrolysis of
polyborazylene on silicon. Cross-sectional SEM revealed that the surface pits did not correspond
to a void in the BN film, as the BN was found to be present at the bottom of the pits. The surface
pitting was attributed to the decomposition of the native silicon oxide at high temperatures.53
Upon removal of the native oxide via a hydrofluoric (HF) acid solution prior to polyborazylene
deposition, the pitting was reduced by nearly 75%.
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Figure 1.4.5: Top-view SEM image of a boron nitride film prepared on a silicon
substrate through pyrolysis of polyborazylene at 1250°C showing the presence of
surface features.53

In another study, boron-rich films were obtained by pyrolysis of spin-coated
polyborazylene on Si and SiO2/Si by Kho et al.55 These films were produced by pyrolysis at
5°C/min in a quartz tube furnace in vacuum or an Ar atmosphere up to 900 or 1100°C, where the
final pyrolysis temperature was held for 2hrs, resulting in BN films with thicknesses of 0.152.0µm.55 The morphology of the films pyrolyzed at 900°C, studied by AFM, indicated RMS
surface roughness values of 0.213 and 0.415nm for films pyrolyzed under an Ar atmosphere or
under vacuum, respectively.55 The increased roughness under vacuum was attributed to a more
aggressive evaporation of volatile species during pyrolysis. Increasing the pyrolysis temperature
to 1100°C resulted in rougher surface and pyrolysis above 1200°C resulted in the formation of
pitting, due to the vaporization of the native silicon oxide at high temperatures, similarly to those
observed by Chan et al.

30
X-ray diffraction (XRD) was used to investigate the crystallinity of the films prepared by
pyrolysis of polyborazylene and is shown in Figure 1.4.6. It was found that at 900°C, the BN
(002) peak near 26° 2θ was very broad, indicating a nearly amorphous structure. At 1100°C
however, the BN (002) peak became narrower and stronger in intensity, indicating that the film
pyrolyzed at 1100°C is more crystalline than the film pyrolyzed at 900°C. A d-spacing of 3.48Å
was found, which is slightly larger than the d-spacing of well ordered hexagonal boron nitride
reported at 3.33Å,54 indicating a turbostratic structure.

Figure 1.4.6: XRD pattern of BN film pyrolyzed from spin-coated
polyborazylene indicate an improvement in crystallinity upon increasing
pyrolysis temperatuers from (a) 900°C to (b) 1100°C.55
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Secondary ion mass spectrometry (SIMS) was used to study the chemical composition of
these films. For the samples pyrolyzed at 900°C, N/B ratios of ~0.75 were obtained, showing a
boron-rich stoichiometry. Additionally, it was found that the silicon and boron atoms were interdiffused in a region of thickness ~0.15µm for the 900°C samples, and a very broad region of
thickness ~0.90µm for the 1000°C films.55 It was found that films deposited on the SiO2/Si
substrates did not have the inter-diffusion region. Figure 1.4.7 shows the SIMS depth profile of a
900°C sample and the cross-sectional TEM image of an 1100°C sample. From the electron
diffraction patterns obtained during cross-sectional TEM, the film was verified to be
turbostratic.55

Figure 1.4.7: (a) SIMS depth profile of BN film prepared from spin coated
polyborazylene film at 900°C on Si shows a boron-rich stoichiometry and interdiffusion of Si and B atoms. (b) Cross-sectional TEM image of BN film prepared
from spin coated polyborazylene film at 1100°C on Si showing inter-diffusion of
Si and B atoms over a ~0.9µm thick region.55

32
Growth of boron nitride from a polyborazylene precursor was also demonstrated on
nickel substrates by Shi et al.31 Here, borazine was used as the precursor to polyborazylene
deposition at 400°C on polycrystalline Ni foils in an ambient background pressure of N2.31
Following deposition of polyborazylene at 400°C, a post-growth anneal was performed to
facilitate dehydrogenation of the polyborazylene to yield h-BN. The samples were heated at a rate
of 5°C/min to a temperature of 1000°C and maintained at this temperature for 1 hr. Thickness
was dependent on the polyborazylene deposition time and the flow rate of borazine into the tube
furnace, where a borazine flow rate of 1 sccm for 30 minutes and 10 sccm for 1 hour resulted in a
final h-BN thickness of 5nm and 50nm, respectively.31 Figure 1.4.8 shows the XRD and TEM
results from a 50nm and 5nm, respectively, h-BN film prepared by polyborazylene deposition and
subsequent annealing.

Figure 1.4.8: (a) XRD spectra of an h-BN film grown on a nickel substrate
showing a sharp (002) peak indicating high crystallinity. (b) Plan-view TEM of a
wrinkle shows a cross-sectional view, providing the d-spacing and layer
thickness. (c) Plan-view TEM showing h-BN surface and crystallinity.31
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XRD analysis shows a sharp (002) peak with high intensity, indicating that the h-BN
films are highly crystalline. Some areas of the h-BN film transferred to the holey carbon grid had
tears or wrinkles which folded upwards to reveal the cross-section of the film. Here, a d-spacing
of 3.50Å was found, which is slightly greater than that reported for bulk h-BN (3.33Å), although
the d-spacing found from the XRD analysis was 3.30Å. Plan-view TEM shows a single crystal hBN domain with a high degree of order and an in-plane lattice spacing of 2.50Å, in good
agreement with the reported bulk value for h-BN.54 XPS was used to characterize the
stoichiometry of the 5nm thick sample and indicates a B/N ratio of 1.12. A large oxygen peak
was present in the XPS spectra, indicating high oxygen content, although the exact concentration
was not reported. Fourier transfer infrared (FTIR) and Raman spectroscopy of the 50nm thick
sample (used for a stronger signal) also show indicative peaks associated with h-BN.31
In summary, through a dehydropolymerization process, polyborazylene has been shown
to be a suitable precursor to boron nitride films on various substrates. Growth has been
demonstrated to proceed from spin coating substrates with polyborazylene directly as well as
through CVD methods where polyborazylene is deposited from a borazine vapor source. In both
cases, boron nitride films of excellent chemical yield have been obtained. However, interdiffusion of silicon and boron remains an issue for growth on Si substrates, and B-rich films
appear to be a common problem in synthesis of h-BN from polyborazylene.

1.5: Fundamental Properties and Snythesis of Graphene

Graphene is a zero-gap semiconductor composed of a single monolayer of sp2 bonded
carbon and is a material of increasing interest to the scientific and technical communities. Due to
its linear electronic band structure, charge carriers behave as relativistic particles having zero
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effective mass.57,58 Consequently, graphene demonstrates many exceptional properties including
high electron and hole mobilities (theoretically >200,000 cm2V-1s-1),59,60 high thermal
conductivity (>5x103 Wm-1K-1),61 and high saturation current/velocity (>3x107cm/s).62 Proven
applications include radio-frequency (RF) field-effect transistors (FETs) and transparent
conductors.63,64 Additionally, graphene exhibits a symmetric, ambipolar field effect that makes it
attractive for use as an RF mixer.65 Table 1.5.1 details various electronic properties of graphene
compared to several commonly used semiconductors.

Table 1.5.1: Comparison of various electronic properties of graphene and
common semiconductors.60
Property
Eg at 300K (eV)
m*/me
µe at 300K (cm2/V-s)
vsat (x107 cm/s)

Si
1.1
1.08
1350
1

Ge
0.67
0.55
3900
0.6

GaAs
1.43
0.067
4600
2

AlGaN/GaN 2DEG
3.3
0.19
1500-2000
3

Graphene
0
0
~200,000
~4

Synthesis of graphene is accomplished by several methods. The earliest report of isolated
graphene was obtained by Geim and Novoselov in 2004 through the mechanical exfoliation of
highly oriented pyrolitic graphite (HOPG).57 This technique produces the highest quality
graphene, resulting in the highest reported mobilities. However, due to the size limitations of
these flakes (usually no more than 10µm across), this technique is not suitable for large scale
industrial applications. Large area graphene of high quality has also been achieved through
chemical vapor deposition (CVD) on transition metals such as Ni(111) and Cu(111). 66,67
However, the interaction with graphene and the conductive substrate results in a high level of ntype doping and degradation of graphene’s electronic properties. Therefore, a solution based
transfer of the graphene film from the transition metal to an insulating substrate is required and
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can induce pinholes, tears, and wrinkling into the final graphene film. Chemical vapor deposition
of graphene onto sapphire has also been demonstrated.68 This method however usually results in
thick graphitic films. Finally, graphene can be formed on silicon carbide (SiC) via the sublimation
of silicon at high temperatures and the subsequent rearrangement of the remaining carbon atoms
into graphene. Known as “epitaxial graphene” (EG), this technique has been shown to produce
uniform, large area, and high quality graphene for high frequency applications with an intrinsic
current gain cutoff frequency (fT) approaching 300GHz.69 However, degradation of epitaxial
graphene’s electronic properties is induced from step-edges of the SiC substrate. For this thesis,
h-BN integration with graphene is confined to quasi-freestanding epitaxial graphene (QFEG) and
CVD graphene transferred from transition metals. Therefore, this literature review will only focus
on these two synthesis methods.

1.5.1: Growth of Epitaxial Graphene

Graphene growth via sublimation proceeds through the thermal desorption of silicon
atoms and the subsequent rearrangement of the residual carbon atoms. The carbon required to
produce one layer of graphene is equivalent to approximately three bi-layers of SiC.70
Sublimation is generally performed at high vacuum or in a background of inert gas at
temperatures between 1200-1800°C. Graphene σ-states begin to appear in photoemission spectra
at growth temperatures as low as 1100°C, though π-bands do not appear until 1250-1300°C.70
Epitaxial graphene synthesis via the thermal desorption of silicon from SiC is generally
performed in either an ultra-high vacuum (UHV) chamber via direct current resistive heating, or
in a RF induction furnace. The benefit of the UHV chamber is that in-situ characterization
techniques, such as LEED and scanning tunneling microscopy (STM) can be easily incorporated
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with the system to monitor graphene formation.71 The RF furnace, on the other hand, is useful
because hydrogen etching (which is universally used prior to graphene synthesis to remove
polishing damage) can be performed in the same chamber without the need for a second system.71
In addition, van der Pauw Hall effect measurements indicate that graphene produced in the RF
furnace generally show higher carrier mobilities than UHV produced material.71 Typically, SiC is
etched at atmospheric pressure for 5-30 minutes at 1500-1600°C under 5-10% hydrogen and 9095% argon.71,72 Similar basic growth mechanisms are observed from group to group. Synthesis of
graphene from the sublimation of SiC can be done on either the silicon terminated face
(SiC(0001)) or the carbon terminated face (SiC(0001)) of SiC. The mechanisms of graphene
formation on these two polar faces are significantly different.70,71,73
Graphene growth on the Si-face is much slower compared to the C-face, and is
considered to limit itself to one to a few layers.70,73 The number of graphene layers grown on the
Si-face is sensitive to the growth temperature and relatively independent of the growth time.70 In
addition, graphene grown on the Si-face is rotated 30° relative to the substrate while C-face
grown graphene may have multiple orientational phases.70,73 According to Tromp et al,74 when
heating the SiC substrate, the Si-face goes through a sequence of surface reconstructions as
shown in Equation 1.5.1.

𝟑𝒙𝟑 → 𝟏𝒙𝟏

𝟏𝟎𝟎𝟎°𝑪

𝟑𝒙 𝟑

𝟏𝟎𝟖𝟎°𝑪

𝟔 𝟑𝒙𝟔 𝟑 + 𝑮𝒓𝒂𝒑𝒉𝒆𝒏𝒆

Equation 1.5.174

These surface transitions have been verified through STM and LEED.70,73 Upon heating
above 1200°C, the (6√3x6√3)R30 reconstruction phase (which will be abbreviated as (6√3))
appears. This layer is believed to contain a mixture of sp2 and sp3 bonded carbon (and up to 30%
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Si adatoms) and is the precursor to graphene formation on the Si-face70,73,75,76 Graphene grows
epitaxially, rotated 30° and commensurate to the (6√3) periodicity. 70 Subsequent graphene layers
then follow a regular AB Bernal stacking sequence, i.e. two graphene sheets on top of each other
with one rotated 60° about the z-axis, which is the most common stacking arrangement of
graphite.70
The interaction between the substrate and the (6√3) reconstruction results in a distortion
of the π-bands that induce a band gap.70,75 As a result, this 6√3 “buffer” layer grown on the Siface does not show the relativistic properties of graphene. The linear dispersion of the band
structure (characteristic of isolated graphene) only appears when the second layer is formed. It is
believed that the silicon atoms bound to the (6√3) reconstruction have unsatisfied dangling bonds
which influences and degrades the electronic properties of the initial graphene layer and also
explains the high degree of order between the substrate and graphene.75,77 This layer is covalently
bonded to the SiC substrate and induces charge into the subsequent graphene layers, which
become heavily n-doped (n≈1x1013cm-2).76 Therefore, graphene on the Si-face tends to have lower
mobilities compared to C-face growth, where the graphene layers are weakly bound to the
substrate and do not exhibit Bernal stacking (discussed later).70,75
There is significant evidence that suggests that graphene nucleation on the Si-face occurs
along the (1100) plane, which is the terrace step edge on the SiC(0001) face.78,79 The amount of
carbon required to produce one layer of graphene is contained in approximately three bi-layers of
SiC.70,78 In addition, different steps of SiC have different desorption rates, leading to a “step
bunching” effect that results in a roughened SiC surface, and thus a rough graphene film. 78 The
receding step mechanism is shown in Figure 1.5.1.
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Figure 1.5.1: Formation process (from left to right) of graphene via the retraction
of 3 bi-layer SiC steps. Steps having different retraction speeds lead to step
bunching and consequent graphene islands and “fingers”.78

Robinson et al showed through TEM analysis that graphene grows significantly thicker
on the (1100) step edges and does not seem to have a thickness limit, as shown in Figure 1.5.2.79
The graphitic Bernal stacking at these locations would compromise the 2D properties of
graphene, causing local areas of decreased mobility. In addition, these areas are believed to
contain a higher density of structural defects compared to growth on the (0001) plane. Therefore,
these local areas of thicker material degrade the electronic properties of the entire film.79
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Figure 1.5.2: TEM micrographs of graphene on the (1100) step edge of SiC at
1425°C. a) Layer thickness appears to not be self-limiting from this face. b)
Graphene layer termination suggests that the formation of graphene from step
edges is the result of step erosion. c) Growth defects which produce
discontinuous regions within a graphene layer.79

Unlike graphene growth on the Si-face, C-face (SiC(0001)) sublimation is not selflimiting and occurs at much faster rates where the thickness increases with both time and
temperature.70 C-face surface reconstruction is not well understood and the surface is believed to
contain a mixture of domains (such as (2x2), (3x3), and (√3x√3)) prior to graphene production.70
Above 1200°C, the hexagonal graphene LEED pattern is fully developed, and like Si-face
growth, is rotated 30° relative to the SiC surface.70 However, there is no evidence of a
(6√3x6√3)R30 diffraction pattern.70,75 Due to the lack of the (6√3) surface reconstruction, the
interaction between the graphene and the SiC(0001) face is much weaker than the respective
interaction on the Si-face.75 In addition, the stacking between graphene layers does not follow the
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AB Bernal stacking sequence observed on the Si-face. Instead, rotational faults between layers
give rise to a large inter-layer spacing.70 Therefore, each graphene layer acts as an isolated
graphene sheet, rather than a multi-layer graphitic structure. Consequently, the 2D properties of
each layer are preserved, explaining the high mobilities obtained from C-face graphene.75
Another difference between Si-face and C-face growth is the nucleation mechanisms. It
was previously stated that graphene nucleates from step edges on the Si-face. Camara et al
suggests that C-face graphene growth initializes from defects from which silicon is easily
desorbed.80,81 Figure 1.5.3 shows an SEM image of graphene nucleating from a defective site.
This defect could be a crystallographic defect such as a dislocation or it could be an imbedded
particle or a scratch.80 Unlike Si-face growth where steps recede and produce step bunches with
significantly larger step heights, leading to surface roughening of both the SiC substrate and the
graphene layers, AFM has shown that the pre-graphitized step density of SiC is preserved during
C-face sublimation.70 Therefore, it can be concluded that graphene does not form from receding
step edges, but rather in islands propagating from local areas of enhanced growth (i.e. defective
regions).75,80,81 Because of this nucleation mechanism, the main issue associated with C-face
graphene growth is that the thickness is non-uniform across the wafer. Local areas of enhanced
growth will result in thicker graphene regions, making device patterning difficult.80,81
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Figure 1.5.3: SEM images of a monolayer graphene island grown on the C-face
of an 8° off-axis 4H-SiC substrate. The nucleation occurs from a defect.80

In summary, sublimation from the Si-face of SiC results in one to few layer graphene
with relatively uniform thickness while C-face sublimation results in multi-layer graphene with a
non-uniform thickness. However, because of the formation of a (6√3) surface reconstruction for
Si-face growth prior to growth, the graphene layers are strongly influenced by the properties of
the interfacial region between the graphene and the substrate. Consequently, the mobilities are
much lower for Si-face graphene than reported for exfoliated graphene and graphene grown on
the C-face of SiC. In addition, enhanced growth rates at step edges of Si-face SiC results in local
areas of thickness non-uniformity, and thus degraded electronic properties.
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1.5.2: Quasi-Freestanding Epitaxial Graphene

As mentioned in the previous section, growth of epitaxial graphene on the Si-face (0001)
of SiC results in the formation of a 6 3𝑥6 3 𝑅30° buffer layer, where about 30% of its carbon
atoms are covalently bound to the SiC substrate, as shown in Figure 1.5.4a.82 Upon further
sublimation, the first electrically active graphene layer forms above the 6√3 buffer layer, as
shown in Figure 1.5.4b. This layer is heavily influenced from being in close proximity with the
6√3 buffer layer and experiences significant electron doping (n≈1013cm-2) as well as remote
charged impurity scattering, significantly degrading epitaxial graphene’s transport properties.82,83
However, this covalent bonding between the SiC substrate and the 6√3 buffer layer can be
passivated through a process known as hydrogen intercalation.82,83 Here, hydrogen atoms
terminate the interfacial Si bonds and decouple the 6√3 buffer layer from the SiC substrate,
forming electronically isolated single layer (Figure 1.5.4c) or bi-layer (Figure 1.5.4d) quasifreestanding epitaxial graphene (QFEG).82,83
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Figure 1.5.4: Side-view model of (a) 6 3𝑥6 3 𝑅30° buffer layer, (b) asgrown epitaxial graphene monolayer, (c) decoupling of 6 3𝑥6 3 𝑅30° buffer
layer after hydrogen intercalation to form monolayer QFEG, and (d) decoupling
of the monolayer after hydrogen intercalation to form bi-layer QFEG.82

Following thermal sublimation of SiC to form epitaxial graphene, hydrogenation can be
performed through annealing at 600-1200°C near atmospheric pressure for 30-120 minutes in
molecular hydrogen.82,83 At lower temperatures only partial hydrogenation occurs, while at higher
temperature (>900°C) the buffer layer is fully decoupled from the SiC substrate. 83 Following
hydrogenation, Robinson et al found a complete elimination of the Raman D-peak of graphene
(~1360cm-1) and significant improvements in the transport properties over as-grown epitaxial
graphene, where improvements in mobility of ~2.5x (from 800 to 2000cm2/V-s at a carrier
density of ~1x1013cm-2), transistor current saturation of ~1.7x (from 750 to >1300mA/mm),
transconductance of ~2.3x (from 175 to >400mS/mm), and extrinsic cut-off frequency (fT)
improvements of ~3.2x (from 2.3 to 7.3 GHz-µm) were obtained.83 By decoupling the graphene
from its native substrate, the improvement in transport properties is a result of reduced scattering
from the SiC substrate, primarily from remote charged impurities and (to a lesser degree) surface
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optical phonons. The mechanisms for hydrogen intercalation of epitaxial graphene remain
unclear, although Riedl et al propose that hydrogen may either pass directly through the graphene
layer, through grain boundaries, or through defects.82 Additionally, it was found that the hydrogen
intercalation of QFEG remains stable over presumably indefinite periods of time in ambient
conditions.82
Interestingly, the majority carrier type of QFEG changes from n-type (found in as-grown
epitaxial graphene) to p-type. For as-grown epitaxial graphene, n-type doping is a result of
bonding of the 6√3 buffer layer to Si atoms which results in a density of interface states that is
positively charged, thus acting as donor-like states that electrostatically induce a negative charge
in graphene.84 Therefore, despite the fact that Fermi statistics yield a theoretical doping value of
n0=6.1x1010cm-2, an electron doping over two orders of magnitude larger than n0 (>1x1013cm-2) is
typically observed.84 When the 6√3 buffer layer is intercalated by hydrogen however, the density
of positively charged states is passivated.84 P-type doping is thus induced in QFEG through the
intrinsic spontaneous polarization of the hexagonal SiC substrate, where the polarization vector
opposes the primary c-axis direction. This polarization of the SiC substrate acts as a sheet of
acceptor-like states which induce p-type doping in QFEG, typically on the order of ~510x1012cm-2.84 Although these interface states act to dope the QFEG just as the negatively
charged interface states dope the non-hydrogen intercalated EG, a dramatic decrease in remote
charged impurity scattering is found for QFEG samples. The reduction in remote charged
impurity scattering leads to a 2-3x increase in transport properties, suggesting that passivation of
dangling bonds within the buffer layer is a key step to improved transport properties for
epitaxially grown graphene and highlighting the importance of buffer layer passivation through
hydrogen intercalation. Additionally, a reduction in surface optical phonon scattering is found for
QFEG.
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1.5.3: CVD Graphene on Transition Metals

In contrast to epitaxial graphene, where the carbon source is intrinsically present in the
SiC substrate, the carbon precursor for CVD graphene on transition metals is typically a
hydrocarbon such as methane (CH4). Synthesis typically takes place at temperatures between
900-1050°C and pressures usually no more than a few hundred millitorr.66,67 Though graphene
has been successfully synthesized on various transition metal surfaces, Cu and Ni remain the
most common and well understood. CVD synthesis of graphene on Ni substrates typically results
in the formation of multi-layer graphene, where the layer thickness is often non-uniform over the
sample surface.66 Contrarily, graphene growth on Cu substrates appears to be self-limiting to one
or two layers and results in a uniform thickness over large areas.67 This contrast between Cu and
Ni substrates is due to their different solid solubilities of carbon atoms, where carbon solubility in
Ni and Cu is ~0.9 and ~0.0001 atomic % at 900°C, respectively.85 This leads to two different
growth mechanisms for graphene growth via CVD on Ni and Cu. The two possible growth
mechanisms are surface segregation and precipitation, and surface absorption, as detailed in
Figure 1.5.5.
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Figure 1.5.5: Schematic of graphene growth using different C isotopes to reveal
the growth mechanisms of CVD graphene on Ni and Cu. The two possible
mechanisms are (a) surface segregation and precipitation, such as for graphene
growth on Ni, and (b) surface absorption, such as for graphene growth on Cu.85

Through carbon isotope labeling, Li et al were able to reveal the growth mechanisms of
CVD graphene on Ni and Cu.85 Here, they introduced normal methane (12CH4) and methane
containing the 13C isotope (13CH4) at separate times during the growth process. Due to the fact
that 12C and 13C have slightly different Raman modes, Raman mapping could easily be used to
identify the presence of graphene deposited with

12

CH4 or

13

CH4. As shown in Figure 1.5.5, if

surface segregation and precipitation occur, both 12C and 13C isotopes will diffuse into the metal,
segregate randomly, and precipitate upon cooling. This would result in a graphene film where the
12

C and 13C isotopes are randomly mixed.85 This mechanism is expected for metals having high

carbon solubility, such as Ni, and generally leads to multilayer graphene due to the high amount
of carbon diffused into the metal. For a metal that does not have high carbon solubility, such as
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Cu, the carbon atoms will not diffuse into the metal, and instead will grow via surface absorption.
This mechanism will result in a graphene film with discrete areas of each carbon isotope,
depending on the dosing sequence, and is expected to result in one to few layer graphene. 85
Utilizing Raman mapping of graphene films grown with the carbon isotope labeling method, Li et
al were indeed able to show that graphene growth on Ni occurs via surface segregation and
precipitation, and growth on Cu occurs via surface absorption.85 Therefore, due to its self-limiting
growth via surface absorption, Cu is generally accepted as the preferred substrate for CVD
graphene synthesis.
Often, graphene growth on Cu results in domain sizes limited to a few tens of
micrometers.85,86 These domain boundaries contain defects that disrupt the sp2 bonding nature of
graphene and were found to easily react with surface adsorbates or deposited dielectric materials,
thus making them detrimental to graphene’s transport properties.86 In another work, Li et al
demonstrated that by using a Cu enclosure, large domains could be obtained.87 The enclosure was
formed by bending a 25µm thick Cu foil in half and crimping the three remaining sides. Graphene
growth on the outside of the Cu enclosure resulted in domain sizes similar to those reported
previously. However, graphene growth on the inside of the enclosure resulted in a lower density
of graphene nuclei and, consequently, domains up to 0.5mm in diameter.87 Li et al propose that
this contrast in domain size from the outside of the Cu enclosure to the inside is due to a reduced
partial pressure of methane due to an improved growth environment, where Cu vapor is in a static
equilibrium and reduces the partial pressure of all other gas-phase species.87
In summary, synthesis of graphene via CVD on transition metals can proceed via
different growth mechanisms depending on the choice of transition metal substrate. It was found
that growth via surface absorption on Cu results in uniform and self-limiting one-to-few layer
graphene. Additionally, use of a copper enclosure resulted in an improvement in the domain size
of graphene films. Here, a copper overpressure resulted in a decreased methane partial pressure,
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ultimately leading to a reduced nuclei density and domains approaching 0.5mm. Mobilities
>4000cm2/V-s were obtained from the large domain CVD graphene film.87 However, these
mobilities remain significantly less than those obtained from exfoliated graphene. Therefore,
continued work is required in the area of CVD graphene synthesis on Cu.

1.6: Dielectric – Graphene Scattering Mechanisms

One of the key limitations to the realization of graphene’s full potential comes from its
interaction with dielectric interfaces, which act to limit the excellent charge transport properties
of graphene.88–90 Typically, top-gated graphene field effect transistors (GFETs) are fabricated
with SiO2 or one of various high-k gate dielectrics.90,91 Such dielectrics are usually grown either
by atomic layer deposition (ALD)92–94 or deposited via electron-beam physical vapor
deposition,95,96 creating an imperfect electrical interface between graphene and dielectric. This
low quality interface introduces extrinsic scattering from charged surface states,97,98 remote
impurities,99 remote surface optical phonons (SOP),100 and substrate roughness,101 significantly
degrading the transport properties of graphene. Besides these extrinsic scattering mechanisms
induced by the dielectric environment, intrinsic scattering from acoustic and optical phonons in
graphene must be taken into account as well.102 Therefore, the dominant scattering mechanism
will depend on the quality of the graphene as well as its surrounding dielectric environment.
Additionally, depending on the carrier concentration and temperature, the dominate scattering
mechanism can vary between several mechanisms.103 Therefore, understanding charge scattering
in graphene is a powerful tool for understanding growth and integration of graphene with other
materials. The subsequent sections detail the primary scattering mechanisms induced in ideal
monolayer graphene from the surrounding dielectric environment.
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1.6.1: Surface Roughness Scattering

Surface roughness scattering is an intrinsic scattering mechanism found in graphene
samples, which can be exacerbated by choice of substrate or top-gate dielectric. Graphene, being
a 2D material, is naturally extremely flexible. Because of this, microscopic corrugations in the
form of ripples with lateral sizes of several nanometers and heights of up to 1nm are present on
suspended graphene’s surface, as observed with transmission electron microscopy (TEM). 101
Upon placing graphene on a substrate, such as SiO2, the ripples can be enhanced in size due to
increased wrinkling induced from the surface roughness of the underlying substrate.101
Local perturbations in the graphene sheet resulting from ripples will cause a local change
in the in-plane inter-atomic distances and the angles between the chemical bonds of nearest
neighbor atoms.101 This leads to a change in the nearest-neighbor hoping behavior of electrons
and, consequently, induces an electrostatic potential that fluctuates across the rippled graphene
sheet.101 This potential increases with increased size of the ripple, where the magnitude of the
vector potential can be described by Equation 1.6.1, where z and R are the height and radius of
the ripple, respectively, and a is the lattice constant, and vF≈106 is the Fermi velocity.

𝑽𝒒 𝑽−𝒒 ≈

ħ𝒗𝑭
𝒂

𝟐

𝒛𝟒
𝑹𝟐

Equation 1.6.1101

This potential induced from microscopic rippling in the graphene sheet then leads to a
reduction in the mean-free path of electrons, as described by Equation 1.6.2, where τ is the mean-
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free path, N(EF)=2kF/πħvF is the density of states at the Fermi level, and 𝑉𝑞 𝑉−𝑞 is the vector
potential described in Equation 1.6.1.101

𝟏 𝟐𝝅
≈
𝑵 𝑬𝑭 𝑽𝒒 𝑽−𝒒
𝝉
ħ
Equation 1.6.2101

Ultimately, the contribution of these microscopic ripples to the total resistivity of
graphene increases with increasing height and decreasing ripple radius, as shown in Equation
1.6.3.101

𝒉 𝒛𝟒
𝜹𝝆 ≈ 𝟐 𝟐 𝟐
𝟒𝒆 𝑹 𝒂
Equation 1.6.3101

Intrinsic rippling in graphene thus creates a long-range scattering potential, similar to
Coulombic scatterers, that results in a degradation of the mobility that is independent of carrier
concentration. Rippling in a suspended graphene sheet is dynamic and can vary based on thermal
fluctuations. However, once the graphene sheet is transferred (or deposited) onto a substrate, the
van der Waals forces between the graphene and substrate pin the ripples, making the rippled
configuration static.101 In addition, further perturbations in the graphene sheet can be induced by
the substrate, where the size of the substrate-induced rippling is dependent on the substrate’s
surface roughness. Therefore, based on the previously shown equations, a rougher substrate
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surface would be expected to induced increased resistivity and decreased mobility to the graphene
sheet.101 In this way, surface roughness scattering can be considered as both an intrinsic as well as
extrinsic scattering mechanism, where choice of substrate can lead to enhanced surface roughness
scattering and can thus be considered an extrinsic source of additional scattering.

1.6.2: Surface Optical Phonon Scattering

Surface optical phonon scattering is an extrinsic scattering mechanism that can be an
important source of scattering for graphene samples after integration with a dielectric. Use of
typical dielectrics (which are usually highly polar materials) with graphene and other 2D
electronics results in electrostatic coupling of the charge carriers in graphene to the long-range
polarization fields present at the graphene-dielectric interface.100 The induced electrostatic
potential is primarily caused by high frequency (low energy) surface optical phonon modes (SOP)
that propagate longitudinally and continuously over the dielectric surface in periods comparable
to the material’s lattice constant.100,104 Scattering in graphene from SOPs is temperature
dependent, where the contribution is negligible at low temperatures but significantly degrades
graphene transport at room temperature. Fratini et al show that SOPs couple with the charge
carriers of graphene with a coupling parameter that is proportional to the dielectric phonon
frequency, as shown in Equation 1.6.4.100 Here, g is the coupling strength, β = (εsε∞)/(εs+1)/(ε∞+1) is a combination of the known dielectric constants of the substrate, vF ≈ 106cm/s
is the Fermi velocity, and ωs is the lowest surface optical phonon mode (meV) of the dielectric,
and a is the lattice spacing.100

𝟐

𝒈 = 𝟐𝝅𝜷
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ћ𝝎𝒔 𝒆
𝒉𝒗𝑭 /𝒂 𝒉𝒗𝑭

Equation 1.6.4100

This coupling strength is directly proportional to the phonon energy. However, the
scattering rate (inverse of scattering time) is directly proportional to the coupling strength (g) and
𝒆−𝝎𝒔 /𝑻, giving a non-monotonic dependency of scattering rate on SOP energy that decreases
exponentially for larger SOP modes, as shown in Equation 1.6.5, where τSO is the time between
scattering events (seconds) associated with SOP scattering and T is the temperature (K).100
Therefore, the transport properties of graphene will be degraded most by materials with a lower
SOP mode, despite the fact that the coupling strength is weaker for lower SOP modes.
Additionally, materials with multiple SOP modes (SiO2 for example has a SOP mode at 59meV
and 155meV) will experience the highest contribution from SOP scattering from the material’s
lowest SOP mode.

𝟏
∝ 𝒈𝒆−𝝎𝒔/𝑻
𝝉𝑺𝑶
Equation 1.6.5100

From this explanation, it can be shown that the conductivity of single layer graphene is
inversely proportional to the scattering rate (

𝟏
𝝉𝑺𝑶

) in Equation 1.6.6, where nF is the Fermi function

for electrons. For bilayer graphene, the integral of Equation 1.6.6 will have an additional factor
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(2ω/t┴, where t┴ =0.35eV is the interlayer hoping parameter) arising from the parabolic band
dispersion.100

𝒆𝟐
𝝇=
𝒉

𝒅𝝎 𝝎 𝜞𝒕𝒓 −𝟏 𝝎 (−

𝒅𝒏𝑭
)
𝒅𝝎

Equation 1.6.6100

Figure 1.6.1 shows the resistivity, calculated from Equation 1.6.6, of single layer
graphene vs. temperature at a constant SOP mode of 100meV. The inset shows conductivity vs.
SOP energy for a constant temperature of 300K and shows the comparison to bilayer graphene
(dotted line).

Figure 1.6.1: Resistivity vs temperature for a SOP mode of 100meV. Inset:
Conductivity vs SOP energy for a constant temperature of 300K. The dotted line
indicates bilayer graphene.100
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The contribution of SOP scatting to the low-field mobility was determined by Perebeinos
et al and is shown in Equation 1.6.7.105 Here, z0≈3.5Å is the van der Waals distance between the
graphene and the dielectric substrate, Nsop is the occupation number of the SOPs, β≈0.0115 is a
global fitting parameter, and 𝑘0 ≈

2𝜔 𝑆𝑂𝑃
𝑣 𝐹 )2

(

+ 𝛼𝑛, where α≈10.5.105 Additionally, the low-field

mobility is a non-monotonic function of the carrier density, n, and the Fv2 term describing the
magnitude of the polarization field is called the Frohlich coupling parameter and is analogous to
the coupling strength, g, detailed previously in Equation 1.6.4 by Fratini et al.100

𝝁𝑺𝑶𝑷 ≈ 𝜷

ћ𝒗𝑭 𝒆𝒗𝑭 𝐞𝐱𝐩(𝒌𝟎 𝒛𝟎 )
𝒆𝟐 𝑭𝒗 𝟐 𝑵𝑺𝑶𝑷 𝒏

Equation 1.6.7105

The total mobility of single layer graphene on various substrates can then be
approximated by summing the extrinsic mobility contributions from all SOP modes of the
dielectric, as well as the mobility contributions from the intrinsic acoustic phonons and optical
phonons of graphene, µac and µop, respectively.105 Therefore, the total mobility can be
approximated by the Boltzmann transport equation (BTE) and yield Equation 1.6.8.

𝝁−𝟏 = 𝝁𝒂𝒄 −𝟏 + 𝝁𝒐𝒑 −𝟏 +
Equation 1.6.8105

𝝁𝑺𝑶𝑷 −𝟏
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Therefore, literature has shown that the scattering induced into graphene from SOPs is
primarily dependent on the SOP mode, where lower SOP energies will result in a greater
degradation in the transport properties of graphene. To compare different dielectric materials, the
lowest surface optical phonon mode (which will have the highest contribution to SOP scattering)
for various dielectric materials are shown in Table 1.6.1.

Table 1.6.1: Lowest surface optical phonon modes for various dielectrics.
Dielectric Material Lowest Surface Optical Phonon Energy (meV)
h-BN
169.7
SiC
116
AlN
83.6
ZrSiO4
60
SiO2
59.98
Al2O3
55.01
ZrO2
25.02

Reference
Serrano et al106
Fratini et al100
Konar et al104
Perebeinos et al107
Konar et al104
Konar et al104
Konar et al104

1.6.3: Charged Impurity Scattering and Dielectric Screening

Dangling bonds and absorbed impurities at or near the dielectric-graphene interface can
introduce scattering in the form of long-range, unscreened, Coulombic scatterers.98,99,104
Scattering from charged impurities results in a conductivity that is linearly dependent on the
carrier concentration, leading to a constant mobility away from the Dirac point for both
monolayer and bilayer graphene.98 Additionally, charged impurity scattering results in mobilities
that are independent of temperature due to the unique dispersion relationship in graphene. 98 The
distance between the graphene layer and the remote charged impurities also has an effect on
conductivity, as shown in Figure 1.6.2, where the charged impurities are considered as an
impurity layer located a distance d from the graphene-dielectric interface.
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Figure 1.6.2: Effect of the ratio of charge carrier density (n) to impurity
concentration (ni) on the conductivity of graphene as a function of distance (d)
between the graphene layer and the 2D impurity layer.98

Equation 1.6.9 gives the scattering rate, calculated by Konar et al, due to charged
impurities (

𝟏

), where nimp is the density of charged impurities at or near the graphene-

𝝉𝒊𝒎𝒑 (𝒌)

dielectric interface and εavg is the average dielectric constant of the environment surrounding the
graphene layer, i.e. 𝜀𝑎𝑣𝑔 = 𝜀𝑡𝑜𝑝 + 𝜀𝑏𝑜𝑡𝑡𝑜𝑚 )/2 .104

𝒏𝒊𝒎𝒑
𝟏
𝒆𝟐
=
𝝉𝒊𝒎𝒑 (𝒌)
𝝅ħ 𝟐𝜺𝟎 𝜺𝒂𝒗𝒈
Equation 1.6.9104

𝟐

𝑭(𝒂)
𝜺(𝒌)
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Therefore, it is apparent that the contribution of charge impurities to the scattering rate is
not only a function of the charged impurity concentration, but also a function of the dielectric
environment around graphene. Additionally, from Equation 1.6.9, it is clear that the scattering
rate can be significantly reduced through the use of a high-k dielectric with graphene electronics,
in a phenomena known as dielectric screening.104 However, despite the ability to screen charged
impurity scattering, high-k dielectrics ultimately lead to increased scattering due to their lower
SOP modes, as shown in Figure 1.6.3.104

Figure 1.6.3: Scattering rate vs SOP absorption energy for various dielectrics.
Higher dielectric constants result in increased scattering from SOPs.104

Figure 1.6.4 shows the modeled mobility for five different dielectric materials, where the
solid red line indicates the expected mobility enhancement if SOP scattering were completely
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neglected. Here the mobility (𝜇 = 𝜎/𝑛𝑒) is calculated from the conductivity (𝜎 𝑇 =
𝑒2

(  )2𝑣𝐹 𝑘𝐹𝜏 ), where τ is obtained from Equation 1.6.9 and kF is the Fermi wave vector.104 The
modeled improvement in mobility due to dielectric screening of charged impurities is effectively
countered by the increased SOP scattering (filled circles), where a constant temperature of 300K,
impurity density of nimp=5x1011cm-2, and a carrier concentration of n=1012cm-2 were used. Here
the total mobility, taking SOP scattering and charged impurity scattering into account, is
calculated from 𝜏𝑡𝑜𝑡 = (𝜏𝑆𝑂𝑃 −1 + 𝜏𝑖𝑚𝑝 −1 )−1 .104

Figure 1.6.4: Mobility of graphene for five different dielectric substrates. The
solid red line indicates the modeled behavior of increased mobility with
increasing dielectric constant. However, when SOP scattering (filled circles) is
taken into consideration, the mobilities are significantly reduced.104
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Due to the fact that SOP scattering is temperature dependent and charge impurity
scattering is temperature independent, the expected degradation in mobility of high-k dielectrics
due to SOP scattering is expected to decrease at lower temperatures. Figure 1.6.5 shows this
effect.

Figure 1.6.5: Mobility of graphene on various substrates as a function of
temperature. At low temperatures, dielectric screening allows high-k materials to
experience high mobilities. However, at higher temperatures SOP scattering
begins to degrade mobility.104
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At low temperatures, the use of a high-k dielectric can result in mobility improvements of
~4x (using ZrO2) due to the reduced contribution from SOP scattering and the enhanced
contribution from dielectric screening, where ZrO2, Al2O3, HfO2, AlN, and SiO2 have dielectric
constants of 24.0, 12.53, 22.0, 9.14, and 3.9, respectively. However, at room temperature, the
mobilities of graphene on the high-k dielectrics are significantly degraded compared to lower-k
dielectrics, such as SiO2 and AlN, due to the increased scattering from SOPs in high-k
materials.104

1.7: Hexagonal Boron Nitride as a Dielectric Material for Graphene Devices

One promising dielectric for potential integration with graphene is hexagonal boron
nitride (h-BN), an insulating isomorph of graphene with a lattice mismatch of approximately
1.7%.108 Though it has dielectric properties similar to SiO2 (ε ≈ 4, VBreakdown ≈ 0.7 V/nm),109 h-BN
has several key advantages. One of these advantages is an atomically smooth surface. Not only
does the h-BN surface have a reduced surface roughness, having an RMS roughness of 50pm for
exfoliated h-BN (compared to 250pm for SiO2),110 but it is also expected to be free of dangling
bonds due to its strong in-plane covalent bonding and weak inter-planar van der Waals bonds.111
Therefore, compared to other dielectrics, the interface between graphene and h-BN is expected to
exhibit a low density of charge traps and adsorbed impurities that may act as remote ionized
impurity scatterers. Another advantage to h-BN is that it possesses high energy surface optical
phonon modes,109 as shown in comparison to other common dielectrics in Figure 1.7.1.
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Figure 1.7.1: Graphical representation of Table 1.6.1 showing a comparison of
the lowest surface optical phonon modes of various dielectrics.

Therefore, h-BN is expected to incorporate less remote surface optical phonon scattering
into graphene compared to high-k dielectrics and SiO2. Both ionized impurities and surface
optical phonons can induce scattering in graphene, as described in Section 1.6. Therefore, h-BN
theoretically has a significant advantage to high-k dielectrics, despite the fact that it has a
dielectric constant similar to SiO2.
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1.7.1: Novel Properties of Graphene/h-BN Heterostructures

Heterostructures composed of various 2D conducting, semi-conducting, and insulating
materials have attracted considerable interest in recent years. Of these 2D material systems, the
graphene/h-BN heterostructures have become one of the most important and well documented,
due to h-BN being an insulating isomorph of graphene. Besides the well documented benefits of
reduced charge carrier scattering in graphene, the use of h-BN as a supporting substrate has
resulted in reports of novel electrical properties, such as a fractional quantum Hall effect with an
anomalous Landau gap112 and unique superlattice Dirac points.113 Additionally, it has been shown
that the mean free path of electrons in graphene encapsulated in h-BN can be on the order of
several micrometers due to the reduced scattering from the h-BN dielectric environment.114
Theoretical computation methods, such as density functional theory (DFT) and local
density approximation (LDA) have been used to model the electronic structure of graphene/h-BN
heterostructures.108,115 It was found that total energies of the heterostructures is dependent on the
stacking geometries of h-BN and graphene layers and can influence the electronic structure of the
superlattice. Sakai et al investigated several stacking geometries and found that the configuration
analogous to AB stacking of graphite, where the B atoms of h-BN are directly under the C atoms
of graphene and the N atoms are directly under the center of the hexagonal graphene ring
(denoted as the Ab configuration), was the most stable among various configurations.115 Even
more, Giovannetti et al found that this stacking sequence resulted in the opening of a bandgap in
graphene of 53meV at the Dirac point, leading to a finite effective mass for Dirac fermions in
graphene.108 This is a due to the interaction of graphene with the h-BN substrate, which has
inequivalent B and N sublattices. Consequently the symmetry between graphene’s two equivalent
carbon sublattices is broken, resulting in the formation of a bandgap, which has significant
implications for improving the cut-off frequency of graphene-based electronics. Alternative
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stacking configurations of graphene/h-BN also induce bandgaps, however these were smaller than
that obtained with the Ab configuration.108 Additionally, Sakai et al found that a superlattice of
alternating bilayer h-BN and graphene layers in the Ab configuration resulted in an electron
effective mass of 0.015me.115 Interestingly, this effective mass is less than that of freestanding
bilayer graphene (me* = 0.019me). The reduced effective mass and formation of a bandgap in
graphene indicate excellent potential for novel semiconducting devices using Ab configured
graphene/h-BN superlattices.115
Experimentally, it was found through scanning tunneling microscopy (STM) that the
local electronic properties of graphene varied depending on substrate choice. 116 It was found that
graphene on h-BN had a more homogeneous adhesion compared to graphene on SiO2, where
several areas were partially suspended locally, causing the STM tip to vibrate and become
unstable. Additionally, the RMS roughness measured via STM for graphene on SiO2 and h-BN
was 1.5-2.0Å and 0.02-0.17Å, respectively.116 Importantly, it was found that the charge density
distribution of graphene on SiO2 was significantly more inhomogeneous than for graphene on hBN, as shown in Figure 1.7.2, where a ~3.5x (RMS) increase in the charge density distribution
values were found. This suggests that a smaller density of charged impurities is present on the
graphene/h-BN sample compared to the graphene/SiO2 sample.116 Additionally, differential
conductance spectra obtained from STM indicates reduced electron-phonon and electron-electron
scattering in the graphene/h-BN sample. However, the differential conductance spectra does not
suggest an opening of a bandgap, as predicted previously, due to the random orientations obtained
experimentally.116
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Figure 1.7.2: (a,b) Topography of graphene on h-BN (a) and SiO2 (b). (c,d)
Charge density maps of graphene on h-BN (c) and SiO2 (d).116

Ahn et al report significant differences between the electronic interaction of graphene and
h-BN and the interaction of graphene and SiO2 through use of Raman spectroscopy.117 Here, it
was demonstrated that Raman spectroscopy can be a simple and effect tool for detecting changes
in Fermi velocity (vF), strain, and charge carrier doping in graphene.117 It was observed that the
Raman signal of graphene on h-BN was primarily affected by changes in vF and strain and that
little doping occurred, unlike for graphene on SiO2. The Raman 2D vs G peak and the 2D/G vs G
peak for graphene on h-BN and SiO2 are shown in Figure 1.7.3a and 1.7.3b, respectively.
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Figure 1.7.3: (a) Correlation between the Raman 2D vs G peaks of graphene on
h-BN (crosses) and SiO2 (open circles). The blue and red colored data indicate
two separate samples and the brown squares indicate Raman spectra of graphene
on SiO2 taken from various references. The inset shows the trajectories
associated with compressive strain (eC), tensile strain (eT), hole doping (eH), and
Fermi velocity reduction (eFVR). (b) 2D/G ratio vs G peak for graphene on h-BN
and SiO2.117

The vF reduction is a result of van der Waals interlayer interactions, due to modulation in
the dispersion of π and π* bands, and was found to only effect the 2D peak of graphene since the
E2G (G peak) of graphene is not affected to a first-order approximation.117 Interestingly, the
reduction in vF was not observed for graphene on SiO2 due to reduced van der Waals interaction.
However, apparent from Figure 1.7.3a, the hole doping in the graphene on h-BN samples is
considerably less than that on SiO2. Additionally, the 2D/G ratio of the graphene on h-BN
samples in Figure 1.7.3b indicates similar values to that of charge-neutral graphene (denoted by
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the green dot) while the 2D/G ratio of SiO2 samples is much less, indicating hole doping, where
the 2D/G ratio is sensitive to small changes in carrier concentration. 117 Both the graphene on hBN and SiO2 samples are affected by strain, where the films were found to be slightly
compressed at strains of ~0.1%.117 Importantly, these results indicate that Raman spectroscopy
can be a useful tool for rapid analysis of the electronic interactions between graphene and various
dielectric materials in terms of relative charge doping, strain, and vF reduction.

1.7.2: Effects of h-BN Dielectrics on Graphene Transport

Indeed, it has been shown extensively in the literature that h-BN, as a supporting
substrate, can significantly improve the transport properties of exfoliated and CVD grown
graphene compared to SiO2 and high-k dielectrics.109,118,119 Wang et al demonstrated the
fabrication

of

graphene field effect transistors

(GFET) using

h-BN/Graphene/h-BN

heterostructures using exfoliated h-BN and bilayer graphene.110 The transport properties of these
devices were then compared to GFETs fabricated with exfoliated bilayer graphene on thermally
grown SiO2 gated with a 16nm thick ALD deposited Al2O3 gate dielectric.110 A cross sectional
schematic of both GFET structures is shown in Figure 1.7.4a.
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Figure 1.7.4: Schematic cross-section of (a) the h-BN/graphene/h-BN GFET and
(b) the Al2O3/graphene/SiO2 GFET. (c) RF performance of both GFET structures
showing their respective cut-off frequencies.110

Compared to the Al2O3/graphene/SiO2 GFET, the h-BN/graphene/h-BN GFET showed
an improvement in transconductance of 70% (gm increase from 140 mS/mm to 238 mS/mm) and
an increase in transistor cutoff frequency (at a back-gate voltage of -30V) of nearly 2x (fT
increase from 18 to 33 GHz, where the gate length (LG) was 450nm) compared to the SiO2
supported, Al2O3 gated GFET after an open-short de-embedding procedure.110 The extracted
mobilities for the Al2O3/graphene/SiO2 GFET and the h-BN/graphene/h-BN GFET were found to
be 1200 and 6500 cm2/V-s, respectively.110 Additionally, transfer curves (IDS vs VGS) of the hBN/graphene/h-BN GFET indicate negligible doping effects from the surrounding h-BN
dielectrics, as shown in Figure 1.7.5. Alternatively, the Al2O3/graphene/SiO2 GFET not only
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shows reduced current density and transconductance, but also a shift in the minimum conduction
point, indicating hole doping from the dielectric environment.110

Figure 1.7.5: DC characterization (IDS vs VGS) of (a) h-BN/graphene/h-BN
GFET and (b) Al2O3/graphene/SiO2 GFET at VDS = 1V.110

Kim et al also investigated the use of an h-BN supporting substrate for graphene
synthesized via CVD.120 Here, h-BN flakes were exfoliated onto SiO2 and CVD graphene was
transferred over the h-BN flakes and SiO2 substrate to compare GFETs fabricated on both
substrates. Figure 1.7.6 shows the effective mobility vs carrier concentration (controlled through
backgating) of CVD graphene on exfoliated h-BN and SiO2. Use of h-BN results in a 3-4x
increase in effective mobility compared to the SiO2 substrate. Additionally, it was found that
GFET channel scaling resulted in considerably higher mobilities, where scaling from 2µm to
500nm resulted in a >10x increase in mobility for GFETs on h-BN at a carrier concentration of
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1012cm-2, due to the decreased resistance and increased channel current in short-channel
devices.120

Figure 1.7.6: Comparison of effective mobility as a function of carrier
concentration between CVD GFETs on h-BN and SiO2 substrates. Additionally,
the effect of gate length scaling is shown.120

Several other groups have also reported similar enhancement of transport properties of
graphene (both exfoliated and CVD-grown) using h-BN dielectrics over SiO2 and high-k
dielectrics, as detailed in Table 1.7.1.
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Table 1.7.1: Comparison of graphene transport data from various groups
utilizing h-BN dielectrics.
Reference
110

Wang et al
120
Kim et al
Gannet
et
119
al
121
Meric et al
109
Dean et al
39
Lee et al

Graphene
Synthesis
Exfoliation
CVD

h-BN
Synthesis
Exfoliation
Exfoliation

Gate
Length
450nm
500nm

gm
(mS/mm)
238
1040

CVD
Exfoliation
Exfoliation
CVD

Exfoliation
Exfoliation
Exfoliation
CVD

N/A
500nm
N/A
2µm

N/A
400
N/A
N/A

µ
(cm2/V-s)
6500
18000
28800
10000
25000
573

n
(cm-2)
N/A
12
10

µ Increase
over SiO2
>5x
3-4x

N/A
11
2.2x10
N/A
11
2x10

3-4x
>2x
>3x
3x

In all examples listed in Table 1.7.1, the h-BN layer used for the gate dielectric was
multi-layer with thicknesses generally >10nm. This is due to the fact that excessive tunneling
currents have been reported for h-BN dielectrics less than four layers thick.42,43 In these reports, it
was found through conductive atomic force microscopy (CAFM) that mono-, bi-, and tri-layer hBN samples show significant conduction, even at low bias, due to direct tunneling. At four layers
however, the films are insulating at low bias and show a sharp increase in conduction upon
breakdown, where breakdown voltage increases with increasing thickness as shown in Figure
1.7.7.43 Lee et al showed that the average breakdown voltage field (the voltage at which the
current reached 10-11A normalized by thickness) of the insulating h-BN films was 7.94MV/cm,
which is similar to that of SiO2 (8-10MV/cm).43
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Figure 1.7.7: Tunneling current vs breakdown voltage for exfoliated h-BN films
of various thicknesses at a fixed loading force of 2nN. Here, N = number of
layers.43

Therefore, literature has consistently shown that h-BN as a supporting and gate dielectric
can be advantageous for graphene device development, leading to significant improvements in
graphene’s transport properties over conventional dielectrics. However, when used as a gate
dielectric, the thickness of the h-BN layer needs to be considered as tunneling currents can
become problematic for atomically thin films (<4 layers). Additionally, focus to-date has been
limited to h-BN integration with CVD or exfoliated graphene. The effects of h-BN on epitaxial
graphene, which is more conducive to large scale high performance electronics and
commercialization, have not yet been investigated.

Chapter 2

Equipment and Experimental Procedures

2.1: Experimental Materials and Substrate Cleaning Process

Hexagonal boron nitride was grown via CVD on copper foils, silicon, and sapphire
substrates. In all cases, ammonia borane (NH3BH3) was used as the precursor for h-BN growth.
The ammonia borane used in this study was purchased from Sigma Aldrich (part #682098) and
had a listed purity of 97%. For all growths (unless stated otherwise), 200mg of ammonia borane
was loaded into the sublimator in disposable aluminum carrier boats. The sublimation conditions
and procedure will be discussed in the next section.
For growth of h-BN on copper substrates, 25µm thick 99.999% (metals basis) pure Cu
foils (Alfa Aesar, part #10950) were used. Table 2.1.1 details the cleaning procedure for sample
preparation, where room temperature (RT) is considered to be ~20°C. A simple solvent clean
with acetone at 70°C for 10 minutes followed by isopropyl alchohol (IPA) at room temperature
for 2 minutes was used to remove organic contamination from the Cu surface. Following a DI
water bath, the samples were placed in acetic acid (Glacial, JT Baker, part #9503-05) diluted to
20% in DI water to remove the native copper oxide. The samples were held in the dilute acetic
acid at 70°C for 10 minutes, then placed in a DI water bath for 2 minutes to remove residual
acetic acid. The Cu samples were blown dry with nitrogen and loaded into the tube furnace via a
quartz sample boat immediately after cleaning to reduce re-growth of the native copper oxide.
The size of the copper foils varied depending on the desired use of the h-BN films. For general
materials characterization and process optimization, 1x1cm2 samples were used for eventual
transfer to arbitrary substrates for various characterizations. For development of quasi-
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freestanding epitaxial graphene (QFEG) devices utilizing h-BN gate dielectrics, samples as large
as 5x5cm2 were grown.

Table 2.1.1: Cleaning procedure for copper foils
Step
1
2
3
4
5

Chemicals
Acetone
IPA
DI Water
Acetic Acid (20%)
DI Water

Temperature
70°C
RT
RT
70°C
RT

Time (min)
10
2
2
10
2

For direct growth of h-BN on silicon and sapphire substrates, a variation on the cleaning
procedure was implemented and is shown in Table 2.1.2. The solvent cleaning, using acetone and
IPA, was again used for initial removal of organic residues from the substrates. However, a more
aggressive cleaning step utilizing Nanostrip 2x (Cyantek, part #539400), which is a stabilized
mixture of sulfuric acid and hydrogen peroxide compounds, was used to remove stuborn organics
and ionic contamination. For the sapphire samples, the cleaning process was complete after the
Nanostrip 2x step and a subsequent DI water bath. For the silicon samples however, the native
oxide had to be removed via a hydrfluoric acid step. Therefore, a 10:1 buffered oxide etch (BOE)
(JT Baker, part #5175-03) solution was utilized, where the Si samples were soaked for 1 minute
before being immediately placed in DI water bath to remove residual BOE solution. Both the
sapphire and Si samples were dried with nitrogen and placed immediately in the tube furnace to
reduce re-growth of silicon’s native oxide and general exposure to ambient conditions.
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Table 2.1.2: Cleaning procedure for Si and Al2O3 substrates
Step
1
2
3
4
5
6
7

Chemicals
Acetone
IPA
DI Water
Nanostrip 2x
DI Water
HF. 10:1 BOE (Si only)
DI Water

Temperature
70°C
RT
RT
90°C
RT
RT
RT

Time (min)
10
2
2
10
2
1
2

2.2: Boron Nitride CVD Furnace Design and Operation

Boron nitride was grown via CVD in hot-wall tube furnaces, utilizing quartz tubes. Two
tube furnaces, with a 3” and 1” nominal tube diameter, were utilized for film growth for this
thesis. The 3” tube furnace employed for this work was a Lindberg/Blue M STF-55666C 3-zone
tube furnace with a maximum temperature of 1100°C. This furnace had a heating length of 36”
and can accommodate a maximum tube diameter of 6”. The 3” tube furnace was used for large
scale growth, such as for integration with 75mm quasi-freestanding epitaxial graphene (QFEG)
wafers. Additionally, this furnace was used for all the direct growth runs on sapphire and silicon.
The 1” tube furnace used in this work was a single zone Lindberg/Blue M “Mini-mite”. This
furnace had a heating length of 12” and a maximum temperature of 1100°C. The 1” furnace was
utilized (due to its split hinge design) for its faster cooling rate, allowing a higher through-put of
samples. Therefore, this furnace was used for h-BN growth on 1x1cm2 copper foils where a large
number of runs were required for process-property analysis.
Both furnaces used an identical process flow, where the schematics and associated
component list are shown in Appendix A. The process consists of a single ultra high purity (UHP)
carrier gas source (H2/N2, 15% H2), which splits to feed into two mass flow controllers (MFC).
One MFC feeds directly into the furnace and acts as a dilution flow to dilute the ammonia borane
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precursor. The second MFC feeds into a “sublimator”, which consists of a KF-40 flanged tee
wrapped in heat tape and contains the solid ammonia borane precursor. The heating of the
sublimator is controlled via a Watlow SD31 PID controller, where the sublimation temperature of
ammonia borane was maintained at 135°C for all growth runs. Table 2.2.1 details the operation
procedure for the sublimation of ammonia borane. This temperature control process, as well as a
constant sublimation pressure of ~100 Torr (maintained via a needle valve downstream of the
sublimator), was kept standard for all growth runs, since the heating rate and sublimation pressure
have been shown to affect the sublimation kinetics of ammonia borane, as detailed in Section 1.3.

Table 2.2.1: Temperature set points and operating procedure of Watlow SD31
PID controller for ammonia borane sublimation process.
Step
1
2

Set Temperature (°C)
55
80

3
4

110
135

Procedure
Initiated with 35 minutes left in pre-growth anneal
Set when sublimation temperature reaches 80°C upon
overshoot
Initiated with 10 minutes left in pre-growth anneal
Set when sublimation temperature reaches 135°C upon
overshoot

Heating of the sublimator begins when there is 35 minutes remaining in the pre-growth
anneal (sample annealing will be discussed in the next section). The first input temperature to the
Watlow SD31 PID controller is 55°C. The heating tape, being rated for high temperatures (up to
700°C), easily overshoots this temperature despite the fact that the input power to the heat tape is
restricted via a variable temperature switch (McMaster.com part #35655K89). The sublimator
temperature will overshoot to ~80°C, at which point the Watlow SD31 can be reset to 80°C. This
temperature is held to remove residual water from the sublimator until there is 10 minutes
remaining in the pre-growth anneal. At this point, sublimation is initiated by setting the Watlow
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SD31 PID controller to 110°C, where the temperature will quickly jump to >135°C due to the
exothermic reactions at ~110°C and ~125°C caused by the first and second weight loss steps,
respectively, as discussed in Section 1.3. Once a temperature >135°C is reached, the Watlow
SD31 is reset to 135°C and maintained at this temperature for the duration of the growth run.
During the initial sublimation ramp, the sublimator is vented to the roughing pump via a vent line,
as shown in Appendix A. This allows the initial hydrogen release, which results in a large spike
in pressure (usually to >600 Torr) to stabilize. Once the sublimator pressure has returned to ~100
Torr and the pre-growth furnace anneal is complete, the ¼ turn valve to the vent line can be shut
off and the ¼ turn valve to the furnace can be opened, where the gas-phase precursors mix with
the dilution gas line and subsequently flow into the tube furnace for BN growth. All gas lines
downstream of the sublimator and leading up to the tube furnace are heated with heat tape at a
constant temperature of 150°C to prevent condensation of the gas-phase precursors on the insides
of the ¼ stainless steel tubing.

2.3: CVD Growth Processes

2.3.1: Growth of h-BN on Copper Substrates

Hexagonal boron nitride is grown on 25µm thick, 99.999% pure Cu foils via a catalytic
thermal CVD method utilizing a single ammonia borane (NH3BH3) precursor similar to
previously reported methods.36 After cleaning, described in Section 2.1, the 10x10mm2 Cu foils
are loaded into a 25mm diameter tube furnace on a quartz boat. A pre-growth anneal is performed
at 1000°C and 350mTorr for 2 hours to remove any additional oxide that may have re-grown
following cleaning and to increase the grain size of the starting Cu surface via a thermal surface
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reconstruction.86,122 For many growth runs, the Cu foils were encapsulated in a Cu enclosure by
wrapping the boat and samples with 99.8% purity (Alfa Aesar, part #13382), shown in Figure
2.3.1. This resulted in a gas-phase Cu overpressure during the pre-growth anneal and growth
processes, which led to a reduction in the amount of copper loss from the sample surface and an
improvement in the starting grain size.87 Additionally, the Cu overpressure was used to improve
the growth of h-BN, which will be discussed in later sections.

Figure 2.3.1: (a) Six 10x10mm2 Cu foils on quartz boat over large Cu foil. (b)
Large Cu foil folded over Cu samples to form enclosure. (c) Copper enclosure in
1” quartz tube furnace.

After the pre-growth anneal, the ammonia borane was introduced following sublimation,
as described in Section 2.2. The growth time, pressure, and temperature were varied to give a
range of parameters for a complete systematic study of h-BN growth via CVD on Cu foils. The
parameter ranges are listed in Table 2.3.1. The parameters had a significant effect on the
thickness of the h-BN films and will be discussed in detail in later sections.
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Table 2.3.1: Growth parameter ranges for CVD growth of h-BN on Cu foils.
Parameter
Growth Temperature
Growth Pressure
Growth Time

Range
800 - 1050°C
0.250 – 5.0 Torr
2.5 – 60 mins

After growth is completed, the ammonia borane source is isolated from the process
furnace by shutting off the ¼ turn valve to the tube furnace and opening the ¼ valve to the vent
line. The furnace is shut off and the samples are allowed to slowly cool to room temperature
under H2/N2 (15% H2) flow. Figure 2.3.2 shows a pressure/temperature profile of a typical growth
run, shown here with a two hour pre-growth anneal at 1000°C, a 30 minute growth at 1000°C,
and a pressure of 0.25 Torr.

Figure 2.3.2: Pressure/Temperature profile of a typical growth run for BN
synthesis on copper.

79
2.3.2: Growth of h-BN on Silicon and Al2O3

In addition to the catalytic growth of h-BN on transition metal substrates for use as a topgate dielectric in graphene electronics, boron nitride films were also deposited onto Si(111) and
Al2O3(0001) substrates directly, using a transfer-free deposition method. This method involves
the initial deposition of a hydrogenated polymer precursor known as polyborazylene (B 3N3Hx)
and the subsequent ceramic conversion to boron nitride. This direct deposition method provides a
means to deposit an h-BN supporting dielectric for CVD grown graphene that can also act as a
back-gate dielectric when deposited on highly doped, conductive Si. Polyborazylene is
synthesized from borazine through a dehydropolymerization process, detailed in Section 1.4,
where initial hydrogen loss occurs between 125 and 300°C by means of a two-dimensional crosslinking reaction of B-H and N-H groups, forming the polymer polyborazylene.52 Upon further
heating, a second hydrogen loss reaction occurs between 700-1100°C from unaligned chain
branches of polyborazylene, forming h-BN.52 In this work, ammonia borane was again used as the
precursor material to borazine upon sublimation at 135°C. The deposition of polyborazylene was
performed under 100 Torr of H2/N2 (15% H2) carrier gas at two temperatures, 250°C and 400°C.
These two temperatures were selected to represent one temperature within the first hydrogen loss
regime and one slightly above the regime. Growth time of the polyborazylene film was varied for
desired film thickness. A post deposition anneal was then performed at 1 Torr H2/N2 (15% H2),
1000°C for one hour to facilitate the ceramic conversion, via the second hydrogen loss process, to
boron nitride. A pre-growth anneal was performed prior to growth at the polyborazylene
deposition temperature, unless otherwise noted, for 30 minutes. Additionally, h-BN films were
deposited directly at 1000°C, without the use of a polyborazylene deposition step, for
comparison. Table 2.3.2 details the deposition conditions used for the direct growth of h-BN on
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Si and Sapphire substrates. Typical pressure/temperature growth profiles for each of the four
synthesis conditions are shown in Appendix B.

Table 2.3.2: Description of various direct BN growth conditions
Polyborazylene
Deposition
Temperature (°C)
1000
400
250
250

Pre-growth Anneal
(°C)

Post-Growth Anneal
(°C)

Growth time (mins)

1000
400
250
1000

N/A
1000
1000
1000

5-20
10-30
60-120
60-120

2.4: Transfer Process

For general materials characterization and integration as a top-gate dielectric to QFEG,
the as-grown h-BN films (grown on Cu foils) have to first be decoupled from the Cu foil substrate
and then transferred to arbitrary substrates or QFEG ohmic level devices for characterization or
device integration, respectively. This transfer process, detailed in Figure 2.4.1, is also used in this
work for transfer of CVD graphene (grown on Cu foils) to direct growth BN on Si or Al 2O3 and is
similar to previously reported techniques for transfer of CVD grown graphene from Cu.67
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Figure 2.4.1: Process detailing the major steps for transfer of h-BN or graphene
grown on copper substrates

Using a spin bench, the transfer process begins first by coating the h-BN on Cu films
with photoresist (950 PMMA A3, MicroChem). The spin bench is operated at 4000rpm for 45
seconds. Following resist application, the samples are soft baked at 105°C for 1 minute. The
samples are then placed upside down in a TVA TePla M4L plasma etcher to remove any h-BN
(or graphene) that may have grown on the backside of the copper substrate. Removal of this
backside film will help to expedite etching of the Cu foil. The etching recipe utilizes flow rates of
150 sccm O2 and 50 sccm He, a pressure of 600mTorr, a plasma power of 150 sccm, and an etch
time of 1 minute. After PMMA application and back-side etching, the Cu substrate is removed
using a ferric chloride solution (CE-100, Transene Company). The time required for this step can
vary drastically from <15 minutes to several hours depending on how effectively the backside
film was removed and whether or not any PMMA was accidentally coated to the backside of the
sample. After the Cu foil is completely etched away, the remaining PMMA/h-BN film is then
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transferred via a SiO2 transfer wafer to a water bath to remove residual etchant, followed by a
10% hydrochloric acid bath (JT Baker, product #9539-05) diluted in DI water, followed by a
second water bath to remove residual HCl. After the final water bath, the PMMA/h-BN film can
be carefully transferred to the cleaned final substrate. The sample is then dried on a hot plate at
50°C for 10 minutes then 90°C for 10 minutes to remove residual water trapped between the film
and the substrate. The PMMA is then removed with acetone at room temperature for 30 minutes,
followed by IPA at room temperature for 2 minutes to remove residual acetone. Finally, the
transferred h-BN film is heated again on a hot plate to 50°C for 10 minutes then 90°C for 10
minutes to drive off residual IPA. If necessary, removal of residual PMMA and water from the
transfer process may be accomplished via a post-transfer anneal at 400°C for 20 minutes in a
rapid thermal annealer under an H2/N2 (15% H2) environment.

2.5: Integration of h-BN with Graphene Devices

For large area development of h-BN top gated quasi-freestanding epitaxial graphene
(QFEG) devices, a 75mm epitaxial graphene wafer (Figure 2.5.1a) is grown via the sublimation
of silicon from 6H-SiC (0001) at 1625°C for 15 minutes under 1 Torr argon (Ar) background
pressure.123 The wafer is then exposed to 600 Torr hydrogen (H2) at 1050°C for 120 minutes to
intercalate hydrogen at the graphene/SiC(0001) interface, leading to the formation of QFEG. 83
Radio frequency field-effect transistor structures and Van der Pauw (VdP) Hall crosses are
fabricated using standard ultra-violet photolithography. Transistors (Figure 2.5.1b) utilize twofinger gates, 2x(10x1)µm (WxL) with 750nm source-drain spacing, while VdP structures (Figure
2.5.1c) are 5x5µm2 squares and often incorporate SiC step edges known to effect carrier density
and mobility.124 Source/drain contacts (Ti/Au 10/50nm) are prepared using an oxygen plasma

83
pretreatment of the underlying graphene, as detailed in previous work,123 and deposited via
electron beam physical vapor deposition (Kurt J. Lesker, Lab-18). For wafer scale dielectric
integration, h-BN is deposited on 50x50mm2 Cu foils in a 75mm diameter horizontal tube furnace
and subsequently transferred to a 75mm QFEG wafer previously patterned with ohmic level
device structures. The transferred h-BN dielectric layer is patterned and etched via a magnetically
enhance reactive ion etch (MERIE) (Applied Materials, P5000) using a CHF3/CF4 mixture to
clear the ohmic contacts of h-BN.

Figure 2.5.1: (a) Optical image of a 75mm quasi-freestanding epitaxial graphene
wafer with CVD h-BN gated transistors and Van der Pauw Hall crosses. (b)
FESEM image of an h-BN gated graphene FET structure. (c) FESEM image of
an h-BN coated Van der Pauw Hall cross. False coloration has been added to
FESEM images for enhancement.

Graphene devices were also fabricated for CVD graphene grown on copper substrates
and transferred to h-BN directly grown on silicon or sapphire. Here, the graphene was grown in a
50mm diameter tube furnace (MTI, OTF-1200X) with a maximum temperature of 1200°C. The
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copper substrates were cleaned via the same process used for growth of h-BN on copper and
placed in the tube furnace on an alumina sample boat connected to a spool system with tungsten
wire for post-growth extraction. Following a pre-growth anneal at 1000°C and 1 Torr for 30
minutes under an H2 flow of 20 sccm and an Ar flow of 180 sccm, growth was initiated by
flowing 60 sccm CH4 (after reducing the Ar flow to 120 sccm to retain the same total flow rate).
Growth proceeded at 1000°C and 1 Torr for 15 minutes. After completion of the growth process,
the samples were extracted via the spool system to allow for quenching to precipitate the carbon
from the copper foil to form graphene.67 Upon transfer, as detailed in Section 2.4, devices were
fabricated via the same UV photolithography process as was used for fabrication of QFEG
devices. However, for these samples, no gate dielectric or gate contacts were employed.

2.6: Characterization Techniques

For general materials characterization of h-BN films grown on Cu substrates, h-BN is
deposited on 10x10mm2 Cu foils in a 25mm diameter horizontal tube furnace and subsequently
transferred to Si(111) substrates for further characterization. These films were characterized prior
to transfer (as-grown) with Raman spectroscopy (WiTec CRM200) at an incident laser
wavelength of 488nm for bonding and structural information and scanning electron microscopy
(SEM) (Leo 1530 FESEM) with an accelerating voltage of 5kV for morphological analysis.
Following transfer, the films on Si(111) are again characterized with Raman and SEM, and
additionally with optical ellipsometry (Gaertner L116C), assuming a bulk refractive index of hBN of 1.67, for thickness measurements and atomic force microscopy (AFM) (Bruker Icon) with
a scan rate of 0.5 Hz and a resolution of 512 points per line for surface roughness measurements.
Select h-BN films were also transferred to 3mm diameter 200 mesh lacey carbon TEM grids for

85
high-resolution transmission electron microscopy (HRTEM) (JEOL 2010F) for structural
analysis. Additionally, select h-BN films, both as-grown on copper and transferred to Si(111)
substrates, were characterized with x-ray photoelectron spectroscopy (XPS) (Kratos Axis Ultra)
utilizing an Al Kα x-ray source with energy of 1486eV for chemical bonding and stoichiometry
analysis. For electrical breakdown measurements of h-BN films grown on Cu, the films were
transferred to Si/SiO2(300nm)/Ti(10nm)/Au(500nm) substrates. Contacts (Ti/Au 20/100nm) with
nominal sizes of 500, 250, and 125µm were deposited over the h-BN film using a shadow mask
and the Lab-18 e-beam evaporator. Breakdown measurements were then performed with a
Keithley 4200 semiconductor characterization system Figure 2.6.1 shows an SEM image of the
shadow masked contacts deposited on an h-BN film.

Figure 2.6.1: SEM image of shadow masked contacts deposited on an h-BN film
transferred to an Au/Ti/SiO2/Si substrate for breakdown analysis.
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For direct growth of h-BN on Si(111) and sapphire substrates, SEM and AFM were again
used to characterize the as-grown morphology and surface roughness, respectively, of the films
and optical ellipsometry was used for thickness measurement. Also, chemical bonding and
stoichiometry were again investigated using XPS. Cross-sectional TEM analysis was performed
by the JEOL 2010F TEM after sample preparation by focus ion beam (FIB) milling. Cross-plane
thermal transport properties of thin film h-BN films were measured using time-domain
thermoreflectance (TDTR), which is a femtosecond laser pump-probe based approach to monitor
time-resolved, temperature-induced changes in optical reflectivity.125 For TDTR preparation, each
sample was coated with 70nm of aluminum metal to serve as a thermo-reflectance transducer.
For each sample, data was acquired at five randomly chosen spots (laser beams focused down to
50µm diameter). Analysis of TDTR data was performed using a nonlinear least-squares
application to Cahill’s frequency domain model.126 For this analysis, the physical properties of the
aluminum layer were held constant. The aluminum thickness was quantified by picosecond
acoustics and bulk aluminum thermal properties were assumed. For data fitting to the thermal
diffusivity model, heat capacities of bulk sapphire, silicon, and h-BN were used. For each sample,
data sets were statistically analyzed to obtain average ± standard deviation values. Raman
spectroscopy was used to investigate strain and Van der Waals interactions that lead to Fermi
velocity reduction of transferred graphene on various dielectrics. Raman data was obtained
through 20µm line scans utilizing a WiTec CRM200 at an incident laser wavelength of 488nm.
Using the same contacts shown in Figure 2.6.1, electrical breakdown measurements were
performed on h-BN films directly grown on conductive Si(111) with a Keithley 4200
semiconductor characterization system. Hall mobility and hole concentration of transferred CVD
graphene was obtained with a Nanometrics 4-point probe Hall mobility measurement system.
Van der Pauw test structures with 10x10µm2 Hall crosses and Ti/Au (10/50nm) contacts were
prepared via standard UV photolithography techniques.
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For electrical characterization of h-BN gated GFETs on QFEG wafers, room temperature
Hall effect measurements of VdP test structures are taken before transfer, immediately after
transfer, and after a 400°C anneal with a Nanometrics Hall mobility measurement system, while
temperature dependent Hall mobility measurements of VdP test structures are again obtained with
a Lakeshore cryogenic probe station. RF testing of graphene FETs was performed with a Keithley
4200 semiconductor characterization system. For electrical characterization of h-BN top gated
QFEG devices, a large h-BN film thickness was used to guarantee adequately low leakage
currents. Britnell et al have shown that exfoliated single crystal h-BN demonstrates negligible
tunneling currents when a thickness of only 4 layers is used.42 However, the CVD grown h-BN
films used in this study resulted in VBreakdown<1V for thicknesses up to 20nm, possibly due to
pinholes, domain boundaries, or non-uniformities in the transferred films. Therefore, a thickness
of 50nm was used where leakage currents measured at Vgs=1V were found to be <1x10-10 A/µm2.
Gas-phase precursors evolved during the sublimation of ammonia borane was analyzed
with mass spectrometry (Dymaxion Dycor, DM200M) to investigate the chemistry of the evolved
species upon sublimation (135°C) and at direct growth temperatures (250, 400, 1000°C).
Additionally, thermogravimetric analysis (TGA) (TA Instruments, TGA Q5000) was used to
study the weight loss behavior of ammonia borane upon sublimation. The result of the TGA study
is shown in Appendix C.

2.7: Scattering Model

Following electrical characterization of h-BN and high-k gated devices on QFEG,
modeling of the carrier concentration as a function of impurity density was employed to identify
the regimes where h-BN dielectrics had an advantage over conventional dielectrics and where
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they did not. The physics of both intrinsic and extrinsic scattering mechanisms were taken into
account to explain the dependencies of temperature and carrier density on the Hall mobility of
QFEG devices having h-BN or various other dielectric coatings. For this work, modeling was
primarily performed by Matthew Hollander (Penn State, Electrical Engineering) and is detailed in
a previous work.127
The intrinsic scattering mechanisms of graphene that affect carrier transport are due to
electron-phonon interactions, where the phonon modes that require consideration are acoustic and
optical phonons. The contributions of these intrinsic scatterers are calculated as a scattering rate
using Fermi’s Golden rule.102 The acoustic phonon scattering rate (

𝟏

𝝉𝒂𝒄 (𝒌)

) for an electron in state

(k) is calculated by summing over all possible values in k-space and is given in Equation 2.7.1.102
Here, kB is the Boltzmann’s constant, T is the temperature, 𝜀𝑘 = ħ𝑣𝑓 𝑘 is the kinetic energy
where k is the wave vector and ħ is the reduced Planck constant, Dac≈16eV is the acoustic
deformation potential, vF=106 m/s is the Fermi velocity, σm=7.6x10-8g/cm2 is the 2D mass density
of graphene and vP=20 km/s is the acoustic phonon (sound) velocity in graphene. Acoustic
phonon scattering is treated as quasi-elastic, where both emission and absorption are taken into
account.102

𝟏
𝑫𝒂𝒄 𝟐 𝒌𝑩 𝑻
= 𝟑 𝟐
× 𝜺𝒌
𝝉𝒂𝒄 (𝒌) 𝟐ħ 𝒗𝑭 𝝇𝒎 𝒗𝒑 𝟐
Equation 2.7.1102

For intrinsic optical phonon scattering in graphene, again the scattering rate (

𝟏

) for

𝝉𝒐𝒑 (𝒌)

an electron in state (k) is the sum of all possible values in k-space and is given in Equation
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2.7.2.102 Here, D0≈25.6eV/Å is the optical deformation potential, ħω0=160meV is the optical
phonon energy for the zone edge transverse optical (TO) mode (which was the strongest coupling
strength with electrons), and 𝑁𝑜𝑝 =

1
ħ𝜔 0
𝑒 𝑘 𝐵 𝑇 −1

is the optical phonon number. The ± is for phonon

absorption and emission, respectively.102

𝟏 𝟏
𝑫𝟎 𝟐 (𝑵𝒐𝒑 + 𝟐 ∓ 𝟐)
𝟏
=
× [𝜺𝒌 ± ħ𝝎𝟎 ]
𝝉𝒐𝒑 (𝒌)
𝟐ħ𝟐 𝒗𝑭 𝟐 𝝇𝒎 𝝎𝟎
Equation 2.7.2102

Extrinsic scattering from surface optical phonons (SOP) of the surrounding dielectric
environment, detailed in Section 1.6.2, are a result of the polar nature of dielectric surfaces and
produce an electric field that couples to the carriers in graphene. This type of scattering is
temperature dependent and is a dominant mechanism for mobility degradation at higher
temperatures. Equation 2.7.3 gives the scattering rate for SOPs (

𝟏

), where

𝝉𝑺𝑶𝑷 (𝒌)

2𝜔 𝑆𝑂𝑃 2
)
𝑣𝐹

(

𝐹𝑣 2 =

𝑘0 ≈

+ 𝛼𝑛𝑠 , z0 is the van der Waals distance between the dielectric and the graphene layer,

ħ𝜔 𝑆𝑂𝑃
2𝜋

(𝜀

1
∞ +1

−𝜀

1
0 +1

) is the Fröhlich coupling parameter, ħωSOP is the SOP mode energy, ε0

and ε∞ are the low and high frequency dielectric constants, respectively, of the polar dielectric,
NSOP is occupation number of the SOPs, and β is used as fitting parameter.105

𝒆𝟐 𝑭𝒗 𝟐 𝑵𝑺𝑶𝑷 𝒏𝒔 𝟏
𝟏
=
×
𝝉𝑺𝑶𝑷 (𝒌)
𝜷ħ𝐞𝐱𝐩(𝒌𝟎 𝒛𝟎 )
𝜺𝒌
Equation 2.7.3105
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Extrinsic scattering from ionized impurities or charged surface states at or near the
dielectric-graphene interface, detailed in Section 1.6.3, result in a mobility that is independent of
carrier concentration as well as temperature. Here, the effects of short range and long-range
scatterers in bilayer graphene (QFEG) are grouped into a single fitting parameter that varies
linearly with carrier density, similar to the approach of Konar et al.104 Equation 2.7.4 gives the
scattering rate for ionized impurities (

𝟏

), where nimp is the sheet density of impurities at or

𝝉𝒊𝒎𝒑 (𝒌)

near the graphene-dielectric interface and εavg=(εtop+εbottom)/2 is the average relative dielectric
constant of the two dielectrics surfaces surrounding graphene.104 Using this approach, the
effective impurity density (nimp) can be calculated before and after integration of graphene with a
dielectric material to investigate the changes in scattering due to changes in dielectric coating.
Additionally, it should be noted that this approach will not give absolute impurity densities unless
the samples closely approximate ideal monolayer graphene. However, this approach is useful for
studying the relative change in scattering due to charged impurities before and after dielectric
integration when long-range scatterers dominate (nimp>1.5x1012cm-2).127

𝒏𝒊𝒎𝒑
𝟏
𝒆𝟐
𝑭(𝒂)
=
(
)𝟐
𝝉𝒊𝒎𝒑 (𝒌)
𝝅ħ 𝟐𝜺𝟎 𝜺𝒂𝒗𝒈 𝜺(𝒌)
Equation 2.7.4104

To summarize the values of various parameters used in this work for the modeling of the
above scattering mechanisms, Table 2.7.1 details several key values.
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Table 2.7.1: List of relevant parameters for modeling of scattering physics for
dielectric-graphene interactions.127
Parameter
Acoustic Deformation Potential (Dac)
Optical Deformation Potential (Do)
Intrinsic Optical Phonon Energy (ħω0)
Surface Optical Phonon Energy (ħωSOP)

Value
4.8eV
25.6eV/Å
160meV
SiC: 116meV
HfO2: 25.5meV
h-BN: 120meV
SiC: ε0=9.7, ε∞=6.5
HfO2: ε0=18, ε∞=5.03
h-BN: ε0=4.0, ε∞=3.5

Relative Dielectric Constants

The total scattering time (in seconds) can then be calculated by combining the scattering
times of all the above mechanisms, as shown in Equation 2.7.5.

𝝉𝒕𝒐𝒕 = (𝝉𝒂𝒄 −𝟏 + 𝝉𝒐𝒑 −𝟏 + 𝝉𝑺𝑶𝑷 −𝟏 + 𝝉𝒊𝒎𝒑 −𝟏 )−𝟏
Equation 2.7.5

The mobility can then be determined from the total scattering time through Equation 2.7.6.

𝝁=

𝒆𝒗𝑭 𝟐 𝝉𝒕𝒐𝒕
𝑬𝑭

Equation 2.7.6128

By applying these models to temperature dependent Hall mobility measurements, the
extent of the remote charged impurity scattering and remote SOP scattering for various dielectric
materials can be studied. An effective remote impurity concentration, nimp, and a remote phonon
scattering fitting parameter, β, can be extracted from the data and used to examine various carrier
concentration and temperature regimes.
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Chapter 3

Growth of Hexagonal Boron Nitride on Copper Substrates

Growth of h-BN films on copper substrates has been reported extensively in literature, as
detailed previously in Section 1.2.2. However, a detailed study on the effect of growth conditions
on the growth rate, morphology, chemistry, and structure of h-BN films has not been
demonstrated. This chapter examines the growth rate as a function of time, pressure, and
ammonia borane flow rate, as well as presents the use of Raman for thickness estimation and
strain quantification. The chemical properties of both as-grown h-BN films on Cu and h-BN films
transferred to Si are examined with x-ray photoelectron spectroscopy (XPS) and the structure of
h-BN films grown on Cu is examined with transmission electron microscopy (TEM).
Additionally, a novel growth process that maintains a copper overpressure is presented and shown
to result in an improvement in morphology, chemical composition, and structure. Finally, a
possible model describing the observed growth of h-BN films is presented. Many of the results
presented in this chapter are also published elsewhere129,130 or are in preparation for publishing.131

3.1: Characterization and Effect of Process Conditions on Growth Rate and Morphology

As discussed in Section 1.2.2, initial reports of h-BN growth on Cu substrates suggested
that h-BN growth proceeds similarly to graphene growth on Cu, where the growth rate decreases
rapidly after the formation of one to a few layers due to a significant reduction in the surface
reactivity of borazine on BN compared to the bare Cu substrate.36 Therefore, growth of h-BN on
Cu was believed to be self-limiting, like graphene, to one to a few layers.36 However, more recent
reports demonstrate that the growth of h-BN on Cu is not self-limiting, where multi-layer films
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were easily obtained.37–40 Additionally, it was found that h-BN film thickness proceeds linearly
with growth time, indicating that gas-phase precursors readily nucleate on BN, despite the
reduced surface reactivity.30 In the present work, we confirm that the growth of h-BN on Cu is
non-self limiting.

3.1.1: Effect of Process Conditions on h-BN Growth Rate

Figure 3.1.1a shows the dependence of the h-BN film thickness on the ammonia borane
(AB) carrier gas flow, which is the percentage of the total H2/N2 gas flow diverted to the
sublimator. Here, the temperature, pressure, and growth time were held constant at 1000°C,
250mTorr, and 15 minutes, respectively. Only a slight increase in the growth rate is observed,
from 0.86nm/min at 1% AB flow to 1.04nm/min at 10% AB flow. The slope of this curve
normalized by the growth time (15 minutes) gives the growth rate as a function of carrier gas
flow and was found to be 0.027nm/(min•%). This indicates that the carrier flow rate through the
sublimator minimally affects the h-BN growth rate. Instead the growth rate is most likely limited
by the sublimation rate of the ammonia borane, where an increase in flow rate through the
sublimator does not result in a significant increase in the concentration of gas phase BN
precursors (such as borazine) in the total inlet flow. Therefore, the overall partial pressure of BN
precursors in the furnace remains relatively constant regardless of flow rate ratio.
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Figure 3.1.1: (a) Thickness vs. ammonia borane carrier gas flow demonstrates
only a minor increase in growth rate with increased ammonia borane carrier gas
flow. (b) Thickness vs. growth time for three different pressures at a constant
temperature of 1000°C indicates a linear increase in film thickness with time and
an increase in growth rate (slope) with increasing pressure.

Figure 3.1.1b shows the dependence of the h-BN film thickness on the growth time and
reactor pressure. Three different pressures were studied: the base pressure at 250 mTorr, 500
mTorr, and 5 Torr. From the slopes of these curves, it is found that the growth rate increases
nearly linearly with increasing pressure, from a minimum of 0.6nm/min at 250 mTorr to a
maximum of 2.3nm/min at 5 Torr. This is expected, as an increase in pressure would lead to an
increase in the density of BN precursors in the gas-phase, such as borazine and diborane.
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Additionally, film thickness increases nearly linearly with growth time after 5 minutes for all
three pressures. The linear increase in growth rate with increased pressure, and the linear increase
in film thickness with increased time indicate that the growth of h-BN on Cu foils is not selflimiting, but rather diffusion controlled where the growth rate at constant temperature is limited
by the flux of precursors to the surface and not by the reaction kinetics. However, clearly the
growth rate is much higher during the first 5 minutes of growth, as evident by the 5 Torr data,
where the film thickness rapidly reaches 73.1nm after only 5 minutes of growth. To a lesser
degree, this is also true for the 250 and 500mTorr data, where the y-intercept of the linear fit is
located at non-zero values of 2.14 and 8.69nm, respectively, indicating that with increased
pressure, the initially higher growth rate is more pronounced. It has been reported previously that
the growth rate of h-BN decreases significantly after the formation of the first few layers due to a
decrease in the surface reactivity of BN compared to the bare Cu surface.38 However, this would
not explain the rapid increase in growth rate within the first few minutes at 5 Torr, since the film
is measured to be ~73nm, far greater than a few h-BN layers. Instead, this initial high growth rate
is likely due to the rapid drop off in gas-phase BN precursors after the first few minutes of
ammonia borane sublimation, as shown with mass spectrometry in Figure 3.1.2.
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Figure 3.1.2: Mass spectrometry analysis of diborane and borazine
concentrations (normalized to the total sampling pressure) sampled from the
growth region of the h-BN furnace at 1000°C. The first point for each curve
represents the moment when the ammonia borane carrier flow was introduced
into the furnace.

Here, the mass spectrometer was configured to sample the gas-phase chemistry in the
hot-zone of the tube furnace at 1000°C. This allows the data to represent the growth environment
around the Cu substrate. Figure 3.1.2 shows the relative concentrations (normalized to the total
sampling pressure) of two common precursors to BN growth: borazine (B3N3H6) and diborane
(B2H6). The first point of each data set represents the moment when the ammonia borane carrier
gas flow was delivered to the tube furnace. Unlike processes that use gas-phase precursors, such
as pure borazine which can be easily controlled and held constant, the growth process used in this
study utilized a solid precursor, ammonia borane, which sublimates and depletes with time.
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Within the first 5 minutes of growth, the concentrations of borazine and diborane decrease by
87% and 85%, respectively. After this initial drop-off, the precursor concentrations level out and
remain nearly constant for the remaining sampling time. This large concentration of gas-phase
precursors upon initial sublimation of ammonia borane may explain the rapid growth rate in the
first few minutes of h-BN growth and the subsequently reduced and linear growth rate after a
growth time of 5 minutes, as observed in Figure 3.1.1. Therefore, use of a solid source precursor
clearly has the disadvantage of producing varying amounts of gas-phase precursors, and thus nonuniform growth rates, with time. To mitigate this, the use of a pressure-based mass flow
controller (MFC), such as the MKS 1150C, could be used in future experiments to regulate the
amount of gas-phase precursors introduced into the furnace after sublimation of ammonia borane.
Another alternative for future work would be to utilize a liquid or gas phase precursor, such as
borazine or diborane and ammonia.

3.1.2: h-BN Surface Morphology

Figures 3.1.3a and b shows scanning electron microscopy (SEM) images of h-BN films
of various thicknesses as-grown on Cu and transferred to Si, respectively. The most clearly
recognizable surface feature of these films is the presence of wrinkles across the film surface,
similar to those observed elsewhere.38 The wrinkles result from the anisotropic thermal expansion
of h-BN, where a negative coefficient of thermal expansion (CTE) exists in the plane of
bonding.14 This negative CTE causes the h-BN film to expand during cooling while the copper
substrate shrinks, inducing a compressive stress in the h-BN film. This compressive stress results
in local areas of film de-lamination in the form of wrinkles. Following transfer of the film (Figure
3.1.3b), the as-grown morphology is essentially preserved as the large wrinkles are still apparent.
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These wrinkles were measured with AFM to be approximately 6-10nm high for 10nm thick films
and increase in height with increasing film thickness. Additionally, the width of the wrinkles
shown in Figure 3.1.1 increase ultimately by >4x (from 17.3nm to 70.1nm) when increasing film
thickness from ~3nm to ~20nm. The variation in total film thickness that results from wrinkling
presents a challenge to graphene device fabrication, as h-BN wrinkles will result in a non-uniform
electric field when used as a gate dielectric, and induce surface roughness scattering when used as
a supporting substrate to CVD or exfoliated graphene. This phenomenon is also observed in
transferred CVD grown graphene, where wrinkling is significantly reduced by incorporating an
additional PMMA application step following initial transfer in order to relieve stress in the
film.132 Similar modifications to our current process may also benefit from this additional step
and provide improved transfer morphology of CVD grown h-BN films.
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Figure 3.1.3: (a) FESEM images of as-grown h-BN films on the Cu substrate
indicate the presence of stress induced wrinkling which increases in size with
film thickness. (b) FESEM images of h-BN films transferred to Si (111)
substrates show that the wrinkles induced during growth on Cu translate to the
transferred film morphology. The inset text gives growth time and thickness.

In addition to stress-induced film wrinkling, another feature is observed in the SEM
images of Figure 3.1.3. Small, particle-like three-dimensional (3D) formations are distributed
uniformly across the film surface. These 3D features appear to nucleate randomly and increase in
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density ultimately by >14x (from ~40(±19) nuclei/µm2 to ~568(±55) nuclei/µm2) when increasing
film thickness from ~3nm to ~20nm (see Figure 3.1.5). To examine these 3D nuclei further, planview TEM was performed on a 20nm thick film with a high density of these formations and is
shown in Figure 3.1.4.

Figure 3.1.4: (a) SEM image of 20nm h-BN film grown on Cu foil without the
use of a copper enclosure shows a high density of 3D nuclei. (b) Plan-view TEM
image of a 3D nuclei shows that the h-BN planes propagate normal to the Cu
surface and form in an “onion-like” structure. (c) D-spacing measurement of the
layers in the 3D nuclei show a d-spacing matching h-BN.

Plan-view TEM (Figure 3.1.4b) indicates that the 3D nuclei are h-BN layers growing
perpendicular to the Cu substrate surface, in contrast to the underlying film, which propagates
parallel to the growth surface (shown subsequently in Figure 3.2.5). Furthermore, these h-BN
layers appear to wrap around themselves and produce an “onion-like” formation. The d-spacing
measurement of these layers is shown in Figure 3.1.4c and gives a d-spacing of 0.355nm, close to
that of bulk h-BN (0.333nm),54 indicating that the 3D nuclei are indeed composed of h-BN layers.
The exact growth mechanism of these 3D nuclei are not fully understood, however two possible
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mechanisms may be at play. One possibility is that the 3D features form in the gas-phase and
“rain” onto the growing h-BN film; the other possibility is that the 3D features are nucleating on
the h-BN film surface, likely from defective domain boundaries. In the case of gas-phase
nucleation, the density of these 3D particulates would be expected to increase linearly with time.
As shown in Figure 3.1.5, however, the increase in 3D nuclei density increases exponentially,
indicating a higher growth rate of these features at higher film thicknesses. This may indicate that
the 3D features are nucleating at defective domain boundaries, where the crystallinity of the h-BN
films may be degrading with increasing thickness (as verified in Section 3.2). These features are
notably similar to BN fullerenes, where literature has shown that BN fullerenes form more
preferentially from turbostratic BN, which displays small domain sizes and a high density of
defects and dangling bonds compared to well-ordered h-BN,133–135 which again indicates
decreased crystallinity of these films at higher thicknesses.

Figure 3.1.5: Density of 3D nuclei versus h-BN film thickness indicates that the
nucleation rate of these 3D features increases with increasing thickness, possibly
due to increased density of defects and domain boundaries at higher film
thickness.
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The presence of oxygen impurities in the as-grown BN film (discussed subsequently in
Section 3.1.3) further corroborates the theory that the observed 3D nuclei present on the h-BN
film surface are BN fullerene structures. BN fullerenes are composed of hexagons and pentagons
that would ultimately form thermodynamically unfavorable B-B and N-N bonds. Therefore BN
fullerenes require the incorporation of substitutional oxygen into the BN lattice to form stable BO bonds at the pentagon and hexagon boundaries.133
It is also possible that both proposed mechanisms, gas-phase and surface nucleation, may
be contributing to the growth of these features and further research is required to fully understand
their exact growth mechanisms. What can be assumed, however, is that these formations will
negatively impact graphene device performance. An obvious adverse effect would be increased
surface roughness scattering when these films are used as a supporting substrate to CVD or
exfoliated graphene. Additionally, having the basal plane normal to the rest of the h-BN film,
these 3D nuclei will have dangling bonds at the terminations of the in-plane σ-bonds. It is
expected that impurities will readily absorb at these sites and may lead to reduced resistivity of
the h-BN film when used as a gate dielectric and lead to increased impurity scattering when used
as a supporting substrate. Therefore, a reduction or elimination of these surface defects would
presumably be highly beneficial to the dielectric performance of CVD grown h-BN films. Section
3.2 will discuss a novel technique that leads to a significant reduction in the formation of 3D
nuclei.
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3.1.3: Effect of Transfer Process on Chemical Stability of h-BN

X-ray photoelectron spectroscopy (XPS) was utilized for analysis of the chemical
composition and bonding properties of h-BN, both as-grown on Cu substrates and transferred to
Si. The high resolution B1s and N1s core level peaks (Figure 3.1.6a and b) are located at
approximately 190.4eV and 398.1eV, respectively, matching reported values for bulk h-BN,
which give the N1s peak at 398.1eV and the B1s peak at 190.1eV.136 Additionally, the measured
atomic percentages indicate excellent stoichiometry with a B/N ratio of 1.01. Both the B1s and
the N1s core level peaks exhibit no shift in peak position or full width at half maximum (FWHM)
after transfer, as shown in Table 3.1.1, indicating negligible degradation of the primary B-N
bonding configuration.

Table 3.1.1: XPS peak position and full width at half maximum (FWHM) of B1s
and N1s before and after transfer to Si substrates indicate little change in the
chemical signature of the h-BN film.

As-Grown
Transferred

B1s
Peak Position (eV)
190.39
190.43

FWHM (eV)
1.25
1.25

N1s
Peak Position (eV)
398.09
398.03

FWHM (eV)
1.21
1.26

Upon deconvolution, two peaks are found to make up the B1s spectra. The main peak at
~190.4eV (red peak in Figure 3.1.6a) is the main bonding configuration of the film and correlates
to a boron atom bonded to three nitrogen atoms in the typical h-BN lattice structure. The second
peak at ~191.5eV (blue peak in Figure 3.1.6a) correlates to a boron atom bonded to one or two
nitrogen atoms as well as one or two oxygen atoms. Since oxygen has a higher electronegativity
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than nitrogen, this bonding configuration will result in the formation of a peak shifted to higher
binding energies. Therefore, this peak implies that there is partial bonding of oxygen to boron and
can be assigned to a BNxOy configuration. Additionally, the oxygen content of these films was
found to increase upon transfer. Prior to transfer, the as-grown oxygen content was measured to
be 5.46%. Upon transfer, the oxygen content increased to 8.40%. This amounts to an increase in
oxygen contamination of nearly 54%, consistent with the increase in the intensity of the peak at
~191.5eV. The oxygen contamination may occur during the transfer step, where several water
baths are utilized. It is unlikely that oxygen atoms are replacing nitrogen atoms as substitutional
impurities in the h-BN lattice during the transfer process, instead the oxygen atoms are likely
bonding to dangling bonds present at domain terminations or defect sites.
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Figure 3.1.6: XPS spectra of as-grown h-BN films on copper foil and after
transfer to Si. (a) High resolution XPS spectra of the B1s core level peak. The
peak ~192eV (blue peak) was found to increase from the as-grown film to the
transferred film indicating an increase in oxygen contamination. (b) High
resolution XPS spectra of the N1s core level peak shows negligible change upon
transfer. (c, d) Low resolution XPS survey spectra for transferred and as-grown
h-BN. The as-grown film contains very little oxygen and carbon contamination,
while the transferred h-BN shows an increase in both the carbon and oxygen
peaks.

106
It is apparent from the transferred low resolution spectra (Figure 3.1.6c) that the C1s peak
has increased in intensity significantly from the as grown spectra (Figure 3.1.6d), where the
measured concentration of carbon increased from 5.25% to 14.89%. However, unlike previous
reports for hybrid h-BN/graphene domains,137 the carbon peaks associated with B-C-N bonding
(located at ~188eV for the B1s spectra and ~400eV for the N1s spectra) are not apparent
following transfer of the h-BN films studied here. Instead, the increase in carbon is likely due to
residual photoresist on the h-BN surface. Often, a peak located at approximately 710eV is present
in the low resolution XPS spectra of the transferred h-BN film that is indicative of the Fe2p peak,
which correlates to an iron impurity, presumably located at the h-BN/Si interface. Residual iron
impurities are likely due to the ferric chloride etchant used to remove the Cu substrate during the
transfer process. However, use of a 10% HCl bath during the transfer process effectively removed
residual iron. Therefore, no Fe2p peak is observed for the samples presented here. Additionally,
the Si2p peak is from to the Si substrate utilized in XPS investigations. Non-labeled peaks in the
spectra are secondary peaks of already established elements.

3.1.4: Use of Raman Spectroscopy for Film Thickness Estimation and
Quantification of Strain

Correlating the as-grown Raman spectra to the h-BN film thickness, measured via
ellipsometry after transfer to Si(111), indicates that there is a dependence of the Raman spectra on
the thickness of the film, as shown in Figure 3.1.7. The FWHM as well as the relative intensity of
the peak located at approximately 1366cm-1, originating from the E2g phonon mode of h-BN,138
are both shown to increase with film thickness, following a log-log power law dependency. Here,
a constant laser power (WiTec Raman system set at 150mW) and an integration time of 3 seconds
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were used for all samples to isolate the dependence of the Raman signal on film thickness. This
relationship offers the possibility to estimate approximate h-BN film thickness with Raman
spectroscopy (given a standard laser power and integration time) directly after growth on Cu foils
without the need to transfer to silicon substrates for ellipsometry measurements.

Figure 3.1.7: Log-log plots of Raman data obtained with the WiTec Raman
system at PSU showing (a) the as-grown h-BN E2g Raman peak intensity vs. hBN film thickness, and (b) the as-grown full width half maximum (FWHM) of
the h-BN E2g Raman peak vs. h-BN film thickness.

Additionally, Raman spectroscopy verifies that the h-BN film experiences a compressive
stress during cooling which is partially relaxed upon transfer. Raman was first performed on the
as-grown h-BN film on Cu. The same film was then transferred to the QFEG wafer where Raman
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scans were taken over Hall crosses and over etched regions (bare SiC). The use of the same h-BN
film for Raman analysis was critical to rule out effects of thickness variations between different
samples. Figure 3.1.8 clearly demonstrates a red-shift in peak position from the as-grown
(1373cm-1) to transferred h-BN film over SiC (1370cm-1). Additionally, both peak positions are
blue-shifted from the E2g phonon mode of bulk h-BN E2g (𝜔0 ) located at 1366cm-1,138 indicating
these h-BN films are compressively strained. The shift in Raman E2g peak position from its bulk
value (∆𝜔𝐸2𝑔 ) provides a means to quantify strain induced in the as-grown and transferred h-BN
films via:139 ∆𝜔𝐸2𝑔 = −2𝜔0 𝛾𝐸2𝑔 𝜀, where 𝛾𝐸2𝑔 is the Grüneisen parameter for the Raman-active
E2g phonon mode of h-BN (𝛾𝐸2𝑔 = 0.89)140 and 𝜀 is the strain tensor.

Figure 3.1.8: High resolution Raman spectra of as-grown h-BN on the copper
substrate compared to transferred h-BN on a SiC substrate and over QFEG.
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From the above relationship, it was found that the as-grown and transferred h-BN films
are compressively strained by 0.29% and 0.16%, respectively, indicating a relaxation of
compressive strain upon transfer. Given that the as-grown and transferred film is of identical
thickness, the shift in the E2g peak may be directly attributed to strain relaxation of h-BN during
the transfer process from the as-grown copper substrate to the supporting SiC/QFEG substrate.
The stress relaxation (~3 cm-1 shift in the E2g peak position) associated with the removal of the Cu
substrate corresponds to a 42.9% decrease in compressive strain upon transfer. This corroborates
well with reports that the h-BN film is weakly chemisorbed to the supporting Cu substrate,26
suggesting that removal of the chemisorbed substrate would lead to a relaxation of the induced
stress. The overall blue-shifted Raman peaks observed here have also been reported for as-grown
atomically thin h-BN films141 and h-BN nanotubes142 and are attributed to a hardening of the E2g
phonons due to an increase in h-BN’s lattice constant from the lack of interaction from
neighboring sheets.142

However, for this study, Raman was performed on multilayer films

(approximately 50nm) to obtain a high intensity Raman signal and to provide pin-hole free
dielectric layers for device applications. Thus, the upward shift from h-BN’s bulk Raman
frequency observed here is presumably due to substrate induced compressive stress; although
substrate induced charge carrier doping cannot be ruled out. The Raman spectra of the h-BN film
over a graphene Hall cross clearly shows the spectral contribution from the under-lying graphene.
The E2g phonon mode of graphene, or G-Peak, is apparent at 1591cm-1. Additionally, a shoulder
on the h-BN peak, corresponding to the overlapping D-peak of graphene (attributed to defects in
QFEG),143 is observed at approximately 1355cm-1. The smaller peaks in the spectral noise are
remnants from the background subtraction processing of the raw data.
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3.2: Use of a Copper Overpressure for Improved Growth and Proposed h-BN Growth
Mechanisms

Recently, graphene has been synthesized on copper via CVD in a copper enclosure,
which resulted in monolayer graphene with domain size increases of ~30x and a lower density of
adlayers compared to non-enclosed graphene growth.87 This is reported to be a result of a lower
partial pressure of methane (leading to a reduced density of nucleation sites) as well as an
improved growth environment through creation of a static Cu overpressure inside the copper
enclosure. In the present work, this basic idea was also investigated for the growth of h-BN on
Cu. Although the growth mechanisms of graphene and h-BN on Cu are believed to be different,
both h-BN and graphene benefit from improved initial copper surface morphology. 30,144 Here, a
Cu enclosure was utilized to provide the Cu overpressure. This enclosure was simply made by
wrapping a large sheet of copper (made from the same 99.98% purity 25µm Cu foil used for the
substrate material) around a quartz boat holding up to six 10x10mm2 Cu foils, as shown
previously in Figure 2.3.1. The copper enclosure was utilized during the two hour pre-growth
anneal and the subsequent growth process. The results presented in this chapter were also in
preparation for publishing elsewhere at the time this thesis was submitted.131

3.2.1: Effect of Copper Enclosure on h-BN Growth Rate

For comparison, h-BN films were grown with and without the use of a copper enclosure
for various growth times, but were otherwise grown under the same conditions (1000°C,
250mTorr) and were subjected to a 2 hour pre-growth anneal at 1000°C, 250mTorr in H2/N2
(15% H2). Figure 3.2.1 shows the h-BN film thickness as a function of growth time for films
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grown with (enclosed) and without (non-enclosed) the use of a copper enclosure. The use of a
copper enclosure during h-BN growth resulted in a 53.7% decrease in growth rate, from
0.66nm/min to 0.30nm/min.

Figure 3.2.1: Thickness vs. growth time for h-BN films grown of copper foils
with and without the use of a copper enclosure. Utilization of a copper enclosure
during h-BN growth leads to a ~2x decrease in the growth rate of h-BN on
copper.

This reduction in growth rate can be explained by the gas-phase environment surrounding
the Cu substrates during growth. Dalton’s law states that the total pressure of a mixture of gases is
equal to the sum of the partial pressures of the individual gases in the mixture, such that: 𝑃𝑡𝑜𝑡 =
𝑃1 + 𝑃2 + 𝑃3 +….145 For the growth configuration utilizing the copper enclosure, it can be
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assumed to be an open system where the total pressure inside the copper enclosure is equal to the
total pressure outside of the enclosure. Additionally, the total pressure of the non-enclosed
configuration and the enclosed configuration can be assumed to be equal, being held constant at
250mTorr. Given that the vapor pressure of Cu is relatively high for a transition metal (7.5x10-5
Torr at 1000°C),146 the nearly static partial pressure of copper inside the enclosure would be
significantly higher than that above Cu samples without a copper enclosure. Therefore, in order to
satisfy Dalton’s equation, the partial pressures of the remaining gas-phase species, including BN
precursors such as borazine and diborane, would be reduced compared to the environment
surrounding the films grown in the non-enclosed configuration. A reduced partial pressure of BN
precursors would thus directly lead to a reduction in growth rate, as observed, since the
impingement flux of gas-phase precursors would decrease with reduced precursor partial
pressure. This is illustrated in Equation 3.2.1, where Φ is the impingement flux (molecules/cm2s), Pi is the partial pressure of gas species (Torr), M is the molecular weight of gas species, and T
is the temperature (°C).

𝜱 = 𝟑. 𝟓𝟏𝟑 × 𝟏𝟎𝟐𝟐

𝑷𝒊
(𝑴𝑻)

𝟏

𝟐

Equation 3.2.1147

3.2.2: Effect of Copper Enclosure on h-BN Morphology and Domain Size and
Proposed Growth Model

The reduced flux of h-BN precursors, described in the previous section, would lead to a
reduction in adatom surface density, na (cm-2), by: 𝑛𝑎 = 𝜏𝑠 𝛷, where τs (s-1) is the adatom
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lifetime.147 Additionally, the adatom surface density is directly proportional to the nucleation rate,
𝑁 (nuclei/cm2-s).147 The grain diameter, 𝑙𝑔 (cm), is then given by: 𝑙𝑔 ∝ 𝐺 𝑁

1 3

, where 𝐺

(cm/s) is the linear growth rate of the grain.147 This suggests then that a decrease in partial
pressure of BN precursors through the use of a copper enclosure should enhance the domain size
of the h-BN film, which is highly desirable since small domain sizes are often reported for growth
of h-BN on Cu foils and can lead to increased leakage currents.36,37,40 Figure 3.2.2 shows SEM
images detailing the evolution of grain size with growth time, as a function of film thickness
(measured via optical ellipsometry) for h-BN films grown using a copper enclosure.

Figure 3.2.2: 50,000x FESEM images of h-BN films grown via CVD on copper
foils at various growth times and subsequently transferred to Si(111) substrates.
The h-BN film thickness increases progressively from (a) to (d).
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The 2D island growth is easily discernible with SEM, where islands increase in size and
decrease in density as the coalesced film thickness increases. At a film thickness of ~10nm,
grains appear to be nearly coalesced and individual islands become more difficult to distinguish.
Figure 3.2.3 shows 2x1µm2 AFM scans of the same films observed with SEM in Figure 3.2.2.
Again, the transition from small grains in high density to larger grains in low density with
increasing thickness is apparent. However, height quantification via AFM shows that the islands
are thicker in the centers than at the edges, indicating nucleation of new nano-domains over the
existing islands.

Figure 3.2.3: (a-d) 2x1um2 AFM scans of h-BN films grown via CVD on copper
foils and subsequently transferred to Si(111) substrates. The h-BN film thickness
and the RMS roughness increases progressively from (a) to (d).

Interestingly, the shape of the h-BN grains observed in Figure 3.2.2 and 3.2.3 appears
circular, unlike previous reports of triangular h-BN domains observed for monolayer h-BN
growth on Cu.38,40 As described in Section 1.2, Kim et al38 suggested that triangles are more
energetically favorable for h-BN growth since nitrogen-terminated edges have lower edge energy
than boron-terminated edges. Unlike graphene, where hexagon domains are preferred, single
crystal h-BN domains nucleate as triangles since hexagon formation would ultimately lead to
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non-energetically favorable B-terminated edges.38 However, for the multilayer h-BN films shown
in Figures 3.2.2 and 3.2.3, h-BN triangular domains are not observed, suggesting that the circular
islands are likely composed of many nanocrystalline triangular domains. To understand the
growth mechanisms of the films presented in this thesis, the growth time was reduced further in
an attempt to grow a monolayer h-BN film. Figure 3.2.4 shows SEM images taken of an h-BN
film as-grown on Cu after 2.5 minutes of growth with the use of a Cu enclosure. Figure 3.2.4a is a
low magnification image showing three different Cu grains. Figure 3.2.4b shows a high
magnification image of Grain 1 (top left corner of Figure 3.2.4a) and shows several randomly
oriented triangular h-BN domains nucleating over a complete monolayer, as apparent from the
wrinkling of the underlying monolayer. Figure 3.2.4c shows a zoomed-in image of one of these
secondary triangular h-BN domains with a length (tip of triangle to center of base) of
approximately 195nm. The triangular domains observed on Grain 1 appear to nucleate
preferentially from surface wrinkles, likely due to defects or dangling bonds at wrinkle edges. It
is believed that the surface wrinkling results during post-growth cooling of the sample, due to
induced strain resulting from copper’s negative coefficient of thermal expansion (CTE).14
However, Figure 3.2.4b suggests that the wrinkling of this particular grain may occur during
growth, since h-BN nucleation appears to initiate at wrinkle edges. This may be due to the
orientation of this particular grain. It has been previously reported that the (111) face of Cu is an
ideal substrate for graphene and h-BN growth due to their close lattice match, where Cu(111) has
a lattice constant of 2.56Å148 and h-BN has a lattice constant of 2.50Å,54 leading to a lattice
mismatch of only 2.3%. However, Cu(100) has a lattice constant of 3.61Å,54 giving a lattice
mismatch with h-BN of 30.8%. Therefore, for a polycrystalline Cu foil, the local lattice mismatch
will vary depending on grain orientation. It is possible that for Grain 1 of Figure 3.2.4a, the
orientation is not (111), but rather (100), (110), etc; leading to a larger lattice mismatch that may
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result in wrinkling during growth. Since the wrinkles propagate in random directions, h-BN
domains nucleating from these wrinkles will be randomly oriented, as shown in Figure 3.2.4b.
In contrast, inspection of Grain 2 of Figure 3.2.4a indicates morphological differences
between different Cu grains. Figures 3.2.4d and e show high magnification images from Grain 2
(bottom left corner of Figure 3.2.4a). Unlike Grain 1, where the h-BN triangular domains were
randomly oriented, h-BN grown on Grain 2 shows preferential nucleation of h-BN triangles from
crystallographic Cu step-edges. The wrinkling observed in Figure 3.2.4d indicates that again,
these domains are forming over a complete monolayer. Interestingly however, the density of
wrinkles in Grain 2 is significantly less than in Grain 1, where the overall length of observable
wrinkles was measured to be 26.63µm in Grain 1 (Figure 3.2.4b) and 10.37µm in Grain 2 (Figure
3.2.4d), indicating a 61% higher wrinkle density in Grain 1. It is likely that Grain 2 is a Cu(111)
grain, where a small lattice mismatch exists. Closer inspection of the SEM images reveals that the
triangular domains do not nucleate at the large wrinkle observed in Grain 2, indicating that film
wrinkling of Grain 2 occurred only during cooling to compensate for the mismatch in CTE
between h-BN and Cu. In this case, nucleation of secondary triangular domains over the original
monolayer occurs at crystallographic step-edges rather than at wrinkle edges, as shown in Figure
3.2.4e. The step-edges likely provide energetically favorable nucleation sites due to an increased
density of dangling bonds, even for growth of the second h-BN layer. This suggests that
improved orientation texturing of h-BN monolayers and bi-layers can be controlled through
selection of the Cu orientation. It is difficult to determine the orientation of Grains 1 and 2 based
on morphological observation alone. A technique such as orientation imaging microscopy (OIM)
would be required for precise indexing. However, RMS surface roughness limits (typically
<1nm) prevent its use for the Cu foils used in this thesis.
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Figure 3.2.4: FESEM images of an h-BN film grown with a copper enclosure for
a growth time of 2.5 minutes. (a) Low magnification FESEM image showing
multiple Cu grain orientations. (b, c) High magnification images of Grain 1
showing the formation of triangular domains oriented randomly over an h-BN
monolayer. (d,e) High magnification images of Grain 2 showing the formation of
triangular domains nucleating preferentially from Cu step-edges over an h-BN
monolayer.
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Based on the observed morphological features, a potential nucleation and growth model
can be proposed. Figure 3.2.4 verifies that the h-BN films grown for this thesis do initially
nucleate as triangular single-crystal domains. It is widely believed that the first monolayer forms
rapidly due to the high surface reactivity and diffusion rate of borazine on Cu (as well as the high
initial precursor concentrations observed in Figure 3.1.2).24 However, the surface reactivity of BN
precursors such as borazine on h-BN (compared to Cu) is poor.24 This would lead to a dramatic
reduction in surface diffusion of BN precursors, and thus a reduction of h-BN domain size, over
the initial h-BN monolayer. This corroborates with the work shown by Kim et al,38 whom show
that the size of the triangular domains decrease significantly after the formation of a complete
monolayer. It is apparent from the work of Kim et al38 and the results shown in this thesis (Figure
3.2.4) that single crystal triangular domains can form even after the initial monolayer.
Additionally, Figure 3.2.4d shows that even after the formation of the original monolayer,
subsequent h-BN triangles nucleate from Cu surface features such as step-edges. This suggests
that these triangular domains retain some binding energy to the Cu substrate for at least the first
two (possibly more) layers. It is likely that this binding energy decreases exponentially with
increasing layer thickness however, and may explain the transition from the single-crystal
triangular domain growth to the circular island growth observed in Figures 3.2.2 and 3.2.3. After
the first few h-BN layers, the binding energy between impinging BN precursors and the Cu
substrate is negligible and subsequent h-BN growth nucleates as nanocrystalline domains
(possibly at domain edges or defects) rather than large single-crystal h-BN triangles, due to the
decreased adatom diffusion. These nanocrystalline domains eventually nucleate off of each other
and form the small circular islands observed for multi-layer h-BN in Figures 3.2.2 and 3.2.3.
This suggests that h-BN growth on Cu proceeds similarly to the Stranski-Krastanov
growth mode,147 where island growth becomes favorable over layer-by-layer growth after the first
few layers. Stranski-Krastanov growth occurs when the first few layers of a material are more

119
strongly bound to the substrate surface than to each other. When subsequent layer-substrate
binding is reduced, island formation occurs as atoms are more strongly bound to each other than
to the substrate.147 At this point, subsequent atoms impinging on the initial h-BN layers are
limited by their reduced diffusion mean free path and are most likely to encounter other
impinging atoms and nucleate into nanocrystalline clusters.147 Additional adatoms attach to these
clusters and result in the formation of small individual nanocrystalline islands in high density, as
shown in Figure 3.2.2a and 3.2.3a. From these figures, it is apparent that the nanocrystalline
islands (~20nm) are much smaller than the initial single-crystal triangular domains (~200nm)
shown in Figure 3.2.4, verifying the decrease in surface reactivity and diffusion at multi-layer
thicknesses. As the density of these nanocrystalline islands increases, the mean free path of
diffusion becomes equal to or less than the separation distance of individual islands. Therefore,
the probability of an atom attaching to an already existing island becomes greater than the
probability of it forming a new nucleation site.147 As the size of the islands increase, neighboring
islands will begin to coalesce and create larger islands with a reduced surface density, as observed
in Figures 3.2.2b,c and 3.2.3b,c. Since the probability of adatoms attaching to island edges would
be higher than for nucleating a new layer on top of an existing island, the lateral growth rate
would be higher than the vertical growth rate.147 This ultimately will lead to the coalescence of
the larger islands and formation of a continuous film, as shown in Figure 3.2.2d and 3.2.3d.
This proposed growth method may explain the structure of h-BN films grown on Cu and
transferred to insulating substrates, as observed with cross-sectional TEM in Figure 3.2.5 for
films grown with the use of a copper enclosure. For a 5nm h-BN film transferred to Al2O3 (Figure
3.2.5a), highly planar and laminar growth of nine h-BN layers with high crystallinity and
atomically sharp interfaces is observed. The first few layers appear highly continuous due to the
nucleation of large single-crystal triangular domains. Additionally, a small dip in the top three
layers is present and indicates a separation of two h-BN islands that are in the process of
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coalescing, consistent with the proposed growth model. Interestingly, for the 15nm thick sample
(Figure 3.2.5b), there is clearly a point after approximately 15 layers where the h-BN film
transitions from highly planar to a less ordered turbostratic structure. After ~15 layers, not only
do the h-BN domains decrease in apparent size, but the orientation of the c-plane becomes
significantly more random. This sharp transition in apparent growth mode likely occurs at the
point in the proposed growth model when the nanocrystalline h-BN islands fully coalesce into a
continuous film. At this point, lateral growth is essentially quenched as islands are fully coalesced
and the density of island edges is negligible. This may then lead to subsequent h-BN growth
proceeding via nucleation of randomly oriented nanoclusters over the fully coalesced h-BN film,
resulting in the formation of turbostratic BN layers.

Figure 3.2.5: Cross-sectional TEM images of h-BN films grown on Cu and
transferred to insulating substrates. (a) ~5nm h-BN film transferred to Al2O3
shows laminar growth of nine crystalline h-BN layers and coalescence of h-BN
islands. (b) ~15nm h-BN film transferred to SiO2 shows that after ~15 layers, the
film becomes turbostratic with a more random orientation.

121
It should be noted that the nine h-BN layers shown in Figure 3.2.5a appear much more
laminar and continuous than the first ~15 layers of Figure 3.2.5b, where h-BN layers often appear
to overlap each other and small breaks in the first layer propagate into subsequent layers. This
may be due TEM sampling at different local grain orientations. It is impossible to determine with
exact certainty the orientation of the Cu grain that these h-BN films were grown on, since these
films were transferred from their native Cu substrates. However, it is hypothesized that the
reduced order of the first few layers in Figure 3.2.5b may be a result of stitching of randomly
oriented triangular domains (nucleated at wrinkle edges), such as observed in Grain 1 of Figure
3.2.4a. Conversely, the highly laminar and continuous layers observed in Figure 3.2.5a may be a
result of the formation of oriented triangular domains (nucleated at crystallographic Cu step
edges), such as observed in Grain 2 of Figure 3.2.5a, where stitching of complete layers would be
enhanced due to the preservation of the crystallographic orientation of h-BN over large areas.
Based on the morphological features observed with SEM and the structural features
observed with TEM, a 3-step growth model can be hypothesized. To simply illustrate the growth
model based off the experimental observations presented previously, a basic cross-sectional
illustration of the proposed model is presented in Figure 3.2.6. It is suggested in this thesis that
growth of h-BN on Cu substrates proceeds first through the nucleation of large triangular domains
on the Cu surface (red layers in Figure 3.2.6). These triangular domains persist through the first
few layers until the interactions between subsequent adatoms and the Cu substrate is quenched.
Similarly to the Stranksi-Krastanov growth mode, island growth (green layers in Figure 3.2.6)
begins due to the reduced binding energy of subsequent adatoms to the Cu surface. These circular
islands, consisting of nanocrystalline domains, increase in diameter and decrease in density as
they coalesce with each other with increasing film thickness. After the islands fully coalesce,
subsequent growth proceeds via random nucleation of BN nanoclusters, from which turbostratic
BN growth proceeds (yellow layers in Figure 3.2.6).
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Figure 3.2.6: Proposed nucleation and growth model for h-BN films on Cu
substrates. The blue area is the Cu substrate; the red layers correspond to h-BN
formed through growth of triangular domains; the green layers are h-BN formed
through nucleation and coalescence of h-BN islands; and the yellow layers
represent h-BN formed from nucleation of disordered nanoclusters resulting in
turbostratic BN.

Therefore, the growth of h-BN on Cu only produces uniform, laminar layers for a short
time before disordered turbostratic growth dominates. Interestingly, the use of a copper enclosure
to control the partial pressure of BN precursors during growth appears to play a role as to when
the h-BN islands will fully coalesce, and thus transition to turbostratic BN growth. Figure 3.2.7
shows SEM images of ~5, 10, and 20nm thick h-BN films grown without (Figure 3.2.7a-c) and
with (Figure 3.2.7d-f) the use of a copper enclosure. For the ~5nm thick films, the h-BN islands
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can be easily observed for both growth configurations. However, the use of a Cu enclosure results
in a >2.3x increase in h-BN island size at similar film thicknesses (~5nm), where the islands are
an average of 177.20nm (±3.61nm) for the enclosed growth and 75.83nm (±5.99nm) for the nonenclosed growth. This is due to the increased flux of BN precursors on the Cu surface for the nonenclosed growth, where the diffusion mean free path (L) is decreased by: ≈ 𝐷 𝛷

1 6

, where D

is the diffusion coefficient and Φ is the impingement flux described by Equation 3.2.1. Therefore,
the probability of adatoms forming new nucleation sites, rather than attaching to existing nuclei,
is increased compared to the enclosed growth. This then results in a higher density of h-BN
islands, which then coalesce at reduced thicknesses compared to the enclosed growth. This is
most apparent from the ~10nm thick films of Figure 3.2.7, where the non-enclosed film has
completed coalesced and individual islands are not observed. Here, the h-BN film has likely
completely transitioned to the turbostratic growth mode. Additionally, the surface is uniformly
covered with the 3D nuclei described in Section 3.1.2. In comparison, the enclosed sample
appears to be in the final stages of coalescence and individual grains are still partially visible.
Additionally, the density of 3D nuclei is strikingly reduced relative to the non-enclosed sample.
At ~20nm, the non-enclosed sample is similar in morphology to the ~10nm sample, only with
increased wrinkle width due to the increased thickness, and contains again a high density of 3D
nuclei. Interestingly however, the enclosed sample remains nearly free of 3D nuclei even at a film
thickness of ~20nm, where the density of 3D nuclei of this film compared to the ~20nm thick
film grown without a Cu enclosure decreased by ~11x (from ~568(±55) nuclei/µm2 to ~52(±15)
nuclei/µm2). Additionally, surface wrinkling is dramatically reduced. Therefore, not only does the
use of a copper enclosure during growth result in enhanced h-BN island size; it also appears to
significantly reduce or even eliminate the formation of 3D nuclei and reduce surface wrinkling.
This is, again, likely due to the improved crystallinity at high film thickness due to the decreased
partial pressure of BN precursors and thus, a reduced impingement rate. Additionally, a decrease
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in the partial pressure of oxygen impurities (as discussed subsequently in Section 3.2.3) would be
expected to reduce the formation of BN fullerenes, which require oxygen incorporation,133 and
may be another possible mechanism for the decrease in 3D nuclei with the use of a Cu enclosure.

Figure 3.2.7: (a-c) 50,000x SEM images of h-BN films with increasing thickness
(~5, 10, and 20nm, respectively) grown without the use of a copper enclosure
show a high density of 3D particle nucleation and a high degree of film
wrinkling. (d-f) 50,000x SEM images of h-BN films of similar thicknesses
grown using a copper enclosure show a larger apparent domain size and a
reduced density of 3D particle formation.
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The use of plan-view high resolution transmission electron microscopy (HRTEM) on
~20nm thick h-BN films grown without and with the use of copper enclosure was employed to
investigate the structural and crystallographic differences between the two growth configurations.
For the film grown without the copper enclosure (Figure 3.2.8a), HRTEM analysis indicates that
the film is nanocrystalline with domain sizes on the order of only a few nanometers. This
nanocrystalline texturing is also apparent in the selected area diffraction pattern (SAD), shown in
Figure 3.2.8c, where broad rings and weak diffraction spots are observed. Additionally, the film
shows areas where the c-axis propagates perpendicular to the growth surface, similar to the
HRTEM analysis of the 3D nuclei shown previously in Figure 3.1.4. In contrast, h-BN grown
with a copper enclosure (Figure 3.2.8b) exhibits a higher degree of order and texturing in the film
and increased domain size. The spots in the SAD pattern (Figure 3.2.8d) also appear much
sharper compared to the non-enclosed growth, indicating that the crystallinity of the film is
improved. In both cases the d-spacing is approximately ~0.21nm, as measured directly from the
TEM image (Figure 3.2.8c), with the calculated Fast Fourier Transform (FFT) pattern (inset of
Figure 3.2.8c) matching the inter-atomic distance in the (0001) plane of bulk h-BN.54 However,
even for the sample utilizing the Cu enclosure, the domain size observed with plan-view HRTEM
is still quite small (~5nm), making orientation indexing difficult from the SAD patterns since the
smallest aperture for SAD analysis is 125nm in diameter. Such small domain sizes could be
detrimental to graphene-based devices, since domain boundaries and the addition of adsorbates at
domain boundaries can lead to enhanced conduction. However, based on the proposed growth
model of Figure 3.2.6 and the cross-sectional TEM observations of Figure 3.2.5, these ~20nm
thick films are likely composed mostly of nanocrystalline/turbostratic BN structures, where a
transition to turbostratic BN growth was found to occur after ~15 layers.

126

Figure 3.2.8: (a, b) Plan view HRTEM of an h-BN film grown without and with
the use of a Cu enclosure, respectively. (c, d) Diffraction patterns corresponding
to (a) and (b), respectively; indicate that the use of a Cu enclosure during growth
resulted in higher degree of crystallographic texturing and larger domains. (e)
High magnification image of (b) showing the commensurate hexagonal structure.
Inset shows the calculated FFT pattern from the TEM image of (e) and was used
to measure d-spacing.

These results show that use of a Cu enclosure during growth of h-BN on Cu substrates
results in an overall enhancement of the crystalline domain size and a reduction in the
formation of unwanted 3D nucleation and wrinkling. This occurs due to the reduction in the
partial pressure of BN precursors as described previously. However, these results also suggest
that the Cu enclosure may not be needed if the partial pressure could be reduced by alternative
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techniques, such as incorporation of a pressure-based MFC to accurately control the
concentration of gas-phase precursors introduced into the system. Unfortunately, at the time of
this work, such a growth configuration was not available. However, the Cu enclosure
accurately details the benefits of reduced precursor partial pressure for h-BN growth.

3.2.3: Chemical and Bonding Analysis via XPS of Enclosed vs. Non-Enclosed h-BN
Growth

X-ray photoelectron spectroscopy (XPS) was utilized to study the effect of the copper
enclosure on the chemical properties of h-BN. Here, two sets of films were grown under similar
conditions (T=1000°C, P=250mTorr) to similar thicknesses (~10nm); but either with or without
the use of a copper enclosure. XPS was performed on as-grown h-BN films on copper substrates
as well as on h-BN films transferred to Si substrates. Table 3.2.1 details the concentrations of B,
C, N, and O, as well as the B/N ratios, for these h-BN films.

Table 3.2.1: Relative concentrations (%) of boron, nitrogen, carbon, and oxygen
as measured with XPS for growth of h-BN on copper substrates with and without
the use of a copper enclosure during growth. Use of a Cu enclosure results in a
reduction of both carbon and oxygen impurities.

B1s
N1s
C1s
O1s
B/N Ratio

Without Cu Enclosure
As-Grown
Transferred to Si
44.89
37.62
44.40
39.09
5.25
14.89
5.46
8.40
1.01
0.96

With Cu Enclosure
As-Grown
Transferred to Si
46.90
43.25
49.20
39.41
1.99
11.92
1.92
5.42
0.95
1.10
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For both growth configurations, the as-grown and transferred B/N ratios are within 10%
of unity, indicating highly stoichiometric films. However, with the use of a copper enclosure, the
carbon content was reduced by 62% (from 5.3% to 2.0%) and the oxygen content was reduced by
65% (from 5.5% to 1.9%) compared to h-BN films grown without a copper enclosure.
Additionally, the B1s high resolution spectra (Figure 3.2.9) indicate the presence of oxygen
bonding in the h-BN lattice, as evident by the peak at ~192eV (blue peak). The contribution of
this peak to the total area of the B1s spectra indicates the degree of bonding between oxygen and
boron atoms in the film. For the B1s spectra of the non-enclosed h-BN film (Figure 3.2.9a),
94.1% of the B1s spectra is attributed to B-N bonding (190.45eV) while B-O bonding (191.52eV)
contributes the remaining 5.9%. For the case of the enclosed h-BN film (Figure 3.2.9b) however,
B-N bonding (190.46eV) contributes to 98.7% of the B1s spectra, while B-O bonding (191.80eV)
is responsible for only 1.1%. This indicates that for oxygen actually bonded to boron atoms, the
enclosed growth results in an 81% reduction in B-O bonding. These results contribute to the
notion that the copper enclosure creates a static gas-phase Cu overpressure in the growth
environment. This not only leads to a reduction in the partial pressure of the gas-phase BN
precursors, as discussed previously, but also in other gaseous impurity species, such as oxygen
from leaks in the vacuum system or hydrocarbons from back-streamed pump oil. These results
suggest that the use of a copper enclosure, and thus a copper overpressure, during growth of h-BN
on Cu substrates can significantly reduce contamination from impurity elements. Additionally,
since B-O bonding likely occurs at unsatisfied bonds at defects or domain boundaries, the
increase in domain size (detailed previously) is likely another possibility for the observed
decrease in B-O bonding with the Cu enclosed growth. As mentioned in Section 3.1.2, 3D surface
features are likely composed of BN fullerene structures, which require oxygen to form
thermodynamically.133 Therefore, the decrease in oxygen content with use of a Cu enclosure may
be responsible for the decreased density of 3D nuclei, observed in Figure 3.2.7.
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Figure 3.2.9: XPS B1s spectra of as-grown h-BN on copper foils grown (a)
without a copper enclosure and (b) with a copper enclosure. Bonding of oxygen
in the BN lattice (BNxOy) is represented by a higher energy peak ~192eV (blue
peak). With use of a copper enclosure, the presence of this peak is significantly
reduced.

The XPS results of Table 3.2.1 also show that upon transfer, in both cases the carbon and
oxygen content increase significantly. It was discussed in section 3.1 that the increase in oxygen
content upon transfer is a result of the transfer process, which utilizes several water baths that
could lead to oxygen bonding at defect sites or domain boundaries. In Figure 3.1.5, it was found
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that the BNxOy peak at ~192eV, associated with B-O bonding increased upon transfer. However,
peaks expected to be associated with B-C bonding (~188eV) were not observed. Again, the
transferred B1s spectra (not shown) for both h-BN films grown with and without the use of a Cu
enclosure indicate no presence of B-C bonding, despite the observed increase in carbon
composition. Interestingly however, the high resolution C1s spectra (Figure 3.2.10) indicate
otherwise. For the as-grown film grown without the use of a Cu enclosure, shown in Figure
3.2.10a, the primary peak associated with the C1s spectra is located at 284.8eV (red peak) and is
indicative of C-C bonding, most likely from residual photoresist or adventitious carbon on the hBN surface. This peak accounts for 63.5% of the as-grown C1s spectra for the non-enclosed
growth. However, a second peak located at 285.7eV (blue peak) contributes 36.5% of the C1s
spectra. This peak is associated with C-B bonding and has been reported elsewhere for hybridized
graphene/h-BN films, where C-B and C-N bonding was reported to occur at the boundaries
between h-BN and graphene domains.137 Interestingly, this peak was not observed for the film
grown with the Cu enclosure (Figure 3.2.10c), indicating that negligible bonding between B and
C atoms occurs during h-BN growth when utilizing a Cu enclosure. Again, this is likely due to
the decreased partial pressure of impurity species in the Cu enclosure growth environment.
However, both films showed distinctly different C1s spectra upon transfer, as shown in Figure
3.2.10b and d, where the C-B peak (blue peak) located at ~286eV was observed in both cases.
Additionally, a third peak located at ~289eV is present. This peak is indicative of C-N bonding,
as reported again for graphene/h-BN hybridized films.137 This indicates that the transfer process
results in partial bonding of carbon, likely from the photoresist, to both B and N atoms of the hBN film.
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Figure 3.2.10: XPS C1s spectra of h-BN as-grown on Cu foils (a, c) and
transferred to Si (b, d) for films grown without a copper enclosure (a, b) and with
a copper enclosure (c, d). With the use of copper enclosure, the as-grown C1s
peak is significantly less intense than for the film grown without a copper
enclosure. For both cases, the C1s peak increases and gains additional peaks after
transfer due to residual photoresist on the h-BN surface.

Similarly to oxygen incorporation, it was found that the contributions of C-B and C-N
bonding to the transferred C1s spectra were reduced for the h-BN film grown using a Cu
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enclosure, as shown in Table 3.2.2. These results indicate a 20% decrease in C-N bonding and a
26% decrease in C-B bonding in the transferred h-BN films with the use of a Cu enclosure.
Carbon bonding likely occurs at domain boundaries and defects, as shown with TEM in the
reports of hybridized graphene/h-BN films.137 The reduction in C-B and C-N bonding observed
with the use of a Cu enclosure is likely a result of increased domain size, as detailed previously.
Larger h-BN domains will result in a decrease in the density of domain boundaries and
consequently, unsatisfied bonds. Therefore, the incorporation of impurities at these sites should
be reduced, as observed with XPS. It is interesting that the C-B and C-N bonding is only
observed in the C1s spectra and not the B1s or N1s spectra. It is likely that the contribution of CB and C-N bonding is greatly overshadowed by the primary B-N bonding configuration, and
therefore is not detectable in the B1s or N1s spectra.

Table 3.2.2: Component contribution (%) of various carbon bonding
configurations after deconvolution of C1s spectra for as-grown and transferred hBN films grown with and without the use of Cu enclosure.

C-C (184.8eV)
C-N (~289eV)
C-B (~286eV)

Without Cu Enclosure
As-Grown
Transferred to Si
63.51
61.85
N/A
11.47
36.49
26.68

With Cu Enclosure
As-Grown
Transferred to Si
100
71.05
N/A
9.16
N/A
19.79

In conclusion, the use of a copper enclosure during the pre-growth anneal and growth of
h-BN films has been shown to be highly beneficial for h-BN synthesis. The Cu enclosure creates
a nearly static copper overpressure directly above the Cu substrates. This Cu overpressure reduces
the partial pressure of all other gas species in the growth environment, including the BN
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precursors (such as borazine and diborane) and impurity gases. The reduction in BN precursors
results in a reduction in growth rate as well as an enhancement of h-BN domains due to a reduced
flux of precursor to the Cu substrate. Additionally, a possible growth model was proposed where
h-BN proceeds via the nucleation of islands over an original monolayer (Stranski-Krastanov
growth mode). Upon full coalescence of h-BN islands, further nucleation proceeds as random
nano-domains, resulting in the formation of turbostratic BN as evidenced by cross-sectional
TEM. It was found that the use of a copper enclosure, which promotes larger h-BN islands, fully
coalesces at larger thicknesses than non-enclosed growth, leading to a film with a higher
crystallinity. Finally, it was found that the use of a Cu enclosure reduces the incorporation of
oxygen and carbon impurities, as evident through XPS. The reduction in impurity concentrations
found in the enclosed films are likely a result of two mechanisms: 1) a reduced flux of impurity
gas species to the Cu substrate due to an increased copper partial pressure, and 2) a reduced h-BN
domain boundary density due to enhanced h-BN domain size, where impurities are likely to bond.

3.3: Electrical Properties of h-BN Films Grown on Copper

Electrical breakdown measurements were performed between two 125µm Au/Ti pads
(100nm/20nm) deposited on h-BN films grown on Cu foils and transferred to Au/Ti/SiO2/Si
(100nm/20nm/300nm/bulk) substrates, as described in Section 2.6. Here, we investigate the
insulating behavior of the films as a function of thickness and growth configuration (with or
without a Cu enclosure). It has been previously reported that bulk h-BN typically has a
breakdown field in the range of 2-6x106 V/cm.149 However, breakdown fields reported for
exfoliated h-BN have been reported at 10-15x106V/cm, due to the pristine single crystal nature of
exfoliated h-BN flakes.42,43 In these reports, it was found that exfoliated h-BN flakes less than 4
layers experienced significant tunneling currents. However, the breakdown characteristics of h-
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BN films grown on Cu have not been thoroughly explored. For these experiments, the breakdown
field was considered to be the voltage field (V/cm) where the current density reached 10 A/cm2.
Figure 3.3.1 shows the log-log plots of current density versus voltage field for h-BN films
grown with a copper enclosure. The breakdown curves for the thinner h-BN films (up to ~5nm)
show significant leakage (current density of ~4 A/cm2 at 1x105 V/cm) with no distinguishable
breakdown point, behaving similarly to a short. This is most likely due to the fragility of these
films; where pinholes, tears, and defects are easily introduced during the transfer process.
Therefore, a high density of conduction paths are likely to be introduced into these films, leading
to the shorting behavior. For thicker h-BN films (~10 and ~20nm) however, the breakdown
characteristics are typical of insulating films. These films are more stable during transfer and
presumably have a lower density of pinholes and tears introduced during transfer that act as
conduction paths; however many of the tested devices on both samples still showed shorting
behavior, indicating not all areas were free of film damage. Note that the dotted black lines beside
the breakdown curves of the ~10nm and ~20nm thick h-BN films represents the standard
deviations of the optical ellipsometry measurements used for thickness quantification, where a
standard deviation of 0.42nm and 0.91nm was obtained for the ~10nm and ~20nm thick films,
respectively. The breakdown fields (assuming the average thickness values) were found to be
similar for both the ~10nm and ~20nm thick h-BN films, where breakdown occurred at 1.24x106
and 1.34x106 V/cm, respectively. This is expected for h-BN films of similar quality since the
breakdown field is normalized to thickness. However, the current density at low fields for the
~10nm thick film was found to be significantly higher than for the ~20nm thick film, where
current densities at 1x105 V/cm were 8.4x10-6 and 3.4x10-9 A/cm2, respectively, indicating a
current density over three orders of magnitude higher for the ~10nm thick film. This may be
attributed to the fact that the h-BN film thickness is not uniform. Through AFM measurements of
a ~10nm thick h-BN film, a maximum peak-to-valley value was found to be ~18nm for a film
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measured with optical ellipsometry at a nominal thickness of ~10nm. This large peak-to-valley
value is due to the formation of large surface wrinkles (peaks) and the presence of low areas
between h-BN islands (valleys), such as shown previously in the AFM scan of Figure 3.2.3d.
Therefore, breakdown likely occurs in the low valleys of the film where the local thickness is
much less than the nominal film thickness measured with optical ellipsometry. For the ~10nm
thick film, the low thickness locally at “valleys” leads to enhanced tunneling and thus increased
leakage currents compared to the ~20nm thick film, where the film thickness at “valleys” would
be increased relative to the 10nm thick film, leading to reduced tunneling. For both the ~10nm
and ~20nm thick h-BN films, current leakage and eventual breakdown likely occur through
domain boundaries, where nanocrystalline domains (observed through HRTEM previously in
Figure 3.2.8) lead to a high density of domain boundaries. This is in contrast to single crystal
exfoliated h-BN flakes, which have high breakdown strengths (10-15x106V/cm)42,43 due to an
absence of domain boundaries.
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Figure 3.3.1: Current density vs. voltage field showing the breakdown
characteristics of h-BN films grown to various thicknesses in a copper enclosure.
Up to ~5nm, the h-BN films exhibit high leakage currents. At ~10nm and
~20nm, the h-BN films are insulating with breakdown ~1.5x106V/cm, where the
20nm film shows lower leakage compared to the 10nm film. The dotted lines of
the ~10nm and ~20nm curves indicate the standard deviation of the thickness
measurements.

Breakdown analysis was also performed on h-BN films of similar thicknesses, but grown
under different growth configurations. Figure 3.3.2 shows the log-log plots of current density vs.
voltage field for ~20nm thick h-BN films grown with or without the use of a copper overpressure
and shows a significant difference between the two growth configurations.

137

Figure 3.3.2: Current density vs. voltage field showing the breakdown
characteristics of 20nm h-BN films grown with and without the use of a copper
enclosure. The breakdown characteristics of two 30nm thick high-k dielectrics,
Al2O3 and HfO2, are also shown. The h-BN film grown with the copper enclosure
shows similar leakage currents and only a slightly lower breakdown field
compared to high-k dielectrics, while the h-BN film grown without the copper
enclosure shows significantly higher leakage currents and a reduced breakdown
field.
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For the ~20nm h-BN film grown with the Cu enclosure (also shown in Figure 3.3.1),
breakdown occurs at 1.34x106 V/cm. Conversely, for the ~20nm thick h-BN film growth without
the Cu enclosure, breakdown occurs at 7.09x105 V/cm. This indicates an increase in h-BN
breakdown field of 89% when grown with the use of a Cu enclosure. Additionally, the current
density at a voltage field of 1x105 V/cm increases by over four orders of magnitude (from
3.4x10-9 to 2.04x10-5 A/cm2) when h-BN is grown without the use of a Cu enclosure. This
indicates that the density of conduction paths is significantly increased in the h-BN film grown
without the use of a Cu enclosure. This could be a result of an increased density of domain
boundaries due to the decreased crystallinity observed in Section 3.2.2, or an increase in
conductivity due the increased carbon content of the h-BN film grown without a Cu enclosure.
For comparison, the breakdown characteristics of two high-k dielectrics typically used as
dielectrics in graphene devices (Al2O3 and HfO2) were plotted with the h-BN results. Both of
these high-k dielectrics were ~30nm thick and deposited via e-beam evaporation. It was found
that the current densities were very similar up to ~1x106 V/cm, indicating that the leakage
currents for h-BN films grown with the use of a Cu enclosure are on par with these two high-k
dielectrics. As expected however, the breakdown fields for the high-k dielectrics were slightly
higher than the h-BN film, where breakdown of the Al2O3 and HfO2 films occurred at 1.76x106
and 2.32x106 V/cm, respectively, due to their superior dielectric strength. This indicates that hBN dielectrics grown on Cu foils with the use of a Cu enclosure have breakdown strengths only
moderately lower than these common high-k dielectrics, where its breakdown strength was found
to be ~24% and ~42% less than Al2O3 and HfO2, respectively.
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Chapter 4

Integration of Hexagonal Boron Nitride as a Top-Gate Dielectric for QuasiFreestanding Epitaxial Graphene Electronics

Although the benefits of h-BN/graphene systems have been demonstrated previously,
current focus has been limited to h-BN integration with CVD or exfoliated graphene, as detailed
in Section 1.7. The effects of h-BN on epitaxial graphene, which is more conducive to large scale
development than exfoliated graphene and more easily processed than CVD graphene, have not
yet been investigated. Epitaxial graphene has been shown to produce uniform, large area, and
high quality graphene for high frequency applications with an intrinsic current gain cutoff
frequency (fT) approaching 300GHz.69 In addition, epitaxial graphene has been further enhanced
by hydrogen intercalation, where the interfacial (buffer) layer present in epitaxial graphene is
passivated by hydrogen, forming a “quasi-freestanding” epitaxial graphene (QFEG) which leads
to mobility improvements of approximately 2.5x and extrinsic fT improvements of >3x.82,83
This thesis presents the results of the first 75mm QFEG wafer with CVD h-BN top-gated
graphene field effect transistors (GFETs). This chapter presents electrical characterization that
indicates CVD h-BN integration with QFEG results in significantly less remote surface optical
phonon scattering and introduces less charged impurities to the system relative to HfO2 based
dielectrics. Additionally, the overall benefit of h-BN relative to HfO2 dielectrics is found to be
critically dependent on the initial impurity density of the QFEG samples; which results in unique
limitations not typically observed in h-BN integration with exfoliated or CVD grown graphene.
On high mobility QFEG samples (>2000 cm2/V-s at a carrier density of 1x1013 cm-3) with low
remote charged impurity densities, h-BN gate dielectrics are shown to effectively preserve
mobilities >3000 cm2/V-s at room temperature, ultimately leading to intrinsic transistor cutoff
frequencies of 33.5 GHz for 750nm gate lengths. However, for low mobility QFEG samples
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(<1500 cm2/V-s at similar carrier densities) with a high density of remote charged impurities,
Coulombic scattering dominates transport and the benefits of h-BN are quenched relative to HfO2
due to h-BN’s low dielectric constant. It was found that the initial mobility of the QFEG system
was highly influenced by the local SiC morphology of each Van der Pauw (VdP) device, where
step-edges induce additional remote impurities and surface optical phonon scattering. The results
presented in this chapter are also published elsewhere.127,129

4.1: Room Temperature Hall Effect Measurements

Following growth of h-BN on Cu substrates, the films were transferred, via the process
described in Section 2.4, to quasi-freestanding epitaxial graphene (QFEG) substrates with prefabricated ohmic-level devices and prepared via the processes described in Section 2.5. It should
be noted that the h-BN films used in this study were grown without the use of the copper
enclosure described in Section 3.2. The studies presented in this chapter were performed prior to
the development of the copper enclosure growth configuration.
Room temperature Hall Effect measurements, shown in Figure 4.1.1, were performed
prior to h-BN integration on the as-grown QFEG Hall crosses (Pre-Transfer), immediately after
h-BN integration (Post-Transfer), and after a 400°C anneal in H2/N2 (15% H2) for 20 minutes
(Post-Anneal). Despite the presence of stress induced wrinkling and 3D surface particulates
observed in AFM and SEM in Section 3.1, room temperature Hall effect measurements indicate
that the carrier mobility and concentration of the QFEG are minimally affected upon integration
with the h-BN dielectric over-layer, although this is partially a result of the initial low mobilities
inherent to the epitaxial graphene system (~1500 cm2/V sec at 1x1013 cm-2). Upon transfer, the
QFEG experiences an average increase in hole concentration of approximately 5x1011 cm-2 (<5 ±
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2%), which is coupled with a 14 ( 3)% decrease in average Hall mobility, from 1741 cm2/V-s to
1499 cm2/V-s. Hole doping of the graphene is attributed to the presence of residual water at the hBN/QFEG interface subsequent to h-BN transfer. After a 20 minute anneal to remove residual
photoresist and water at 400°C in H2/N2 (15% H2), the carrier concentration returns to as-grown
values, which indicates that the h-BN itself does not significantly induce hole doping within the
QFEG; however, Hall mobility remains an average of 9 (±5)% below its original value.

Figure 4.1.1: (a) Room temperature Hall mobility vs. carrier concentration
obtained before h-BN integration, after h-BN transfer, and after annealing at
400°C for 20 minutes in H2/Ar (15% H2) shows minimum degradation of the
carrier mobility. Inset: SEM micrograph of Van der Pauw test structure after
transfer and patterning of h-BN dielectric layer. (b) Normalized µ/µ0 vs. n/n0 plot
of (a) showing the change in mobility and carrier concentration for QFEG
devices immediately after h-BN transfer and after the 400°C anneal. Here, µ0 and
n0 are the original as-grown mobilities and carrier concentrations, respectively, of
the QFEG wafer.
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These results were consistent for h-BN films with thicknesses from 10 to 50nm indicating
that doping induced by the h-BN layer is independent of thickness for multilayer h-BN. The
degradation in mobility is likely a result of the addition of impurities at the dielectric/graphene
interface during the transfer process (such as oxygen impurities bonding at defects and domain
boundaries from the DI water baths, as previously observed with XPS in Figure 3.1.6) which act
to increase remote charged impurity scattering within the QFEG.90,91 Another possible mechanism
for local mobility degradation may be surface roughness scattering at the dielectric/graphene
interface due to the stress-induced wrinkling of the h-BN film. Overall however, these results
indicate only a small decrease in the ambient Hall mobility of QFEG upon integration with h-BN,
unlike reports of significant mobility degradation upon integration with HfO2 dielectrics.89

4.2: Temperature Dependent Hall Effect Measurements

Temperature dependent Hall mobility data was utilized to study the scattering
mechanisms induced into QFEG by the dielectric over-layer. Here, h-BN gated QFEG devices
were compared to devices gated with the high-k dielectric HfO2. Figure 4.2.1a plots the
temperature dependent Hall mobility before and after h-BN integration and confirms an increase
in remote charged impurity scattering. This is shown by a reduction in the temperature
independent portion of the curve after h-BN integration, which is dominated by remote charged
impurity scattering.104 In another work,127 physics based modeling of the temperature dependent
transport data indicates remote charged impurity scattering as the dominant scattering source in
these samples and that integration of CVD h-BN can introduce up to 6x1012 additional
impurities/cm2 at the dielectric-graphene interface, although this value was found to be roughly
4x less than that introduced by HfO2 dielectrics and can be as low as 3x1012 cm-2. In this way, h-

143
BN integration can be beneficial in reducing the number of additional remote charged impurity
scatterers. The effect of impurity concentration, which varies from device to device, will be
discussed in Section 4.4.

Figure 4.2.1: (a) Hall mobility versus temperature before and after h-BN
integration shows minimal change in the surface optical scattering as well as the
incorporation of additional remote charged impurity scattering. (b) Temperature
dependent Hall mobility shows the potential of h-BN in preserving high
mobilities for QFEG due to reduced introduction of charged impurity and remote
surface optical phonon scattering compared to HfO2. Here, Nsh is the sheet carrier
density (cm-2) and nimp is the approximate remote charged impurity density
extracted using techniques adapted from Konar et al.104
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Temperature dependent Hall Effect measurements indicate little contribution from remote
surface optical phonon scattering after h-BN integration (Figure 4.2.1b). For a high mobility (low
nimp) h-BN coated QFEG sample (red curve), exhibiting mobilities greater than 3000 cm2/V-s and
with a low impurity density of 3.7x1012 cm-2, the ultimate decrease in mobility from the low
temperature, impurity limited regime to the high temperature, phonon limited regime is only 4.4%
and can be explained as a result of intrinsic phonon scattering within the graphene. The method
presented by Konar et al.104 was adapted here to show that for a fixed carrier concentration and
charged impurity density of 9.3x1012 cm-2 and 3.7x1012 cm-2, respectively, (given an acoustic
deformation potential of 4.8 eV, optical deformation potential of 25.6 eV/A, and intrinsic optical
phonon energy of 140 meV)127 the expected change in mobility due to optical and acoustic
phonon scattering from 5 – 400K is approximately 5%, which matches well with our
experimental results and indicates that phonon-carrier coupling is weak for the h-BN/graphene
system. These results are similar to results published elsewhere for un-coated QFEG samples,
which exhibit minimal temperature dependence of Hall mobility and confirm that pristine QFEG
samples exhibit minimal remote surface optical phonon scattering from surface modes within the
substrate.84 Importantly, our results show that even with h-BN integration, the limited effect of
remote surface optical phonon scattering is preserved, suggesting that h-BN introduces little
additional remote surface optical phonon scattering. Alternatively, for a low mobility (high nimp)
h-BN coated sample (blue curve), exhibiting mobilities ~1100 cm2/V-s and with an approximate
fixed impurity density of 1.1x1013 cm-2, the decrease in mobility is 7.7% for the same temperature
range and, following similar analysis, indicates an increase in remote surface optical phonon
scattering for this sample. However, the change in temperature dependence before and after
dielectric integration (Figure 4.2.1a) is minimal and again indicates that h-BN introduces
negligible additional remote surface optical scattering. Instead, the increased contribution from
remote surface optical phonons in both the as-grown and h-BN coated sample is thought to

145
originate from the SiC substrate, where an increased SiC step-edge density was found for this
particular sample and is thought to lead not only to a higher density of remote charged impurities,
evidenced by the reduction in the temperature independent mobility (remote charged impurity
dominated), but also to increased phonon scattering and reduced room temperature mobility.
Degradation of transport properties with presence of step-edges for epitaxial graphene (will be
discussed in more detail in Section 4.4) is a well known phenomenon and has been reported
elsewhere.124
In contrast, the HfO2 coated QFEG sample (green curve) exhibits a 14.5% degradation in
temperature dependent mobility, which fits well with expected results and verifies that the use of
high-k dielectrics induces additional remote surface optical phonon scattering compared to h-BN
dielectrics. Modeling of the temperature dependent data indicates that remote surface optical
scattering contributes ~15% of the total mobility reduction in these samples. 127 Despite this
increase in remote surface optical phonon scattering, as well as remote charged impurity
scattering, the ability of the HfO2 to screen the carriers from remote charged impurities results in
an average increase in carrier mobility when initial as-grown mobility is heavily dominated by
remote charged impurity scattering.104 However, for QFEG samples exhibiting a high initial
mobility (phonon limited regime), the increased surface optical phonon scattering from HfO 2
results in a large degradation in mobility compared to h-BN. Therefore, QFEG’s mobility is
limited by HfO2 for high mobility QFEG samples and benefits from HfO2 for low mobility QFEG
samples.91,104 In contrast, the benefit of h-BN is most evident in the high mobility QFEG (phonon
limited) regime. Additionally, we note that Figure 4.2.1b shows a small increase in Hall mobility
with temperature for the HfO2 coated sample before decreasing at higher temperatures. This
increase in mobility occurred in conjunction with a decrease in the carrier density and is
attributed to the presence of temperature activated traps in the HfO2 over-layer which capture
charge carriers and lead to an increase in mobility. Similar behavior has been reported for un-
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coated epitaxial graphene where an increase in Hall density and subsequent decrease in Hall
mobility were reported and attributed to donor traps in the SiC substrate.103

4.3: RF Characterization

RF characterization of CVD grown h-BN and HfO2 gated GFETs confirms that the use of
h-BN dielectrics can be effective in preserving the transport properties of high mobility QFEG
samples. Though Britnell et al suggests that exfoliated single crystal h-BN flakes show negligible
tunneling currents at thicknesses of only 4 layers,42 CVD h-BN used here resulted in significant
leakage currents and VBreakdown<1V for thicknesses up to 20nm, as described in Section 3.3 for
non-enclosed h-BN growth on Cu, which is likely due to pin-holes, non-uniformities, and grain
boundary conduction in the transferred films. Therefore, for GFET characterization, an h-BN
thickness of ~50nm was used to ensure sufficiently low gate leakage currents (measured to be
<1x10-10A/µm2 at Vgs=1V). Figure 4.3.1a plots drain current as a function of gate voltage (Vds =
-1V) for typical h-BN and HfO2 gated GFETs and shows the characteristic p-type transfer curve
of QFEG graphene for h-BN gated GFETs, where hole doping of the QFEG is a result of the
intrinsic spontaneous polarization charge of the hexagonal SiC substrate.84 Alternatively, HfO2
gated GFETs exhibit slightly n-type behavior and VDirac much nearer to 0 V, which is attributed to
n-type doping by the HfO2 over-layer that competes with the substrate induced hole doping.83
The heavily p-type behavior of the h-BN gated devices leads to increased drain currents over the
range of evaluated gate voltages compared to HfO2 gated GFETs. Besides increased drain
currents, the shift in transfer curve also leads to reduced transconductance over the same voltage
range, evidenced as a decrease in the on-off ratio. Despite this reduction in transconductance, the
intrinsic RF performance for h-BN gated GFETs can be up to 2.4x that of HfO2 gated GFETs,
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although ultimate performance is found to be highly dependent on initial mobility of the QFEG
sample. Figure 4.3.1b plots the small signal current gain for three different GFETs as a function
of frequency after de-embedding the pad parasitics using a short-open-load-thru compensation.

Figure 4.3.1: (a) Drain current as a function of gate voltage for h-BN and HfO2
gated GFETs. The p-type doping of the h-BN gated GFET shifts the minimum
conductivity point in the positive direction while use of an HfO2 gate leads to a
minimum conductivity point close to zero volts. (b) Intrinsic RF performance of
h-BN and HfO2 gated GFETs. For the high mobility QFEG sample with low
impurity density, the small degree of remote surface optical scattering from use
of h-BN dielectrics leads to excellent RF performance.
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The results show that for low mobility QFEG, use of h-BN top-gates shows no benefit
compared to HfO2 dielectrics, producing current gain cutoff frequencies of 5.4 GHz (4.1 GHzµm) compared to 13.8 GHz (10.4 GHz-µm) for HfO2 coated GFETs, where the significant
decrease in RF performance for h-BN coated GFETs is partially attributed to the reduction in
transconductance caused by the p-type shift of the transfer curve. Alternatively, for high mobility
QFEG, use of h-BN leads to cutoff frequencies as high as 33.5 GHz (25.12 GHz-µm), which is
the highest fT•Lg product reported for h-BN coated graphene transistors and is attributed to a
reduced contribution from remote surface optical phonon scattering and a lower density of remote
charged impurities relative to HfO2 coated GFETs that act to preserve the excellent transport
properties of QFEG.

4.4: Effect of Impurity Concentration on Dielectric – Graphene Scattering

Through modeling detailed elsewhere,127 we find that HfO2 integration with QFEG leads
to an impurity density increase of 2.8x1013cm-2 while integration of h-BN with QFEG led to an
impurity density increase of 5.6x1012cm-2, indicating a 5x higher incorporation of remote charged
impurities compared to h-BN. However, as observed previously in Figure 4.2.1b, the mobilities
are higher for the HfO2 coated sample than for the h-BN coated sample with high nimp. This is
despite the fact that this h-BN coated sample (with high nimp) had a 66% lower total impurity
concentration than the HfO2 coated sample. This is due to the ability of HfO2 to screen remote
charged impurities given its high dielectric constant (4x higher than h-BN), which offsets the
additional impurities introduced from the HfO2 film. However, as impurity concentration
decreases, surface optical phonon scattering begins to contribute more to the overall scattering
rate and the ability of HfO2 to screen impurities begins to lose out to scattering from surface
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optical phonons due HfO2’s low energy surface optical phonon modes; which induce stronger
electron-phonon coupling, as described in Section 1.6.2. In this regime, h-BN outperforms HfO2
due to its high energy surface optical phonon modes, where h-BN and HfO2 have surface optical
phonon energies of 120meV and 25.5meV, respectively.127 However, apparent from the
temperature dependent Hall mobility data (Figure 4.2.1b), the effective impurity density can
change drastically from device to device over the wafer. We correlate this to local impurity
incorporation from the SiC substrate; or more accurately, from the SiC step edges. Although the
SiC substrates used for QFEG synthesis had a nominal miscut of zero degrees relative to the
(0001) plane, a slight miscut naturally exists and leads to a terraced morphology, as shown in
Figures 4.4.1a and b. These SiC step-edges naturally bunch together during the high temperature
sublimation step in epitaxial graphene synthesis, forming terraces 1-10µm wide with step heights
up to 10nm, and have been cited as a source of additional scattering.124,127 Additionally, it was
found that while the terrace planes exhibit primarily monolayer graphene for epitaxial graphene
and bi-layer graphene for QFEG (where the second layer forms after hydrogen passivation and
conversion of the 6 3 buffer layer to graphene), multi-layer graphene exists at the step-edges due
to faster nucleation and growth.90 Through the use of optical profilometry, it was found that
nearly all of VdP test structures include step-edges in the active region, as shown in Figure
4.4.1b. However, the extent of the step-bunching was found to vary from device to device, where
some VdP test structures had a high density of step-edges while others had a low density of stepedges in the active region, as shown in Figure 4.4.1c. By correlating the ultimate change in step
height (total distance traveled along the c-axis) to the measured Hall mobility and carrier
concentration, Hollander et al127 show that an increase in step density (high ultimate change in
step height) directly leads to a reduction in mobility (Figure 4.4.1d). However, the expected
dependency of mobility on hole concentration was not found to correlate to the observed decrease
in Hall mobility with increased step-edge density, as shown in Figure 4.4.1e. This suggests that
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additional scattering is being introduced at step-edges. Additionally, it was previously reported
that moving from a sample with a high step-edge density to one with a low step-edge density led
to a reduction in nimp of up to 1.7x1012cm-2 and a significant reduction in surface optical phonon
scattering.127

Figure 4.4.1: (a) SEM image of Van der Pauw test structure used for Hall
mobility analysis. (b) Optical profilometry image of Van der Pauw test structure
showing the presence of step edges running through the device. (c) Height profile
showing the contrast in geometry between various step edges. (d) Hall mobility
vs. absolute change in step height shows a decrease in mobility for devices
having higher step heights. (e) Hall mobility vs carrier density. The simulated
dependency on carrier density indicates that the increase in hole doping is not the
only cause of the degraded mobility.
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The additional impurity and surface optical phonon scattering at step-edges may be a
result of incomplete hydrogen passivation at the step-edge, possibly due to the increased graphene
thickness, where hydrogen passivation has been clearly shown to reduce both remote charged
impurity incorporation and surface optical phonon scattering.127 Another possible explanation for
the increased surface optical phonon scattering at step edges may be decreased phonon energies
for phonons propagating along the c-axis of SiC.127 The different impurity concentrations
obtained through modeling of the temperature dependent Hall mobility (Figure 4.2.1) can thus be
effectively explained by impurity incorporation from the SiC step edges. A low density of SiC
steps will result in a low impurity density regime where h-BN can excel due to its reduced
incorporation of extrinsic impurities and its negligible contribution to surface optical phonon
scattering. Conversely, a high density of SiC steps will result in a high impurity density regime
where Coulombic scattering dominates and HfO2 outperforms h-BN due to its dielectric screening
properties.
Evident from this discussion, the impurity concentration of the dielectric/graphene
system plays a key role in the observed benefits of the dielectric over-layer. Through physicsbased models similar to those developed by Konar et al,104 the Hall mobility as a function of
impurity concentration could be predicted. Here, modeling was performed by Matthew Hollander
of Penn State Electrical Engineering and the details of the model are published elsewhere.127 It
was found that the benefit of h-BN compared to HfO2 is critically dependent on the impurity
concentration of the dielectric/graphene system. As suggested previously, Figure 4.4.2a shows
that two regimes exist where the use of either h-BN or HfO2 can result in higher Hall mobilities.
For comparison, both dielectrics over-layers on QFEG were compared to exfoliated graphene on
SiO2, as reported by Chen et al.97 At impurity concentrations >5x1011 cm-2, HfO2 is the superior
dielectric material due to its ability to screen charged impurities. However, at impurity
concentrations <5x1011 cm-2, h-BN begins to surpass HfO2 due to the increased contribution of
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surface optical phonon scattering to the total scattering rate, where h-BN’s high energy surface
optical phonon modes result in overall reduced scattering.

Figure 4.4.2: (a) Modeled dependency of Hall mobility on impurity
concentration for QFEG gated with h-BN and HfO2, as well as exfoliated
graphene gated with SiO2.97 (b) Expected percent increase in mobility for h-BN
gated QFEG compared to HfO2 and SiO2 as a function of impurity concentration.

Figure 4.4.2b shows the simulated percent change in QFEG Hall mobility when using hBN as a dielectric compared to HfO2 and SiO2. At an impurity concentration of 1013cm-2, HfO2 is
a superior dielectric, due to its dielectric screening abilities, and h-BN has only a minimum
benefit over SiO2. However, at an impurity concentration of 1012cm-2, h-BN shows a benefit over
both HfO2 and SiO2 as impurity scattering begins to contribute less to the total scattering rate.
Finally, at an impurity concentration of 1011cm-2, h-BN shows a nearly 300% and 125% increase
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in mobility over HfO2 and SiO2, respectively, due to the increased contribution of surface optical
phonon scattering to the total scattering rate at low impurity densities. Therefore, modeling
mobility as a function of impurity concentration clearly shows that the benefit of h-BN as a
dielectric for QFEG-based devices is critically dependent on the impurity concentration of the
system. Additionally, due to epitaxial graphene’s unique morphology, improvements in the
growth of EG and QFEG (that lead to a reduction in the step-edge density) should allow for
reduced intrinsic impurity densities; and thus a regime where h-BN dielectrics are a valid
candidate for EG or QFEG-based device development.
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Chapter 5

Direct Growth of Boron Nitride Dielectrics on Insulating and Conductive
Substrates via a Polyborazylene to Boron Nitride Conversion Process

As discussed in Section 1.7, exfoliated h-BN and transferred CVD h-BN have been
shown to be excellent candidates as a supporting substrate and gate dielectric to CVD
graphene.39,110,118,119 Additionally, it was shown in the previous chapter (Chapter 4) that
transferred CVD h-BN can be highly beneficial as a top-gate dielectric to epitaxial graphene,
although the benefits were found to be highly dependent on the impurity concentration of the
graphene-dielectric system.129 The observed improvements in graphene transport properties
(relative to high-k dielectrics and SiO2) with the use of h-BN is a result of h-BN dielectrics
introducing reduced Coulombic and surface optical phonon scatterers to the graphene-dielectric
interface (see Section 1.6 and 1.7). Besides graphene, h-BN is also of interest as a substrate for
development of other 2D layered materials, such as transition metal dichalcogenides (TMDCs),150
where h-BN’s close lattice match makes it an ideal candidate as a substrate for growth and
integration. Despite the advantages of h-BN over high-k dielectrics and SiO2, exfoliated h-BN is
not suitable for large scale development, and CVD of h-BN on metal substrates requires a transfer
process that can be difficult to perform with repeatable success.67 This transfer process often
results in a rough h-BN surface due to stress induced wrinkling of the film during growth on the
transition metal surface, where surface roughness and wrinkling increase with film thickness, as
shown previously in Section 3.2.2 (see Figures 3.2.2 and 3.2.3).129 Additionally, the formation of
tears and pinholes can easily occur during the transfer process, leading to difficulty in producing
continuous films over large areas and causing shorting issues for h-BN films <10nm thick, as
shown previously in Figure 3.3.1. Contamination issues can also arise during the solution-based
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transfer process, usually in the form of residual iron from the ferric chloride solution used to etch
copper and nickel,129 carbon from residual photoresist, or oxygen from the DI water baths used in
the transfer process. Therefore, a deposition process that can grow high-quality, ultra-smooth,
transfer-free h-BN with controllable thicknesses directly on a variety of insulating and conductive
supporting substrates would be highly beneficial for graphene and TMDC development. Here, we
present a direct deposition process of h-BN on Al2O3(0001) and conductive Si(111) that involves
the initial deposition of the hydrogenated polymer precursor polyborazylene (B3N3Hx) and its
subsequent conversion to boron nitride, as discussed in Section 1.4. Direct deposition provides a
means to synthesize an h-BN supporting dielectric for CVD-grown graphene and TMDCs that
can also act as a back-gate dielectric when deposited on highly doped, conductive Si. Here we
explore the effects of the initial polyborazylene deposition temperature on the chemical
composition as measured by X-ray photoelectron spectroscopy (XPS), the surface morphology
and roughness as characterized by scanning electron microscopy (SEM) and atomic force
microscopy (AFM), and the film structure as examined by cross-sectional transmission electron
microscopy (TEM) for h-BN films grown directly on Al2O3(0001) and/or Si(111) substrates. The
results presented in this chapter are also published elsewhere.151

5.1: Effect of Polyborazylene Deposition Temperature on Surface Morphology and
Roughness

Initial attempts to deposit h-BN directly on Al2O3 and Si using high temperature growth
conditions at 1000°C (Figures 5.1.1a and b, respectively) resulted in thick h-BN films with a high
surface roughness not suitable for device development. Therefore, a two-step deposition process,
similar to the 2-step growth of h-BN on Ni substrates reported elsewhere,31 was developed to
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reduce surface roughness. The process consists of depositing a film of polyborazylene onto a
substrate at low temperatures followed by a high temperature anneal at 1000°C to convert the
polyborazylene to h-BN.31 As discussed in Section 1.4, polyborazylene is synthesized from
borazine (B3N3H6) through a dehydropolymerization process, where initial hydrogen loss occurs
between 125°C and 300°C by means of a two-dimensional cross-linking reaction of B-H and N-H
groups, forming polyborazylene (B3N3Hx).52 Upon further heating, a second hydrogen loss
reaction occurs between 700-1100°C from unaligned chain branches of polyborazylene, forming
h-BN (see Figures 1.4.3 and 1.4.4).52 Ammonia borane was used as the precursor material to
borazine upon sublimation at 135°C (thermogravimetric analysis (TGA) data of ammonia borane
sublimation is shown in Appendix C). The deposition of polyborazylene was performed under
100 Torr of H2/N2 (15% H2) carrier gas at two temperatures, 250°C and 400°C. These two
temperatures were selected to represent a temperature within the first hydrogen loss regime and
one slightly above the regime. Growth time of the polyborazylene film was varied for desired
film thickness. A post-growth anneal was then performed at 1 Torr H2/N2 (15% H2), 1000°C for
one hour to facilitate the ceramic conversion, via the second hydrogen loss process, to boron
nitride.
Figure 5.1.1 shows the 2x1µm2 AFM images of h-BN films obtained from the direct
growth process for different growth temperatures and different substrates. The high temperature
growth (1000°C, 100 Torr, 10 minutes) without the use of an initial polyborazylene deposition
resulted in high surface roughness, where a root-mean-square (RMS) roughness of >3nm was
measured with AFM, as shown in Figure 5.1.1a and b. Using optical ellipsometry for the h-BN
film grown on Si at this temperature, the h-BN film thickness was found to be ~25nm. Using an
initial polyborazylene deposition of 400°C (400°C, 100 Torr, 10 minutes) followed by a postgrowth anneal at 1000°C resulted in a ~8nm film with a reduction in surface roughness of >13x
(RMS roughness: 3.3nm to 0.24nm) from the high temperature growth process to the 2-step
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growth process, as shown in Figure 5.1.1c and d. Additionally, a >16x decrease in RMS
roughness (4.0nm to 0.24nm) was found when this sample was compared to an h-BN film of
similar thickness grown via CVD on a copper substrate and transferred to Si(111) (see Figure
3.2.3d). Further reducing the polyborazylene deposition temperature to 250°C (250°C, 100 Torr,
120 minutes) led to a highly uniform film with an RMS roughness of 130pm and thickness of
~2nm on the Al2O3 sample. Here, a >25x reduction in RMS roughness (3.3nm to 0.13nm) was
observed over the high temperature deposition (Figure 5.1.1e) and a >9x decrease in RMS
roughness (1.2nm to 0.13nm) was observed over a transferred h-BN film of similar thickness (see
Figure 3.2.3b). To the author’s knowledge, the RMS roughness of 130pm on Al2O3 for the 250°C
polyborazylene deposition is the lowest reported RMS roughness for non-exfoliated h-BN.
Interestingly however, when the same conditions are used for h-BN growth on Si(111), partial
film voiding occurs, as shown in Figure 5.1.1f. This has been observed previously for spin coated
polyborazylene on Si after high temperature annealing and was attributed to degradation of the
underlying native oxide.53 Therefore, a pre-growth anneal at 1000°C and 100 Torr in an H2/N2
environment was performed to remove any native oxide on the Si surface prior to growth at
250°C. Similar annealing conditions are commonly used in the Si integrated circuit industry for
thermal removal of native oxide.152 This resulted in an increased RMS roughness of the film to
approximately 1nm, shown in Figures 5.1.1g and h. This roughening may result from several
possible mechanisms. One possibility is that an initial deposition of BN during the 1000°C pregrowth anneal may occur due to desorption and re-deposition of residual BN from the furnace
walls; acting as a seed layer with a rough morphology, as similarly observed for the 1000°C BN
deposition shown in Figures 5.1.1a and b. An alternative possibility is that the Si and Al2O3
substrate surfaces may reconstruct and roughen during the 1000°C pre-growth anneal. This
roughening of the substrate surface may translate to the morphology of the deposited
polyborazylene film. Although further analysis is required to fully understand the surface
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roughening resulting from the high temperature pre-growth anneal, what can be concluded is that
the film voiding on the Si sample was successfully eliminated through use of this high
temperature pre-growth treatment, as shown in Figure 5.1.1h.

Figure 5.1.1: AFM scans of h-BN directly grown on Al2O3(0001) and Si(111) at
various deposition conditions. (a,b) Growth of h-BN on Al2O3 and Si,
respectively, at 1000°C without the use of an initial polyborazylene deposition.
(c,d) Growth of h-BN on Al2O3 and Si, respectively, using an initial
polyborazylene deposition temperature of 400°C. (e,f) Growth of h-BN on Al2O3
and Si, respectively, using a polyborazylene deposition temperature of 250°C.
(g,h) Growth of h-BN on Al2O3 and Si, respectively, using an initial
polyborazylene deposition temperature of 250°C and a pre-growth anneal of
1000°C. Note that the scale bar for (a, b) is 20 nm while the scale bar for (c-h) is
4 nm.
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For comparison, Figure 5.1.2a, b, and c show 2x1µm2 AFM scans of bare Si(111),
Al2O3(0001), and SiO2, respectively. The measured RMS value of the Al2O3 substrate (0.42nm) is
approximately 43% and 70% higher than the h-BN directly grown on Al2O3 at 400°C and 250°C
(without a pre-growth anneal), respectively. Likewise, the measured RMS value of the SiO2
substrate (0.25nm) is approximately 4% and 49% higher than the h-BN directly grown on Al2O3
at 400°C and 250°C (without a pre-growth anneal), respectively. Although the Si(111) RMS
roughness (0.17nm) is less than any of the h-BN films obtained, these results show that the h-BN
films grown on Al2O3 using a polyborazylene deposition at 400°C and 250°C (without a pregrowth anneal) result in smoother surfaces than SiO2 and the high-k dielectric Al2O3.

Figure 5.1.2: 2x1um2 AFM scans of various substrates for comparison to direct
growth BN films: (a) Si (111), (b) Al2O3 (0001), (c) 300nm dry oxide. The
correlating RMS roughness values are shown for each substrate material.

The morphology of the h-BN films grown on Si(111) is also observed through scanning
electron microscopy (SEM), as shown in Figure 5.1.3. Here, SEM was only achievable on h-BN
films grown on the conductive Si substrates. Excessive surface charging was observed for h-BN
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films grown on insulating Al2O3(0001) making imaging via SEM for these samples difficult.
Again, the variation in surface morphology with different growth conditions can be observed.
Growth at 1000°C results in a rough surface morphology while growth using the polyborazylene
deposition at 400°C followed by a post-growth anneal at 1000°C resulted in a significant
improvement in the apparent surface roughness.

Figure 5.1.3: SEM images of h-BN directly grown on Si(111) at different
deposition temperatures. (a) 1000°C without a polyborazylene deposition. (b)
Polyborazylene deposition temperature of 400°C. (c) Polyborazylene deposition
temperature of 250°C without a pre-growth anneal. (d) Polyborazylene
deposition temperature of 250°C with a 1000°C pre-growth anneal.
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The voiding observed with AFM for the film grown at 250°C without a pre-growth
anneal is again observed in Figure 5.1.3c. With the use of a 1000°C pre-growth anneal, the film
voiding is eliminated, however the surface roughness increases, as shown in Figure 5.1.3d. A
lower magnification image of the sample grown at 250°C without a pre-growth anneal is shown
in Figure 5.1.4 and indicates that the film surface pitting is composed of many aligned triangular
or hexagonal structures, indicating a reaction with the underlying single crystal Si(111) surface.
This is likely caused by degradation of a SiO2 layer between the Si substrate and h-BN film
during the high temperature (1000°C) post-growth anneal.

Figure 5.1.4: 50,000x SEM image of h-BN film grown on Si(111) at a
polyborazylene deposition temperature of 250C without a post-growth anneal.
The surface pits appear as oriented triangular and hexagonal structures.

It should be noted that all Si(111) substrates were treated with an HF (10:1 BOE) dip for
1 minute (followed by rinsing with DI water and drying with a nitrogen gun) prior to loading in
the tube furnace. However, some native oxide may have re-grown on the sample surface while
loading into the tube furnace. Another possibility for oxygen contamination could be from

162
impurity oxygen present in the tube furnace during growth, possibly from residual water vapor or
from micro-leaks in the vacuum system. As discussed in Section 2.2, the tube furnace employed
for this work did not utilize a high vacuum pump (such as a turbo molecular pump), but rather
employed only a mechanical roughing pump which was capable of reaching a system base
pressure of ~10mTorr. Therefore, it is highly likely that a residual impurity partial pressure of
oxygen exists during growth of these films, despite the fact that the hydrogen introduced to the
system (15%) should reduce leaks at o-ring seals.

5.2: Effect of Polyborazylene Deposition Temperature on Chemical Composition

X-ray photoelectron spectroscopy (XPS) was used to investigate the bonding of boron
nitride grown at different polyborazylene deposition temperatures. The following four sections
(Section 5.2.1 – 5.2.4) investigate the deconvoluted B1s, N1s, O1s, and C1s spectra, respectively,
of h-BN grown on Al2O3(0001) and Si(111) substrates using the four growth conditions described
previously. The binding energies of all spectra were obtained after charge correction of the C1s
line to adventitious C-C bonding at 284.8eV. Unless specifically noted, all subsequent discussion
of peak assignment and component concentrations will reflect XPS analysis of h-BN films grown
on Al2O3 substrates. This will be done for simplicity since h-BN films grown on Si(111)
substrates were, except where noted, similar in chemical composition to those grown on Al 2O3.
Additionally, the intensities of the spectra for the different growth conditions are arbitrary, since
the intensity is a function of film thickness.
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5.2.1: B1s XPS Analysis

The B1s XPS spectra of h-BN directly grown under various conditions on Al2O3(0001)
(left column) and Si(111) (right column) is shown in Figure 5.2.1. The sample grown on Al2O3 at
1000°C without the polyborazylene deposition shows an intense B1s peak with two components.
The primary peak at 190.25eV, accounting for 69.8% of the main B1s line, is indicative of the hBN structure where the core boron atom is bonded to three nitrogen atoms in the planar
hexagonal configuration and can be written as [BN3].153 This value is close to the B1s peak of
bulk h-BN reported by Moulder et al between 190.4-190.5eV.136 The smaller shoulder at
191.01eV indicates the presence of oxygen and occupies 30.2% of the main B1s line. Pure B 2O3
has been previously reported to be located between 193.0-193.6eV.154–156 This intermediate peak
between the h-BN [BN3] peak and the reported B2O3 peak was similarly observed by Guimon et
al154 and was attributed to the core boron atom bonding to nitrogen and oxygen, where oxygen
may be a substitutional element in place of nitrogen, forming a BN xOy ternary species. Oxygen
incorporation may be from interdiffusion with the Al2O3 substrate (and native oxide of Si), or due
to oxygen impurities in the gas phase as has been commonly reported in the literature.154,156
Additionally, a broad peak at 198.62eV corresponds to a π-π* plasmon shake-up peak, which is
indicative of sp2 bonded hexagonal boron nitride and is not found in the cubic phase.156,157 A B/N
ratio of 1.07 was obtained for this sample, indicating a film with a stoichiometry of nearly 1:1.
For the sample grown on Al2O3 with a polyborazylene deposition temperature of 400°C,
shown in Figure 5.2.1, four distinct components appear after deconvolution of the B1s peak. The
primary [BN3] bonding configuration is found at 190.65eV and accounts for 42.7% of the B1s
spectrum. Additionally, two shoulders at energies lower than the [BN3] peak are found at
188.86eV and 187.60eV. Elemental boron-boron bonding has been reported previously in the
range of 187.3-187.7eV.153,158 Here, the peak at 187.60eV accounts for 17.2% of the B1s
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spectrum and can be attributed to elemental boron with no bonds to nitrogen atoms due to boronboron bonding in either interstitial or interlayer positions, or at defective domain boundaries.
Bonding with nitrogen atoms creates a higher binding energy compared to elemental boron-boron
bonding due to the core boron atom bonding with the higher electronegative element nitrogen. 153
Therefore, the peak inbetween the h-BN [BN3] and the B-B configuration, located at 188.86eV
(25.7% of the B1s spectrum), can be attributed to either a [BN2] configuration, with boron bonded
to two nitrogen atoms, or a [BN] configuration with boron bonded to one nitrogen atom. In other
words, the intermediate peak corresponds to a single or double nitrogen vacancy (VN). A similar
peak was reported by Guimon et al, where after 4 keV Ar+ sputtering, a peak at 189.2eV
appeared.154 Likewise, Schild et al reported the emergence of a peak at 188.8eV after sputter
cleaning of c-BN samples.156 In both cases this peak was attributed to preferential sputtering of
nitrogen atoms, leaving behind a boron-rich surface. Additionally, a peak at 191.98eV again is
attributed to substitutional oxygen contamination in the form of a BNxOy ternary species and
accounts for 14.5% of the B1s spectrum. Due to the elemental boron bonding, nitrogen vacancies,
and substitutional oxygen bonding, a B/N ratio of 1.92 was obtained for this sample, indicating a
highly boron-rich film. Interestingly, the presence of B-B bonding in this film may result in a
reduction of free electrons in the material by compensating for the difference in valence between
nitrogen and oxygen,133 where the oxygen impurities will induce additional valence electrons.
Therefore, despite the fact that this film is highly non-stoichiometric, the B-B bonding may act to
create a more charge-neutral dielectric material (compared to direct-growth BN films containing
oxygen contamination but no B-B bonding) which may result in reduced electrostatic doping to
graphene.
The sample grown on Al2O3 at a polyborazylene deposition temperature of 250°C
without the use of a pre-growth anneal resulted in the presence of two components assigned to hBN [BN3] (190.64eV) and BNxOy (191.73eV). Interestingly, for this sample the BNxOy peak
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accounts for 57.7% of the B1s spectra, indicating significant oxygen incorporation. Electron
energy loss spectroscopy (EELS) (not shown) indicates that for the majority of these samples,
interdiffusion between the substrate and the h-BN layer occurs up to 5nm. Given that this sample
is approximately 2nm, the additional oxygen incorporation is likely induced from the Al 2O3
substrate and substitutional bonding occurs during the high temperature anneal. The nitrogen
vacancy peak and B-B bonding peak are not observed for this sample, possibly due to oxygen
occupying vacancy sites. However, the additional substitutional oxygen contamination results in a
B/N ratio of 1.51. Unlike the h-BN films grown at 1000°C and 400°C, a disparity in chemical
composition was found between samples grown on Al2O3 and Si. For the sample grown at 250°C
without the use of a pre-growth anneal on Si(111), the BNxOy peak located at 191.98eV accounts
for only 16.9% of the B1s spectra, in contrast to 57.7% for the h-BN film grown on Al2O3 under
this growth condition. These results show that the h-BN film grown on Si(111) at 250°C without
a pre-growth anneal results in a 71% reduction in B-O bonding. This is likely a result of interdiffusion of oxygen from the Al2O3 substrate into the h-BN film grown on sapphire, where
electron energy loss spectroscopy (EELS) (discussed in Section 5.4) indicates oxygen
interdiffusion up to 5nm for the films grown on Al2O3. Therefore, the low thickness of this film
(~2nm) would contain significant oxygen contamination from the Al2O3 substrate while the
samples thicker than 5nm (grown at 1000°C and 400°C) would contain less oxygen
incorporation. Additionally, the sample grown on Si(111) would be expected to contain less
oxygen contamination since the Si substrate nominally contains no oxygen to diffuse into the hBN sample (though a native oxide likely exists), in agreement with XPS analysis. In this case,
oxygen incorporation in h-BN films on Si(111) is likely induced from a combination of oxygen
impurities in the gas-phase and low levels of native oxide remaining on the Si substrate.
Similarly to the sample grown at 250°C without a pre-growth anneal, the sample grown
on Al2O3 at a polyborazylene deposition temperature of 250°C with the use of a 1000°C pre-
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growth anneal resulted in two components after deconvolution assigned to h-BN [BN3]
(190.61eV) and BNxOy (191.78eV). However, here the BNxOy peak is significantly reduced
compared to the sample grown at 250°C without a pre-growth anneal, accounting for 17.7%
(compared to 57.7%) of the B1s spectrum, despite the fact that these films were of similar
thickness (~2nm). This may be attributed to the 1000°C pre-growth anneal, where hydrogen from
the H2/N2 (15% H2) environment may act to reduce the Al2O3 surface (or in the case of the Si
sample, reduce or remove the native oxide), leaving an oxygen-deficient interface for
polyborazylene deposition. This would intuitively result in a reduced interdiffusion of oxygen
into the BN film. Alternatively, a BN seed layer may be deposited during the 1000°C pre-growth
anneal that acts to reduce interdiffusion between the Al 2O3 substrate and the h-BN layer. Unlike
the sample grown at 400°C however, the lower energy peaks corresponding to nitrogen vacancies
and B-B bonding are absent and the B/N ratio was found to be 1.01, indicating excellent
stoichimetry. This may again be a result of the BN seed layer grown during the high temperature
anneal, which may act to promote further BN bonding and reduce B-B bonding. Further analysis
is required, however, to fully understand the mechanisms responsible for interdiffusion between
BN and substrate.
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Figure 5.2.1: XPS spectra of B1s core level binding energies for h-BN films
directly grown on Al2O3(0001) and Si(111). Component peaks were
deconvoluted using a Gaussian fit. Peak positions are given after performing a
charge correction of the C1s core level peak to 284.8eV.
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5.2.2: N1s XPS Analysis

The N1s XPS spectra of h-BN directly grown under various conditions on Al2O3(0001)
(left column) and Si(111) (right column) is shown in Figure 5.2.2. The N1s peak for bulk h-BN
was reported by Moulder et al between 398.1-398.2eV.136 For growth on Al2O3 at 1000°C
without the use of a polyborazylene deposition, a peak at 398.40eV is present and indicative of
boron nitrogen bonded to three boron atoms in a hexagonal structure. Additionally, the π-π*
“shake-up peak”, also observed in the B1s spectra for the 1000°C sample, is located at 406.75eV.
For the h-BN films grown with a polyborazylene deposition at 400°C, 250°C without a pregrowth anneal, and 250°C with a pre-growth anneal, the N1s peak was measured at 398.12eV,
398.26eV, and 398.27eV, respectively, for h-BN films grown on Al2O3. Interestingly, the N1s
peaks for all growth conditions contain only one component in the main N1s line. Nitrogencarbon bonding has been reported by Ci et al to manifest as a broad peak located at ~400eV of
the N1s line.137 This peak is absent in the N1s spectra of all samples examined in this thesis,
indicating negligible nitrogen-carbon bonding. Unlike the B1s spectra of these films, which all
showed some level of oxygen bonding, additional components of the N1s line that may indicate
nitrogen-oxygen bonding were not observed. This has also been reported in the literature for
oxygen containing c-BN156 (cubic) and h-BN films,154 where an oxygen incorporation was found
in the B1s peak, but was not observed the N1s peak. This may be due to the higher relative
intensity of the N1s peak compared to the B1s peak. Therefore, impurity peaks associated with
nitrogen-impurity bonding may be suppressed by the large signal of the N1s peak. Conversely,
boron-impurity peaks would be more identifiable in the B1s peak, which has a comparitively
weaker signal.
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Figure 5.2.2: XPS spectra of N1s core level binding energies for h-BN films
directly grown on Al2O3(0001) and Si(111). Component peaks were
deconvoluted using a Gaussian fit. Peak positions are given after performing a
charge correction of the C1s core level peak to 284.8eV.
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5.2.3: O1s XPS Analysis

The O1s XPS spectra of h-BN directly grown under various conditions on Al2O3(0001)
(left column) and Si(111) (right column) is shown in Figure 5.2.3. Here the O1s spectra of the hBN films grown on Al2O3 (often containing two components) is dissimilar than the O1s spectra of
the h-BN films grown on Si (comprised of a singlular component). This is due to the fact that the
signal from Al-O bonding associated with the Al2O3 substrate, reported at ~531.9eV,136 is
detectable in the thinner h-BN films. For the samples grown with a polyborazylene deposition of
250°C with and without the 1000°C pre-growth anneal, the Al2O3 substrate peak is located at
131.14eV and 130.96eV, respectively; and the contribution from this peak to the total O1s spectra
is 77.6% and 80.36%, respectively, due to the small film thickness of ~2nm. The additional
component peak located at 532.09eV and 532.01eV for the 250°C h-BN samples with and
without the pre-growth anneal, respectively, is attributed to the BNxOy bonding configuration, as
additionally observed in the B1s spectra. Guimon et al154 also observed a similar peak located at
532.4eV in the O1s spectra of oxygen containing CVD-grown h-BN and likewise attributed this
peak to BNxOy bonding. For the sample grown with a polyborazylene dpeosition at 400°C, the
signal from the Al2O3 substrate located at 531.50eV is reduced, contributing only 26.7% to the
total O1s spectra. Meanwhile the BNxOy peak located at 532.56eV contributes the majority of the
O1s spectrum (73.3%) due to the increased signal from a thicker BN film (~8nm). Following this
trend, the film grown at 1000°C without the polyborazylene deposition was absent of the Al 2O3
substrate peak, where only the BNxOy peak located at 533.00eV was observed. This film was
measured with optical ellipsometry to be ~25nm thick, sufficiently thick enough to suppress the
substrate signal. The peak position of B2O3 has been reported to lie between 533.0eV and
533.3eV.156 Therefore, the peak observed here may be attributed to B2O3, however the peak
associated with B2O3 bonding was not observed in the B1s spectra (Figure 5.2.1).
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Figure 5.2.3: XPS spectra of O1s core level binding energies for h-BN films
directly grown on Al2O3(0001) and Si(111). Component peaks were
deconvoluted using a Gaussian fit. Peak positions are given after performing a
charge correction of the C1s core level peak to 284.8eV.
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5.2.4: C1s XPS Analysis

The C1s XPS spectra of h-BN directly grown under various conditions on Al2O3(0001)
(left column) and Si(111) (right column) is shown in Figure 5.2.4. In all cases, the primary peak
is attributed to C-C bonding of adventitious carbon. This peak has been well established in
literature and is located at 284.8eV.136 Therefore, this peak was used as a calibration standard,
where the XPS data was shifted to center this peak at 284.8eV to accommodate for charge
shifting induced in the h-BN film during XPS analysis. A shoulder at higher energies is observed
for all spectra on both Al2O3 and Si ranging between a minimum of 285.52eV to a maximum of
286.72eV. Bepete et al159 extensively studied the C1s spectra of graphene films containing h-BN
domains synthesized via CVD. They observed several small shoulders at higher energies than the
adventitious carbon peak. A peak located at 285.1eV was assigned to C-N bonding at grapheneBN domain boundaries, while one peak located at 286.6eV and another weak and broad peak
located at 289.1eV were assigned to C-O bonding.159 For the C1s results presented in this thesis,
the shoulder at high energies varies bewteen samples and is located between the reported C-N and
C-O bonding. Therefore, it is difficult to assign the proper bonding configuration. It is also
possible that both the reported C-N peak at 285.1eV and the C-O peak at 286.6eV are present
here, but overlapping with each other. Additionally, the h-BN samples grown at 250°C with and
without a pre-growth anneal on Si show a peak at lower energies located at 283.36eV and
282.76eV, respectively. Bepete et al observed a similar peak located at 282.5eV assigned to C-B
bonding at graphene-BN domain boundaries.159 Therefore, some carbon-boron bonding and
carbon-nitrogen bonding may exist in these films, although the B1s spectra of both films did not
show significant bonding to carbon, indicating the overall concentration of B-C and N-C bonds is
low.
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Figure 5.2.4: XPS spectra of C1s core level binding energies for h-BN films
directly grown on Al2O3(0001) and Si(111). Component peaks were
deconvoluted using a Gaussian fit. Peak positions are given after performing a
charge correction of the C1s core level peak to 284.8eV.
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Table 5.2.1 shows the B, N, O, and C atomic percentages and B/N ratios for h-BN grown
on both Al2O3(0001) and Si(111) for all four growth conditions. In three of the four cases, the
atomic concentrations and B/N ratios are comparable between both substrates. However, the
sample grown at 250°C without the use of a pre-growth anneal shows significant variance
between the films grown on Al2O3 and Si. Unlike the sample grown on Al2O3, the film grown on
Si shows significantly reduced oxygen contamination and excellent stoichiometry with a B/N
ratio of 1.00. Clearly, oxygen contamination from interdiffusion with the substrate is reduced
with use of an Si substrate. However, the overall oxygen content is reduced in comparison to the
other h-BN films grown on Si. This may explain the pitting observed with AFM in Figure 1f. Due
to the small thickness of this sample (~2nm), it is possible that oxygen from the gas-phase
environment diffuses through the BN layer and reacts with the Si substrate to form SiO 2, rather
than reacting with the newly formed polyborazylene film. During the 1000°C post-growth anneal
however, this SiO2 layer decomposes and results in surface pitting.

Table 5.2.1: Atomic concentrations of boron, nitrogen, oxygen, and carbon and
B/N ratios as measured with XPS of h-BN films grown at various conditions on
Al2O3(0001) and Si(111).
h-BN on Al2O3(0001)
1000°C
400°C
250°C without anneal
250°C with anneal
h-BN on Si(111)
1000°C
400°C
250°C without anneal
250°C with anneal

B
46.91%
59.51%
24.30%
38.53%
B
46.05%
56.00%
42.59%
41.57%

N
43.76%
31.05%
15.70%
38.01%
N
41.50%
32.97%
42.52%
37.75%

O
6.16%
5.92%
50.10%
19.60%
O
7.05%
7.16%
4.76%
16.33%

C
3.17%
3.52%
9.90%
3.85%
C
5.40%
3.86%
10.13%
4.36%

B/N
1.07
1.92
1.55
1.01
B/N
1.11
1.69
1.00
1.10
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The exact mechanisms for the variance in stoichiometry and bonding configurations
between different growth conditions is not fully understood, although boron-rich stoichiometries
have been reported previously for boron nitride films synthesized from polyborazylene. 53,55 To
rule out the effect of variance in gas-phase chemistry on film stoichiometry, mass spectrometry
was used. Here, the concentrations of various gas-phase BN precursors (produced from
sublimation of ammonia borane at 135°C) were obtained for furnace temperatures of 250, 400,
and 1000°C. The results, shown in the Figure 5.2.5, show that the concentrations of borazine,
diborane, and BH2 remain independent of temperature. Therefore, the observed differences in
stoichiometry at these growth temperatures is not due to the gas-phase chemistry in the CVD
environment. Instead, nitrogen may be lost during the high temperature annealing process
required to form BN. Indeed, Chan et al demonstrated an increase in the B/N ratio, from 1.18 to
1.37, from spin coated polyborazylene to BN upon annealing to 900°C.53 It is broadly accepted
that the formation of BN from polyborazylene at high temperatures results in the loss of hydrogen
during cross-linking of unaligned chain branch structures.52 It is possible that some B-B bonding
may occur during this process, where the bonding energy of B-B bonds has been reported to be
38% less than that of B-N bonds (310 and 500 KJ/mol, respectively),20 resulting in a loss of
nitrogen locally and the formation of a boron-rich film. Another possible cause of boron rich
films is from the oxygen bonding observed in the B1s spectra of Figure 5.2.1. Oxygen likely
incorporates into the BN films as substitutional impurities, likely taking the place of nitrogen.
Therefore, many boron bonding sites are satisfied by oxygen impurities rather than nitrogen. The
exact meachanims remain unclear, however the answer may lie in a combination of processes
such as those outlined here.
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Figure 5.2.5: Mass spectra of indicative m/z values for various gas-phase species
involved in the sublimation of ammonia borane sampled at furnace temperatures
of 250, 400, and 1000°C. (a) Nitrogen, N2 and N (m/z = 28 and 14, respectively);
aminoborane (m/z = 27); and hydrogen (m/z = 2); (b) borazine (m/z = 80); (c)
BH2 (m/z = 13); and (d) diborane (m/z = 25). The temperature of the furnace has
a negligible effect on the concentration of the various gas-phase species involved
in the CVD of boron nitride.
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5.3: Cross-Sectional TEM Analysis

The structures of these films were characterized with cross-sectional TEM. Figure 5.3.1
shows the cross-sections of h-BN films grown on Al2O3 substrates only, since the structures on
both Al2O3 and Si(111) were nearly identical. The sample grown directly at 1000°C is shown in
Figure 5.3.1a and suggests that the initial h-BN layers grow nearly parallel to the Al2O3 surface.
After ~5nm however, the c-axis orientation of the h-BN layers becomes highly random, and is
likely the cause of the rough film surface. The film thickness is ~25nm after only 10 minutes of
growth, indicating a comparitively large growth rate of 2.5nm/min. Additionally, the film is
polycrystalline with domain sizes <5nm. The small domain size is likely a result of stress induced
in the h-BN layers due to both the mismatch in coefficient of thermal expansion (CTE) between
BN and the substrate (where h-BN has a negative CTE, leading to expansion and compressive
stress incorporation in the BN film upon cooling),14 and to the large lattice mismatch between
Al2O3 and h-BN of 46%, where Al2O3 and h-BN have c-plane lattice constants of 4.67Å and 2.50
Å, respectively.160 For the sample grown with the polyborazylene deposition step at 400°C
(Figure 5.3.1b), a ~5nm film was obtained after 10 minutes of growth indicating a growth rate of
0.5nm/min. This film is significantly less crystalline than the film grown at 1000°C; although
some layering of nano-crystalline domains can be observed, indicating a turbostratic structure.
For the films grown at 250°C without a pre-growth anneal (Figure 5.3.1c), and 250°C with a pregrowth anneal (Figure 5.3.1d), the crystallinity is decreased even further and the films appear
nearly amorphous with no long range order. The poor crystallinity obtained in the films grown
with the initial polyborazylene deposition can be attributed to the nature of the initial
polyborazylene film, which consist primarily of unaligned chain branches that likely bond with
only short-range order upon conversion to BN,47 although growth at 400°C appears to promote
more order than at 250°C.
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Figure 5.3.1: Cross sectional TEM micrographs of h-BN films grown on Al2O3
at (a) 1000°C without an initial polyborazylene deposition, (b) a polyborazylene
deposition temperature of 400°C, (c) a polyborazylene deposition temperature of
250°C without the use of a pre-growth anneal, and (d) a polyborazylene
deposition temperature of 250°C and with the use of a 1000°C pre-growth
anneal.

In argreement with Chan et al53 and Kho et al55, the use of EELS indicates that an
interdiffusion layer is present at the h-BN/substrate interface for all four samples, where
aluminum and oxygen from the Al2O3 substrate diffused into the h-BN layers. For the thicker
films, grown at higher temperatures (Figures 5.3.1a and b), the interface region was found to be
~3-5 nm in width, as shown with EELS in Figure 5.3.2 for the 1000°C sample grown on Al2O3.
This indicates that for the ~2 nm thick samples (Figures 5.3.1c and d), significant fractions of the
h-BN film are likely to be BNxOy, corresponding to XPS measurements showing the atomic
concentrations of oxygen to be higher in these films (Table 5.2.1). Interestingly however, XPS
shows somewhat reduced incorporation of oxygen in the BN sample grown at 250°C on Al2O3
with the use of a pre-growth anneal, shown previously in Table 5.2.1 and Figure 5.2.1., indicating
that a BN seed layer or hydrogen reduction of Al2O3 during the pre-growth anneal may act to
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partially reduce oxygen interdiffusion. Similar results were observed for the films grown on
Si(111) in this study, where Si was interdiffused in the BN layer.

Figure 5.3.2: EELS results showing the core-loss signal vs. scan length for the
BN sample grown at 1000°C on Al2O3 without an initial polyborazylene
deposition shows an interdiffusion region of ~5nm at the BN/Al2O3 interface.
Inset: scanning transmission electron microscopy (STEM) image showing scan
location.

5.4: Thermal Conductance Measurements

Thermal conductivity of h-BN films grown using the conditions described in this chapter
were investigated for their thermal interface conductance with the time-domain thermoreflectance
(TDTR) method, which is sensitive to the inter-atomic bonding and ordering in the thin-film
structure as well as interface roughness. Analysis was performed by Jamie J. Gengler, Andrey A.
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Voevodin, and William C. Mitchel of the Air Force Research Lab (AFRL). Table 5.4.1
summarizes results of the TDTR measurements, while data fitting examples are provided in
supplemental Figure 5.4.1. For thicker h-BN films produced by a direct one-step growth at
1000°C, it was possible to extract the film cross-plane thermal conductivity. It was interesting to
observe for these films that the h-BN thermal conductivity was very low. Conductivities of about
600 Wm-1K-1 along base planes and 30 Wm-1K-1 in cross base plane directions are normally
expected for bulk h-BN crystals. For thin ordered h-BN, these are reduced by a factor of two,
where recent evaluations of suspended exfoliated few layer h-BN films had shown 250 Wm-1K-1
for in-plane thermal conductivity of 5ML h-BN films.161 The results of our TEM studies show
that h-BN films from 1000°C direct-growth are nanocrystalline and randomly oriented (Figure
5.3.1a), which critically influences their overall thermal conductivity. From previous experiments
and transport modeling with nanocrystalline hexagonal solids within the transition metal
dichalcogenide family, it is possible to expect several orders of magnitude reduction in thermal
conductivity of disordered hexagonal structures with weak cross-plane bonding characteristics.162
Thermal conductivity values reported in this paper for nanocrystalline hexagonal thin films of
MoS2, WS2, and WSe2 are of the same order of magnitude as in Table 5.4.1 found here for h-BN
direct-growth films.
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Table 5.4.1: Results of TDTR studies of h-BN films directly grown on silicon
and sapphire substrates at different growth conditions.
Substrate

Growth
Condition

Thicknes
s (nm)

Interface Thermal
BN Thermal
Conductance (MWm-2KConductivity
1
)*
(Wm-1K-1)
Si(111)
1000°C
25
17 ± 1
0.46 ± 0.01
Si(111)
400°C
7
51 ± 2
Si(111)
250°C no anneal
2
65 ± 2
Si(111)
250°C with anneal
2
72 ± 2
Al2O3(0001) 1000°C
25
20 ± 1
0.57 ± 0.02
Al2O3(0001) 400°C
7
58 ± 1
Al2O3(0001) 250°C no anneal
2
98 ± 6
Al2O3(0001) 250°C with anneal
2
88 ± 3
* Effective conductance, including thermal transport through film thickness and interfaces.

Films grown from polyborazylene were much thinner, making direct measurements of
their thermal conductivity impossible as the TDTR penetration depth was two orders of
magnitude deeper. Instead, for such thin h-BN films thermal effects were interpreted as changes
in an overall interface conductance between the top aluminum transducer layer applied for TDTR
analysis and the underlying sapphire or silicon substrates. Such effective thermal interface
conductance incorporates thermal transport in the h-BN film as well as its interface resistances
with the substrate and aluminum layer. A similar procedure was recently used with graphene
layers.163 From this perspective, there is a clear trend in Table 5.4.1 that the thinner h-BN films
grown at 400°C and 250°C provide better effective thermal interface conductance. In all cases it
was several times higher than that of the conductance measured for thicker films produced at
1000°C.
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Figure 5.4.1: TDTR data and models for two thin film h-BN samples studied.

The observation of higher effective thermal interface conductances for smaller thickness
h-BN films can be understood as a decreased resistance of phonon transport through the film
thickness. In addition, polyborazylene growth yields better ordered h-BN films near the substrate
surface region, which would be expected to reduce phonon scattering at the interface. It remains
to be determined how crystallinity within the h-BN film and its structural alignment at the
interfaces affects thermal conductance. As one indicator, a well ordered 5nm thick h-BN film
produced by direct growth on a copper foil and transferred to sapphire shows an effective thermal
interface conductance of 101 ± 5 MWm-2K-1. This is higher than values in Table 5.4.1, indicating
that ordering within the h-BN film may contribute to the observed improvement of the effective
thermal conductance with the polyborazylene growth.
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Chapter 6

Direct Growth Boron Nitride as a Supporting Substrate for CVD Graphene

In Chapter 5, a two-step growth method involving the low temperature deposition (250°C
and 400°C) of polyborazylene and the subsequent high temperature conversion (1000°C) to boron
nitride was presented for synthesis of h-BN films on Al2O3(0001) and Si(111) substrates. This
chapter explores the electrical properties of these films and the impact these films have on the
transport properties of transferred CVD graphene as a supporting dielectric. Current-voltage (I-V)
measurements were used to study the electrical breakdown behavior of these films as a function
of deposition conditions. Additionally, Raman spectroscopy was used to study the electronic
interactions between the graphene and supporting dielectric through analysis of graphene’s G and
2D Raman peaks. Finally, the effect of the h-BN supporting substrates on the transport properties
of transferred CVD graphene was examined via Hall mobility measurements. The results
presented in this chapter are also published elsewhere.151

6.1: Breakdown Analysis of Direct Growth BN Films

Figure 6.1.1 shows the breakdown characteristics of h-BN films grown on conductive Ntype (As) Si(111) substrates (resistivity <0.005) normalized to voltage field to account for
thickness variation between samples. Here, I-V measurements were performed between two
125µm diameter Au/Ti (100/20nm) pads and converted to resistivity (Figure 6.1.1a) and current
density (Figure 6.1.1b). The films grown with an initial polyborazylene deposition step of 250°C
and 400°C resulted in breakdown fields of 1.8x106V/cm and 2.5x106V/cm, respectively; where
breakdown was defined as the voltage field at which the threshold current density reached 100
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A/cm2. For the sample directly grown on Si(111) at 1000°C without the polyborazylene
deposition, the breakdown field was 6.1x106V/cm at a threshold current density of 80A/cm2.
Additionally, the 1000°C sample shows several current “spikes” in the curve that correspond to
the creation of conduction paths across the film that become annihilated due to conductioninduced heating, as similarily observed in breakdown of cubic BN films.149

Figure 6.1.1: Log-log plots of (a) resistivity and (b) current density vs. voltage
field for breakdown analysis of h-BN films grown on conductive Si(111)
substrates for different growth temperatures indicate an increased conductivity
with decreased growth temperature.
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The reduced resistivity for the films grown with the polyborazylene deposition may be
correlated to the films chemistry and structure. For the 400°C film, B-B bonding was observed
through XPS (Section 5.2.1) and would be expected to lead to an overall increase in conductivity
compared to the 1000°C film. Despite this, the 400°C film still displayed higher resistivities at
comparable voltage fields than the film grown at 250°C with an anneal. This is likely due to the
fact that the reduced thickness of the 250°C film led to increased incorporation of substitutional
oxygen impurities from interdiffusion with the native oxide, as discussed in Section 5.3; thus
resulting in increased conductivity due to the fact that oxygen has an extra valence electron
compared to nitrogen. In contrast, the extra valence electrons induced from oxygen impurities in
the 400°C film woud be compensated for by the B-B bonding; resulting in reduced conductivity.
For all cases, the breakdown voltages obtained are similar to those reported previously for bulk
BN films, where a range between 2-6x106V/cm has been observed.149 However, breakdown fields
reported for exfoliated h-BN have been reported at 10-15x106V/cm, due to the pristine single
crystal and chemically pure nature of exfoliated h-BN flakes,42,43 in contrast to the h-BN films
presented in this thesis, which display reduced breakdown and resistivity due to the fact that they
are nearly amorphous and incorporate oxygen impurities and B-B bonding.

6.2: Use of Raman Spectroscopy for Analysis of CVD Graphene – Dielectric Interactions

As discussed in Section 1.7.1, Raman spectroscopy is a powerful tool for analysis of
graphene’s structure, quality, and electronic properties. It has been well established in literature
that the 2D, G, and D peak positions of graphene can indicate the degree of charge doping, strain,
and van der Waals interactions between graphene and substrate.117,164–166 Ahn et al117 showed that
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by simply plotting the 2D and G peak positions of exfoliated graphene on h-BN and SiO2, that
these effects can be modeled and estimated through vector decomposition (see Figure 1.7.3).
Figure 6.2.1 shows the Raman 2D vs. G peak positions for CVD graphene transferred to
various dielectric substrates, including: h-BN grown directly on Al2O3(0001) and Si(111) under
the four growth conditions described in Chapter 5 (8 samples total), a 5nm h-BN film grown on
Cu foil with a copper enclosure (as described in Section 3.2) and transferred to Al 2O3, bare
300nm SiO2 (Dry oxide), and bare Al2O3(0001). In all cases, the acquired Raman data was
obtained from 20µm line scans over the transferred graphene surface using a 488nm laser. The
error bars shown in Figure 6.2.1 indicate the standard deviations associated with the 20µm line
scans. Nominally, strain-free and charge-neutral graphene is located at G and 2D peak positions
of 1581.6cm-1 and 2676.9cm-1, respectively, as indicated by the light blue circle in Figure 6.2.1.166
The experimentally observed 2D and G peak positions for transferred CVD graphene samples
presented here show significant deviation from the position of strain-free and charge-neutral
graphene, which is expected due graphene’s interaction with the underlying substrate.
Interestingly, the 2D and G peak positions of CVD graphene transferred to h-BN vary drastically
from each other and appear dependent on the growth conditions of the h-BN films. Additionally,
the substrate used for h-BN deposition does not seem to alter the Raman spectra, where similar
peak positions were found for both h-BN grown on Al2O3 (squares) and Si (triangles) for the
same growth conditions. The one exception to this, however, is the h-BN growth at 250°C
without a pre-growth anneal, where growth on Al2O3 and Si resulted in variance in Raman peak
positions, resulting in G, 2D peak positions of 1584.9cm-1, 2696.1cm-1 and 1582.0cm-1,
2682.7cm-1, respectively. This is expected however, since this growth condition was found in
Chapter 5 to result in the most disparity in chemical and morphological properties between the
two substrate materials, where growth on Si resulted in surface pitting (see Section 5.1) but
significantly reduced oxygen incorporation (see Section 5.2) compared to growth on Al 2O3. In
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contrast, all other BN growth conditions resulted in similar morphological and chemical
properties for both substrates investigated.

Figure 6.2.1: Raman 2D frequency vs. G frequency of CVD graphene
transferred to various substrates. Like colors indicate identical growth conditions.
Squares indicate CVD graphene transferred to h-BN films grown on Al2O3(0001)
while triangles indicate CVD graphene transferred to h-BN films grown on
Si(111). Circles indicate CVD graphene transferred to alternative substrates.

Figure 6.2.2 shows the vector analysis correlating graphene’s 2D (ω2D) and G (ωG) peak
positions to tensile and compressive strain (eT and eC, respectively), Fermi velocity reduction
(eFVR), and hole doping (eH), based on the work of Lee et al166 and Ahn et al.117 As discussed in
Section 1.7.1, even weak Van der Waals forces between graphene and its dielectric environment
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can lead to perturbation of graphene’s electronic band structure through breaking of symmetry
between neighboring C atoms in graphene.108 The modulation of the electronic structure will
manifest as a reduction in the Fermi velocity (vF) of charge carriers in graphene. This Fermi
velocity reduction (FVR) was found to only effect the 2D peak of graphene since the G peak of
graphene, originating from the E2G phonon, is not affected to a first-order approximation.117,165
Therefore, any reduction in vF of graphene will manifest as an upward shift in the 2D peak along
the eFVR vector shown in Figure 6.2.2, where the values shown indicate ΔvF/vF (%) and are
negative to indicate a decrease from the intrinsic vF of graphene (≈106 m/s).117,165 Raman
spectroscopy is also useful in characterizing strain (ε) in a wide variety of materials, since
changes in lattice constant due to strain will result in alterations to the respective phonon
frequencies.167 Lee et al166 then extracted the contribution of strain (ε) for given points in the ω Gω2D space, forming a simple vector model for eT and eC, as explained elsewhere.166 Finally, the
vector associated with hole doping (eH) was formed from in-situ Raman analysis data obtained by
Das et al,168 where hole doping was controlled through electrical gating.
Since both electron and hole doping will lead to an increase in ωG,166 the results presented
in Figure 6.2.2 show that the contribution of charge doping to the Raman spectra of the samples
investigated here is negligible. It was also observed by Ahn et al166 that hole doping of exfoliated
graphene on h-BN was negligible, although hole doping was found for exfoliated graphene on
SiO2, in contrast to the transferred CVD graphene on SiO2 shown in Figure 6.2.2. A possible
explanation for this will be proposed later. Therefore, the ω G and ω2D positions of the transferred
CVD graphene investigated in this thesis can be vector decomposed into contributions from strain
(eT, eC) and Fermi velocity reduction (eFVR) only. Based on the vector analysis, the effect of the
underlying substrate on the transferred CVD graphene can be quantified in terms of strain and
FVR for the various h-BN growth conditions, as well as for other common substrates (SiO2,
Al2O3, and transferred h-BN).
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Figure 6.2.2: Raman 2D frequency vs. G frequency of CVD graphene
transferred to various substrates. The data is identical to that shown in Figure
6.2.1, but vector decomposed to correlate peak shifting to tensile and
compressive strain (eT and eC, respectively), Fermi velocity reduction (eFVR), and
hole doping (eH), using methods reported by Ahn et al.117 The inset shows the
expected trajectories of 2D and G peak positions affected by eT, eC, eFVR, and eH.
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Table 6.2.1 shows the positions for the various substrates investigated here as well as the
approximate strain and FVR induced into the transferred CVD graphene. Based on these results,
possible effects that the supporting substrate has on the overlying graphene can be proposed.
Apparent from Figure 6.2.2, the h-BN films grown directly on Al2O3 and Si at 1000°C without a
polyborazylene deposition (green symbols) and at 250°C with a pre-growth anneal (pink
symbols) resulted in extensive tensile strain, with an average of 0.34% and 0.24% tensile strain,
respectively. This is due to the fact that these samples resulted in large RMS surface roughnesses,
as discussed in Section 5.1 (see Figure 5.1.1), where the transferred graphene layer is stretched
across the rough surface. Interestingly, the FVR for these samples was low compared to the other
growth conditions, where the 1000°C and 250°C sample with a pre-growth anneal resulted in a
FVR of -2.0% and -4.0%, respectively. This is particularly unexpected since the h-BN samples
grown at 1000°C showed the highest degree of crystallinity (see Figure 5.3.1). Ahn et al117
showed that exfoliated h-BN supporting dielectrics resulted in an increase in FVR compared to
amorphous SiO2 due to the crystalline nature of h-BN, which would induce periodic perturbations
to the graphene band structure. However, here the 1000°C h-BN sample shows lower FVR than
the amorphous BN samples (grown with the polyborazylene deposition). This again may be due
to the surface roughness. Since the graphene film would be partially suspended over the rough hBN surface, a large percentage of the graphene film would not be in contact with the h-BN
surface, reducing the van der Waals interactions between the graphene and substrate. In this case,
the tensile strain resulting from the partial suspension over the substrate would primarily
contribute to the shift in Raman peak position, as observed in Figure 6.2.2, and would be
expected to show similar FVR to the rough amorphous samples grown at 250°C with a pregrowth anneal. The h-BN film grown on a Cu foil and transferred to Al2O3 (purple circle) also
induces tensile stress (0.14%) to the graphene layer. Likewise, this film was also found to have a
high surface roughness. However, this film shows significant FVR compared to the direct grown
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h-BN samples with high surface roughness previously discussed. This may be a result of the
improved crystallinity, where these films were found to have much higher crystallographic
texturing and domain sizes compared to the direct growth h-BN films (see Figure 3.2.5a), and
thus may not only induce strain from surface roughness but also induce periodic perturbations to
the graphene band structure over several nm ranges.

Table 6.2.1: Raman peak positions (ωG and ω2D) as well as approximate strain (ε)
and Fermi velocity reduction (FVR) induced in transferred CVD graphene from
various dielectric substrates. Data is based on results from Figure 6.2.2.
Dielectric Substrate
Strain-Free Graphene
SiO2
Al2O3
BN: Transferred
BN on Al2O3: 1000°C
BN on Al2O3: 400°C
BN on Al2O3: 250°C no anneal
BN on Al2O3: 250°C with anneal
BN on Si: 1000°C
BN on Si: 400°C
BN on Si: 250°C no anneal
BN on Si: 250°C with anneal

ωG (cm-1)
1581.6
1585.5
1587.1
1578.3
1574.1
1581.4
1584.9
1576.4
1573.5
1583.6
1582.0
1576.1

ω2D (cm-1)
2676.9
2701.4
2701.9
2683.9
2666.8
2685.4
2696.1
2675.8
2662.6
2688.0
2682.7
2673.1

ε(%)
0
-0.17
-0.24
0.14
0.32
0.01
-0.14
0.23
0.35
-0.08
-0.02
0.24

FVR(%)
0
-7.1
-5.8
-6.3
-2.6
-3.7
-5.4
-4.4
-1.3
-3.1
-2.2
-3.6

The alternative substrates, SiO2 (blue circle) and Al2O3 (black circle), both resulted in
compressive stress (-0.17% and -0.24%, respectively) and large FVR (-7.1% and -5.8%,
respectively). The compressive stress likely arises from strong adhesion of the graphene to these
dielectrics. It has been shown previously that exfoliated graphene on SiO2 substrates experience
strong compressive stress and deformation due to ultra-strong adhesion forces with the underlying
substrate.169 It is possible that graphene may have strong adhesion to Al 2O3 as well, based on the
shift of ωG-ω2D along eC, as shown in Figure 6.2.2. The reduction in Fermi velocity was expected
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for the single crystal Al2O3 substrate, however not for the SiO2 substrate. As mentioned
previously, Ahn et al117 found that for exfoliated graphene on SiO2, FVR was minimal (due to
SiO2’s amorphous nature) and hole doping was experienced, in contrast to the results shown here
(see Figure 1.7.3). It is not fully understood why the results found here for CVD graphene on
SiO2 vary from those found by Ahn et al.117 One possibility may be due to differences in the CVD
graphene used here compared to exfoliated graphene.
The samples grown with a polyborazylene deposition of 250°C without a pre-growth
anneal (orange symbols) were found to result in the most variation in ωG and ω2D peak positions
between the Al2O3 (square) and Si (triangle) substrates. The sample grown on Si resulted in a
negligible compressive strain of -0.02% and a reduced FVR of -2.2%. The low surface roughness
(<130pm) of this film induces negligible strain while its amorphous structure is expected to
induce minimal van der Waals interactions to the graphene layer, thus resulting in low FVR.
However, it should be noted that this film experienced surface pitting (see Figure 5.1.1); therefore
the Raman line scan for this sample was taken in a region where surface pitting was not observed
locally. Although this sample resulted in ωG and ω2D positions comparable with strain-free
charge-neutral graphene, this sample is unfortunately unsuitable for graphene device development
due to the surface pitting observed across the film surface. In contrast, the BN sample grown on
Al2O3 resulted in a compressive strain of -0.14% and a FVR of -5.4%. It is not fully understood
why this sample shows such contrast to the sample grown on Si under the same conditions, as the
relatively high FVR is not expected for an amorphous material. However, based on results in
Chapter 5, it is known that this film is much different chemically than the film grown on Si.
Therefore, the increase in FVR may be due to the fact that this sample was found to have
significant oxygen contamination. If these impurities possess a high density of dangling bonds,
they may be inducing electrostatic perturbations to graphene’s band structure and increasing the
FVR.
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The samples grown at a polyborazylene deposition of 400°C (red symbols) show
negligible strain and low FVR for both BN films grown on Al2O3 (square) and Si (triangle),
where the strain was 0.01% and -0.08% and FVR was -3.7% and -3.1% for these films,
respectively. The amorphous nature of these films results in minimal van der Waals interaction
with the graphene layer and minimally degrades the FVR. Additionally, the presence of both B-B
bonding and BNxOy bonding (as observed with XPS in Section 5.2) likely results in an overall
compensation of valence; resulting in negligible electrostatic interaction from free electrons,
further leading to a low FVR. Even more interesting is that the strain induced into graphene is
nearly negligible and comparable to strain-free graphene, likely due to low adhesion between
graphene and BN. This indicates that the amorphous BN grown with a polyborazylene deposition
of 400°C may be an excellent candidate for CVD graphene integration due to the introduction of
minimal FVR and negligible strain, as observed with Raman spectroscopy.

6.3: Effect of Supporting Substrate on CVD Graphene Hall Mobility

Figure 6.3.1 shows the Hall mobility as a function of charge carrier density for CVD
graphene transferred to the various substrates. The direct growth h-BN samples on Al2O3 (grown
under the various conditions detailed in Chapter 5) were used as supporting substrates for
transferred CVD graphene. For comparison, CVD graphene was also transferred to additional
substrates; these included an h-BN film with a thickness of ~5nm grown on Cu and transferred to
Al2O3, a bare Al2O3(0001) substrate, and a bare 300nm SiO2 substrate. It should be noted that the
graphene on h-BN Hall mobility data presented here is only for h-BN films grown or transferred
onto Al2O3 (0001) substrates. For films on Si(111), the conductive Si substrate resulted in
shorting issues between the contacts and substrate due to device fabrication issues.
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Figure 6.3.1: (a) Hall mobility vs. hole concentration of CVD graphene
transferred to h-BN dielectrics synthesized at various growth conditions, as well
as bare Al2O3 and SiO2 substrates. Dotted curves indicate the simulated
dependency of mobility on carrier density at various impurity densities based on
modeling for the h-BN/graphene system described by Hollander et al.127 (b) Loglog plot of graphene Hall mobility vs. RMS surface roughness of the underlying
h-BN dielectric, as measured by AFM. (c) Log-log plot of graphene Hall
mobility vs. oxygen content of the underlying h-BN dielectric, as measured by
XPS. The symbols shown in (b) and (c) correspond to the legend given in (a) and
represent the average of the mobilities obtained for each sample.
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From the Hall mobility measurements of Figure 6.3.1a, it is clear that the underlying
dielectric substrate (and the various growth conditions of the h-BN substrates) play a significant
role in the transport properties of the transferred CVD graphene film. For comparison to the h-BN
samples described previously, CVD graphene was also transferred to 300nm SiO2 and a high-k
dielectric (Al2O3). The graphene sample transferred to bare Al2O3(0001) (orange circles) shows
an average mobility of 4218 (±849) cm2/V-s at a hole concentration of 1.9x1012 (±4.5x1011) cm-2,
while the graphene sample transferred to the SiO2 substrate (brown hexagons) shows an average
mobility of 2559 (±124) cm2/V-s at a hole concentration of 3.5x1012 (±3.5x1011) cm-2. Both Al2O3
and SiO2 have low surface optical phonon energies, reported at 55.01 and 59.98meV,
respectively.104 Therefore, both substrates are expected to experience significant phonon-electron
coupling, resulting in surface optical phonon scattering. In a separate work, however, it was found
that impurity scattering is the dominant scattering mechanism for h-BN gated epitaxial graphene
devices, accounting for >90% of the total scattering processes for h-BN coated epitaxial
graphene. Though the samples detailed here show reduced carrier densities compared to epitaxial
graphene, these samples are likely similarly dominated primarily by impurity scattering. 127 Given
that the dielectric constants of Al2O3 and SiO2 are 12.5 and 3.9,104 respectively, the higher
dielectric constant of Al2O3 will act to screen charged impurities that would induce Coulombic
scattering to graphene, as described by Konar et al.104 Therefore, the effective impurity density of
the graphene/Al2O3 system is reduced (due to its higher dielectric constant) compared to
graphene/SiO2, resulting in reduced Coulombic scattering and higher mobilities for the
graphene/Al2O3 system. Based on temperature dependent Hall Effect measurements and
subsequent modeling described by Hollander et al,127 it was found that the effective impurity
concentration is approximately 5.5x1011 cm-2 for a graphene/SiO2 system with the mobilities and
sheet densities shown in Figure 6.3.1a. Unfortunately, the impurity density of the graphene/Al2O3
system cannot be extracted without temperature-dependent Hall mobility analysis. The variation
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in mobility for these two samples can be effectively described by impurity scattering, since
surface roughness scattering can be ruled out as both substrates display a similar surface
roughness (see Figure 5.1.1). Additionally, the compressive strain and high Fermi velocity
reduction (FVR) observed with Raman spectroscopy was similar for these two samples (Figure
6.2.2) and likely further limits the mobility for both substrates.
The dotted lines in Figure 6.3.1a represent the simulated dependency of mobility on
carrier density for given impurity densities of the h-BN/graphene system, based on modeling
described by Hollander et al.127 The model assumes an acoustic deformation potential of 4.8eV 102
and an optical deformation potential of 25.6eV/A102 for the CVD graphene and that the surface
optical phonon modes (taken as 160meV) of all h-BN films are equal.127 It should also be noted
that this model does not take into account surface roughness scattering. These results show that
the observed variation in mobility between graphene on the various h-BN samples cannot be
described by changes in carrier density alone. Based on this modeling, the change in mobility as a
function of h-BN growth condition can be effectively described by impurity concentration. The
graphene devices on h-BN films grown at an initial polyborazylene deposition temperature of
400°C (red square) resulted in an average mobility of 6425 (±975) cm2/V-s at a hole
concentration of 1.1x1012 (±3.0x1011) cm-2 and reached a maximum mobility of nearly 8000
cm2/V-s. Modeling of these mobilities resulted in extraction of impurity densities ranging from
2.0x1011 cm-2 to 3.0x1011 cm-2. In contrast, the h-BN films grown at the various other growth
conditions result in reduced mobility and increased hole density, leading to increased impurity
densities ranging from 4.5x1011 cm-2 to 6.5x1011 cm-2. In other works,127,150 we found that the
benefits of h-BN dielectrics on epitaxial graphene were heavily dependent on the charged
impurity density, where impurity concentrations >5x1011cm-2 resulted in a charged impurity
dominated scattering regime where high-k dielectrics outperformed h-BN due to their ability to
screen Coulombic scatterers. On the other hand, for impurity concentrations <5x1011cm-2, surface
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optical phonon scattering begins to contribute more significantly to the total scattering rate. In
this scattering regime, the increased phonon-electron coupling induced by high-k dielectrics
(having low surface optical phonon modes) limit the mobility of charge carriers in graphene,
while h-BN gated devices benefit from h-BN’s high surface optical phonon modes. Interestingly,
the models described in these previous works appear to hold true for the CVD graphene
investigated in this work, as shown in Figure 6.3.1a, where the high-k dielectric Al2O3
outperforms h-BN samples with high impurity densities, while the h-BN samples with low
impurity densities (grown at 400°C) outperform Al2O3.
Unfortunately, the model used for impurity density extraction in Figure 6.3.1a does not
take into account surface roughness scattering, where significant variation between h-BN growth
conditions was observed previously in Chapter 5 (see Figure 5.1.1). Increased interfacial surface
roughness has not only been shown in literature to directly induce scattering in graphene; 101 but
also induces strain in graphene (as validated with Raman spectroscopy in Figure 6.2.2), which has
been shown to further reduce mobility.170,171 Therefore, the average mobilities of the transferred
graphene on the various h-BN samples is plotted against RMS surface roughness, as measured
with AFM, in Figure 6.3.1b. A trend is observed for four of the five samples; however the sample
grown at 250°C without a pre-growth anneal results in a low average mobility (2445 (±535)
cm2/V-s at a hole concentration of 5.8x1012 (±1.1x1012) cm-2) despite the fact that this sample
displayed the lowest RMS roughness (130pm) of all the h-BN samples. To understand this, the
average mobilities were also plotted against the oxygen concentration of the h-BN films, as
measured with XPS, in Figure 6.3.1c. It is likely that substitutional oxygen bonding contributes
significantly to the overall impurity density of the graphene/dielectric system since oxygen
possesses an extra valence electron than nitrogen, resulting in an increased density of dangling
bonds that would induce Coulombic scattering to graphene. Therefore, the oxygen concentration
of the h-BN films can be correlated directly to impurity density. From Figure 6.3.1c, graphene’s
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mobility is found to decrease with increasing oxygen content, where the sample grown at 250°C
without a pre-growth anneal (light blue cross) is dominated by impurity scattering due to its high
concentration of substitutional oxygen impurities. Again however, outliers in the observed trend
are found. The sample grown at 1000°C without a polyborazylene deposition (green triangle) was
found to have an average mobility of 2407 (±478) cm2/V-s at a hole concentration of 4.9x1012
(±8.3x1011) cm-2, while the transferred h-BN sample (pink “X”) was found to have an average
mobility of 2123 (±243) cm2/V-s at a hole concentration of 4.6x1012 (±8.3x1011) cm-2, despite the
fact that these samples had relatively low oxygen impurity concentrations. The results of Figures
6.3.1b and 6.3.1c suggest that two scattering mechanisms are at play for graphene transferred to
the h-BN films investigated here. Scattering can be dominated by surface roughness (and strain)
as evident in the rough h-BN sample grown at 1000°C (RMS roughness >3nm) and the
transferred h-BN sample (RMS roughness >1.5nm), or by impurity density as evident by the
ultra-smooth but highly oxygen-rich (>50%) sample grown at 250°C without a pre-growth
anneal. Another option is a combination of the two scattering mechanisms, as evident by the hBN film grown at 250°C with a pre-growth anneal (blue diamond), where the mobility (3098
(±281) cm2/V-s at a hole concentration of 3.1x1012 (±5.6x1011) cm-2) was found to similarly lie at
intermediate points in the trend lines of both Figures 6.3.1b and 6.3.1c. In this case, the moderate
roughness and moderate oxygen contamination lead to contributions from both scattering
mechanisms. Further work is required to model the exact impurity concentrations of these
samples while taking into account the effects of surface roughness scattering. Based on these
results, however, it is apparent that when h-BN is synthesized under conditions that result in both
low surface roughness and low oxygen contamination, the beneficial effects of h-BN’s high
energy surface optical phonon modes can be realized. This was achieved in the present work for
h-BN synthesis at an initial polyborazylene deposition temperature of 400°C; where an RMS
surface roughness of 240pm resulted in nearly strain-free transferred graphene (as observed with
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Raman spectroscopy in Figure 6.2.2), while a low oxygen content of <6 atomic % resulted in low
impurity densities (<3x1011cm-2) which allow h-BN’s high energy surface optical phonon modes
to benefit graphene devices. With use of the 400°C polyborazylene-to-BN synthesis conditions,
transferred CVD graphene devices resulted in an increase in average mobility of 52% and 151%
and a reduction in hole doping of 75% and 224% over the Al 2O3 and SiO2 substrates,
respectively, with a maximum mobility reaching nearly 8000 cm2/V-s. These results also suggest
that even use of nearly amorphous BN, as shown with cross-sectional TEM in Chapter 5 (see
Figure 5.3.1), can benefit graphene electronics.

Chapter 7

Conclusions and Future Work

This thesis has demonstrated the synthesis and characterization of hexagonal boron
nitride through two primary techniques: growth on copper foil, which can be transferred to
arbitrary substrates, and direct-growth on various substrates using a two-step polyborazylene-toceramic conversion. The chemical, structural, morphological, and electrical properties of these hBN films, synthesized via both techniques, have been investigated in detail as a function of
growth conditions and presented in the previous chapters. Additionally, the effect of these h-BN
films on the transport properties of graphene, where h-BN grown on Cu was used a top-gate
dielectric to quasi-freestanding epitaxial graphene (QFEG) and h-BN grown directly on Al2O3
and Si was used as a supporting substrate to CVD-grown graphene (transferred from Cu foil), was
thoroughly explored. Despite the many interesting results found during this research, many
questions remain unanswered, requiring additional work to obtain a more detailed understanding
of these films and their influence as dielectric materials on the transport properties of graphene
and other two-dimensional materials, such as transition metal dichalcogenides (TMDCs).
Therefore, this chapter acts to summarize the major findings of this thesis as well as present areas
where additional research is required to further the knowledge and range of possible applications
for hexagonal boron nitride dielectrics.

7.1: Hexagonal Boron Nitride Growth on Copper

Growth of h-BN films on 25µm thick 99.999% (metals basis) pure copper foils was
investigated in Chapter 3 of this thesis. In Section 3.1, growth rate was found to increase with
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increasing reactor pressure and found to change negligibly with ammonia borane flow rate,
indicating that the partial pressure of gas-phase BN precursors is limited by the sublimation rate
of ammonia borane and remains constant with sublimator flow rate. Additionally, it was found
through mass spectrometry that an 87% and 85% drop-off in the concentrations of the gas-phase
BN precursors borazine and diborane, respectively, occurred during the first 5 minutes of growth
due to the non-linear sublimation rate of ammonia borane with time. Raman spectroscopy was
used to correlate as-grown h-BN film thickness to the intensity and full width half maximum
(FWHM) of the E2G phonon mode of h-BN, located at ~1364cm-1, where a power law relationship
was found for both quantities. This provides a simple technique to quantify the film thickness of
as-grown h-BN films on Cu without the need to transfer for optical ellipsometry or AFM
measurements.
SEM and AFM analysis revealed the presence stress-induced wrinkling of the h-BN films
that result from the coefficient of thermal expansion mismatch between h-BN and Cu.
Additionally, Raman was used to show a blue-shift in peak position of the E2G phonon mode
upon transfer of the h-BN film to arbitrary substrates. This was found to correlate to a ~42%
decrease in compressive strain from the as-grown to transferred h-BN film, where the as-grown
film was partially chemisorbed to the Cu substrate. Besides surface wrinkling, three-dimensional
surface features that increased in density and size with increasing h-BN thickness were also
observed in the h-BN morphology. Plan-view transmission electron microscopy (TEM) was used
to investigate these 3D features and found that they were composed of h-BN layers propagating
perpendicular to the growth plane.
Transfer of the as-grown h-BN films from the Cu foil to arbitrary substrates was
accomplished via a ferric chloride based transfer process to remove the native Cu substrate. X-ray
photoelectron spectroscopy was used to examine the impact of the transfer process on the
chemical properties of the h-BN films. It was found that the primary B1s and N1s core level
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peaks did not degrade upon transfer, however a small shoulder at higher binding energies of the
B1s spectra indicates oxygen content increases by 54% upon transfer. It is likely that oxygen is
bonding at domain boundaries or defects, rather than substitutionally as the B/N ratio remained
near 1:1 following transfer. Incorporation of oxygen is likely from the de-ionized water baths
used during the transfer process to remove residual ferric chloride etchant. Additionally, the C1s
peak was found to increase upon transfer due to residual photoresist on the h-BN film surface.
Evidence of bonding, though only slight, was observed as C-B and C-N shoulders on the C1s
spectra, where carbon likely is bonding at defects or domain boundaries of the top h-BN surface.
Section 3.2 investigated the use of a copper enclosure during growth of h-BN on Cu foils.
It was found that the Cu enclosure acted to reduce the partial pressure of gas-phase BN precursors
through the creation of a static Cu vapor overpressure above the Cu foil samples. This not only
resulted in a decreased growth rate compared to h-BN growth without a Cu enclosure, but also in
an increased domain and island size through a reduced flux of BN precursors to the Cu substrate.
Additionally, it was found that the concentrations of oxygen and carbon impurities were reduced
by 65% and 62%, respectively, with the use of a copper enclosure during h-BN growth. Again,
this was attributed to a reduction in the partial pressure of impurity gases (such as water vapor,
oxygen leaks, or back-streamed pump oil) in the h-BN growth environment due to the presence of
a copper overpressure. Additionally, the slowed growth of h-BN with a Cu enclosure allowed for
the growth mechanisms to be thoroughly studied. It was found that h-BN growth on Cu initiates
as large (~200nm length) triangular domains. These domains were found to nucleate over an
initial h-BN monolayer either from surface wrinkles or from crystallographic step edges,
depending on Cu grain orientation. This suggests that Cu orientation can be used to promote well
ordered and textured BN films. Unfortunately, indexing of the Cu grains was not possible due to
the rough surface of the Cu foils. However, it is clear that the triangular domains retain a binding
energy to the Cu surface, even though an initial monolayer was present. When this binding

203
energy eventually decays with increased layer thickness however, the h-BN domains no longer
form as single crystal domains, but rather as small randomly oriented nano-crystalline domains
that increase in density and diameter with increasing film thickness. This suggests that h-BN
growth on Cu foils proceeds via a Stranski-Krastanov growth mode, where initial layers are
strongly bound to the substrate and form in a layer-by-layer growth mode, while subsequent
layers are more strongly bound to each other than to the substrate and thus form as islands. These
islands eventually coalesce, upon which additional layers may form as randomly oriented nanoclusters and propagate as poorly ordered turbostratic BN. Cross-sectional TEM analysis was used
to verify the proposed growth model and showed well ordered and laminar h-BN layers, as well
as the coalescence of islands, at a thickness of 5nm. However, at a thickness of >10nm, a clear
transition from layered growth to turbostratic growth was observed, indicating that the
crystallinity of these films decreases significantly after full coalescence of h-BN islands. The
turbostratic growth likely leads to randomly oriented h-BN layers and is likely the cause of the
3D features observed previously in Section 3.1. It was found that the copper enclosure allows for
improved island size with reduced density; therefore, full coalescence of these islands occurs at
larger film thicknesses compared to h-BN growth without a Cu enclosure, thus resulting in
improved crystallinity, improved domain size, and a significant reduction in the density of 3D
surface features. Because of these improvements, h-BN films grown with a Cu enclosure were
found to result in an 89% increase in breakdown strength and a decrease in current density of
nearly four orders of magnitude at a voltage field of 1x105 V/cm for ~20nm thick films.
Future work for growth of h-BN on Cu substrates includes improved control of gas-phase
BN precursors. Based on the mass spectroscopy data previously discussed, the concentration of
gas-phase BN precursors drops significantly after only a few minutes of growth. Also, the growth
rate was invariable with flow rate through the sublimator, resulting in poor control of gas-phase
BN precursor partial pressure. The results of Section 3.2 show that by decreasing the partial
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pressure of gas-phase precursors through use of a copper enclosure, an improvement in the
crystallinity, morphology, chemistry, and electrical properties of h-BN films was observed.
Therefore, decreasing the partial pressure of gas-phase BN precursors through alternative ways
will likely lead to similar results. Unfortunately, in this thesis work, the BN precursor partial
pressure was limited and controlled through ammonia borane’s sublimation rate, requiring novel
approaches to control partial pressures, i.e. – the copper enclosure. However, use a pressure-based
mass flow controller (MFC), such as the MKS-1150 or MKS-1152, would likely be highly
beneficial in controlling the partial pressure of BN precursor. With a pressure-based MFC, the
ammonia borane can be sublimated upstream of the MFC. The “reservoir” of gas-phase BN
precursors produced from the sublimation of ammonia borane can then be held at a constant
temperature in the sublimator for long periods of time. The MFC can then regulate the flow of
these precursors into the tube furnace, thus providing a means to maintain a constant
concentration of gas-phase precursors, as well as allowing for precise control of the partial
pressure of these precursors. With such a set-up, the growth mechanisms and film properties can
be studied in detail as a function of precursor partial pressure, which was not possible for this
thesis work. Additional future work involves study of h-BN growth on alternative transition metal
substrates. It was shown in Section 1.2 that the binding energy between h-BN and its substrate
varied for different transition metals. Going across the 3d, 4d, and 5d rows of the periodic table,
the binding energy of h-BN on transition metal surfaces decreases from left to right, with noble
metals having the lowest binding energies. Therefore, binding energy decreases with increased
filling of the valence d-band. Additionally, it was found that the highest binding energies were
obtained for the 4d elements and the lowest for the 3d elements. Since it was suggested in Section
3.2 that a shift from single crystal triangular domains to nanocrystalline islands occurred due to a
reduction in h-BN/Cu binding energy with increased film thickness, it would be assumed that hBN growth on transition metals with higher h-BN/metal binding energies would

result in
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improved texturing and crystallinity compared to growth on Cu, which was shown by Laskowski
et al29 to be relatively weak due to increased filling of the valence d-band. The author suggests
investigation of h-BN growth on Co, Pd, Zr, and Ti due to their comparatively large binding
energies, similar lattice constants, and similar crystallographic structures (HCP) to h-BN.

7.2: Integration of Transferred h-BN with Quasi-Freestanding Epitaxial Graphene

Hexagonal boron nitride films grown on Cu foils were transferred to quasi-freestanding
epitaxial graphene (QFEG) samples with pre-fabricated ohmic level devices, as discussed in
Chapter 4. In Section 4.1 it was found that despite the presence of wrinkles on the h-BN surface,
only a ~9% decrease in room temperature mobility and a negligible increase in hole doping was
observed after transfer of h-BN followed by a post-transfer anneal at 400°C (see Figure 4.1.1).
This suggests that the h-BN film minimally degrades the room temperature mobility and
introduces minimal hole doping. Temperature dependent measurements were presented in Section
4.2 to investigate the scattering mechanisms of h-BN gated QFEG compared to QFEG devices
gated with the high-k dielectric HfO2. Additionally, RF characterization was investigated in
Section 4.3 to compare the performance of h-BN and HfO2 gated QFEG FETs. It was found from
these two sections that h-BN induces reduced remote charged impurity scattering and negligible
remote surface optical phonon scattering to the QFEG/dielectric system compared to high-k
dielectrics, allowing for excellent preservation of QFEG’s transport properties. However, it was
shown that the benefit of CVD h-BN over high-k dielectrics is highly dependent on the initial
carrier mobility of the QFEG sample, where remote impurity scattering in low mobility QFEG
(high impurity density) can mask the potential benefits of h-BN dielectrics. In this case, high-k
dielectrics outperform h-BN due to dielectric screening of charge impurities. Alternatively, for
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high carrier mobility QFEG, h-BN effectively preserves carrier mobilities >3,000 cm2/V-s at
room temperature and results in intrinsic cutoff frequency improvements of 2.4x over HfO 2 gated
QFEG FETs. As discussed in Section 4.4, step-edges associated with epitaxial graphene synthesis
result in unique limitations to QFEG transport not observed with CVD and exfoliated graphene,
where step-edges were found to induce additional impurity and surface optical phonon scattering
to the system. Modeling performed by Matthew Hollander verifies that charged impurity
scattering is the primary scattering mechanism in these films, contributing >90% to the total
scattering rate.127 However, it was found that for QFEG devices having a low step-edge density
(and thus a reduced impurity density), surface optical phonon scattering begins to contribute more
significantly to the total scattering rate. In this regime (nimp<5x1011cm-2), h-BN can outperform
HfO2 due to its high surface optical phonon energies. Conversely, HfO2 excelled at high impurity
densities (nimp>5x1011cm-2) due to its ability to screen impurities with its high dielectric constant.
Therefore, it was shown that the benefit of h-BN vs. HfO2 is highly dependent on the impurity
density (contributed to primarily by QFEG step-edge density and dielectric integration) of the
QFEG/dielectric system. With improvements in the growth of epitaxial graphene leading to
reduction of step-edges, as well as reduction of impurity contamination from the h-BN transfer
process, CVD h-BN may prove to be an excellent dielectric for QFEG and other types of
graphene due to its low contributions to surface optical phonon scattering.
Future work for integration of h-BN with QFEG involves the re-evaluation of QFEG
devices utilizing h-BN films grown on Cu with a Cu enclosure, as described in Section 3.2. The
h-BN/QFEG integration work performed for this thesis was done prior to the research involving
growth of h-BN with a Cu enclosure. It was found in Section 3.2 that use of a Cu enclosure
resulted in improvements in the chemical, structural, and dielectric properties of h-BN films
grown on Cu foil. Because of these improved properties, it would be expected that these films
would introduced even further reduced impurity and surface optical phonon scattering to the h-
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BN/QFEG system. Therefore, it is likely that the transport properties of the underlying QFEG
would be further enhanced compared to the results shown in Chapter 4, which utilized h-BN films
grown without a Cu enclosure. Additional future work may involve novel approaches to dielectric
integration with QFEG utilizing multiple dielectric materials. As discussed in Section 4.4, at low
intrinsic impurity densities h-BN can be a significantly superior dielectric material to high-k
dielectrics (such as HfO2) due to its low contribution of impurity and surface optical phonon
scattering to the QFEG/dielectric system. However, high-k dielectrics are desirable for their
scalability and improved capacitance (C), given by: 𝐶 =

𝜀 0 𝑘𝐴 172
,
𝑑

where ε0 is the permittivity of free

space, k is the dielectric constant, A is the contact area, and d is the dielectric thickness. T he equivalent

oxide thickness (EOT) shows how thick an SiO2 dielectric would need to be to achieve the same
capacitance as a high-k dielectric and is given by: 𝐸𝑂𝑇 = 𝑡𝑖𝑔−𝑘 𝑘𝑆𝑖𝑂2 𝑘𝑖𝑔−𝑘 , where thigh-k
is the thickness of the high-k dielectric and kSiO2 (~4) and khigh-k (~17) are the dielectric constants
of SiO2 and the high-k dielectric, respectively. Therefore, a novel stacked gate dielectric using hBN and HfO2 (or another high-k dielectric) may result in optimal device performance and
scalability utilizing the benefits of both dielectrics. A thin (monolayer or bi-layer) h-BN film
could be transferred to QFEG, where the h-BN would introduce negligible surface optical phonon
scattering and minimal impurity scattering to the h-BN/QFEG interface. A high-k dielectric such
as HfO2 could then be deposited via e-beam or ALD over the existing h-BN film. With this
configuration,

the

net

EOT
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be:

𝐸𝑂𝑇 = 𝑡𝑖𝑔−𝑘 𝑘𝑆𝑖𝑂2 𝑘𝑖𝑔−𝑘 + 𝑡−𝐵𝑁 𝑘𝑆𝑖𝑂2 𝑘−𝐵𝑁 /2, where th-BN is the h-BN thickness
and kh-BN (~4) is the h-BN dielectric constant. Since the thickness of the high-k dielectric (several
nanometers) would be significantly larger than the h-BN monolayer (or bi-layer), the EOT of the
stacked dielectric would be only slightly reduced compared to the high-k dielectric alone,
allowing for improved capacitance and scaling from the high-k dielectric while introducing
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reduced surface optical phonon scattering and impurity scattering to the dielectric/QFEG system
from the h-BN interfacial layer.

7.3: Direct Growth Boron Nitride as a Substrate to CVD Graphene

Boron nitride was deposited via CVD directly on Si(111) and Al2O3(0001) substrates
using a polyborazylene to BN conversion process, as described in Chapter 5. This direct growth
process allows for the use of h-BN as a supporting substrate to CVD-grown graphene. Initial
results show that by using a two-step growth process involving the low temperature (250°C and
400°C) deposition of a polyborazylene film and the subsequent ceramic conversion to BN
through a 1000°C anneal, ultra-smooth h-BN films down to <130pm RMS roughness can be
successfully deposited with a uniform thickness controllable down to a few nanometers. To the
author’s knowledge, this surface roughness is the lowest reported roughness of non-exfoliated BN
and represents a >25x reduction in RMS roughness over h-BN films grown at 1000°C without the
polyborazylene to BN conversion. Control of the stoichiometry appears to be difficult during the
polyborazylene to BN conversion, where boron-rich films were obtained at polyborazylene
deposition temperatures of 250°C and 400°C, as measured with XPS. Additionally, surface
pitting occurred for h-BN samples grown at 250°C on Si. Use of a pre-growth anneal prior to
polyborazylene deposition at 250°C resulted in an absence of these surface pits on Si as well as
an improved stoichiometry for growth on both Si and Al2O3; however the resulting h-BN films
experienced a ~7.7x increase in RMS surface roughness from ~0.130nm up to ~1.0nm.
Furthermore, films synthesized from an initial polyborazylene deposition were found with crosssectional TEM to be nearly amorphous with only short-range order.
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In Chapter 6, Raman spectroscopy was utilized to quantify changes in strain and Fermi
velocity reduction (FVR) of transferred CVD graphene as a function the underlying dielectric
substrate. It was found that the BN films with a high surface roughness (grown at 1000°C, 250°C
with a pre-growth anneal, and h-BN transferred from Cu) displayed significant tensile strains
induced in the graphene and that transferred CVD graphene on bare SiO2 and Al2O3 resulted in
strong compressive strains and FVR (likely from high adhesion strengths). The amorphous BN
films grown with an initial polyborazylene deposition of 400°C resulted in nearly strain-free
graphene, due to its low surface roughness and low adhesion, as well as low FVR as a result of
negligible Van der Waals interactions, due to its amorphous structure, with the overlying
graphene. These results suggest that these ultra-smooth and nearly amorphous BN films may be
excellent candidates for CVD graphene integration as a supporting dielectric. Indeed, when used
as a supporting substrate, the films grown at a polyborazylene deposition temperature of 400°C
showed the best potential for improved transport properties of transferred CVD graphene,
resulting in a 52% and 151% increase in mobility compared to CVD graphene on a bare sapphire
and SiO2 substrates, respectively. The extracted impurity density of <3x1011cm-2 for graphene
transferred to this sample suggests surface optical phonon scattering contributes significantly to
the overall scattering rate, where h-BN excels compared to high-k dielectrics due to its high
surface optical phonon modes. This suggests that even amorphous/turbostratic BN can benefit
graphene electronics. Continued efforts to improve the B/N ratio while maintaining a low RMS
roughness in these films are in progress. Additionally, more work is required to form an improved
scattering model that takes into account the effects of surface roughness scattering.
Future work includes continued efforts to improve the B/N ratio while maintaining a low
RMS roughness in these films. Polyborazylene deposition at additional temperatures (500°C,
600°C, 700°C, etc), as well as various post-growth anneal temperatures (1100°C, 1200°C,
1300°C, etc), may lead to an optimized growth condition for the polyborazylene-to-BN synthesis
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technique. Additionally, a detailed study of the temperature dependent transport properties of
transferred CVD graphene on these films, as well as modeling of the scattering mechanisms and
extraction of impurity densities and surface optical phonon scattering constants, would be
significant in understand the exact mechanisms that account for the observed electronic
differences between various BN growth conditions. Fabrication of gated graphene Hall bars and
FETs based on CVD graphene transferred to direct-growth BN substrates and utilizing transferred
h-BN, direct-growth h-BN, and various high-k materials as gate dielectrics can lead to a
comprehensive understanding of possible device configurations exploiting these materials for
future applications in the micro-electronics industry. Another area of interest for future work is a
detailed investigation of direct-growth on additional substrates using the two-step
polyborazylene-to-BN conversion process. Though the author has synthesized BN films on
additional substrates such as SiC, SiO2, and QFEG; the results were not fully investigated and
thus, were not presented in this thesis. Initial results suggest that growth on these substrates
results in similar morphologies and structures to those grown on the Al 2O3 and Si substrates
presented in Chapter 5 and 6. Therefore, for applications requiring BN films on other substrates,
it is likely possible to produce similar results using the previously described techniques, however
future work is required to verify this. Finally, integration of other 2D materials, such as TMDCs,
was not investigated in this thesis. As these materials become more and more understood and
useful to the scientific and technical communities, a suitable dielectric material will be needed for
device development. Boron nitride films synthesized via the two-step growth method described in
this thesis may very well act as an ideal substrate for TMDC integration, leading to similar
benefits as observed for graphene.

211

References
1. Arya, S. P. S. & D’amico, A. Preparation, properties and applications of boron nitride thin
films. Thin Solid Films 157, 267–282 (1988).
2. Solozhenko, V. L., Will, G. & Elf, F. Isothermal compression of hexagonal graphite-like
boron nitride up to 12 GPa. Solid state communications 96, 1–3 (1995).
3. Kobayashi, Y., Akasaka, T. & Makimoto, T. Hexagonal boron nitride grown by MOVPE.
Journal of Crystal Growth 310, 5048–5052 (2008).
4. Schmauder, R., Dodel, G. & Bilger, G. Pulsed-laser deposition of boron nitride films on
silicon. Laser Methods of Surface Treatment and Modification: ALT’94 International
Conference 51–57 (1995).
5. Marlid, B., Ottosson, M., Pettersson, U., Larsson, K. & Carlsson, J. O. Atomic layer
deposition of BN thin films. Thin solid films 402, 167–171 (2002).
6. Schmolla, W. & Hartnagel, H. L. Amorphous BN films produced in a double-plasma reactor
for semiconductor applications. Solid-state electronics 26, 931–939 (1983).
7. Hirayama, M. & Shohno, K. CVD-BN for boron diffusion in Si and its application to Si
devices.pdf. J. Electrochem. Soc. 122, 1671–1676 (1975).
8. Yamaguchi, E. & Minakata, M. Study of boron nitride gate insulators onto InP grown by
low-temperature chemical vapor deposition. J. Appl. Phys. 55, 3098–3102 (1984).
9. Pedersen, H., Chubarov, M., Högberg, H., Jensen, J. & Henry, A. On the effect of water and
oxygen in chemical vapor deposition of boron nitride. Thin Solid Films 520, 5889–5893
(2012).
10. Gomez-Aleixandre, C., Essafti, A., Fernandez, M., Fierro, J. L. G. & Albella, J. M. Influence
of Diborane Flow Rate on the Structure and Stability of CVD Boron Nitride Films. The
Journal of Physical Chemistry 100, 2148–2153 (1996).
11. Rand, M. J. & Roberts, J. F. Preparation and properties of thin film boron nitride. Journal of
The Electrochemical Society 115, 423–429 (1968).
12. Dana, S. S. Low pressure chemical vapor deposition boro-hydro-nitride films and their use in
x-ray masks. Journal of Vacuum Science & Technology B: Microelectronics and Nanometer
Structures 4, 235 (1986).
13. Sichel, E. K., Miller, R. E., Abrahams, M. S. & Buiocchi, C. J. Heat capacity and thermal
conductivity of hexagonal pyrolytic boron nitride. Physical Review B 13, 4607 (1976).
14. Yates, B., Overy, M. J. & Pirgon, O. The anisotropic thermal expansion of boron nitride I.
Experimental results and their analysis. Philosophical Mag. 32, 847–857 (1975).
15. Paszkowicz, W., Pelka, J. B., Knapp, M., Szyszko, T. & Podsiadlo, S. Lattice parameters and
anisotropic thermal expansion of hexagonal boron nitride in the 10-297.5K temperature
range. Applied Physics A: Materials Science & Processing 75, 431–435 (2002).
16. Solozhenko, V. L., Turkevich, V. Z. & Holzapfel, W. B. Refined Phase Diagram of Boron
Nitride. The Journal of Physical Chemistry B 103, 2903–2905 (1999).
17. Bundy, F. P. Direct Conversion of Graphite to Diamond in Static Pressure Apparatus. The
Journal of Chemical Physics 38, 631 (1963).
18. Kern, G., Kresse, G. & Hafner, J. Ab initio calculation of the lattice dynamics and phase
diagram of boron nitride. Physical Review B 59, 8551 (1999).
19. Sachdev, H., Haubner, R., Nöth, H. & Lux, B. Investigation of the c-BN/h-BN phase
transformation at normal pressure. Diamond and Related Materials 6, 286–292 (1997).
20. Bartl, A., Bohr, S., Haubner, R. & Lux, B. A comparison of low-pressure CVD synthesis of
diamond and c-BN. International Journal of Refractory Metals and Hard Materials 14, 145–
157 (1996).
21. Reich, S. et al. Resonant Raman scattering in cubic and hexagonal boron nitride. Physical
Review B 71, (2005).

212
22. Corso, M. et al. Boron nitride nanomesh. Science 303, 217–220 (2004).
23. Paffett, M. T., Simonson, R. J., Papin, P. & Paine, R. T. Borazine adsorption and
decomposition at Pt (111) and Ru (001) surfaces. Surface Science 232, 286–296 (1990).
24. Nagashima, A., Tejima, N., Gamou, Y., Kawai, T. & Oshima, C. Electronic structure of
monolayer hexagonal boron nitride physisorbed on metal surfaces. Physical review letters 75,
3918–3921 (1995).
25. Corso, M., Greber, T. & Osterwalder, J. h-BN on Pd(110): a tunable system for selfassembled nanostructures? Surface Science 577, L78–L84 (2005).
26. Preobrajenski, A. B., Vinogradov, A. S. & Mårtensson, N. Monolayer of h-BN chemisorbed
on Cu(111) and Ni(111): The role of the transition metal 3d states. Surface Science 582, 21–
30 (2005).
27. Rokuta, E. et al. Phonon dispersion of an epitaxial monolayer film of hexagonal boron nitride
on Ni (111). Physical review letters 79, 4609–4612 (1997).
28. Auwärter, W., Kreutz, T. J., Greber, T. & Osterwalder, J. XPD and STM investigation of
hexagonal boron nitride on Ni (111). Surface science 429, 229–236 (1999).
29. Laskowski, R., Blaha, P. & Schwarz, K. Bonding of hexagonal BN to transition metal
surfaces: An ab initio density-functional theory study. Physical Review B 78, (2008).
30. Ismach, A. et al. Toward the Controlled Synthesis of Hexagonal Boron Nitride Films. ACS
Nano 6(7), 6378-6385 (2012).
31. Shi, Y. et al. Synthesis of Few-Layer Hexagonal Boron Nitride Thin Film by Chemical
Vapor Deposition. Nano Letters 10, 4134–4139 (2010).
32. Goriachko, A. et al. Self-Assembly of a Hexagonal Boron Nitride Nanomesh on Ru(0001).
Langmuir 23, 2928–2931 (2007).
33. Kim, G. et al. Growth of High-Crystalline, Single-Layer Hexagonal Boron Nitride on
Recyclable Platinum Foil. Nano Letters 12(4), 1834-1839 (2013).doi
34. Morscher, M., Corso, M., Greber, T. & Osterwalder, J. Formation of single layer h-BN on
Pd(111). Surface Science 600, 3280–3284 (2006).
35. Müller, F. et al. Epitaxial growth of hexagonal boron nitride on Ag(111). Physical Review B
82, (2010).
36. Song, L. et al. Large Scale Growth and Characterization of Atomic Hexagonal Boron Nitride
Layers. Nano Letters 10, 3209–3215 (2010).
37. Kim, K. K. et al. Synthesis and Characterization of Hexagonal Boron Nitride Film as a
Dielectric Layer for Graphene Devices. ACS Nano 6, 8583–8590 (2012).
38. Kim, K. K. et al. Synthesis of Monolayer Hexagonal Boron Nitride on Cu Foil Using
Chemical Vapor Deposition. Nano Letters 12, 161–166 (2012).
39. Lee, K. H. et al. Large-Scale Synthesis of High-Quality Hexagonal Boron Nitride
Nanosheets for Large-Area Graphene Electronics. Nano Letters 12, 714–718 (2012).
40. Guo, N. et al. Controllable growth of triangular hexagonal boron nitride domains on copper
foils by an improved low-pressure chemical vapor deposition method. Nanotechnology 23,
415605 (2012).
41. Yang, P. C., Prater, J. T., Liu, W., Glass, J. T. & Davis, R. F. The formation of epitaxial
hexagonal boron nitride on nickel substrates. Journal of electronic materials 34, 1558–1564
(2005).
42. Britnell, L. et al. Electron Tunneling through Ultrathin Boron Nitride Crystalline Barriers.
Nano Letters 12, 1707–1710 (2012).
43. Lee, G.-H. et al. Electron tunneling through atomically flat and ultrathin hexagonal boron
nitride. Applied Physics Letters 99, 243114 (2011).
44. Binkley, J. S. & Thorne, L. R. A theoretical study of the properties of BH3NH3.pdf. J. Chem.
Phys. 79, 2932–2940 (1983).

213
45. Zhang, J. & Lee, J. W. Progress and prospects in thermolytic dehydrogenation of ammonia
borane for mobile applications. Korean J. Chem. Eng. 29, 421–431 (2012).
46. Wolf, G., Baumann, J., Baitalow, F. & Hoffmann, F. P. Calorimetric process monitoring of
thermal decomposition of B–N–H compounds. Thermochimica Acta 343, 19–25 (2000).
47. Frueh, S. et al. Pyrolytic Decomposition of Ammonia Borane to Boron Nitride. Inorganic
Chemistry 50, 783–792 (2011).
48. Baitalow, F., Baumann, J., Wolf, G., Jaenicke-Rö\ssler, K. & Leitner, G. Thermal
decomposition of B–N–H compounds investigated by using combined thermoanalytical
methods. Thermochimica acta 391, 159–168 (2002).
49. Palumbo, O., Paolone, A., Rispoli, P., Cantelli, R. & Autrey, T. Decomposition of NH3BH3
at sub-ambient pressures: A combined thermogravimetry–differential thermal analysis–mass
spectrometry study. Journal of Power Sources 195, 1615–1618 (2010).
50. Zhang, J., Zhao, Y., Akins, D. L. & Lee, J. W. Thermal Decomposition and Spectroscopic
Studies of Preheated Ammonia Borane. The Journal of Physical Chemistry C 114, 19529–
19534 (2010).
51. Stowe, A. C., Shaw, W. J., Linehan, J. C., Schmid, B. & Autrey, T. In situ solid state 11B
MAS-NMR studies of the thermal decomposition of ammonia borane: mechanistic studies of
the hydrogen release pathways from a solid state hydrogen storage material. Physical
Chemistry Chemical Physics 9, 1831 (2007).
52. Fazen, P. J. et al. Synthesis, properties, and ceramic conversion reactions of polyborazylene.
A high-yield polymeric precursor to boron nitride. Chemistry of materials 7, 1942–1956
(1995).
53. Chan, V. Z. H., Rothman, J. B., Palladino, P., Sneddon, L. G. & Composto, R. J.
Characterization of boron nitride thin films prepared from a polymer precursor. Journal of
materials research 11, 373–380 (1996).
54. Pease, R. S. An X-ray study of boron nitride. Acta Crystallographica 5, 356–361 (1952).
55. Kho, J.-G., Moon, K.-T., Nouet, G., Ruterana, P. & Kim, D.-P. Boron-rich boron nitride
(BN) films prepared by a single spin-coating process of a polymeric precursor. Thin Solid
Films 389, 78–83 (2001).
56. Termoss, H. et al. Preparation of boron nitride-based coatings on metallic substrates via
infrared irradiation of dip-coated polyborazylene. Journal of Materials Chemistry 19, 2671
(2009).
57. Novoselov, K. S. Electric Field Effect in Atomically Thin Carbon Films. Science 306, 666–
669 (2004).
58. Novoselov, K. S. et al. Two-dimensional gas of massless Dirac fermions in graphene. Nature
438, 197–200 (2005).
59. Shishir, R. S. & Ferry, D. K. Intrinsic mobility in graphene. Journal of Physics: Condensed
Matter 21, 232204 (2009).
60. Giannazzo, F., Raineri, V. & Rimini, E. Transport properties of graphene with nanoscale
lateral resolution. Scanning Probe Microscopy in Nanoscience and Nanotechnology 2 247–
285 (2011).
61. Balandin, A. A. et al. Superior Thermal Conductivity of Single-Layer Graphene. Nano
Letters 8, 902–907 (2008).
62. Akturk, A. & Goldsman, N. Electron transport and full-band electron-phonon interactions in
graphene. Journal of Applied Physics 103, 053702 (2008).
63. Moon, J. S. et al. Top-Gated Epitaxial Graphene FETs on Si-Face SiC Wafers With a Peak
Transconductance of 600 mS/mm. IEEE Electron Device Letters 31, 260–262 (2010).
64. Lin, Y.-M. et al. 100-GHz Transistors from Wafer-Scale Epitaxial Graphene. Science 327,
662–662 (2010).
65. Geim, A. K. & Novoselov, K. S. The rise of graphene. Nature materials 6, 183–191 (2007).

214
66. Reina, A. et al. Large Area, Few-Layer Graphene Films on Arbitrary Substrates by Chemical
Vapor Deposition. Nano Letters 9, 30–35 (2009).
67. Li, X. et al. Large-Area Synthesis of High-Quality and Uniform Graphene Films on Copper
Foils. Science 324, 1312–1314 (2009).
68. Hwang, J. et al. Epitaxial growth of graphitic carbon on C-face SiC and sapphire by chemical
vapor deposition (CVD). Journal of Crystal Growth 312, 3219–3224 (2010).
69. Liao, L. et al. High-speed graphene transistors with a self-aligned nanowire gate. Nature 467,
305–308 (2010).
70. Hass, J., de Heer, W. A. & Conrad, E. H. The growth and morphology of epitaxial multilayer
graphene. Journal of Physics: Condensed Matter 20, 323202 (2008).
71. Jernigan, G. G. et al. Comparison of Epitaxial Graphene on Si-face and C-face 4H SiC
Formed by Ultrahigh Vacuum and RF Furnace Production. Nano Letters 9, 2605–2609
(2009).
72. Emtsev, K. V. et al. Towards wafer-size graphene layers by atmospheric pressure
graphitization of silicon carbide. Nature Materials 8, 203–207 (2009).
73. De Heer, W. A. et al. Epitaxial graphene. Solid State Communications 143, 92–100 (2007).
74. Tromp, R. & Hannon, J. Thermodynamics and Kinetics of Graphene Growth on SiC(0001).
Physical Review Letters 102, (2009).
75. Emtsev, K. V., Speck, F., Seyller, T. & Ley, L. Interaction, growth, and ordering of epitaxial
graphene on SiC{0001} surfaces: A comparative photoelectron spectroscopy study. Physical
Review B 77, (2008).
76. Starke, U., Saddow, S. E., Sanchez, E., Zhao, F. & Dudley, M. Bandstructure manipulation
of epitaxial graphene on SiC (0001) by molecular doping and hydrogen intercalation.
Materials Research Society Symposium Proceedings 1246, (2010).
77. Guisinger, N. P., Rutter, G. M., Crain, J. N., First, P. N. & Stroscio, J. A. Exposure of
Epitaxial Graphene on SiC(0001) to Atomic Hydrogen. Nano Letters 9, 1462–1466 (2009).
78. Hupalo, M., Conrad, E. & Tringides, M. Growth mechanism for epitaxial graphene on vicinal
6H-SiC(0001) surfaces: A scanning tunneling microscopy study. Physical Review B 80,
(2009).
79. Robinson, J. et al. Nucleation of Epitaxial Graphene on SiC(0001). ACS Nano 4, 153–158
(2010).
80. Camara, N. et al. Growth of monolayer graphene on 8° off-axis 4H–SiC (000–1) substrates
with application to quantum transport devices. Applied Physics Letters 97, 093107 (2010).
81. Camara, N. et al. Early stage formation of graphene on the C face of 6H-SiC. Applied
Physics Letters 93, 263102 (2008).
82. Riedl, C., Coletti, C., Iwasaki, T., Zakharov, A. A. & Starke, U. Quasi-Free-Standing
Epitaxial Graphene on SiC Obtained by Hydrogen Intercalation. Physical Review Letters
103, (2009).
83. Robinson, J. A. et al. Epitaxial Graphene Transistors: Enhancing Performance via Hydrogen
Intercalation. Nano Letters 11, 3875–3880 (2011).
84. Ristein, J., Mammadov, S. & Seyller, T. Origin of Doping in Quasi-Free-Standing Graphene
on Silicon Carbide. Physical Review Letters 108, (2012).
85. Li, X., Cai, W., Colombo, L. & Ruoff, R. S. Evolution of Graphene Growth on Ni and Cu by
Carbon Isotope Labeling. Nano Letters 9, 4268–4272 (2009).
86. Li, X. et al. Graphene Films with Large Domain Size by a Two-Step Chemical Vapor
Deposition Process. Nano Letters 10, 4328–4334 (2010).
87. Li, X. et al. Large-Area Graphene Single Crystals Grown by Low-Pressure Chemical Vapor
Deposition of Methane on Copper. Journal of the American Chemical Society 133, 2816–
2819 (2011).

215
88. Farmer, D. B. et al. Utilization of a Buffered Dielectric to Achieve High Field-Effect Carrier
Mobility in Graphene Transistors. Nano Letters 9, 4474–4478 (2009).
89. Fallahazad, B., Kim, S., Colombo, L. & Tutuc, E. Dielectric thickness dependence of carrier
mobility in graphene with HfO2 top dielectric. Applied Physics Letters 97, 123105 (2010).
90. Robinson, J. A. et al. Epitaxial Graphene Materials Integration: Effects of Dielectric
Overlayers on Structural and Electronic Properties. ACS Nano 4, 2667–2672 (2010).
91. Hollander, M. J. et al. Enhanced Transport and Transistor Performance with Oxide Seeded
High-κ Gate Dielectrics on Wafer-Scale Epitaxial Graphene. Nano Letters 11, 3601–3607
(2011).
92. Lee, B. et al. Conformal Al2O3 dielectric layer deposited by atomic layer deposition for
graphene-based nanoelectronics. Applied Physics Letters 92, 203102 (2008).
93. Lin, Y.-M. et al. Operation of Graphene Transistors at Gigahertz Frequencies. Nano Letters
9, 422–426 (2009).
94. Wang, X., Tabakman, S. M. & Dai, H. Atomic Layer Deposition of Metal Oxides on Pristine
and Functionalized Graphene. Journal of the American Chemical Society 130, 8152–8153
(2008).
95. Wu, Y. Q. et al. Top-gated graphene field-effect-transistors formed by decomposition of SiC.
Applied Physics Letters 92, 092102 (2008).
96. Kedzierski, J. et al. Epitaxial Graphene Transistors on SiC Substrates. IEEE Transactions on
Electron Devices 55, 2078–2085 (2008).
97. Chen, J.-H., Jang, C., Xiao, S., Ishigami, M. & Fuhrer, M. S. Intrinsic and extrinsic
performance limits of graphene devices on SiO2. Nature Nanotechnology 3, 206–209 (2008).
98. Hwang, E., Adam, S. & Sarma, S. Carrier Transport in Two-Dimensional Graphene Layers.
Physical Review Letters 98, (2007).
99. Ando, T. Screening Effect and Impurity Scattering in Monolayer Graphene. Journal of the
Physics Society Japan 75, 074716 (2006).
100. Fratini, S. & Guinea, F. Substrate-limited electron dynamics in graphene. Physical Review B
77, 195415 (2008).
101. Katsnelson, M. . & Geim, A. . Electron scattering on microscopic corrugations in graphene.
Philosophical Transactions of the Royal Society A: Mathematical, Physical and Engineering
Sciences 366, 195–204 (2008).
102. Fang, T., Konar, A., Xing, H. & Jena, D. High-field transport in two-dimensional graphene.
Physical Review B 84, 125450 (2011).
103. Farmer, D., Perebeinos, V., Lin, Y.-M., Dimitrakopoulos, C. & Avouris, P. Charge trapping
and scattering in epitaxial graphene. Physical Review B 84, (2011).
104. Konar, A., Fang, T. & Jena, D. Effect of high-K dielectrics on charge transport in graphene.
Arxiv preprint arXiv:0902.0819 (2009).
105. Perebeinos, V. & Avouris, P. Current Saturation and Surface Polar Phonon Scattering in
Graphene. arXiv preprint arXiv:0910.4665 (2009).
106. Serrano, J. et al. Vibrational Properties of Hexagonal Boron Nitride: Inelastic X-Ray
Scattering and Ab Initio Calculations. Physical Review Letters 98, (2007).
107. Perebeinos, V., Rotkin, S. V., Petrov, A. G. & Avouris, P. The Effects of Substrate Phonon
Mode Scattering on Transport in Carbon Nanotubes. Nano Letters 9, 312–316 (2009).
108. Giovannetti, G., Khomyakov, P., Brocks, G., Kelly, P. & van den Brink, J. Substrateinduced band gap in graphene on hexagonal boron nitride: Ab initio density functional
calculations. Physical Review B 76, (2007).
109. Dean, C. R. et al. Boron nitride substrates for high-quality graphene electronics. Nature
Nanotechnology 5, 722–726 (2010).
110. Wang, H. et al. BN/Graphene/BN Transistors for RF Applications. IEEE Electron Device
Letters 32, 1209–1211 (2011).

216
111. Nag, A. et al. Graphene Analogues of BN: Novel Synthesis and Properties. ACS Nano 4,
1539–1544 (2010).
112. Dean, C. R. et al. Multicomponent fractional quantum Hall effect in graphene. Nature
Physics 7, 693–696 (2011).
113. Yankowitz, M. et al. Emergence of superlattice Dirac points in graphene on hexagonal boron
nitride. Nature Physics 8, 382–386 (2012).
114. Mayorov, A. S. et al. Micrometer-Scale Ballistic Transport in Encapsulated Graphene at
Room Temperature. Nano Letters 11, 2396–2399 (2011).
115. Sakai, Y. & Saito, S. Electronic Properties of Graphene/h-BN Bilayer Superlattices. Journal
of the Physical Society of Japan 81, 103701 (2012).
116. Decker, R. et al. Local Electronic Properties of Graphene on a BN Substrate via Scanning
Tunneling Microscopy. Nano Letters 11, 2291–2295 (2011).
117. Ahn, G. et al. Optical Probing of the Electronic Interaction between Graphene and
Hexagonal Boron Nitride. ACS Nano 7, 1533–1541 (2013).
118. Kim, E., Yu, T., Sang Song, E. & Yu, B. Chemical vapor deposition-assembled graphene
field-effect transistor on hexagonal boron nitride. Applied Physics Letters 98, 262103 (2011).
119. Gannett, W. et al. Boron nitride substrates for high mobility chemical vapor deposited
graphene. Applied Physics Letters 98, 242105 (2011).
120. Kim, E., Jain, N., Jacobs-Gedrim, R., Xu, Y. & Yu, B. Exploring carrier transport
phenomena in a CVD-assembled graphene FET on hexagonal boron nitride. Nanotechnology
23, 125706 (2012).
121. Meric, I. et al. Graphene field-effect transistors based on boron nitride gate dielectrics.
Electron Devices Meeting (IEDM), 2010 IEEE International 23–2 (2010).
122. Sarajlic, O. I. & Mani, R. G. Mesoscale Scanning Electron and Tunneling Microscopy Study
of the Surface Morphology of Thermally Annealed Copper Foils for Graphene Growth.
Chemistry of Materials 25(9), 1643-1648 (2013).
123. Robinson, J. A. et al. Contacting graphene. Applied Physics Letters 98, 053103 (2011).
124. Robinson, J. A. et al. Effects of substrate orientation on the structural and electronic
properties of epitaxial graphene on SiC(0001). Applied Physics Letters 98, 222109 (2011).
125. Gengler, J. J., Roy, S., Jones, J. G. & Gord, J. R. Two-color time-domain thermoreflectance
of various metal transducers with an optical parametric oscillator. Measurement Science and
Technology 23, 055205 (2012).
126. Cahill, D. G. Analysis of heat flow in layered structures for time-domain thermoreflectance.
Review of Scientific Instruments 75, 5119 (2004).
127. Hollander, M. J. et al. Heterogeneous integration of hexagonal boron nitride on bilayer
quasi-free-standing epitaxial graphene and its impact on electrical transport properties.
physica status solidi (a) 210(6), 1062-1070 (2013).
128. Zhu, W., Perebeinos, V., Freitag, M. & Avouris, P. Carrier scattering, mobilities, and
electrostatic potential in monolayer, bilayer, and trilayer graphene. Physical Review B 80,
(2009).
129. Bresnehan, M. S. et al. Integration of Hexagonal Boron Nitride with Quasi-freestanding
Epitaxial Graphene: Toward Wafer-Scale, High-Performance Devices. ACS Nano 6, 5234–
5241 (2012).
130. Bresnehan, M. S. et al. Advancing Quasi-Freestanding Epitaxial Graphene Electronics
Through Integration of Wafer Scale Hexagonal Boron Nitride. SPIE NanoScience +
Engineering 846207, 9 (2012).
131. Bresnehan, M. S., Bhimanapati, G. R., Wang, K., Snyder, D. W. & Robinson, J. A.
Enhanced CVD Growth of Hexagonal Boron Nitride Films on Copper Foil. Article In
Preparation (2014).

217
132. Li, X. et al. Transfer of Large-Area Graphene Films for High-Performance Transparent
Conductive Electrodes. Nano Letters 9, 4359–4363 (2009).
133. Batsanov, S. S. TheE-phase of boron nitride as a fullerene. Combustion, Explosion and
Shock Waves 34, 106–108 (1998).
134. Pokropivny, V. V. et al. Boron Nitride Analogs of Fullerenes (the Fulborenes), Nanotubes,
and Fullerites (the Fulborenites). Journal of Solid State Chemistry 154, 214–222 (2000).
135. Golberg, D., Bando, Y., Stéphan, O. & Kurashima, K. Octahedral boron nitride fullerenes
formed by electron beam irradiation. Applied physics letters 73, 2441–2443 (1998).
136. Moulder, J. F., Stickle, W. F., Sobol, P. E. & Bombem, D. Handbook of X-ray Photoelectron
Spectroscopy. (Perkin-Elmer, Physical Electronics Division: Eden Prairie, MN, 1992).
137. Ci, L. et al. Atomic layers of hybridized boron nitride and graphene domains. Nature
Materials 9, 430–435 (2010).
138. Geick, R., Perry, C. H. & Rupprecht, G. Normal modes in hexagonal boron nitride. Physical
Review 146, 543 (1966).
139. Mohiuddin, T. et al. Uniaxial strain in graphene by Raman spectroscopy: G peak splitting,
Grüneisen parameters, and sample orientation. Physical Review B 79, (2009).
140. Singh, S. K., Neek-Amal, M., Costamagna, S. & Peeters, F. M. Thermomechanical
properties of a single hexagonal boron nitride sheet. Physical Review B 87, (2013).
141. Gorbachev, R. V. et al. Hunting for Monolayer Boron Nitride: Optical and Raman
Signatures. Small 7, 465–468 (2011).
142. Arenal, R. et al. Raman Spectroscopy of Single-Wall Boron Nitride Nanotubes. Nano
Letters 6, 1812–1816 (2006).
143. Tuinstra, F. & Koenig, J. L. Raman Spectrum of Graphite. J. Chem. Phys. 53, 1126–1131
(1970).
144. Han, G. H. et al. Influence of Copper Morphology in Forming Nucleation Seeds for
Graphene Growth. Nano Letters 11, 4144–4148 (2011).
145. Daintith, J. A Dictionary of Chemistry (6th Edition). (Oxford University Press: 2008).
146. McLellan, R. B. & Shuttleworth, R. The Vapor Pressure of Solid Copper. Metallkunde 51,
(1960).
147. Ohring, M. Materials Science of Thin Films, Deposition & Structure. (Academic Press: San
Diego, Ca, 2002).
148. Tao, L. et al. Synthesis of High Quality Monolayer Graphene at Reduced Temperature on
Hydrogen-Enriched Evaporated Copper (111) Films. ACS Nano 6, 2319–2325 (2012).
149. Brożek, T., Szmidt, J., Jakubowski, A. & Olszyna, A. Electrical behaviour and breakdown in
plasma deposited cubic BN layers. Diamond and Related Materials 3, 720–724 (1994).
150. Bresnehan, M. S. Chemical Vapor Deposition of Ultra-Thin Hexagonal Boron Nitride Films
for Integration with Graphene and Transition Metal Dichalcogenides. Beyond Graphene
Workshop. University Park, Pa (2013).
151. Bresnehan, M. S. et al. Prospects of Direct Growth Boron Nitride Films as Substrates for
Graphene Electronics. Journal of Materials Research. Focus Issue: Beyond Graphene Article
In Press, (2014).
152. Yu, M.-C. & Jang, S.-M. Using high temperature H2 anneal to recrystallize S/D and remove
native oxide simultaneously. (2001).
153. Petravic, M., Peter, R., Fan, L.-J., Yang, Y.-W. & Chen, Y. Direct observation of defects in
hexagonal boron nitride by near-edge X-ray absorption fine structure and X-ray
photoemission spectroscopy. Nuclear Instruments and Methods in Physics Research Section
A: Accelerators, Spectrometers, Detectors and Associated Equipment 619, 94–97 (2010).
154. Guimon, C. et al. XPS study of BN thin films deposited by CVD on SiC plane substrates.
Surface and Interface Analysis 16, 440–445 (1990).

218
155. Wagner, C. D. Handbook of X-ray Photoelectron Spectroscopy. (Perkin-Elmer, Physical
Electronics Division: Eden Prairie, MN, 1979).
156. Schild, D., Ulrich, S., Ye, J. & Stüber, M. XPS investigations of thick, oxygen-containing
cubic boron nitride coatings. Solid State Sciences 12, 1903–1906 (2010).
157. Trehan, R. Auger and x-ray electron spectroscopy studies of hBN, cBN, and N+2 ion
irradiation of boron and boron nitride. Journal of Vacuum Science & Technology A: Vacuum,
Surfaces, and Films 8, 4026 (1990).
158. Goto, T. & Hirai, T. ESCA study of amorphous CVD Si3N4-BN composites. Journal of
materials science letters 7, 548–550 (1988).
159. Bepete, G., Voiry, D., Chhowalla, M., Chiguvare, Z. & Coville, N. J. Incorporation of small
BN domains in graphene during CVD using methane, boric acid and nitrogen gas. Nanoscale
5, 6552 (2013).
160. Chubarov, M. et al. Epitaxial CVD growth of sp2-hybridized boron nitride using aluminum
nitride as buffer layer. physica status solidi (RRL) - Rapid Research Letters 5, 397–399
(2011).
161. Jo, I. et al. Thermal Conductivity and Phonon Transport in Suspended Few-Layer
Hexagonal Boron Nitride. Nano letters 13, 550–554 (2013).
162. Muratore, C. et al. Cross-plane thermal properties of transition metal dichalcogenides.
Applied Physics Letters 102, 081604 (2013).
163. Hopkins, P. E. et al. Manipulating Thermal Conductance at Metal–Graphene Contacts via
Chemical Functionalization. Nano Letters 12, 590–595 (2012).
164. Yoon, D., Son, Y.-W. & Cheong, H. Strain-Dependent Splitting of the Double-Resonance
Raman Scattering Band in Graphene. Physical Review Letters 106, (2011).
165. Ni, Z., Wang, Y., Yu, T., You, Y. & Shen, Z. Reduction of Fermi velocity in folded
graphene observed by resonance Raman spectroscopy. Physical Review B 77, (2008).
166. Lee, J. E., Ahn, G., Shim, J., Lee, Y. S. & Ryu, S. Optical separation of mechanical strain
from charge doping in graphene. Nature Communications 3, 1024 (2012).
167. Schadler, L. S. & Galiotis, C. Fundamentals and applications of micro Raman spectroscopy
to strain measurements in fibre reinforced composites. International materials reviews 40,
116–134 (1995).
168. Das, A. et al. Phonon renormalization in doped bilayer graphene. Physical Review B 79,
(2009).
169. Koenig, S. P., Boddeti, N. G., Dunn, M. L. & Bunch, J. S. Ultrastrong adhesion of graphene
membranes. Nature Nanotechnology 6, 543–546 (2011).
170. Miao, X., Tongay, S. & Hebard, A. F. Strain-induced suppression of weak localization in
CVD-grown graphene. Journal of Physics: Condensed Matter 24, 475304 (2012).
171. Shah, R., Mohiuddin, T. M. G. & Singh, R. N. Giant reduction of charge carrier mobility in
strained graphene. Modern Physics Letters B 27, 1350021 (2013).
172. Streetman, B. G. Solid State Electronic Devices. (Pearson Prentice Hall: Upper Saddle
River, NJ, 2005).

219
Appendix A

Boron Nitride Tube Furnace Schematics

Boron Nitride CVD Reactor Flow Diagram
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Equip #
F01
HT01
HT02
MC01
MFC01
MFC02
P01
PC01
PC02
PCV01
PT01
PT02
PT03
T01
T02
TD01
TD02
V01
V02
V03
V04
V05
V06
V07
V08
V09
V10
V11
VF01

Equipment Type
Tube furnace
Heating Belt
Heating Belt
Mass Flow Controller Display
Mass Flow Controller
Mass Flow Controller
Roughing pump
Pressure Controller
Pressure Readout
Throttle Valve
Pressure Transducer
Pressure Transducer
Pressure Transducer
Gas Cylinder
Ammonia Borane Sublimator
Temperature Display
Temperature Controller
Valve
Valve
Valve
Valve
Metering Valve
Valve
Valve
Vent
Valve
Valve
Isolation Valve
Versacyl Filter

Manufacturer
Lindberg/Blue

Model
STF-55666C

MKS
MKS
MKS
Alcatel
MKS
MKS
MKS
MKS
MKS
MKS

247C
1179A
1179A
2010 SD
146
270B
153D
690A
626A
626A

Omega
Watlow PID
Swagelok
Swagelok
Swagelok
Swagelok
Swagelok
Swagelok
Swagelok

DPi32
SD31
SS-DLV51
SS-DLV51
SS-DLV51
SS-DLV51
SS-SVR4
SS-DLV51
SS-DLV51

Swagelok
Swagelok

SS-DLV51
SS-DLV51

Versacyl

Equipment List Corresponding to BN CVD Reactor Flow Diagram
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Appendix B

Pressure / Temperature Profiles for Direct Growth Processes
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Appendix C

Thermogravimetric Analysis (TGA) of Ammonia Borane (NH3BH3)
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