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ABSTRACT
In this work epitaxial films of the Srn+1TinO3n+1 Ruddlesden-Popper homologous
series with n = 1, 2, 3, 4, 5, 6, 10 and ∞ were grown and their structural, dielectric, and
optical properties were characterized. These phases were grown by reactive molecularbeam epitaxy (MBE) on different substrates: (001) (LaAlO3)0.29(SrAl0.5Ta0.5O3)0.71
(LSAT), (001) SrTiO3, (110) DyScO3, and (110) GdScO3 to establish the effect of biaxial
strain and dimensionality on the dielectric properties of these layered relatives of SrTiO3.
With the aid of shuttered reflection high-energy electron diffraction (RHEED)
intensity oscillations, the strontium-to-titanium ratio can be precisely calibrated to within
~1% of stoichiometry. Such accurate compositional control is required for the growth of
Srn+1TinO3n+1 phases that are non-equilibrium phases, i.e., with 3 < n < ∞. To form these
phases, precise monolayer doses of SrO and TiO2 are sequentially deposited onto a
substrate to create Srn+1TinO3n+1 phases with n as high as 10. X-ray diffraction (XRD)
θ-2θ scans reveal that each sample contains all 002 peaks at the expected positions,
corresponding to phase-pure single crystalline Srn+1TinO3n+1. XRD rocking curves
confirm the high structural perfection of the films; the full width at half maximum
(FWHM) of the Srn+1TinO3n+1 films is <23 arc sec (<0.007°), comparable to the rocking
curve FWHM of the underlying substrates. Nonetheless, annular-dark-field scanning
transmission electron microscope (STEM) images of selected films revealed the existence
of stacking faults and vertically running Ruddlesden-Popper defect layers (double SrO
layers). Such defects are not resolved in the θ-2θ scans and most likely stem from inexact
supply of constituent species in the shuttered doses, i.e., imperfect composition control,
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during film growth. The density of defects was seen to increase with n. A histogram
analysis by bright-field STEM of the layering disorder in an n = 6 Srn+1TinO3n+1 film
grown on DyScO3 reveals that 65% of the layers in the growth direction have the desired
6 perovskite layers. The remaining layers have spacings that are harmonics of n = 6, i.e.,
locally n = 12, 18, and 24 which are well lattice matched to the surrounding n = 6 matrix.
These harmonic n layer spacings and the vertically running Ruddlesden-Popper defect
layers likely form to accommodate local stoichiometry variations encountered during
growth.
For the Srn+1TinO3n+1 phases deposited on LSAT (n = 1–5 and 10), we
investigated the dependence of the optical band gap on dimensionality (n of the
Srn+1TinO3n+1) in the series measured by spectroscopic ellipsometry, optical transmission,
and cathodoluminescence. First-principles calculations gave insight into the origin of this
change in band gap. The thermal conductivity along the c-axis (k33) of the same phases
were measured by time-domain thermoreflectance and compared to atomic-level
simulations. For the Srn+1TinO3n+1 phases deposited on DyScO3 and GdScO3 (n = 1–6),
we studied strain-induced ferroelectricity. Density function theory predicts the emergence
of a ferroic ground state for n ≥ 3 on DyScO3, which is in agreement with experimental
findings. Dielectric properties of these strained thin films were measured over the
frequency range from 1 kHz–125 GHz with a broadband, on-wafer technique. The n = 6
Srn+1TinO3n+1 film grown on DyScO3 showed a dielectric tunability around 20% with an
exceptionally high figure of merit (∆K/(K tan δ)) at room temperature (~50 at 10 GHz
and ~100 at 5 GHz) that rivals all known tunable microwave dielectrics.
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Finally, with meticulous control of the film stoichiometry we establish the
intrinsic dielectric properties of SrTiO3 thin film commensurately strained to DyScO3.
Direct comparisons of the structural and dielectric properties of stoichiometric and nonstoichiometric films grown on (110) DyScO3 were made. In contrast to nonstoichiometric samples, the stoichiometric film shows the shortest out-of-plane lattice
constant, narrow rocking curves, a dispersion-free low-frequency permittivity, a sharp
permittivity maximum at the ferroelectric phase transition temperature, and pronounced
soft mode behavior.
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Chapter 1
Introduction
1.1 Dissertation Statement / Motivation
Complex transition metal oxides are of particular interest because they span a
wide range of crystalline structures and exhibit a broad spectrum of physical properties.
Versatile functionalities including superconductivity, ferroelectricity, high dielectric
permittivities, and more offered by this class of materials make them popular for both
fundamental research and application in a variety of electronic devices. Although studies
of oxide materials were hampered by material processing, recent breakthroughs in thin
film technologies and substrates not only facilitate the fabrication of materials that are
difficult to make with conventional reaction methods, but also enable the synthesis of
high structural quality oxide thin films with atomic-layer control.
This dissertation primarily presents the growth of the epitaxial Srn+1TinO3n+1
Ruddlesden-Popper homologous series by means of reactive molecular-beam epitaxy
(MBE) (Chapters 2–4). The An+1BnO3n+1 Ruddlesden-Popper homologous series1 is the
prototype structure of many high-temperature superconductors
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and colossal

magnetoresistance oxides.3 The strontium and titanium based Ruddlesden-Popper phases
have drawn extensive attention because of its potential applications in microwave
dielectrics4 and thermoelectric materials.5 In addition, the end member SrTiO3 (n = ∞) is
a widely studied perovskite model system with a rich variety of properties including
1

superconductivity,6 a large and tunable dielectric constant,7 the ability to photocatalyze
splitting water, 8 and has the highest electron mobility of any oxide in bulk form. 9
Investigating other members of this homologous series is a promising path for identifying
new nanostructured materials with related properties that can be tailored by reducing their
dimensionality.
The synthesis of single crystal Srn+1TinO3n+1 phases previously was a challenging
task. Conventional solid-state reactions can only yield polycrystalline n = 1–3 members
due to the thermodynamic degeneracy of the higher-n phases of the series.10,11 Severe
intergrowth of mixed-n phases is generally found in attempts to make higher n members.
In this study we use the precise layering ability of oxide MBE to grow not only the first
six but also the n = 10 Srn+1TinO3n+1 single-phase epitaxial films. Oxide MBE can supply
incident species in any desired sequence with submonolayer composition control, and
essentially arbitrary n values can be synthesized even though nearby phases have similar
formation energies.10,11,12,13,14,15
Although remarkable advances have been made in thin film technology,
stoichiometric control remains a major challenge. Stoichiometry of SrTiO3 films is found
to depend on the oxygen partial pressure and total chamber pressure (O2 + Ar) during the
growth by magnetron sputtering.16,17 Within a very narrow range of laser fluences and
ablation areas, pulsed-laser deposited (PLD) SrTiO3 appears to be stoichiometric.18,19
While these energetic growth techniques are susceptible to a shallow implantation during
the growth, low energy, quasi-equilibrium techniques such as MBE have potential to
produce films with lower intrinsic defect concentrations. Structural properties of
homoepitaxial SrTiO3 films grown by oxide MBE have been studied.20 Hybrid MBE
2

using a metal-organic Ti source was demonstrated to have self-regulating stoichiometric
control of the SrTiO3 film.21 In this study, we grow stoichiometric SrTiO3 thin films by
oxide MBE with the aid of surface reconstruction features of real-time in situ reflection
high-energy electron diffraction (RHEED) (Chapter 5). It is found that with improved
control of stoichiometry, the crystalline quality and dielectric properties of strained
epitaxial SrTiO3 films on DyScO3 substrate are closer to those of a bulk single crystal.

3

1.2 Molecular Beam Epitaxy
MBE is an ultra high vacuum (UHV) thin film technique with the unique
capability to create metastable phases22,23 and customized superlattice structures with
atomic-level precision.24,25 Well-defined atomic or molecular thermal beams react at the
surface of crystalline substrate to form epitaxial films. The unparalleled ability of
layering relies on individual control of the flux of each constituent element. Shutters in
front of each heated effusion cells control not only the dose of evaporated elements, but
also the sequence in which elements reach the growth surface. Due to the huge difference
between bulk and surface diffusion rate, 26,27 a relatively low growth temperature is
usually adopted to kinetically minimize the interdiffusion between the customized layer
structure. Under these conditions, the growth takes place far from thermodynamic
equilibrium and the shutter sequence used during the growth becomes the main driving
force for the layered structure. In addition, the low growth temperature not only preserves
the metastable layering but also enables the growth of phases that have reactions at higher
temperatures. For example, Sr2TiO4 is not able to form from the melt because it has phase
transition at ~1550 °C and peritectic reaction at ~1860 °C.28 In this study we use oxide
MBE to grow Srn+1TinO3n+1 Ruddlesden-Popper superlattices at relatively low
temperature ~750 °C to avoid possible reactions at higher temperatures.
While MBE was initially designed in the end of the 1960’s for the growth of
GaAs and (Al,Ga)As semiconductors,29,30 MBE was first used to grow oxide LiNbO3 in
1985. 31 Since then oxide MBE has been broadly employed for the growth of
superconductors, 32 , 33 ferroelectrics,24, 34 multiferroics, 35 and superlattices24, 36 of these
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functional oxides. Despite the inherent advantages of MBE, several unique problems are
encountered when growing multicomponent oxides compared to conventional
semiconductors by MBE. The presence of oxidant species requires the hardware be
compatible with an oxidizing environment. High temperature components such as heater
filaments, effusion cells, and substrate holders need to be made of oxidant-resistive
materials. In addition, an adequate pumping is required to handle the oxidant gas load.
For reactive MBE, sufficient molecular beams of gases (e.g. O2 or N2) are introduced to
react with elemental species at the substrate surface. In order to have well-defined fluxes,
the oxidant pressure needs to be lower than ~10–4 Torr to have mean free path of ~20 cm,
the distance between the effusion cell and the substrate in our growth chamber.
Utilization of a more reactive oxidant such as purified ozone and plasma sources can
effectively reduce the minimum oxidant pressure required to form desired phases, and it
is especially critical for the species that are more difficult to oxidize, e.g., bismuth-,37,38
copper-containing oxides.39
More stringent composition control of the constituent elements is another
challenge for oxide MBE. While some oxide materials are suitable for the adsorptioncontrolled growth,37,38 many oxides with little to non-volatile elements require precise
stoichiometric control to obtain the desired phase. Defects induced by a small error in the
stoichiometry are likely responsible for the lack of repeatability and inferior physical
properties of oxide thin films when compared to their bulk crystals. Chapter 5 of this
dissertation discusses the importance of stoichiometry to the dielectric properties of
SrTiO3 thin films.
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The schematic diagrams of the oxide MBE systems used in this study are shown
in Fig. 1-1 (Epi 930) and Fig. 1-2 (GEN 10). The combination of turbomolecular pump,
cryopump, and ion pump maintains the background pressure at around 10–9 Torr while all
the sources are heated to the idle temperatures. The UHV chamber is equipped with
multiple in situ analyzing techniques including quartz crystal microbalance (Inficon
SQM-160), RHEED (kSA 400), real-time wafer temperature sensor (kSA BandiT), multibeam optical sensor (kSA MOS), and residual gas analyzer (SRS RGA 200). On the
substrate surface, elemental molecular beams generated by individual effusion cells react
with oxidant fed through a water-cooled nozzle. The oxidant in use can be ultra high pure
molecular oxygen, oxygen-ozone mixture with ~10% of ozone, and purified ozone,
depending on the desired phase of the oxide compound.
The GEN 10 is the most advanced MBE system released by Veeco Compound
Semiconductor Inc. The major distinction from Epi 930 is the automated wafer transfer
that enables high system utilization, allowing multiple growers to use the chamber at the
same time and perform unattended growths. In this study, Srn+1TinO3n+1 RuddlesdenPopper phases have been successfully grown in both Epi 930 and GEN 10. All the SrTiO3
samples for stoichiometric effect study are grown in GEN 10.

6

Fig. 1-1 (a) Schematic diagram of the Epi 930 MBE growth chamber. (b) A close-up
view of the growth chamber. (From Schlom et al.40)
7

Fig. 1-2 Schematic diagram of the GEN 10 MBE growth chamber. (Courtesy of Veeco)
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1.3 RHEED Calibrations for Stoichiometry and Monolayer Dosage
RHEED is one of the most common real-time in situ analysis techniques
employed during MBE growth. It provides extensive surface sensitive information
including thin film crystallinity, roughness, in-plane lattice constants, growth mechanism
and phase purity. The formation of unwanted impurity phases can be readily detected and
thus the growth conditions can be adjusted accordingly to ensure the quality of oxide thin
films. RHEED intensity oscillations can be used to calibrate the stoichiometry of
multicomponent oxides that are not suitable for adsorption-controlled growth. It has been
found that RHEED intensity oscillates during the MBE growth of many ABO3 perovskite
oxides which can be used to fine tune the A:B stoichiometric ratio.41
Taking the growth of homoepitaxy SrTiO3 film as an example, averaged RHEED
intensity of the entire 10 streak of the zeroth order Laue zone along the SrTiO3 [110]
azimuth (Fig. 1-3(a)) is monitored while strontium and titanium fluxes are sequentially
deposited. Judging from the change of maximum/minimum intensity and the shape of
intensity oscillations, the Sr:Ti ratio can be adjusted to within 1% of desired
stoichiometry. The presence of a beat frequency in the intensity oscillation envelope
allows the tuning of shutter time needed for an absolute monolayer dose of each
constituent element. Eventually, intensity oscillations with constant and stable waveforms
imply stoichiometric composition (Sr:Ti = 1:1) and complete SrO and TiO2 monolayer
dosage are obtained. To grow the Ruddlesden-Popper superlattices, we used the shutter
time acquired from RHEED calibration and controlled the shutter ordering of strontium
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and titanium sources to match the layering sequence of the desired (001)-oriented
Srn+1TinO3n+1 phases.
In addition, the surface reconstruction features of the RHEED pattern also reveal
information about the film stoichiometry. A strontium-rich surface is characterized by a
half-order diffraction streak between the 00 and 10 streaks of the zeroth order Laue zone
along SrTiO3 [110] azimuth (Fig. 1-3(c)), while a titanium-rich surface shows half-order
streaks along the [100] (Fig. 1-3(f)) and [210] azimuths. 42 , 43 , 44 A co-deposited
homoepitaxial SrTiO3 calibration sample is used to optimize the RHEED patterns while
the wafer is rotating during the growth. Sr:Ti = 1:1 fluxes can be achieved by fine tuning
the strontium source temperature until no surface reconstructions are observed in either
direction. Regular and persistent RHEED intensity oscillations, which reflected changes
in surface morphology, of the 10 streak in [110] azimuth are observed during the codeposited growth. The time needed for the growth of one unit cell of SrTiO3 is calculated
from the period of the oscillation and used for subsequent growths.
To grow SrTiO3 films as stoichiometric as possible, the strontium-rich and
titanium-rich half-order reconstruction features are monitored and compensated for with
intermittent closing of the Sr/Ti shutter when needed while the strontium source
temperature and Ti-BallTM,45 current are held constant. Real-time RHEED monitoring and
infrequent selective flux interruption effectively controls the cation stoichiometry by
compensating for the slow drift of the flux of each source and enabled the growth of high
quality, stoichiometric SrTiO3 films.

10

Fig. 1-3 RHEED patterns of SrTiO3 in different stoichiometric conditions along two
perpendicular in-plane directions [110] and [100]. (a) and (b): stoichiometric, (c) and (d):
Sr-rich, and (e) and (f): Ti-rich surfaces.
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Fig. 1-4 Lattice constant number line of the Srn+1TinO3n+1 phases and the substrates
used in this study.

1.4 Substrate Choice and Strain Engineering
The growth of high quality epitaxial thin films requires substrates that have
compatible chemical and structural properties with the desired material. Chemical
incompatibility can result in unwanted reactions and severe interdiffusion at the
film/substrate interface. Structural incompatibility in lattice constant or thermal
expansion coefficient between the film and substrate can lead to structural defects such as
dislocations or even loss of epitaxy. In addition, with judicious choice of substrates,
enormous strains can be introduced in thin films and the properties of thin films can be
remarkably different than the intrinsic properties of their unstrained bulk counterpart.
Strain engineering has been commonly used to enhance ferroelectric properties. For
instance, larger remnant polarization and higher Tc have been found in incipient
ferroelectric SrTiO3,46 conventional ferroelectric BaTiO3,34 and relaxor ferroelectric lead
lanthanum zirconate titanate (PLZT)47 thin films. Furthermore, DFT calculations48 have
suggested that isotropic tensile strain can induce ferroelectricity in Srn+1TinO3n+1
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Ruddlesden-Popper phases, for which the bulk does not show ferroelectricity at any
temperatures.
In this dissertation, Srn+1TinO3n+1 Ruddlesden-Popper phases are grown on
different substrates either to have a better lattice match or for the purpose of strain
engineering. Srn+1TinO3n+1 phases have lattice constants ranging from 3.88 Å (n = 1) to
3.905 Å (n = ∞). Figure 1-4 shows the corresponding lattice constants of these phases and
the substrates used in this study, i.e. LSAT, SrTiO3, DyScO3, and GdScO3. The low
vapor pressure of the constituents of these substrates and comparable thermal expansion
coefficients to the Srn+1TinO3n+1 phases makes them suitable for epitaxial growth. (001)
LSAT substrate (a = 3.866 Å at room temperature) has better lattice match to the lower n
members, while (001) SrTiO3 substrate (a = 3.905 Å at room temperature) has better
lattice match to the higher n members. (110) DyScO3 (a ~ 3.949 Å at room temperature)
and (110) GdScO3 (a ~ 3.97 Å at room temperature) substrates are chosen to introduce
biaxial tensile strain to the Srn+1TinO3n+1 films. The lattice mismatch of the whole series
of films to the substrates decreases monotonically with n; 1.8% for n = 1 and 1.1% for n
= 6 on DyScO3, and 2.3% for n = 1 and 1.6% for n = 6 on GdScO3. Since the driving
force for film relaxation increases with strain and film thickness, for effective strain
engineering, the film thickness needs to be thinner than its critical thickness to prevent
relaxation. The film thicknesses of the n = 1–6 phases on DyScO3 were approximately
500 Å, while 250 Å on GdScO3 to ensure a commensurate film under larger lattice
mismatch.
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1.5 Arrangement of Material
This dissertation primarily presents the synthesis and characterizations of the
epitaxial Srn+1TinO3n+1 Ruddlesden-Popper homologous series. These phases are grown
on different substrates to study the effect of biaxial strain on the properties of these thin
films. Specifically, the chapter contents are ordered as follows:

Chapter 2. Optical band gap of the n = 1–5 and 10 members of the
Srn+1Ti nO3n+1 Ruddlesden-Popper phases
This chapter details the effect of dimensionality on the optical band gap of
SrTiO3, the end member of the Srn+1TinO3n+1 Ruddlesden-Popper homologous series.
Spectroscopic ellipsometry and cathodoluminescence measurements reveal these
Srn+1TinO3n+1 (n = 1–5 and 10) phases grown on LSAT to have indirect optical band gaps
with values that decrease monotonically from ~3.45 eV (n = 1) to ~3.2 eV (n = ∞) with
increasing n. Spectroscopic transmission measurements confirm the band gap values. The
measured optical band gaps are compared to first-principles calculations. The decrease in
band gaps with increasing finite n can be attributed to a reduction in confinement energy
as the states bracketing the gap reside in regions of connected octahedra that are
increasingly extended in a third dimension.

Chapter 3. Thermal conductivity of the n = 1–5 and 10 members of the
Srn+1Ti nO3n+1 Ruddlesden-Popper phases
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This chapter presents the experimental determination of the thermal conductivity
cross-plane to the superlattice layering in the Srn+1TinO3n+1 (n = 1–5 and 10) RuddlesdenPopper phases grown on LSAT. Time-domain thermoreflectance technique reveals that
the thermal conductivity of this homologous series has a minimum at n = 3 (~2.0 W m-1
K-1) at room temperature. The measured conductivities are compared to atomic-level
simulations. The crossover in thermal transport properties of these layered superlattices
can be attributed to a transition between coherent and incoherent thermal transport.

Chapter 4. Emergence of ferroelectricity and dielectric properties of the
strained Srn+1Ti nO3n+1 (n = 1–6) Ruddlesden-Popper phases
This chapter describes the experimental realization of the emergence of a
ferroelectric ground state in biaxially strained Srn+1TinO3n+1 phases on (110) DyScO3 and
(110) GdScO3 substrates. For films grown on DyScO3, DFT predicts a spontaneous
polarization for n ≥ 3 and which is in agreement with experimental findings. Analysis of
the Ruddlesden-Popper layering on the n = 6/DyScO3 sample is performed on bright-field
STEM images. Due to regions with missing Sr-O double layers observed in the images,
the spacing between double SrO layers has an effective n = 12, 18 and 24 layering. All
layers are multiples of 6 as concluded in a histogram. Dielectric properties of the thinfilm samples were measured over the frequency range 100 kHz–125 GHz with a
broadband, on-wafer technique. The n = 6/DyScO3 sample shows dielectric tunability
around 20% with an exceptionally high figure of merit at room temperature (~50 at 10
GHz and ~100 at 5 GHz) that rivals all known tunable microwave dielectrics.
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Chapter 5. Dielectric properties and soft mode behavior of stoichiometric
SrTiO3 thin film on DyScO 3
The primary objective of this chapter is to present the effect of stoichiometry on
the dielectric properties and soft mode behavior in strained epitaxial Sr1+xTiO3+δ (–0.05 <
x < 0.05) films grown on DyScO3 substrates. Direct comparisons between stoichiometric
and non-stoichiometric films are performed through lattice parameters, x-ray diffraction
rocking curves, temperature-dependent permittivities, and terahertz dielectric spectra. We
conclude that defects induced by a small error in the stoichiometry are likely responsible
for the lack of repeatability in the dielectric behavior of thin films of SrTiO3 as well as
many other perovskites and for the inferior dielectric properties of thin complex oxide
films when compared to equivalent bulk crystals.
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Chapter 2
Optical band gap of the n = 1–5 and 10 members of the
Srn+1TinO3n+1 Ruddlesden-Popper phases
The contents of this chapter consist of a journal article prepared for submission:
“Effect of reduced dimensionality on the optical band gap of SrTiO3,” Che-Hui Lee,
Nicolas J. Podraza, Ye Zhu, Robert F. Berger, Shaoping Shen, Michelle Sestak, Robert
W. Collins, Lena F. Kourkoutis, Julia A. Mundy, Huiqiong Wang, Xiaoxing Xi, Leonard
J. Brillson, Jeffery B. Neaton, David A. Muller, and Darrell G. Schlom.
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With the increasing demand for sustainable green energy, tuning the band gap of
photovoltaic and photocatalytic materials has become of tremendous importance.
Improved fundamental understanding of the effect of systematic structural modifications
on the band gap and related optical and electrical properties of common structures can
lead to the discovery of routes that tune electronic structure in desirable ways. In this
study we tune SrTiO3—a compound with attributes including incipient ferroelectricity,
high dielectric constant, superconductivity, and robust photocatalysis—via dimensional
confinement by periodically introducing one extra SrO monolayer every n SrTiO3 layers.
The result is the creation of the n = 1–5 and 10 members of the (SrTiO3)n(SrO) or
equivalently Srn+1TinO3n+1 Ruddlesden-Popper homologous series. These artificial
superlattices have the largest unit cells of any Ruddlesden-Popper phases ever made.
Spectroscopic ellipsometry, spectroscopic transmission, and cathodoluminescence
measurements reveal these Srn+1TinO3n+1 phases to have indirect optical band gaps with
values that decrease monotonically with increasing n. The measured optical band gaps
are compared to first-principles calculations, which also suggest that a reduction in
confinement energy as connected TiO6 octahedra increasingly extend in a third
dimension is responsible for the decrease in band gaps with increasing finite n.
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Understanding and tailoring the band gap of a material is a longstanding research
challenge relevant to optoelectronic applications including solar cells and photocatalysts.
For example, the ability to tune the band gap of a photovoltaic material is critical for
developing high efficiency solar cells, where the material is optimized to convert the
solar spectrum into electrical energy.1 In addition, the width of the band gap as well as
the alignment of the conduction and valance bands affects the ability of a material to split
water photocatalytically. 2 , 3 Chemical substitution 4 – 8 and biaxial strain 9 – 11 have been
reported to effectively modify the optical band gap of semiconductors and functional
oxides. Here we study the effect of dimensionality on the optical band gap of SrTiO3.
This work provides insights on tuning the band gap of an important class of oxide
materials, perovskites, through systematic changes to crystal structure.
SrTiO3 is the most widely studied perovskite oxide with a rich variety of
properties including superconductivity,12 a large and tunable dielectric constant,13 the
ability to photocatalyze water splitting,14 and the highest electron mobility of any oxide in
bulk form.15 With its simple cubic structure and incredible variety of properties, SrTiO3 is
very much the hydrogen atom of perovskites.
SrTiO3 can be modified through the periodic insertion of SrO planes to generate a
structurally related homologous series with chemical formula (SrTiO3)nSrO (or
equivalently Srn+1TinO3n+1) consisting of n monolayers of perovskite SrTiO3 alternating
with a single additional layer of rock-salt SrO along the c-axis (Figure 1a). As SrO layers
are inserted into SrTiO3 its dimensionality is systematically reduced from SrTiO3, the n =
∞ member of this series in which the corner-sharing TiO6 octahedra are connected in
three dimensions, to the two-dimensional version Sr2TiO4 (n = 1) in which TiO6
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octahedra are connected as isolated sheets. The Sr3Ti2O7 (n = 2)16 and Sr4Ti3O10 (n = 3)17
phases have been reported as promising photocatalysts for water splitting.
The ability to modify ABO3 perovskite structures by inserting AO rock-salt layers
to make An+1BnO3n+1 phases, the Ruddlesden-Popper homologous series,18–20 is known to
occur in many perovskite systems and such structures are home to many hightemperature superconductors21 and colossal magnetoresistance oxides.22 The ability to
introduce rock-salt layers into a perovskite and alter its dimensionality offers the
opportunity to systematically investigate the effect of structural perturbations on
properties. Here we apply such tailoring at the atomic layer level to study the evolution of
the band gap of Srn+1TinO3n+1 phases.
Each unit cell of known Srn+1TinO3n+1 Ruddlesden-Popper phases contains two
formula units and has tetragonal symmetry with space group I4/mmm.18,20 The growth of
phase-pure Srn+1TinO3n+1 samples in bulk form is limited by thermodynamics to low n (n
≤ 3) and n = ∞ (SrTiO3). Simulations23–25 have found that Srn+1TinO3n+1 phases with finite
n become less stable with increasing n, and a limit of stability at n = 3 has been
predicted.14 In agreement with these calculations, conventional solid-state techniques
have been only able to make polycrystalline n = 1–3 samples.18,20,26 Attempts to make
samples with higher, but finite, n result in samples with disordered syntactic
intergrowths.27–29 These intergrowths have prevented the investigation of the physical
properties of Srn+1TinO3n+1 phases with 3 < n < ∞ on bulk samples. To overcome this
issue, Srn+1TinO3n+1 epitaxial films have been synthesized by reactive molecular-beam
epitaxy30–32(MBE) and pulsed-laser deposition.33–36 These techniques have enabled the

23

preparation of single crystalline films of Srn+1TinO3n+1 phases with n up to 5 and
investigation of their dielectric constant as a function of direction.30,32
In this study, we synthesize not only the first five Srn+1TinO3n+1 phases, but also
the n = 10 member. The complex dielectric function spectra and optical band gaps of the
complete series are measured by spectroscopic ellipsometry and compared to firstprinciples density functional theory. Band gap values are confirmed by the analysis of
spectroscopic transmission measurements.
As in prior studies,30–32 ~500 Å thick Srn+1TinO3n+1 (n = 1–5, 10) films were
grown onto well-oriented (001) (LaAlO3)0.29(SrAl0.5Ta0.5O3)0.71 (LSAT) substrates in a
Veeco 930 MBE system at a substrate temperature of 750 °C. An oxidant background
pressure (O2 + ~10% O3) of 3×10-7 Torr was held during the growth. Strontium and
titanium molecular beams with fluxes of ~3×1013 atoms/cm2·s were generated using a
low-temperature effusion cell and a Ti-BallTM,37 respectively. The (001) LSAT surface
consists of a square mesh with a lattice spacing of ~ 3.87 Å at room temperature,38 which
is slightly smaller than the a-axis spacing of the entire Srn+1TinO3n+1 (n = 1–5, 10) series.
The lattice mismatch to (001) LSAT increases monotonically with n, e.g., about 0.3% for
n = 1 and about 0.9% for n = 10.18,20,26,29
Monolayer doses of strontium and titanium were alternately supplied to the
surface of the growing film utilizing computer-controlled MBE shutters to provide SrO
and TiO2 monolayers following the layered structure of the desired (001)-oriented
Srn+1TinO3n+1 phase. For the double-SrO layers in these structures, the strontium dose
was delivered for twice as long a time as the monolayer dose of SrO. The strontium and
titanium fluxes were first calibrated using a quartz crystal microbalance. The precise ratio
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of Sr:Ti incorporated into the growing film and the timing of the alternating monolayer
doses of SrO and TiO2 were determined by reflection high-energy electron diffraction
intensity oscillations.39 In order to grow phase-pure Ruddlesden-Popper phases, both the
stoichiometry and absolute monolayer doses cannot be off by more than about 1%. Films
grown outside this narrow composition window show clear evidence of intergrowths
when characterized by x-ray diffraction (XRD). These non-periodic stacking faults along
the c-axis direction result in broadening, shifting, and splitting of certain x-ray peaks in
2θ.40,41
The structural perfection of the entire Srn+1TinO3n+1 homologous series (n = 1–5,
10) was examined by XRD. Figure 1b and 1c shows the θ-2θ scans of 500 Å thick n = 1–
5, 10 films. Each sample shows all peaks corresponding to phase-pure Srn+1TinO3n+1 (n =
1–5, 10). Rocking curves confirmed the high structural perfection of the films (the n = 10
phase is shown in Figure 1d, and the n = 1–5 phases are shown in Supporting
Information); the full width at half maximum (FWHM) of these films is < 13 arc sec (<
0.004°), comparable to the rocking curve FWHM of the 002 peak of the LSAT substrates.
The c-axis lattice constants of the entire series determined by Nelson-Riley analysis42 are
12.60 ± 0.01 Å, 20.41 ± 0.02 Å, 28.24 ± 0.04 Å, 35.87 ± 0.02 Å, 43.81 ± 0.02 Å, and
82.95 ± 0.02 Å for the n = 1–5, 10 phases, respectively.
Figure 2 shows annular-dark-field scanning transmission electron microscope
(STEM) images taken from n = 1, 3, 5, and 10 films, using a 200 kV FEI Tecnai F20
SuperTWIN STEM. Titanium columns show lower intensity than strontium columns in
annular-dark-field STEM images. The structure of the films is in agreement with the
models for n = 1, 3, 5, and 10 Srn+1TinO3n+1 unit cells (on the left side). Defects such as
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vertically running SrO double layers, however, remain and cause the images to appear
patchy especially for n = 10 film, which is the most thermodynamically unfavorable of
this series.
The optical band gap of the entire Srn+1TinO3n+1 (n = 1–5, 10) series on LSAT
substrates was determined by ex situ spectroscopic ellipsometry and transmission
measurements at room temperature. Room temperature ellipsometric spectra (in Δ and ψ)
were collected at two angles of incidence, Θi = 55° and 70°, using a variable-angle
rotating-compensator multichannel spectroscopic ellipsometer43,44 over a spectral range
from 0.75 to 6.5 eV. Unpolarized transmission spectra were collected at normal incidence
over a spectral range from 1.5 to 5.0 eV. The complex dielectric function (ε = ε1 + iε2)
and microstructural parameters (bulk layer thickness and surface roughness) were
extracted using a least squares regression analysis and an unweighted error function45 to
fit the experimental ellipsometric spectra to scattering matrix based optical model of
coherent multiple reflections propagating in the semi-infinite LSAT substrate / bulk
Srn+1TinO3n+1 film / surface roughness / air ambient structure. Free parameters in the
model correspond to the bulk and surface roughnesses of the Srn+1TinO3n+1 film and a
parameterization of ε for the Srn+1TinO3n+1. The parameterization of ε for each
Srn+1TinO3n+1 film was represented by five Tauc-Lorentz oscillators 46 , 47 sharing a
common absorption onset and a constant additive term to ε1, represented by ε∞. The
optical properties of the surface roughness layer was represented by a Bruggeman
effective medium approximation48 consisting of a 0.5 bulk film / 0.5 void mixture.
An LSAT substrate was characterized using the same process to determine its
structure and reference optical properties. The LSAT substrates used in this study had
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approximately 16 Å of surface roughness determined in this manner, while that of the
films ranged from 23 to 53 Å with decreasing n. The surface roughness layer thickness
measured optically on the LSAT substrate may be due to a combination of roughness and
contaminants on the surface, as the inclusion of an interfacial layer between LSAT and
the Srn+1TinO3n+1 film in modeling the spectra of the substrate / film samples did not
significantly affect the fit. As the surface roughness of the films was sufficiently low that
variations in the void fraction and surface roughness become correlated, the void and
bulk material fractions were fixed at 0.5 in this layer.
After bulk film and surface roughnesses were obtained from the parameterized
model, numerical inversion was used to extract ε as a function of photon energy directly
from the experimental ellipsometric spectra. Similarly, these structural parameters, a
scattering matrix model using coherent interference effects and incoherent multiple
reflections within the finite-thickness LSAT substrate, and the measured thickness of the
LSAT substrates, which ranged from ~0.6–1.0 mm with variations due to polishing of the
back side of the sample, were used to extract the absorption coefficient, α, as a function
of photon energy directly from the experimental transmission spectra.
Figure 3a shows a comparison of ε across the Srn+1TinO3n+1 (n = 1–5, 10, ∞)
series. By comparing the sets of spectra, all films seem to share critical point features at
comparable energies above ~4.0 eV. Below 4.0 eV in the ε2 spectrum, however, it is
observed that the films exhibit increasing low energy absorption with increasing n, and
the small critical point feature in the vicinity of ~3.75 eV present for SrTiO3 is damped
for lower n.
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ε obtained from numerical inversion of the ellipsometric spectra is converted to
the absorption coefficient, α, as a function of photon energy. α1/2 and α2 obtained from
spectroscopic ellipsometry and transmission measurements are then plotted as functions
of photon energy (Figure 3b) and extrapolated using a linear relationship to α1/2 (α2) = 0
to identify the indirect (direct) band gap as has been previously used to identify the band
gap of SrTiO3.49,50 From the plot of α1/2 as a function of photon energy, it is observed that
there is a line with a high slope and an intercept ~3.5 eV.
There is significant noise and a loss of sensitivity below this intercept in the data
collected from ellipsometry. Artifacts in the transmission spectra potentially arise from
sampling different spots on the surface by each optical technique while analyzing using
the same optical model and structural parameters or potentially from changes in the
LSAT substrate arising from heating during film deposition. Thus, the band gap values
reported from this analysis may not be absolute, as a second line attributed to phonons
with lower slope extending to lower photon energies was not able to be adequately
quantified. The values reported here extrapolate the intercept of α1/2 = 0 using a range
from 100 < α < 40,000 1/cm, using a span of α intermediate to that adopted for SrTiO3 in
Refs. 49 and 50. At the very least these values represent the location of the absorption
edge as a function of n obtained in a self-consistent approach. All results from
spectroscopic ellipsometry follow similar behavior and the band gap determined from α1/2
= 0 decreases monotonically from 3.48 eV (n = 1) to 3.14 eV (n = ∞) with increasing n
(Figure 4, green). Results from spectroscopic transmittance also exhibit a decrease in
band gap from 3.51 eV (n = 1) to 3.30 eV (n = 10) (Figure 4, red).
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The band gaps determined by cathodoluminescence spectroscopy (CLS)51 on the
same sample set are in agreement with the values obtained from ellipsometry and
transmission spectra (Figure 4, orange). Extracting the CLS band gap required
systematically deconvolving the band edge emission from a large substrate defect
contribution. The LSAT substrate contributed the dominant signal to the spectrum. In
order to establish a precise band gap value, we subtracted this defect emission from the
total spectrum to establish a new baseline that yielded the band edge emission peak. The
experimental band gaps of the Srn+1TinO3n+1 (n = 1–5, 10) phases fall between the high
band gap SrO (n = 0) and SrTiO3 (n = ∞) end members of the series49,50,52 (experimental
details of CLS measurements are provided in Supporting Information).
In addition to the measured band gaps (left axis), Figure 4 also shows the
computed band gaps (right axis) of these Srn+1TinO3n+1 phases from first-principles
density functional theory (DFT) calculations within the local density approximation
(LDA). Kohn-Sham indirect band gaps were calculated as the difference between the
conduction band minimum (CBM, Γ point) and valence band maximum (VBM, R point
for SrTiO3 and X point for finite n). Separate axes are used because DFT-LDA
calculations significantly underestimate band gaps, a result of their neglecting manyelectron interactions.53,54 Nonetheless they can capture qualitative trends,55–57 as seen in
the analogous dependence of the measured and calculated band gaps in Figure 4 on n for
finite n. The decrease in band gaps with increasing finite n can be attributed to a
reduction in confinement energy as the states bracketing the band gap (nonbonding
combinations of Ti 3d orbitals in the case of the CBM, and antibonding O 2p orbitals in
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the case of the VBM) reside in regions of connected octahedra that are increasingly
extended in a third dimension.
In notable contrast to experiment, however, computed band gaps for 3 < n < ∞ are
smaller than that of SrTiO3 (n = ∞). It is not altogether surprising that this discontinuity is
seen in theory, but not experiment as the two band gaps are obtained in fundamentally
different ways. Our Kohn-Sham band gaps are simply differences between CBM and
VBM energies. The discontinuity at n = ∞ arises from a change in the spatial makeup of
the CBM—in short, because finite n structures have SrO bilayers while n = ∞ does not.
CBM states for large finite n consist mainly of Ti 3d orbitals confined to two-dimensional
layers on either side of the SrO bilayers, while SrTiO3 CBM states are fully threedimensional combinations of Ti 3d orbitals (further explanation for the band gap changes
due to dimensionality is provided in Supporting Information). Experiments, however,
obtain the band gap from an extrapolation of optical spectra near the absorption edge
onset. As n gets large, the contribution of SrO bilayers to the density of states vanishes,
leading the optical behavior (and the properties extracted from it, including band gap) to
approach that of n = ∞. For a quantitative comparison of theory to experiment, one must
calculate the full optical spectra of these compounds (including electron-hole
interactions) and extract the band gaps as they are taken in experiment. Such analysis will
be explored in future theoretical work.
C.-H.L., S.S., L.J.B., and L.F.K. were supported by the National Science
Foundation through the MRSEC program (Grant Nos. DMR-1120296, DMR-0820404,
and DMR 0820414). R.F.B. and J.B.N. were supported by the Office of Science, Office
of Basic Energy Sciences, of the U.S. Department of Energy through the Molecular
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Foundry (Contract No. DE-AC02-05CH11231). Y.Z. and L.J.B. were supported by the
Army Research Office (Award No. W911NF0910415H and W911NF-10-1-0220).
J.A.M., H.Q.W., D.A.M., and D.G.S. were supported by the Energy Materials Center at
Cornell (Award No. DE-SC0001086).
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Information

Available:

XRD

rocking

curves

of

the

Srn+1TinO3n+1 (n = 1–5) samples, experimental details of the cathodoluminescence
spectroscopy measurements, and further explanation for the band gap changes due to
dimensionality are available free of charge via the Internet at http://pubs.acs.org
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Figures

Fig. 2-1 (a) Schematic of the crystal structure of a unit cell of the n = 1–5, 10, and ∞
members of the Srn+1TinO3n+1 Ruddlesden-Popper homologous series. The arrows
indicate the additional layer of SrO. (b), (c) θ-2θ XRD scans of the epitaxial
Srn+1TinO3n+1 films grown on (001) LSAT (n = 1–5, 10). Substrates peaks are labeled
with a (*), and the plots are offset for clarity. (d) Superimposed XRD rocking curves of
the n = 10 film (0042 peak) and underlying LSAT substrate (002 peak).
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Fig. 2-2 Annular-dark-field STEM images of the epitaxial Ruddlesden-Popper films: (a)
n = 1 (Sr2TiO4), (b) n = 3 (Sr4Ti3O10), (c) n = 5 (Sr6Ti5O16), (d) n = 10 (Sr11Ti10O31) film
grown on LSAT. Unit cell models of the corresponding Ruddlesden-Popper phases are
placed on the left side of the images, which correspond to the yellow-rectangle
highlighted part in the images.
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Fig. 2-3 (a) Comparison of the complex dielectric function spectra (ε = ε1 + iε2) obtained
by numerical inversion for Srn+1TinO3n+1 (n = 1–5, 10, ∞) films on LSAT substrates. (b)
Plots of α1/2 and α2 as functions of photon energy for Sr2TiO4 (n = 1) prepared on LSAT.
The indirect band gap is found by fitting α1/2 to a line and noting where α1/2 = 0. The
direct gap is found by fitting α2 to a line and noting where α2 = 0.
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Fig. 2-4 Indirect band gap as a function of n in Srn+1TinO3n+1 (n=1–5, 10, ∞) films. Band
gap values determined experimentally [transmission (red), spectroscopic ellipsometry
(green), and cathodoluminescence spectroscopy (orange)], and by DFT-LDA calculations
(blue) are shown.
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Supporting Information for
Effect of Reduced Dimensionality on the Optical Band Gap of SrTiO 3
Fig. S2-1 Superimposed XRD rocking curves of selected film peaks of the
Srn+1TinO3n+1 phases and underlying LSAT 002 substrate peak: a, n = 1 (006 peak, blue).
b, n = 2 (0010 peak, light blue). c, n = 3 (0014 peak, green). d, n = 4 (0018 peak, orange).
e, n = 5 (0022 peak, red).
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Supporting Discussion 1.
Experimental details of cathodoluminescence spectroscopy measurements.

Cathodoluminescence was performed at a temperature of 80 K on all of the 50 nm
thick Srn+1TinO3n+1/LSAT samples. The band gaps at room temperature are 0.07 eV
lower. The acceleration voltage EB of the electron beam ranged from 1 to 3.5 keV. The
band gap values were determined from averages of EB =1, 1.5, and 2 keV spectra in order
to obtain sufficient signal and to avoid excitation of the LSAT substrate. A beam current
IB = 2 µA was used with a spot diameter d ~0.5 mm for EB = 1 keV; proportionally lower
beam currents were used at higher EB to maintain constant power, P = IBEB.
A representative spectrum from an n = 1 film is shown below. From this spectrum
a band gap of 3.51 eV was extracted.
2.1 eV 2.3 eV (both VO-related)

1000
~1.9 eV
(VSr-related)

2.9 eV (VO-related)

100

n = 1 @ 1 keV
3.51 eV (EG)

10

3.47 eV

1.5

2.0

2.5
3.0
Photon Energy (eV)

3.5

4.0

All observed features are attributable to Srn+1TinO3n+1 emissions rather than any
contributions from the LSAT substrate. The 2.1, 2.3, and 2.9 eV features dominate the
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spectrum, which is typical for SrTiO3 films and its variants grown under common
conditions; these peaks are believed to be due to oxygen vacancies.i Emissions at 1.8–1.9
eV are assigned to A-site vacancies based on studies of BaTiO3 and (Ba,Sr)TiO3.ii
The CL spectra of a bulk bare SrTiO3 substrate yields EG = 3.28 eV at T = 80 K,
in agreement with published values of the band gap of SrTiO3, 3.28 eV at liquid nitrogen
temperature.iii Therefore, there is no apparent “blue shift” in the CL spectra.
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Supporting Discussion 2.
Explanation for the band gap changes due to dimensionality.

(a) Surfaces of constant charge density, indicating the spatial makeup of the
electronic states at the valence band maxima of several Ruddlesden-Popper phases. As n
increases, these orbitals broaden in the z dimension, consistent with the fact that the band
gap narrows with increasing finite n. (b) Surfaces of constant charge density, indicating
the spatial makeup of the electronic states at the conduction band minima of two
Ruddlesden-Popper phases. For large finite n, this orbital lies in isolated two-dimensional
layers of vanishing contribution to the density of states. For SrTiO3, this orbital is fully
three-dimensional, explaining the computed discontinuity in the band gap at n = ∞ (which
is not present in experiment).
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Chapter 3
Thermal conductivity of the n = 1–5 and 10 members of the
Srn+1TinO3n+1 Ruddlesden-Popper phases
The contents of this chapter consist of a journal article prepared for submission:
“Cross-over thermal conductivity of the n=1–5 and 10 members of the Srn+1TinO3n+1
Ruddlesden-Popper superlattices,” Che-Hui Lee, Ye Zhu, Qingyun Mao, Julia A.
Mundy, David A. Muller, Xiaoxing Xi, David G. Cahill, Darrell G. Schlom, and Mark A.
Zurbuchen.
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A broad spectrum (n = 1–5 and 10) of the Srn+1TinO3n+1 superlattice structural
series has been grown in epitaxial thin film form by reactive molecular-beam epitaxy.
Thermal conductivity cross-plane to the superlattice layering is measured by time-domain
thermoreflectance at room temperature. Characterization by x-ray diffraction and crosssectional transmission electron microscopy confirm that these samples have a layered
Ruddlesden-Popper superlattice structure. The thermal conductivity of this homologous
series exhibits a minimum at n = 3 (~2.0 W m-1 K-1). The measured conductivities are
compared to atomic-level simulations. The crossover in thermal transport properties of
these layered superlattices can be attributed to a transition between coherent and
incoherent thermal transport.
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Materials with low thermal conductivity are of interest for a variety of potential
applications including thermal barrier coatings1,2 and thermoelectric devices.3–5 Reducing
the dimensionality of the material has been considered a promising approach to increase
the effectiveness of a thermoelectric material. As the dimensionality of a material is
decreased, the length scale becomes a new variable to control material properties through
quantum-confinement effects. Recently, a greatly improved figure-of-merit for
thermoelectric cooling and power conversion have been demonstrated in quantum well
systems.6,7 In addition, superlattices – materials with a high density of epitaxial internal
interfaces – should have significantly degraded thermal transport behavior, which
improves their performance as thermal barriers and as materials used in thermoelectric
devices.8,9
Several explanations have been proposed for the low thermal conductivity of
superlattice structures. In general, internal interfaces inhibit the flow of heat. Disorder at
grain boundaries or interfaces scatter the heat-carrying phonons, and differences in elastic
properties impede the transfer of vibrational energy across interfaces between dissimilar
materials.10 Theoretical calculations also reveal that the average phonon velocity
decreases with increasing superlattice period due to the increase amount of band
folding.11 Additionally, in a superlattice the energy required for Umklapp process, an
anharmonic scattering process, is reduced relative to the bulk because of a smaller
reciprocal-lattice vector.12 Experimentally, the thermal properties of synthetic
semiconductor superlattices GaAs–AlAs have been studied for their unique thermal
conductivity13,14 and phonon transport.15 In particular, the conductivity measured in the
in-plane direction decreases with reducing superlattice period13 and an even stronger
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reduction is found in the cross-plane direction (perpendicular to the layering).14 As an
analog system to the semiconductor superlattices, oxide superlattices also show high
potential for thermoelectric applications.16
It has been 30 years since the first calculation predicted that superlattices should
have a significantly reduced thermal conductivity compared to their bulk counterpart.17
With advances in thin film deposition and characterization technologies, it is now
possible not only to synthesize but also to examine customized hetero-structures with
sub-nanometer precision. In this work, we report an experimental study on the thermal
properties of a broad spectrum (n = 1–5 and 10) of Srn+1TinO3n+1 epitaxial films measured
by the time-domain thermoreflectance (TDTR) technique.3 The thermal conductivity of
this homologous series, as a function of n, shows a minimum at n = 3 and is compared to
a previous computational study.18 This transition can be attributed to a crossover between
coherent and incoherent thermal transport.11
Srn+1TinO3n+1 Ruddlesden-Popper (RP) phases have drawn extensive attention due
to their potential applications as tunable dielectrics19 and thermoelectric materials.20
Recently, an ultralow thermal conductivity (~0.4 W m-1 K-1) has been observed in
CsBiNb2O7,21 the n = 2 member of the structurally-related Dion-Jacobson homologous
series, A[A’n–1BnO3n+1]. This layered structure has NbO6 octahedra interleaved between
alternating BiO and Cs layers. Srn+1TinO3n+1 RP phases have similar structural features;
their general formula can also be written as SrO·nSrTiO3, illustrating how these natural
superlattices are composed of an alternate stacking of double layers of rock-salt SrO and
n layers of perovskite SrTiO3 along the c-axis. With decreasing n, the repeat distance
between inserted additional SrO layers decreases and the structure undergoes a transition
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from a two dimensional interfacial system to a three dimensional monolithic single
crystal. The investigation of this homologous series provides an opportunity to tailor the
thermal properties through changing dimensionality.
The synthesis of single-crystal RP phases previously was a challenging task.
Conventional solid-state reactions can only yield polycrystalline n = 1–3 members due to
the thermodynamic degeneracy of the higher-n phases of the series.22,23 Severe
intergrowth of mixed-n phases is generally found in attempts to make higher n members.
Here we use the precise layering ability of oxide molecular-beam epitaxy (MBE) to grow
not only the first five but also n = 10 Srn+1TinO3n+1 single-phase epitaxial films. Oxide
MBE can supply incident species in any desired sequence with submonolayer
composition control, and essentially arbitrary n values can be synthesized even though
nearby phases have similar formation energies.22-27
We used a Veeco 930 oxide MBE system to grow the Srn+1TinO3n+1 (n = 1–5, 10)
films. Molecular beams of strontium and titanium were generated using a lowtemperature effusion cell and a Ti-BallTM,28 respectively. The fluxes of both elements
were pre-calibrated using a quartz crystal microbalance. A more accurate flux calibration
was done by following the reflection high-energy electron diffraction (RHEED) intensity
oscillations.29 Judging from the change of maximum/minimum intensity and the shape of
oscillations, the shutter time needed for an absolute monolayer dose of each element is
precisely determined. To grow Srn+1TinO3n+1 phases, both the stoichiometry and each
monolayer absolute dose cannot be off by more than 1%. Each of the members in this
series has different sequences of SrO and TiO2 layers. We controlled the shutter ordering
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of strontium and titanium ions to match the layering sequence of the desired (001)oriented Srn+1TinO3n+1 phases.
All the films were ~500 Å thick and deposited onto well-oriented (±0.1°) (001)
(LaAlO3)0.29(SrAl0.5Ta0.5O3)0.71 (LSAT) substrates in an oxidant background pressure (O2
+ ~10% O3) of 3×10-7 Torr. The substrate temperature was held at a temperature from
750–780°C during growth. The (001) LSAT surface has a cubic lattice mesh with a =
3.869 Å at room temperature,30 which is slightly smaller than the a-axis spacing of the
entire Srn+1TinO3n+1 series. The lattice mismatch of the Srn+1TinO3n+1 (n = 1–5, 10) series
to (001) LSAT increases monotonically with n, about 0.3% for n = 1 and about 0.9% for
n = 10.
The structural perfection of the entire Srn+1TinO3n+1 homologous series was
examined by x-ray diffraction (XRD). Figure 1 shows θ-2θ scans of 500 Å thick n = 1–5,
10 films on (001) LSAT. Each sample shows all peaks corresponding to phase-pure
Srn+1TinO3n+1 (n = 1–5, 10). X-ray rocking curves confirmed the high structural perfection
of the films; the full width at half maximum (FWHM) of the n = 1–5, 10 films less than
13 arc sec (< 0.004°), comparable to the rocking curve FWHM of the 002 peak of the
LSAT substrates themselves (not shown). The c-axis lattice constants of each member of
the series, determined by Nelson-Riley analysis31, is 12.59 ± 0.01 Å, 20.41 ± 0.02 Å,
28.24 ± 0.04 Å, 35.87 ± 0.02 Å, 43.81 ± 0.02 Å, and 82.94 ± 0.02 Å for the n = 1, 2, 3, 4,
5, and 10 phases, respectively. These numbers are larger compared to those of our prior
films on (001) SrTiO3 substrates24 due to the compressive strain imposed by the LSAT
substrates.
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In addition to XRD, the microstructure of the films was investigated by scanning
transmission electron microscopy (STEM) in a 200 kV FEI Tecnai F20 SuperTWIN
STEM. TEM characterization is necessary to confirm the periodicity of superlattices with
large unit blocks such as the Srn+1TinO3n+1 phases.32 It is difficult to discern by XRD
alone intergrowths of multiple shorter-period members from large-period superlattices.
Figure 2 shows annular-dark-field STEM images of the n = 2, 5, and 10 samples taken
along the [100] zone axis of the LSAT substrate. Although the growth-direction (up in
the images) ordering is clearly visible in the images, we note the existence of a few
stacking faults and intergrowth regions, especially in the n = 10 sample. The small
fraction of intergrowths in these samples is not resolved in the θ-2θ scans and most likely
stems from slight monolayer-to-monolayer dosage variations during the growth.
Cross-plane thermal conductivity of the entire series of Srn+1TinO3n+1 (n = 1–5 and
10) films was measured by TDTR.33,34 It is a non-contact, pump-probe optical technique
that can be used for measuring thermal properties of materials on nanometer length
scales. In our implementation of TDTR, a thin aluminum layer was deposited on the
surface of the thin film and was pumped with short pulse of a 9.8 MHz laser beam. A
small fraction of energy from each pulse in the pump beam produced a sudden
temperature jump ~3 K near the surface of a sample. Decay of this near-surface
temperature was then examined by reflected energy of the pulses in the probe beam, i.e.
the temperature change of a sample was measured by its temperature-dependent
reflectance. The results of these time-resolved measurements were analyzed to return
cross-plane thermal conductivities. Analysis of data requires the heat capacities per unit
volume of the film layers and the substrate. In cases where no published data for the heat
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capacity of layers was available, we used the heat capacity of chemically and structurally
similar phases to analyze the data. The thermal conductivity of the substrate was either
taken from the literature, or was measured on blank single crystal substrates of the same
type. The sensitivity of the TDTR data to the heat capacity of many superlattice layers is
much smaller than the sensitivity to the thermal conductivity and any systematic errors
introduced by uncertainties in the heat capacity are smaller than the other uncertainties in
the experiment.
Figure 3 compares the thermal conductivities of the Srn+1TinO3n+1 phases acquired
from TDTR measurements at room temperature to the conductivities obtained from a
previous computational study.18 The MBE syntheses and the atomic-level simulations
were performed for six (n = 1–5 and 10) and nine (n = 1–6, 8, 10 and 12) members,
respectively, and reveal significant agreement in trends, minima, and magnitude of the
thermal conductivity across the series. The I particle regime shows an expected trend as
the conductivity decreases with the increasing density of thermal-resistant interfaces.
While the interface density continues to increase, the trend ceases suddenly in what we
term the II transition region around 0.5 nm-1, and a III wave regime manifests beyond 0.8
nm-1 where the conductivities begin to trend back upward. The minima on the curves are
at n = 3 and 5 for experimental and simulated results, respectively.
This behavior is directly analogous to the thermal conductivity minimum reported
for artificial superlattices. The minimum of the conductivity, as a function of layer
spacing, should also depend on the mean free path of the phonons and is therefore
temperature dependent.11 For Srn+1TinO3n+1 RP superlattices, the crossover in thermal
conductivity may be attributable to a transition between two different mechanisms of the
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thermal transport: coherent and incoherent transport. For small values of n, the embedded
boundaries between the layers are considered part of the crystal structure that strongly
affects the phonon states. The wave interference of the superlattice should be taken into
account in this coherent transport regime. When n is large, the perovskite layers
determine the phonon states and phonons experience scattering at the interfaces between
rock-salt SrO and perovskite SrTiO3 layers. Phonon excitations from scattering should be
treated as particles in this incoherent regime.
A similar trend with interface density was also observed in SrTiO3-BaTiO3
superlattice materials.35 Compared to the perovskite-on-perovskite system, the RP
superlattices have not only an atomic-mass variation, but also a structural variation
between superlattice layers. They are composed of layers of perovskite slabs interleaved
with rocksalt-type SrO layers. Structural changes from layer-to-layer are believed to
provide possible extra contributions to phonon scattering at the internal interfaces.
In this letter we summarized the experimental and theoretical thermal
conductivity cross-plane to the superlattice layering of Srn+1TinO3n+1 phases as a function
of interface density. A transition in conductivity is seen from a two-dimensional material
containing interfaces at large repetition period to a three-dimensional monolithic
anisotropic crystal at short repeat length. The discrepancy between the conductivity
minima obtained from MBE syntheses and simulations implies the phonon mean free
path in the synthesized films may be shorter than the calculations. Intergrowth and planar
faults in RP phases might serve as additional scattering centers and lower the effective
phonon mean free path. The investigation of this RP series provides an opportunity to
tailor the thermal properties through changing dimensionality, and the temperature
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dependent conductivity minimum allows further tuning toward better thermal insulator
behavior for a given temperature.
This work was supported by the Defense Advanced Research Projects Agency
(DARPA) and the U.S. Army Aviation and Missile Research, Development, and
Engineering Center (AMRDEC).36 Support of the UCLA Center for Functional
Engineered and Nano Achitechrtronics is acknowledged.
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Figures

Fig. 3-1 θ-2θ x-ray diffraction scans of the epitaxial Srn+1TinO3n+1 (n = 1–5, 10) films
grown on (001) LSAT. Substrates peaks are labeled with a (*), and the plots are offset for
clarity.
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Fig. 3-2 Annular-dark-field STEM images of the epitaxial Ruddlesden-Popper: (a) n =
2 (Sr3Ti2O7), (b) n = 5 (Sr6Ti5O16), (c) n = 10 (Sr11Ti10O31) films taken along the [100]
zone axis of the (001) LSAT substrate. In these images, Sr columns show higher intensity
than Ti. Crystal structure models of each Ruddlesden-Popper phase are adjacent to the
corresponding images. The yellow rectangles highlight the unit cell region in the images.
(d) Bright-field STEM image showing a large field of view of the n = 10 (Sr11Ti10O31)
film.
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Fig. 3-3 Summary of experimental and simulated cross-plane thermal conductivities of
the Ruddlesden-Popper Srn+1TinO3n+1 phases as a function of interface density. The error
bars of the experimental data taken at room temperature are the uncertainties propagated
from the various experimental parameters used to analyze the data. The simulation data
are adopted from a previous theoretical calculation at T = 1250 K, with error bars from
the statistical error in the determination of temperature.18
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Chapter 4
Emergence of ferroelectricity and dielectric properties of the
strained Srn+1TinO3n+1 (n = 1–6) Ruddlesden-Popper phases
The contents of this chapter consist of a journal article prepared for submission:
“Synthesis of defect-mitigating tunable dielectric materials with atomic-layer control,”
Che-Hui Lee, Turan Birol, Nathan D. Orloff, Ye Zhu, Julia A. Mundy, Veronica Goian,
Ryan Haislmaier, Eftihia Vlahos, Michael D. Biegalski, Margitta Bernhagen, Nicole A.
Benedek, Yongsam Kim, Joel D. Brock, Reinhard Uecker, Venkatraman Gopalan,
Stanislav Kamba, Xiaoxing Xi, David A. Muller, Ichiro Takeuchi, James C. Booth,
Craig J. Fennie, and Darrell G. Schlom.
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The miniaturization and integration of frequency-agile microwave circuits—
tunable filters, resonators, phase shifters and more—with microelectronics offers
tantalizing device possibilities, yet requires thin films whose dielectric constant at GHz
frequencies can be tuned by applying a quasi-static electric field1. Appropriate systems,
e.g., BaxSr1–xTiO3, have a paraelectric-to-ferroelectric transition just below ambient
temperature, providing high tunability1–3. Unfortunately such films suffer significant
losses arising from defects. Recognizing that progress is stymied by dielectric loss, we
start with a system with exceptionally low loss—Srn+1TinO3n+1 phases4,5—where in-plane
crystallographic shear 6 , 7 (SrO)2 faults provide an alternative to point defects for
accommodating non-stoichiometry8,9. Here, we report the experimental realization of the
emergence of a ferroelectric and highly tunable ground state in biaxially strained
Srn+1TinO3n+1 phases with n ≥ 3 at frequencies up to 40 GHz. With increasing n the
(SrO)2 faults are separated further than the ferroelectric coherence length perpendicular to
the in-plane polarization, enabling tunability with a figure of merit at room temperature
that rivals all known tunable microwave dielectrics3.
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Ferroelectric thin films with nonlinear dielectric response to a quasi-static electric
field have been widely pursued for tunable dielectric devices10–13. BaxSr1-xTiO3 (BST) is
the most commonly used material in tunable microwave devices due to its high tunability
(∆K/K, where K is the dielectric constant and ∆K is the change in dielectric constant
under the application of a quasi-static electric field) and composition dependent Curie
temperature, Tc1–3,14–16; however, the material suffers significant dielectric losses arising
from charged defects at application-relevant operating frequencies1,15, 17 . Motion of
charged defects in a time-dependent electromagnetic field, as well as local polar
nanoregions induced by structural imperfections and non-stoichiometry, bring additional
loss mechanisms to thin film based tunable dielectrics, where an elevated defect
concentration is expected compared to bulk materials1. There are several ways to deal
with the loss mechanisms in materials such as these. Tunable composite materials, where
high-K ferroelectrics and low-K dielectrics are mixed, have been shown to modify the
dielectric loss. Permittivity, tunability, and loss are strongly affected by the presence of
the passive component18. In addition, a small concentration of acceptor doping has been
identified to improve the loss. Dopants with charge less than 4+ substitute for Ti4+ and act
as electron acceptors. These acceptors prevent the reduction of Ti4+ to Ti3+ by
compensating the donor behavior of the oxygen vacancies. Correct amount of acceptor
dopants can effectively decrease dielectric losses10,11. Here we start with the Srn+1TinO3n+1
Ruddlesden-Popper phases, a low-loss host for tunable dielectrics, and focus on
improving its dielectric tunability.
For microwave applications, the desire to maximize dielectric tunability while
avoiding hysteretic behavior at working frequencies requires the candidate materials
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operate at the temperature slightly above the ferroelectric transition temperature (Tc).
SrTiO3, the end member of the Srn+1TinO3n+1 phases, is an ideal material for tunable
dielectrics at cryogenic temperatures due to its high tunability1,19,20. In order to increase
Tc, chemical substitution has been employed. The Tc of BST can be tuned from 0 K for
pure SrTiO3 to ~400K for pure BaTiO3, however, local structural and compositional
inhomogeneities in BST films can results in nonuniform strains and charged defects.
Nonuniform strains may be responsible for the broadening of the ferroelectric phase
transition 21 , and polar nanoregions coming from charged defects can dominate the
dielectric loss in the thin film. An alternative way to enhance Tc, and thus an optimum
tunability at the operating temperature, is to strain a film by utilizing lattice mismatch
between the substrate and the epitaxial film.
With judicious choice of substrates, enormous strains can be introduced in thin
films and the properties of thin films can be remarkably different than the intrinsic
properties of their unstrained bulk counterpart. Strain engineering has been used in
several cases to enhance ferroelectric properties. For instance, larger remanent
polarization and higher Tc have been found in conventional ferroelectric BaTiO322 and
relaxor ferroelectric lead lanthanum zirconate titanate23 thin films. Furthermore, first
principles calculations 24 and thermodynamic analysis 25 have suggested that external
strain can induce ferroelectricity in incipient ferroelectric SrTiO3. Room-temperature
ferroelectricity has been observed in the SrTiO3/DyScO3 system. The strained SrTiO3
exhibited large in-plane dielectric constant (K11 > 6000) and tunability (~80%) at room
temperature at 10 GHz, making this material a microwave varactor26. Unfortunately this
high tunability is accompanied by a huge dielectric loss (tanδ), resulting in the figure of
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merit (FOM) of the tunable dielectric19 (! !"#$ ) being low overall. With the success of
strain-induced ferroelectricity in SrTiO3 thin film and the structural similarity between
perovskite SrTiO3 and its relevant Ruddlesden-Popper phases, introducing ferroic
ordering in strained Srn+1TinO3n+1 could offer improved dielectric properties in these
SrTiO3 derivative phases.
In Srn+1TinO3n+1 homologous series, the positive integer n corresponds to the
number of perovskite SrTiO3 layers that are sandwiched between double SrO rock-salt
layers (Fig. 1a). Although the free standing Srn+1TinO3n+1 phases are centrosymmetric
with space group I4/mmm27,28, density functional theory (DFT) have been utilized to
predict the ferroelectric phase can be induced by tensile biaxial strain29. In Fig. 1b, the
ferroelectric soft mode frequencies of Ruddlesden-Popper structures, calculated from first
principles, are plotted for different strain values. (Details of the calculations and first
principles reasoning is provided in Ref. 29 and in the Supplementary Discussion 1.) It is
seen that for every strain value there is a critical nc such that the Ruddlesden-Popper
structures are ferroelectric for n ≥ nc. This nc can also be estimated from zero frequency
isosurface of the phonons of bulk SrTiO3 (Fig. 1c). The corresponding plot for unstrained
SrTiO3 has three perpendicular disks, two of which get larger with tensile biaxial strain.
Increasing disk radius signals a decreasing nc in the Ruddlesden-Poppers, and at a strain
value around ~1.6%, the disks extend from the zone center to the zone boundary and
hence to the next Brillouin zone29, effectively becoming infinite in size. In this limit the
nc is zero, and all the Ruddlesden-Poppers have a ferroelectric instability. DFT results
show that one can tune the critical thickness required for the emergence of ferroelectric
phase by changing the strain state. Also, the ferroelectric phase transition temperature and
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dielectric properties under a certain, fixed strain state can be tuned by the number of
SrTiO3 perovskite layers between the double SrO layers, i.e. n. For films grown on
DyScO3, DFT predicts a spontaneous polarization for n ≥ 3 (Fig. 1b). (The instability in n
= 2 is too weak to stabilize a polarization.)
Although the n = 1, 2, 3, and ∞ member of the series are the only ones that can be
synthesized in single phase form in the bulk, we used oxide molecular-beam epitaxy
(MBE) to grow a broad spectrum of single-phase epitaxial Srn+1TinO3n+1 (n = 1–6) films;
essentially arbitrary n values can be synthesized30–35 even though nearby phases have
similar formation energies36,37. By supplying incident species in an ordered sequence with
submonolayer composition control, we have been able to grow Srn+1TinO3n+1 films with n
as high as 10 in single phase form as demonstrated by the x-ray diffraction (XRD) and
transmission electron micrographs (TEM)35. (110) DyScO3 and (110) GdScO3 substrates38
were chosen to provide biaxial tensile strain to the Srn+1TinO3n+1 films. The lattice
mismatch of the whole series of films to the substrates decreases monotonically with n;
1.8% for n = 1 and 1.1% for n = 6 on DyScO3, and 2.3% for n = 1 and 1.6% for n = 6 on
GdScO3. The film thicknesses of the n = 1–6 phases on DyScO3 were approximately 500
Å, while 250 Å on GdScO3 to ensure a no strain relaxation.
θ-2θ scans of 500 Å thick n = 1–6 phases on DyScO3 and 250 Å thick n = 1–6
phases on GdScO3 are shown in Fig. 2a and S1 respectively. Each sample shows all the
peaks corresponding to single crystal phase-pure Srn+1TinO3n+1. The rocking curves
confirm films are commensurate to the substrates (Supplementary Fig. 2 and 3). The
clean θ-2θ scan of each Ruddlesden-Popper phase may imply perfect layer periodicity
along the out-of-plane direction in each sample; however, the bright field TEM image of
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the n = 6/DyScO3 sample (Fig. 2b) shows there are not only periodic horizontal double
SrO layers but also vertical SrO faults. A histogram analysis (Fig. 2c) of the layering
disorder reveals that 65% of the layers in the growth direction have the desired 6
perovskite layers. The remaining layers have spacings that are harmonics of n = 6, i.e.,
locally n = 12, 18, and 24 which are well lattice matched to the surrounding n = 6 matrix.
These harmonic n layer spacings and the vertically running Ruddlesden-Popper defect
layers likely form to accommodate local stoichiometry variations encountered during
growth. Atomic models of the n = 6 phase for accommodation of local non-stoichiometry
are provided in Fig. 2d-g.
The dielectric properties of the thin-film samples were measured over the
frequency range from 1 kHz–125 GHz with a broadband, on-wafer technique. We report
the temperature dependence of real part of the in-plane dielectric constant, K11(T), in the
low-frequency regime (from 10 kHz to 1 MHz) in Fig. 3a. The ferroelectricity in
Srn+1TinO3n+1/DyScO3 films emerges for n ≥ 3, indicated by the strong peak in the K11(T),
which is in agreement with the critical thickness argument predicted by DFT calculations
(Fig. 1b). The relationship between Tc and n is determined from K11(T) measurements on
multiple samples at each value of n (Fig. 3b). Tc of the Srn+1TinO3n+1 (n = 3–6, ∞) phases
on both DyScO3 and GdScO3 substrates systematically increases with n, and a higher Tc
is observed in the phases grown on GdScO3 due to larger biaxial tensile strain. Figure 3c
shows an increase in spontaneous polarization with n of the films deposited on DyScO3.
The ferroelectric hysteresis loops measured at 10 K is shown in the inset of Fig. 3c.
As the dielectric properties at room temperature are important for potential
applications, we examine the n = 6/DyScO3 sample in detail at 300 K. Figure 4a shows
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the real and imaginary parts of the broadband dielectric constant over the continuous
frequency range 1 kHz–125 GHz, demonstrating low losses and dispersionless response
over almost the entire radio-frequency and microwave range. The inset displays the loss
tangent of the same film on a linear frequency scale, indicating a small amount of loss
observable at the highest measurement frequencies. Figure 4b shows the tunability at
room temperature for the n = 6/DyScO3 sample, indicating approximately 20% film
tuning for a bias field of 50 kV/cm across the entire microwave range. Based on a model
for the frequency dependence of the loss (Supplementary Discussion 2), we fit this loss
tangent to a linear frequency dependence and calculate the film quality factor (Q =
1/tanδ), plotted in Fig. 4c. Also shown as solid symbols in Fig. 4c is the film Q calculated
by averaging the loss tangent data over a frequency window of width ~14.5 GHz. We
then determine the film FOM by multiplying the film Q by the relative tuning of 20%,
obtaining the result shown in red in Fig. 4c. For comparison, we also plot in Fig. 4c the
FOM for a BST film at room temperature39. Even though the FOM for the BST film is
measured at a higher bias field, the n = 6/DyScO3 sample shows significantly better FOM
over the entire microwave frequency range, achieving a value of ~ 50 at 10 GHz.
Further measurements of the broadband frequency-dependent dielectric constant
function for the n = 6/DyScO3 sample at variable temperatures allow us to conclude that
losses in this material are almost entirely due to polar nanoregions that have a finite
distribution of sizes (Supplementary Discussion 2). We find that for T > Tc this
distribution of polar regions rapidly collapses (Supplementary Fig. 6b), resulting in low
losses at temperatures close enough to Tc, where some tuning is retained. At room
temperature dielectric constant is completely described by phonon contributions
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(Supplementary Fig. 8a), i.e. no contribution of polar nanoregions was observed. These
results are consistent with a relatively homogenous, defect-free material without polar
nanoregions. The rapid decrease in the size of polar regions for T > Tc is likely due to the
lack of defects and/or the local nanostructure engineered into these materials, and should
be responsible for the exceptionally low dielectric loss and high FOM of the strained n =
6 film at microwave frequencies.
Desiring the combination of high tunability and low loss, we grew a series of
strained Srn+1TinO3n+1 (n = 1–6) films on DyScO3 and GdScO3 substrates. By straining
theses phases, we have induced the ferroic ordering in the films with n ≥ 3, which are the
first Ruddlesden-Popper phases (with finite n) shown to be ferroelectric. Since the strain
is actually decreasing with increasing series number n, it is clear that the biaxial strain is
not the only factor responsible for the ferroelectricity in the films. The thickness of the
perovskite layers also plays an important role. In addition, the nanoscale structure is the
key to control the loss in these highly polarizable materials at temperatures where
significant relative tuning can be obtained.
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Figures

Fig. 4-1 DFT calculations for the emergence of ferroic ordering in the
Srn+1TinO3n+1 Ruddlesden-Popper phases. (a) Schematic of the crystal structure of a unit
cell of the n = 1–6, and ∞ members of the Srn+1TinO3n+1 phases. Bulk perovskite SrTiO3
correspond to n = ∞. (b) In-plane polar soft mode frequency squared versus layering
number n. Strain values are given with respect to the lattice constant of SrTiO3. The lines
are fits to exponentials. (c) Zero frequency isosurface for phonons of SrTiO3 in the first
Brillouin Zone calculated from first principles. From left to right: cubic SrTiO3 under no
strain, 0.5%, 1.1%, and 1.6% tensile biaxial strain. Last two correspond to the substrates
DyScO3 and GdScO3 respectively, and the small anisotropy of the substrate surfaces are
taken into account in the calculations. Labels of the high symmetry points are provided
for the simple tetragonal cell: X and M points correspond to center of the edges and
corners of the squares in the bottom panels. (d) (001) cuts through the surfaces in part (c)
on the qz = 0 plane.
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Fig. 4-2 Structural characterization by XRD and TEM. (a) θ-2θ scans of the epitaxial
Srn+1TinO3n+1 (n = 1–6) films grown on DyScO3. Substrates peaks are labeled with a (*),
and the plots are offset for clarity. (b) Bright-field TEM image of the n = 6 phase grown
on DyScO3. (c) Histogram of the Ruddlesden-Popper layering. Due to the missing Sr-O
layers, approximately 35% of the film is found to have an ordering corresponding to a
multiple of n = 6. Atomic models of the n = 6 phase for local non-stoichiometry
accommodation in the case of: (d) stoichiometric, (e) stoichiometric equivalent, (f) Srpoor, (g) Sr-rich.
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Fig. 4-3 Srn+1TinO3n+1 phases strained in biaxial tension at +1.1% on DyScO3 is
ferroelectric when n ≥ 3. (a) Temperature dependence of real part of the in-plane
dielectric constant for n = 2–6 phases deposited on DyScO3 at 10 kHz, 100 kHz, and 1
MHz. (b) Tc as a function of n for the n = 3–6, and ∞ phases on DyScO3 and GdScO3. (c)
Remanent polarization as a function of n for the n = 2–6, and ∞ phases on DyScO3. Inset:
polarization versus electric field hysteresis loops for the n = 3–6, and ∞ phases on
DyScO3 measured at 10 K. Note: the bright-field TEM image and the θ-2θ rocking curve
XRD scans of the n = 6 sample in Fig. 3(a) are shown in Fig. 2(b) and Fig. S2(a),
respectively.
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Fig. 4-4 Tunable dielectric FOM of the n = 6/DyScO3 sample is approximately 50 at 10
GHz and 100 at 5 GHz. (a) Complex dielectric constant for the n = 6/DyScO3 sample at
room temperature on a log frequency scale. Red line indicates linear frequency complex
dielectric constant data from which loss tangent is computed. The inset shows the film
loss tangent on a linear frequency scale. (b) Tunability of the n = 6 sample at room
temperature for several different frequencies in the microwave range. The inset shows the
tunability as a function of frequency for several values of applied electric field bias. (c)
Room temperature Q (blue) and FOM (red) for the n = 6 sample at a bias field of 50
kV/cm, along with the room temperature FOM for a BST film at 300 kV/cm from Ref. 39
(green). FOM for the n = 6 sample assumes linear frequency dependence of loss tangent
and frequency-independent tuning of 20% at 50 kV/cm. Solid points are Q-values
averaged over a frequency range of 14.5 GHz.
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Supplementary Information
Synthesis of Defect-Mitigating Tunable Dielectric Materials with AtomicLayer Control
Fig. S4-1 θ-2θ x-ray diffraction scans of the epitaxial Srn+1TinO3n+1 (n = 1–6) films
grown on (110) GdScO3. Substrates peaks are labeled with a (*), and the plots are offset
for clarity.
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Fig. S4-2 Superimposed XRD rocking curves of selected film peak of the Srn+1TinO3n+1
phases and underlying DyScO3 220 substrate peak: (a) n = 6 (0026 peak, blue). (b) n = 5
(0022 peak, red). (c) n = 4 (0020 peak, orange). (d) n = 3 (0014 peak, green). (e) n = 2
(0010 peak, light blue). (f) n = 1 (006 peak, gray).
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Fig. S4-3 Superimposed XRD rocking curves of selected film peak of the Srn+1TinO3n+1
film and underlying GdScO3 220 substrate peak: (a) n = 6 (0026 peak, blue). (b) n = 5
(0022 peak, red). (c) n = 4 (0018 peak, orange). (d) n = 3 (0016 peak, green). (e) n = 2
(008 peak, light blue). (f) n = 1 (006 peak, gray).
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Fig. S4-4 Nonlinear optical second harmonic generation (SHG) temperature scans of
Srn+1TinO3n+1 (n = 2–6, ∞) films grown on (a) DyScO3 and (b) GdScO3 substrates. The
SHG signal for each temperature scan was normalized with the laser input power, where
the SHG signal axis for each scan shows normalized tick labels at 0 and 2 to compare the
signal strength between samples. The ferroelectric-paraelectric transition temperatures
measured by SHG were determined at the point where the SHG signal vanishes to zero
and are shown in c and d for DyScO3 and GdScO3, respectively.
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Supplementary Discussion 1.
First-principles density-functional calculations of strained Srn+1TinO3n+1
Ruddlesden-Popper phases.
In Fig. 1b, the ferroelectric soft mode frequencies of Ruddlesden-Popper
structures, calculated from first principles, are plotted for different strain values.
Calculations are done using the frozen phonons approach and Kohn-Sham DFT (details
are presented in Ref. 29). The ferroelectric instability, which is reflected as an imaginary
phonon frequency, emerges at a larger tensile strain for lower values of n. Emergence of
ferroelectricity in Srn+1TinO3n+1 Ruddlesden-Poppers can be understood by studying the
coherence properties of the soft mode in bulk perovskite SrTiO3.29 From first principles
calculations of SrTiO3, we found that there is a finite critical thickness in the direction
perpendicular to polarization, below which ferroelectricity is suppressed.29 At the
relatively modest strain values that SrTiO3 becomes ferroelectric, the low-n RuddlesdenPoppers remain paraelectric due to the fact that the perovskite slabs between the double
SrO layers are too thin; hence the coherence condition is not satisfied. The effect of
tensile strain is to decrease the critical thickness, which leads to ferroelectricity emerging
at lower n with increasing strain. This can also be seen in the phonon dispersions of
SrTiO3: Dispersion of a phonon mode arises from the coupling of ionic motions in
neighboring cells, so a dispersionless phonon mode signals the absence of any coupling.
If the branch stemming from the ferroelectric soft mode is dispersionless in a plane, there
is no coupling between the ionic displacements in neighboring cells in the same direction
in real space, and the critical thickness required for ferroelectricity is zero. In this limit, a
distortion confined to a single chain of atoms can decrease the energy, such as in
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BaTiO3.i In general, an estimation of the critical thickness can be made using the zero
frequency isosurface of the phonons (Fig. 1c), which is directly obtained from phonon
dispersions. For unstrained SrTiO3, the unstable wave vectors form three perpendicular
disks at the zone center. π times the reciprocal of the radius of these disks is a first order
approximation to the critical thickness.29 (Note that even though DFT predicts a
ferroelectric instability in unstrained SrTiO3, it is suppressed by quantum fluctuations,
therefore a quantum paraelectric behavior is observed instead.) Tensile biaxial strain
increases the radii of two of these disks which correspond to in-plane polarization. For
large enough strain, the disks have almost perfectly flat isosurfaces extend from zone
center to zone boundary, and hence to the next Brillouin zone: In this limit the effective
radii are infinite, the phonon branch is dispersionless, and the critical thickness vanishes.
(See Fig. 1c, from left to right)
In summary, DFT results show that one can tune the critical thickness required for
the emergence of ferroelectric phase by changing the strain state. Also, the ferroelectric
phase transition temperature and dielectric properties under a certain, fixed strain state
can be tuned by the number of SrTiO3 perovskite layers between the double SrO layers,
i.e. n. The calculations also indicated that Srn+1TinO3n+1 phases commensurately strained
to (110) DyScO3 should be ferroelectric for n ≥ 3 (Fig. 1b).29 (Even though n = 2 has an
instability, the energy gain of the ferroelectric phase is so little that the quantum
fluctuations of the nuclei is expected to suppress any ferroelectric order.29)
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Supplementary Discussion 2.
Determination of dielectric properties in microwave frequencies.
We obtained the broadband dielectric properties of thin film samples over the
frequency range 1 kHz–125 GHz from measurements of an ensemble of planar devices
patterned onto the film surface. For frequencies below approximately 100 MHz we
measured lumped-element interdigitated capacitors of different lengths with a
combination of an LCR meter (1 kHz–1 MHz) and an RF vector network analyzer (1–200
MHz), while for frequencies from 100 MHz–125 GHz we measured distributed coplanar
waveguide transmission lines using a variety of vector network analyzers. All patterned
devices were fabricated using 300 nm thick Ti/Au conductors deposited by electron beam
deposition, and measurements employed on-wafer error correction. Measurements
yielded complex admittance per unit length vs. frequency data, which were converted to
film permittivity by use of finite-element simulation of the different device crosssections. Measurements were obtained at variable temperature from 40 K–298 K by use
of a variable-temperature microwave probe station, and electric-field biased
measurements were obtained (for bias voltages up to 100 V over the frequency range
0.1–40 GHz) by use of external bias tees.
In addition to the low-frequency dielectric constant measured as a function of
temperature shown in Fig. 3a for different samples, and the tunable properties at room
temperature for n = 6/DyScO3 shown in Fig. 4, we also measured the frequency
dependent permittivity from 1 kHz–40 GHz at variable temperatures from 40 K–298 K,
with no electric field bias. Results of these measurements are shown for the real part of
the dielectric constant of the n = 6/DyScO3 sample in Figs. S5a and b for temperatures
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above and below the experimentally determined Tc, respectively. Based on the relaxorlike behavior observed in Fig. 3a, we fit the frequency-dependent complex permittivity at
fixed temperature T to the model of Lu et al.ii, which quantifies the contribution to the
permittivity of a collection of polar clusters that can have a distribution of sizes. This
approach assigns a relaxation time τ with dielectric increment Δε0 to each polar cluster,
and assumes an exponential distribution of polar clusters. The frequency-dependent
permittivity is then calculated from the following expression:
!

𝜀!∗ 𝜔 = 𝜀! + 𝑛∆𝜀! ∫!

! !!"
!!!"!! ! !

𝑑𝑥

(S1)

where ε∞ includes permittivity contributions at frequencies above the microwave range,
Δε0 is the dielectric increment of the polar clusters, τc is the cutoff relaxation time of the
smallest polar clusters, and x = kBT/E0 with kB being Boltzmann constant and E0 is an
activation energy that characterizes the width of the polar cluster distribution. A uniform
distribution is characterized by a small value for E0, while larger E0 values characterize
an increasingly larger distribution of cluster sizes. We fit the frequency-dependent
dielectric constant at fixed temperature T shown in Figs. S5a and b to the expression S1
with four adjustable parameters: ε∞, Δε0, τc, and E0. We initially fit the data at each
temperature allowing all four parameters to vary, and we find that adequate fits can be
obtained with a relatively narrow range of values for the relaxation time of the smallest
polar cluster τc (~1×10-13 sec) and high-frequency relative permittivity ε∞ (~400). We
then re-fit the data at all temperatures using constrained values for τc and ε∞, allowing just
Δε0 and E0 to vary, and obtain the fits shown in Figs. S5a and b. The resultant
temperature-dependent parameters Δε0(T) and E0(T) are shown in Figs. S6a and b. Note
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that the assumption of constant ε∞(T) is consistent with the relatively weak temperature
dependence observed in the infrared results.
The agreement between measured data and fits to Eq. S1 confirm the relaxational
dynamics of the dielectric response of these strained materials. The temperature
dependence of Δε0(T) represents the frequency-independent response of the static
permittivity and should be used to define the Tc of the material. The temperature
dependence of E0(T) quantifies the growth of the distribution of polar clusters in the
material, which peaks at the Tc and remains relatively large for temperatures below Tc.
This analysis clearly shows that losses in these materials are due to the distribution of
finite-sized polar clusters, and demonstrates that to obtain low-loss materials it is
necessary to control both the size and distribution of polar clusters. However, in general
maximum tuning is observed near the Tc of the material, which leads to competing
requirements for high tunability and low loss. Examination of Figs. S6a and b show that
for n = 6/DyScO3, E0 drops precipitously for T > Tc, resulting in low loss at room
temperature where some dielectric increment due to the ferroelectric phase transition still
remains. This rapid decrease in E0 for T > Tc is likely due to the lack of defects and/or the
local nanostructure engineered into these materials, and is the key to obtaining high
figure of merit at microwave frequencies.
E0 decreases below Tc because the distribution of polar-region size decreases in
ferroelectric phase. Polar nanoregions presented above Tc suddenly transform to
ferroelectric domains while cooling across Tc. The size of the domains is small, because
the film thickness is only 50 nm and the domains must follow the Kittel’s scaling law.iii If
we assume that the ferroelectric domain size is comparable to the film thickness, the
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domains are still one order of magnitude larger than polar nanoclusters in relaxor
ferroelectrics, which do not exceed 60 Å.iv

Fig. S4-5 Frequency dependence of real dielectric constant function for the n =
6/DyScO3 sample at variable temperatures, for (a) T > Tc, and (b) T < Tc. Solid lines
denote fits based on Eq. S1. Although only the real part of the complex dielectric
constant is shown, both real and imaginary parts are included in the fits.

Fig. S4-6 Temperature dependence of fit parameters for results shown in Fig. S5. The
value for the relaxation time of the smallest polar clusters is fixed at τ = 1×10-13 sec.
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Supplementary Discussion 3.
Determination of dielectric properties in THz and IR regions.
The infrared (IR) reflectance measurements under near-normal incidence of the
polarized light were performed using FTIR Bruker IFS 113v spectrometer equipped with
He-cooled (1.5 K) Si bolometer in temperature range between 10 and 300 K. The 50 nm
thick Sr7Ti6O19/DyScO3 sample and a bare DyScO3 substrate were measured in two
polarizations (E//[001] and E//[110] with respect to (110) DyScO3 substrate) in the same
conditions on cooling down to 10 K in an Optistat CF cryostat (Oxford Instruments). The
thick polyethylene windows used only permitted IR measurements up to 650 cm-1.
Dielectric response of the bare substrate was evaluated from fitting the IR
reflectivity spectra
𝑅 𝜔 =

𝜀 ∗ (𝜔) − 1

!

𝜀 ∗ (𝜔) + 1

with the factorized form of the relative complex permittivity
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, where ωTOj and ωLOj are the frequencies of the j-th transverse optic (TO) and
longitudinal optic (LO) polar mode, respectively, γTOj and γLOj are their damping
constants and ε∞ is high-frequency (electronic) contribution to the permittivity.
The obtained parameters (ωTOj, ωLOj, γTOj, γLOj, and ε∞) were used to fit IR
reflectance spectra of the Sr7Ti6O19/DyScO3 sample as a two-slab system. We assumed
the dielectric function of the Sr7Ti6O19 film in the form of a sum of n independent

86

damped harmonic oscillators, which representing the in-plane polarized TO phonon
modes of the film, and can be written as
!
∗

𝜀 𝜔 = 𝜀! +
!!!

Δ𝜀! 𝜔!!"!
!
𝜔!"
− 𝜔 ! + 𝑖𝜔𝛾!"!
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, where Δεj is the dielectric strength of the j-th mode. Static relative permittivity ε’(0)
obtained from IR spectra is given by the sum of all phonon contributions and the highfrequency permittivity:
𝜀 ! 0 = ∑Δ𝜀! + 𝜀!
The IR reflectance spectra of the Sr7Ti6O19/DyScO3 sample are shown in Fig. S7a.
THz spectra taken below 275 K reveal a broad dielectric relaxation, which is the socalled central mode. This central mode was fitted using overdamped oscillator (γTO >

ωTO). From the fits of the spectra the complex relative dielectric permittivity spectra (Fig.
S7b) and the phonon parameters were obtained. Below 225 K, there appears a new polar
phonon near 125 cm-1 in the spectra (Fig. S8b) and simultaneously a peak in a static
dielectric constant arises (Fig. S8a). It gives the evidence about the change of the crystal
structure in polar clusters at 225 K, i.e. ~40 K above the dielectric constant peak
measured at 1 MHz (see Fig. 3a). We would like to stress that no central mode was
observed in room-temperature IR and THz spectra, and the low-frequency relative
dielectric permittivity corresponds exactly to the value obtained using microwave
spectroscopy. For that reason microwave dielectric losses are low and FOM is
exceptionally high.
We have measured other Srn+1TinO3n+1 (n = 1–5) strained thin films as well.
These data and the comparison with published IR spectra of bulk Srn+1TinO3n+1
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ceramicsv,vi will be the subject of a future publication. Nevertheless, we can briefly
summarize that the lowest frequency phonon (soft mode) always exhibits anomalies and
splits near Tc in strained Srn+1TinO3n+1 thin films, which explains incipient ferroelectric
behavior of Srn+1TinO3n+1 ceramics. In thin films the sum of phonon contributions to
permittivity near Tc is always lower than the experimental radio-frequency dielectric
constant. It gives evidence of crossover character of displacive to order-disorder
ferroelectric phase transitions in the Srn+1TinO3n+1 /DyScO3 (n ≥ 3) phases.

Fig. S4-7 (a) IR reflectance spectra of the Sr7Ti6O19/DyScO3 sample (E//[110]). (b)
Experimental complex THz dielectric spectra (dots) overlapped with the simultaneous fits
(lines) of IR and THz spectra.
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Fig. S4-8 (a) Temperature dependence of static relative permittivity of the
Sr7Ti6O19/DyScO3 sample: Grey hollow dots show solely phonon (soft mode)
contribution calculated from IR spectra. Blue curve shows contributions from both
phonon and polar nanoregion (central mode) calculated from IR and THz spectra. (b)
Temperature dependence of polar phonon frequencies and of the central mode. Central
mode was fitted using overdamped oscillator. The frequency corresponding to ω2CM/γCM
in the dielectric loss ε’’(ω) spectra [Fig. S7(b)] is plotted.
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Chapter 5
Dielectric properties and soft mode behavior of stoichiometric
SrTiO3 thin film on DyScO3
The contents of this chapter consist of a journal article prepared for submission:
“Effect of stoichiometry on dielectric properties and soft mode behavior in strained
epitaxial SrTiO3 thin films on DyScO3 substrates,” Che-Hui Lee, Volodymyr
Skoromets, Shiming Lei, Michael D. Biegalski, Xiaoxing Xi, Venkatraman Gopalan,
Xavier Martí, Stanislav Kamba, Petr Kužel, and Darrell G. Schlom.

91

Effect of stoichiometry on dielectric properties and soft mode behavior in
strained epitaxial SrTiO 3 thin films on DyScO 3 substrates
Che-Hui Lee,1,2 Volodymyr Skoromets,3 Shiming Lei,2 Michael D. Biegalski,4 Xiaoxing
Xi,5 Venkatraman Gopalan,2 Xavier Martí,3,6 Stanislav Kamba,3 Petr Kužel,3 and Darrell
G. Schlom1,7
1

Department of Materials Science and Engineering, Cornell University, Ithaca, New York

14853, USA
2

Department of Materials Science and Engineering, Pennsylvania State University,

University Park, Pennsylvania 16802, USA
3

Institute of Physics, ASCR, Na Slovance 2, 182 21 Prague 8, Czech Republic

4

Center for Nanophase Materials Sciences, Oak Ridge National Laboratory, Oak Ridge,

Tennessee 37831, USA
5

Department of Physics, Temple University, Philadelphia, Pennsylvania 19122, USA

6

Department of Physics, Faculty of Mathematics and Physics, Charles University,

Prague
7

Kavli Institute at Cornell for Nanoscale Science, Ithaca, New York 14853, USA

(Received

)

Electronic mail: schlom@cornell.edu

92

The effect of stoichiometry on the dielectric properties and soft mode behavior in
strained epitaxial Sr1+xTiO3+δ (–0.05 < x < 0.05) films grown on DyScO3 substrates is
reported. Direct comparisons between nominally stoichiometric and non-stoichiometric
films have been performed through lattice parameters, temperature-dependent
permittivities, second harmonic generation, and terahertz dielectric spectra. In contrast
with non-stoichiometric samples, the nominally stoichiometric film shows a dispersionfree low-frequency permittivity, a sharp permittivity maximum at the ferroelectric phase
transition temperature and pronounced soft mode behavior. Our results suggest that
strained stoichiometric SrTiO3 films do not show relaxor behavior and that relaxor
behavior emerges from defect dipoles that arise from non-stoichiometry in the highly
polarizable strained SrTiO3 matrix.
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Pure bulk SrTiO3 is a quantum paraelectric material at low temperatures where
zero-point motion of the titanium ions suppresses the ferroelectric transition,1 leading to
so-called incipient ferroelectric behavior.2 The static dielectric constant of single crystal
SrTiO3 is around 300 at room temperature and rapidly increases upon cooling, saturating
at near 24,000 at 4 K.1 This delicate quantum paraelectric state can be easily upset by
small perturbations such as impurity doping, 3,4 oxygen isotope substitution, 5 electric
field, 6 and mechanical stress. 7 Biaxial tensile strain has been used to induce roomtemperature ferroelectricity in SrTiO3 thin films,8 however, the dielectric constant and
loss of such strained films was found to depend on frequency in a way consistent with
them being relaxor ferroelectrics.9,10
Although relaxor behavior was unexpected, it was proposed that all SrTiO3 films
and bulk crystals are relaxor ferroelectrics.11 The origin of the relaxor behavior was
attributed to pre-existing polar nanoregions originating from unintentional strontium
deficiency in nominally stoichiometric samples.11 If this hypothesis is correct, precise
composition control is critical to obtain the intrinsic and desirable properties of SrTiO3 in
both bulk and thin film forms, e.g., high dielectric permittivity, low dielectric loss, low
leakage current, low fatigue, and dispersion-free permittivity.
In this Letter we investigate the effect of stoichiometry on the dielectric properties
and soft mode behavior of strained epitaxial Sr1+xTiO3+δ (–0.05 < x < 0.05) films. The
films are grown on DyScO3 substrates, the same system in which relaxor ferroelectricity
in the vicinity of room temperature was observed.8,9,10 Although precise stoichiometry is
difficult to measure in thin films, the dielectric properties were observed to change
noticeably in the vicinity of stoichiometric SrTiO3. Films that were measurably off
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stoichiometric (either strontium-rich or strontium-poor) showed relaxor ferroelectric
behavior. In contrast, a predominantly displacive ferroelectric phase transition (and what
we believe to be the intrinsic properties of strained SrTiO3) was observed in nominally
stoichiometric films, i.e., films with no detectable deviation from stoichiometric by our
measurement methods.
50 nm thick Sr1+xTiO3+δ films were grown on well-oriented (±0.1°) (110) DyScO3
substrates by codeposition from strontium, titanium, and O2 + ~10% O3 molecular beams
in a Veeco GEN10 oxide MBE system. The oxidant background pressure (O2 + ~10% O3)
was maintained at 5×10-7 Torr during and after growth until the sample cooled below
200°C to minimize oxygen vacancies. The substrate temperature as measured by an
optical pyrometer was held at 700°C during growth. Additional details on film growth
and in situ calibration are given in Supp. S1 of Ref. 12. The (110) DyScO3 substrate has
an average in-plane pseudocubic lattice constant of ~3.949 Å at room temperature,13
about 1% larger than SrTiO3. This allows for the growth of thin coherently strained
SrTiO3 films, in which the ferroelectric phase is stabilized by biaxial tensile strain and the
transition temperature is promoted to the vicinity of room temperature.8
The surface reconstruction of a strontium-rich surface is characterized by a halforder diffraction streak between the 00 and 10 spots of the zeroth order Laue zone along
SrTiO3 [110] azimuth, while a titanium-rich surface shows half-order streaks along the
[100] and [210] azimuths.14,15,16 Sr:Ti=1:1 fluxes were achieved by fine tuning the
strontium source temperature during the deposition of SrTiO3 until no surface
reconstructions were observed along the [100], [110] or [210] azimuths of the growing
SrTiO3 film. Regular and persistent RHEED intensity oscillations, which indicate

95

changes in surface step density,17 of the 10 spot along the [110] azimuth were observed.
The time needed for the growth of one unit cell of SrTiO3 was calculated from the period
of the oscillation and used for the growths that followed.
To grow SrTiO3 films as stoichiometric as possible, the strontium-rich and
titanium-rich half-order reconstruction features were monitored and compensated for
with intermittent closing of the Sr/Ti shutter when infrequent needed while the strontium
source temperature and Ti-BallTM, 18 current were held constant. Real-time RHEED
monitoring and infrequent selective flux interruption effectively controlled the cation
stoichiometry by compensating for the slow drift of the flux of each source and enabled
the growth of nominally, stoichiometric SrTiO3 films. For the off-stoichiometric samples,
the temperature of the strontium effusion cell was changed according to calibration
performed with a quartz crystal microbalance (QCM) prior to the growths to achieve the
desired atomic fluxes and no flux interruption was performed; the RHEED patterns
indicated that the films were off composition throughout film growth.
The film structure, including out-of-plane and in-plane lattice constants and
crystallinity, were examined by x-ray diffraction (XRD) using a high-resolution Philips
X’Pert Pro MRD diffractometer with a hybrid monochromator on the incident side and a
triple axis/rocking curve attachment on the diffracted side. The out-of-plane lattice
constants of the Sr1+xTiO3+δ (–0.05 < x < 0.15) films were calculated from the 00 film
peak positions in the θ-2θ scans and are plotted as a function of strontium content in Fig.
1. The nominally stoichiometric sample has the smallest out-of-plane spacing, 3.8802 ±
0.0003 Å. (The out-of-plane lattice constant of a commensurate SrTiO3 film on (110)
DyScO3 calculated using the elastic constants of bulk SrTiO3 is 3.8786 Å.) For non-
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stoichiometric films this value increases independent of whether the film is strontium or
titanium rich. This trend of lattice expansion is in agreement with previous findings for
homoepitaxial SrTiO3 films grown by MBE19 and illustrates that the out-of-plane lattice
constant can be used to establish that the SrTiO3 films are within about ±1% of
stoichiometric. The slightly larger out-of-plane lattice constant (3.8833 ± 0.0005 Å) of
SrTiO3/DyScO3 found by Biegalski et al.9 implies that the relaxor behavior reported in
Ref. 9 likely originated from a small (~3%) off-stoichiometry in the samples studied.
Slight non-stoichiometry would also explain the variation in the out-of-plane lattice
spacing observed in Ref. 20 for commensurate SrTiO3/DyScO3 films which also exhibited
relaxor behavior. The in-plane lattice constants and crystalline quality were also assessed
and are shown in Supp. Fig. S1 of Ref. 12.
Film composition of selected samples (solid symbols in Fig. 1) was verified by
Rutherford back-scattering spectrometry (RBS) and results confirm that all the films are
within experimental error (±5% for our RBS measurements) of the expected
compositions based on shutter time adjustments (see Supp. Fig. S2 of Ref. 12).
The dielectric properties of selected films were measured using Cr/Au
interdigitated electrodes deposited on top of the films. Dielectric permittivity and loss
tangent (tan δ), see Fig. 2, were measured over the temperature range of 10–350 K from 1
kHz to 1 MHz using an Agilent E4980A high precision LCR meter with a Lake Shore
332 temperature controller. The in-plane dielectric constant (K11) was calculated using a
partial capacitance approach.21 The peak value (K11,max) ~70,000 at 280 K of the x = 0
nominally stoichiometric sample is much higher than those of the x = –0.05 and x = 0.03
off-stoichiometric samples. In addition, the temperature of the permittivity maximum
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(Tmax) of the x = –0.05 and x = 0.03 samples are ~280 K and ~265 K, respectively, and
frequency dependent, while Tc of the x = 0 sample is ~280 K without frequency
dispersion. The paraelectric-to-ferroelectric transition temperature (Tc) of the nominally
stoichiometric sample is in agreement with the predicted transition temperature from
thermodynamic analysis.22
The ferroelectric transition in SrTiO3 is driven by the soft mode, the transverse
optical phonon with the lowest frequency. According to lattice dynamical theory and the
Lyddane-Sachs-Teller relation, the dielectric permittivity is inversely proportional to the
square of the soft mode frequency.23 Therefore the degraded permittivity in the offstoichiometric SrTiO3 sample could be attributed to the defect-sensitive soft mode
behavior in the film (discussed below). The structural disorder coming from the insertion
of extra SrO monolayers at random positions along {100} SrTiO3 planes (i.e.,
Ruddlesden-Popper defects) that shift and terminate continuous Ti–O–Ti chains between
TiO6 octahedra could be responsible for the lower observed K11,max and Tmax. The
structural relaxation in strontium-rich samples is also a reason for the lower Tmax.
The presence of frequency dispersion in the vicinity of K11(T) peak is a universal
signature of relaxor ferroelectrics. Compositional disorder and related random electric
fields are believed to cause the relaxor behavior of mixed ABO3 perovskite oxides such as
Pb(Mg1/3Nb2/3)O3 and La-doped PbZr1–xTixO3.24 Relaxor behavior can also be induced by
introducing impurities into an incipient ferroelectric (e.g., Ca-doped KTa1–xNbxO3,25 Caand Bi-doped SrTiO33,4) or into a ferroelectric (e.g., Ce-doped BaTiO326). Point defects
including impurity-oxygen vacancy clusters or anti-site defects can lead to the formation
of dipolar entities which polarize a small volume around them and form polar
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nanoregions.24 These polar nanoregions can be reduced in number by decreasing the
point defect concentration corresponding to more stoichiometric SrTiO3 films; such
improvement would lead to a flattening of the permittivity dispersion at low frequencies
(Fig. 2(b)).
It is worthy to note that the frequency dependence of tan δ behaves differently in
the films with x = –0.05 and x = 0.05 (Figs. 2(a) and 2(d)) than it does for the films with
x = 0 and x = 0.03 (Figs. 2(b) and 2(c)). For more stoichiometric films the maximum in
tan δ increases with increasing measurement frequency. This is typical of a broad
relaxation, which either slows down or broadens towards lower frequencies with
decreasing temperature.27 The opposite trend is observed for samples with x = –0.05 and
x = 0.05, i.e., for samples with a higher concentration of point defects. The observed
behavior may stem from the presence of a second very low-frequency relaxation peak,
which slows down over the measurement frequency range during cooling. Such
relaxation can be attributed to defects.
Second harmonic generation (SHG) signal as a function of temperature of
selected films (solid symbols in Fig. 1) were measured on cooling and heating (Fig. 3).
No SHG signal was observed from the bare DyScO3 substrate, and the SHG signal only
came from the Sr1+xTiO3+δ thin films. In order to make the comparison between different
samples on an equal basis, the incident laser power was kept constant. Table I
summarizes the Tmax measured at 1 kHz and the onset temperature of the SHG signal
(TSHG) measured on cooling and heating. While cooling through TSHG, polar nanoregions
start to nucleate and the center of symmetry breaks locally in the film. Such a behavior is
usually observed in relaxor materials at their Burns temperature,24 however; polar
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nanoregions have been also observed above Tc in ferroelectric BaTiO3 crystals.28 In this
sense it is not surprising that we observe TSHG > Tmax even for the stoichiometric sample.
To characterize the soft mode, optical transmission measurements were made in
the THz-frequency regime on two of the films (those with x = 0 and x = 0.03). The THz
measurements were performed using a custom made THz time-domain spectrometer.29
The in-plane complex dielectric response of the thin films was calculated32 from the
complex transmittance spectra measured in an optical cryostat or in a furnace.
The complex dielectric spectra of the stoichiometric film at several temperatures
are shown in Fig. 4. The dominant feature in the spectra is due to the ferroelectric soft
mode; its dramatic frequency variation with temperature is clearly seen. In addition, a
central mode23,30,31 seems to contribute to the spectra near the low-frequency edge of the
available data. Very similar behavior was reported in a variety of strained
SrTiO3/DyScO3 films and multilayers grown by pulse-laser deposition,32, 33 and it was
described by a model involving an oscillator (soft mode) coupled to a Debye relaxation
(central mode):

K11 (ω ) =

(

)

2
f (1 − iω / γ ) + g ω SM
− ω 2 − iωΓ + 2Δ f g

(ω

2
SM

2

)

− ω − iωΓ (1 − iω / γ ) − Δ2

+ K11∞ ,

(1)

where ωSM, Γ, and f are the soft mode eigenfrequency, damping, and oscillator strength,
respectively; γ is the relaxation frequency; g is the relaxation strength, which acquires
non-zero values only in the ferroelectric state; Δ is the coupling constant; and K11∞ is the
contribution to the permittivity by higher frequency excitations.
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This model has been previously applied to a number of strained SrTiO3/DyScO3
thin film samples over a broad temperature range and for bias fields up to ~80 kV/cm.32,33
In that work32,33 simultaneous fits of all the spectra at all temperatures for all samples was
performed (known f; temperature independent γ and Δ). The parameters in the model
were all found to acquire very similar values to those previously reported for SrTiO3
films and among the fit parameters the soft mode frequency was found to play the crucial
role in causing the temperature evolution of the spectra. The result of fitting the present
samples to this model results in the temperature behavior of ωSM in samples with x = 0
and x = 0.03 (shown in Fig. 4). The soft mode frequency of the stoichiometric film is
seen to decrease (soften) to much lower frequencies than in the non-stoichimetric one.
Therefore in this film we can naturally expect the largest contribution of the soft mode to
its permittivity. Indeed, this correlates well with the radio-frequency results obtained on
the same films. In addition, in the non-stoichiometric sample the soft mode is broader
(damping is larger) and this can be caused by defects in the non-stoichiometric film as
were discussed above. According to the mode softening picture the ferroelectric phase
transition occurs in the temperature range 290–300 K in the stoichiometric film and at
230–260 K in the sample with x = 0.03, again, the same trend as was observed in the
radio-frequency data. Secondary ion mass spectrometry (SIMS) measurements on the x =
0 and x = 0.03 samples (see Supp. Fig. S3 of Ref. 12) reveal that there is comparable
amount of dysprosium (Dy) and scandium (Sc) diffused from the substrate into the film,
i.e. the strength of random local electric fields stemmed from Sc’Ti defects proposed in
Ref. 9 should be comparable in these films. The origin of the different dielectric (Fig. 2),
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SHG (Fig. 3) and soft-mode (Fig. 4) behavior could be solely attributed to different
stoichiometry in these films.
Considering the difference of the soft mode temperature behavior in the
stoichiometric and non-stoichiometric sample we can conclude that the stoichiometric
film shows classical features of a displacive ferroelectric. Small deviation from the
stoichiometric formula is seen to result in a stiffened soft mode frequency and its weaker
temperature dependence. In other words, the soft mode frequency is a parameter that
provides us with a quite precise measure of the microscopic quality of the films.
Nevertheless, it should be stressed that the soft mode contribution to the permittivity
cannot completely account for the temperature dependence of the low-frequency
dielectric constant. For the stoichiometric sample the soft mode contribution to the
permittivity at the phase transition is about 7000, i.e., one order of magnitude smaller
than the permittivity obtained in the kHz–MHz frequency range. The central mode
contribution always dominates near Tmax, so the phase transition is displacive with
crossover to order-disorder type in the stoichiometric sample.
In conclusion, we have established the intrinsic dielectric properties of SrTiO3
commensurately strained to (110) DyScO3 using oxide MBE with meticulous control of
the film composition. The smallest out-of-plane lattice constant, dispersion-free lowfrequency permittivity, and a deep reduction of the soft mode frequency close to the
ferroelectric transition were found in this stoichiometric sample. We suggest that SrTiO3
films should not show relaxor behavior as long as defect concentrations are reduced by
precise composition control. Defects induced by a small error in the stoichiometry are
likely responsible for the lack of repeatability in the dielectric behavior of thin films of
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SrTiO3 as well as many other perovskites and for the inferior dielectric properties of thin
complex oxide films when compared to equivalent bulk crystals. This work highlights the
sensitive coupling of the dielectric properties and electrical phenomena in oxide
heterostructures with defects arising from non-stoichiometry.
The authors wish to thank P. Vaněk for his experimental help. The work at
Cornell was supported by the ARO (Grant No. W911NF-09-1-0415). A portion of
research was conducted at the Center for Nanophase Materials Sciences, which is
sponsored at Oak Ridge National Laboratory by the Scientific User Facilities Division,
Office of Basic Energy Sciences, U.S. Department of Energy. The work at Prague was
supported by the Czech Science Foundation (projects 202/12/1163 and 202/09/H041) and
by the Grant Agency of the Charles University (project SVV-2012-265303).
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Figures

Fig. 5-1 Out-of-plane lattice constants as a function of strontium excess in Sr1+xTiO3+δ
(–0.05 < x < 0.15) films grown on (110) DyScO3 substrates. Dashed lines indicate the
lattice spacing and stoichiometry of bulk SrTiO3. Both solid and open diamonds are data
points. The error bar of lattice constants is about the size of the symbols. Measurements
performed on selected samples (solid symbols) are shown in Figs. 2, 3, 4, S1, S2 and S3.
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Fig. 5-2 In-plane dielectric constant (curves in color) and tan δ (curves in black) as a
function of temperature of the Sr1+xTiO3+δ films grown on (110) DyScO3 substrates with:
(a) x = –0.05, (b) x = 0, (c) x = 0.03, and (d) x = 0.05. Arrows indicate the direction of
shift of the measured data with increasing measurement frequency in the sequence 1, 10,
100, and 1000 kHz.
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Fig. 5-3 Second harmonic generation (SHG) signal as a function of temperature of the
Sr1+xTiO3+δ films grown on (110) DyScO3 substrates with: (a) x = –0.05, (b) x = 0, (c) x =
0.03, and (d) x = 0.05. Red arrow indicates the heating process. Blue arrow indicates the
cooling process. All the SHG signal measurements were performed at the same laser
power intensity.
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Fig. 5-4 Real and imaginary parts of complex in-plane dielectric spectra of the
stoichiometric SrTiO3/DyScO3 film at several temperatures. Symbols represent measured
data; lines are fits by the model (1). Inset: soft mode frequency behavior with temperature
obtained from the fit to the samples with x = 0 and x = 0.03.
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Effect of stoichiometry on dielectric property and soft mode behavior in
strained epitaxial SrTiO 3 thin films on DyScO 3 substrates
S1. Additional details on film growth and in situ calibration
DyScO3 substrates were first ultrasonically cleaned in acetone, isopropanol, and
de-ionized water, followed by a surface treatment process including thermal annealing
and wet etching to obtain ScO2-terminated surface terraces with one unit cell step height.
Then the substrates were coated with a 200 nm thick platinum backing layer, which
served to improve thermal radiation absorption from the SiC heater during the growth.
Before loading into the growth chamber, substrates were further cleaned using UV ozone
cleaner. Molecular beams of strontium and titanium were generated from a lowtemperature effusion cell and a Ti-BallTM,i respectively. The co-deposition method was
adopted as it was reported to produces higher crystallinity and smoother heteroepitaxial
SrTiO3 films compared to a shuttered growth technique.ii The fluxes of strontium and
titanium sources were roughly set using a quartz crystal microbalance (QCM) and then
precisely tuned by a surface reconstruction approach. A codeposited homoepitaxial
SrTiO3 calibration sample was used before the growths to optimize the reflection highenergy electron diffraction (RHEED) patterns while the wafer was rotating.

S2. Crystalline quality and in-plane lattice constant examined by XRD
The rocking curves of the films selected for dielectric measurements and their
underlying substrates are overlaid in Fig. S1. The surface mesh of (110) DyScO3 is
rectangular with a = 3.951 ± 0.001 Å and b = 3.947 ± 0.001 Å at room temperature.iii
Rocking curves were measured along both the long-axis (with a = 3.951 Å at φ = 0°) and
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the short-axis (with b = 3.947 Å at φ = 90°) directions. The rocking curve full width at
half maximum (FWHM) of the 002 Sr1+xTiO3+δ peak ranges from 9 to 25 arc sec
(0.0025°–0.0070°) with different values along the two perpendicular in-plane axes of
each sample. These FWHM are much narrower than those of bulk SrTiO3 single crystals.
In addition to the anisotropic FWHM due to the substrates, the rocking curves also reflect
an anisotropic and stoichiometry dependent structural relaxation. For the titanium-rich (x
= –0.05) and the stoichiometric (x = 0) samples, the sharp rocking curves with identical
shape and FWHM to the substrate suggest the high crystalline quality of a commensurate
film. For the strontium-rich samples (x = 0.03 and 0.05), however, the combination of the
sharp peak and the diffuse scattering shoulder in the φ = 0° scan indicate that the film is
partially relaxed from the substrate, while maintaining a sharp peak of a coherent film
along the less strained direction (φ = 90°).
The in-plane lattice constant of the SrTiO3 films along the longer (φ = 0°) and
shorter (φ = 90°) substrate spacing directions was determined using the d spacings of
several off axis peaks and the out-of-plane lattice constants (Fig. S1). The error bars for
the in-plane lattice constant of the SrTiO3 films are ± 0.002 Å. Comparing to the in-plane
lattice constants of (110) DyScO3, the titanium-rich (x = –0.05) and the stoichiometric (x
= 0) samples are commensurate within experimental error along both perpendicular inplane directions. For the strontium-rich samples (x = 0.03 and 0.05), however, partial
structural relaxation occurs preferentially along the longer in-plane axis, where the film is
under higher strain. This is consistent with the observations in XRD rocking curves (Fig.
S1).
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Fig. S5-1 Rocking curves of the Sr1+xTiO3+δ films grown on (110) DyScO3 substrates
with (a) x = –0.05, (b) x = 0, (c) x = 0.03, and (d) x = 0.05. Scaled and overlaid 002
Sr1+xTiO3+δ and 220 DyScO3 peaks are shown along the two perpendicular in-plane axes
of the substrate: the longer axis at φ = 0° and the shorter axis at φ = 90°. The in-plane
lattice spacing of the SrTiO3 films determined along the longer (φ = 0°) and shorter (φ =
90°) substrate spacing directions are indicated on each panel.
113

Fig. S5-2 RBS measurements performed using He+ ions with energy of 2.275 MeV on
selected Sr1+xTiO3+δ films grown on (110) DyScO3 substrates. The plot shows
experimental spectra (black) overlaid with simulations of the x = –0.05 (green), x = 0
(red), x = 0.03 (blue), and x = 0.05 (orange) samples. The plots are offset for clarity.
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Fig. S5-3 SIMS analysis on selected Sr1+xTiO3+δ films grown on (110) DyScO3
substrates with (a) x = –0.05, (b) x = 0, (c) x = 0.03, and (d) x = 0.05, showing diffusion
of Dy and Sc from the substrate into the film. The regions of the film and substrate are
labeled on the graph and the region of the interface is highlighted.
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Chapter 6
Conclusions

Epitaxial Srn+1TinO3n+1 Ruddlesden-Popper superlattices were grown by reactive
MBE on (001) LSAT, (001) SrTiO3, (110) DyScO3, and (110) GdScO3 substrates to
study the properties and in particular the effect of biaxial strain of these thin films. By
closely monitoring RHEED intensity oscillations, the strict compositional control
required for the growth of Srn+1TinO3n+1 phases was achieved. The Sr:Ti ratio can be
precisely calibrated to within 1% of stoichiometry and exact monolayer doses of
SrO/TiO2 were sequentially deposited onto a substrate to create a Srn+1TinO3n+1
superlattice with arbitrary n (n as high as 10 has been achieved). XRD θ-2θ scans reveal
that each sample shows all superlattice peaks at the expected positions corresponding to
phase-pure single crystal Srn+1TinO3n+1. XRD rocking curves confirm the high structural
perfection of the films; the FWHM of the Srn+1TinO3n+1 films is < 23 arc sec (< 0.007°),
comparable to the rocking curve FWHM of the underlying substrates. Annular-dark-field
STEM images of selected films were taken along the [100] zone axis of the LSAT or
[100]p zone axis of the DyScO3 substrates, where the subscript p denotes pseudocubic
indices. Although the growth-direction ordering is clearly visible in the images, we note
the existence of a few stacking faults and intergrowth regions. The small fraction of
intergrowths in these samples is not resolved in the θ-2θ scans and most likely stems

from slight monolayer-to-monolayer dosage variations during the growth. Further
analysis of the Ruddlesden-Popper layering in the n = 6/DyScO3 sample was performed
on bright-field STEM images. Due to regions with missing Sr-O double layers,
approximately 35% of the crystal is found to have an ordering corresponding to a
multiple of n = 6, i.e. an effective n = 12, 18 and 24 as concluded in a histogram.
For the Srn+1TinO3n+1 phases deposited on LSAT (n = 1–5 and 10), spectroscopic
ellipsometry, optical transmission and cathodoluminescence measurements reveal
indirect optical band gaps with values that decrease monotonically from ~3.45 eV (n = 1)
to ~3.2 eV (n = ∞) with increasing n. From first-principles calculations, the decrease in
band gaps with increasing finite n can be attributed to a reduction in confinement energy
as the states bracketing the gap reside in regions of connected octahedra that are
increasingly extended in a third dimension. In addition, time-domain thermoreflectance
measurement reveals that the thermal conductivity of this homologous series has a
minimum at n = 3 (~2.0 W m-1 K-1) at room temperature. The measured conductivities are
compared to atomic-level simulations. The crossover in thermal transport properties of
these layered superlattices can be attributed to a transition between coherent and
incoherent thermal transport.
For the Srn+1TinO3n+1 phases deposited on DyScO3 and GdScO3 (n = 1–6),
ferroelectricity emerges when n ≥ 3 and higher transition temperatures were observed in
phases deposited on GdScO3, which are in agreement with DFT calculations. Dielectric
properties of these strained thin films were measured over the frequency range 100 kHz–
125 GHz with a broadband, on-wafer technique. The n = 6/DyScO3 sample shows
dielectric tunability around 20% with an exceptionally high figure of merit at room
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temperature (~50 at 10 GHz and ~100 at 5 GHz) that rivals all known tunable microwave
dielectrics.
Finally, with meticulous control of the film stoichiometry we establish the
intrinsic dielectric properties of SrTiO3 thin film commensurately strained to DyScO3. In
contrast to non-stoichiometric samples, the stoichiometric film shows the shortest out-ofplane lattice constant, narrow rocking curves, a dispersion-free low-frequency
permittivity, a sharp permittivity maximum at the ferroelectric phase transition
temperature, and a pronounced soft mode behavior. We conclude that defects induced by
a small error in the stoichiometry are likely responsible for the lack of repeatability in the
dielectric behavior of thin films of SrTiO3 as well as many other perovskites and for the
inferior dielectric properties of thin complex oxide films when compared to equivalent
bulk crystals.
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