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ABSTRACT
We have proposed a new class of composites that accesses different component
properties not through the use of distinct materials, but through the exploitation of the
microstructure-property relationship within a single material. That is, we seek to adapt
composite concepts to take advantage of the considerable variance in properties
associated with different microstructures. This new class of composites is called
microstructure composites. Microstructure composites are predominately single phase
ceramics that utilize multiple distinct microstructure features in the same composite to
obtain unique property combinations. Spatial control and composite connectivity of the
individual microstructure components of a microstructure composite are ultimately the
key to developing and controlling useful and unique properties. Microstructural features
can be controlled via the starting location and transport of the dopants, minority second
phases, and liquid phases that are used to manipulate microstructure development. This
work focuses on textured-equiaxed microstructure in the Al2O3 system. Texture is
obtained in situ using templated grain growth (TGG).
To control microstructure development locally during microstructure composite
fabrication, it is important to use relatively low levels of dopant to mitigate the effects of
dopant interdiffusion. Therefore, the development of texture in α-Al2O3 using TGG was
explored under low liquid-phase dopant concentration conditions. High temperature
dilatometry was performed to quantify the effect of template constraint on x-y plane
shirinkage and the extent to which this constraint could be mitigated as a function of the
dopant concentration. x-y plane shrinkage was observed to be increasingly constrained
with increasing template loadng and decreasing dopant concentration. Final x-y plane
shrinkage was greater for samples with 0.14 wt% dopant than for those without dopant,
despite have a much lower peak strain rate. It was concluded that densification was
impeded by the dopant at lower temperatures but enhanced significantly above 1450°C.
Texture is highly developed in samples with no dopant and 0.14 wt% dopant by 1550°C
and in samples with 2 wt% dopant by 1350°C.

iii
We proposed a new class of composites (called microstructure composites) that
accesses different component properties not through the use of distinct materials, but
rather through the exploitation of the microstructure-property relationship within a single
material. Microstructure composites, therefore, are single phase ceramics that combine
components with distinct microstructures within a single composite to obtain unique
property combinations. Spatial control and composite connectivity of the individual
microstructural ‘components’ of a microstructure composite are ultimately the key to
developing and controlling useful and unique properties. Microstructural components are
developed by controlling the starting location and transport of dopants during processing
and sintering. This work focuses on α-Al2O3 microstructure composites that combine
textured components, developed in situ using templated grain growth (TGG), and finegrained equiaxed components.
To control microstructure development locally during composite fabrication, it is
important to use relatively low levels of dopant to mitigate the effects of dopant
interdiffusion. Therefore, the development of texture in α-Al2O3 using low liquid-phase
dopant concentrations was explored, with a focus on the effect of template constraint on
texture plane shrinkage. High quality texture was obtained with just 0.14 wt% (SiO2 +
CaO) dopant. Textured Al2O3 exhibited transgranular fracture, as well as lower strength
and fracture toughness than the fine-grained equiaxed Al2O3.
A processing strategy using tape casting was developed for the fabrication of
textured-equiaxed Al2O3 microstructure composites with 2-2 connectivity. Dopants used
to promote TGG (SiO2 + CaO) were included in the templated tapes and dopants used to
prevent abnormal grain growth (MgO) were included in the non templated tapes, which
are subsequently stacked, laminated, and co-sintered. Appropriate dopant concentrations
and sintering conditions that enable the production of well-textured layers and finegrained equiaxed layers seperated by a sharp interface were identified. It was found that
densification and microstructure development within textured and equiaxed layers is
affected by changes in both differential sintering stress and dopant diffusion distance
associated with layer thickess and the volume percent of textured layers within the
composite.
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Significant crack deflection was observed during bend testing of composites with
porous textured layers (2-5 vol% porosity), resulting in highly non-catastrophic failure
(with W.O.F. up to 1 kJ/m2). Crack deflection, often millimeters in length, occurred
along the basal faces of templated grains within the textured. Textured layers that deflect
cracks (i.e. those with porosity) had significantly lower interfacial fracture energies than
textured layers that do not deflect cracks (i.e. those without porosity). It was determined
that crack deflection is a composite effect and the result of the combination of the
anisotropic fracture energy of textured Al2O3 and the residual compressive stresses
developed from thermal expansion mismatch. Other observed fracture phenomena
include multiple cracking / crack arrest and preliminary evidence of flaw tolerance.
Textured-equiaxed Al2O3 microstructure composites of additional connectivities,
(including 1-3, 0-3, and 3-3) were produced by screen printing and co-casting processes.
Template alignment during the screen printing process was demonstrated, allowing the
capability to print complex textured features. Co-casting was used to produce single
tapes with templated and non-templated segments. A variety of stacking strategies were
employed to generate various 1-3 and 3-3 composites (including cross-ply composites).
Observations during fracture testing of complex composites included non-catastrophic
failure without crack deflection and improved delamination resistance.
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Chapter 1
Introduction

1.1 Statement of Problem
Biological structures are an inspiration to many materials engineers, on account of
nature’s remarkable ability to produce highly complex, hierarchical structures that have
mechanical properties far exceeding those of the constituent materials 1. A prominently
cited example is that of nacre, or seashells, that possess exceedingly high fracture
toughness and strength, despite being composed of CaCO3 in a protein matrix 2. Bone,
comprised primarily of hydroxyapatite and collagen, has up to seven levels of structural
hierarchy and exhibits a combination of high stiffness, strength, and toughness 3. A
common thread that runs through many of nature’s most outstanding structural materials
is they are composed of a hard, stiff inorganic components (commonly carbonates,
silicates, and phosphates) in low modulus organic matrices. The arrangement of these
constituents into highly organized, complex structures provides access to desirable
mechanical performance by inducing combinations of plasticity, crack deflection, crack
bridging, and other toughening mechanisms, as well as the inherently low flaw
distribution. While the relative contributions of hierarchy/complexity and the actual
material combination used in the composite are not readily separated, it is clear that
hierarchy/complexity of the structure plays a significant role in the enhancement of
mechanical behavior over that of its constituent components.
Nature’s capability to produce such complex, low flaw structures hinges on its
ability to fabricate from the ‘ground-up’ via self-assembly and biomineralization
processes. These structures have inspired a whole field of researchers to attempt to
mimic biological materials synthesis processes 4. One particular advantage of biomimetic
processing is the ability to fabricate structures under ambient conditions, thus making the
process energy-efficient. This can also be considered a limitation, however, in that it
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limits the possible inorganic phases to those found in nature (e.g. those that can be
fabricated under ambient conditions). These materials (carbonates, silicates, and
phosphates) are usually less preferred for structural applications than oxides, carbides, or
nitrides.
Another field of research focuses on the mimicry of biological structures without
regard for the processing methodology, sometimes referred to as materials bionics 5.
Recently, Luz and Mano 6 reviewed the myriad of ways that researchers have sought to
mimic nacreous structures. Two of the most promising recently developed methods, by
Deville et al 7,8 and Munch et al 9, use freeze-casting approaches to make highly complex
pseudo-nacre structure with a high degree of flexibility in terms of structure, hierarchy,
and inorganic component materials. Clearly, one of the primary benefits of many of the
materials bionics approaches is that they allow access to composites with stronger,
tougher oxide/carbide/nitride inorganic components. Yet, the majority of materials
bionics research is highly faithful to its inspiration in that the purpose is to replicate and
exploit the inorganic/organic dynamic of biological structures. While great progress has
been made on this front, in terms of both complexity and mechanical response, we see a
unique opportunity to expand the concept of complex hierarchical structures to strictly
inorganic structures. This is particularly beneficial for high-temperature structural
applications for which polymer matrices are inappropriate. Therefore, this dissertation
will focus on the development and mechanical response of all-ceramic complex, bioinspired ceramic structures.
In general, the properties of ceramics are governed by a combination of intrinsic
crystallographic and extrinsic microstructural characteristics. Traditionally, these
properties have been accessed through the use of either single crystals or randomly
oriented polycrystalline materials. These constitute the opposite ends of a spectrum on
which anisotropic properties occupy one end and averaged, isotropic properties lie on the
other. In many cases, however, the applicability of such materials is limited. For
example, single crystals tend to lack the mechanical integrity of polycrystalline materials
and are often expensive and/or time-consuming to produce, while the isotropic nature of
randomly oriented polycrystals is simply not well-suited to applications that require
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property anisotropy or the unique (or enhanced) properties of a defined crystallographic
direction.
For years, researchers have sought to bridge the ends of the single crystal/random
polycrystal spectrum by introducing texture to polycrystals 10,11. Morphological texture
(i.e. alignment of anisomorphic grains) has been attained in metallic systems by inducing
plastic deformation through a variety of high shear techniques such as hot rolling, cold
rolling, and wire drawing. These techniques, however, are not applicable to less
compliant systems such as brittle ceramics; thus new approaches are needed. While
morphological texture in ceramics can be achieved by hot-pressing, higher quality results
in terms of property benefits are obtained in ceramics with crystallographic texture (i.e.
alignment of individual grain orientations). A recent innovation in the attainment of
crystallographic texture is the introduction of the templated grain growth (TGG) process
10

. TGG processing, which will be described in detail later, has been applied to a variety

of ceramic systems, both structural and functional. Crystallographically textured
microstructures provide access to property anisotropy approaching that of the single
crystal while retaining some of the mechanical integrity of the polycrystalline material.
Moreover, the attainment of morphological texture is also possible by TGG, depending
on the material system and method of template alignment. Morphological texture can
have a significant effect on mechanical properties, including higher toughness and
macroscopic crack deflection.
Besides texture, many ceramic properties are dependent upon other microstructure
features such as grain size, intergranular phases, and porosity. In non-cubic systems, for
example, primary grain size effects have been identified for properties such as fracture
toughness, compressive and tensile strength, hardness, wear resistance, dielectric loss,
optical scattering, and thermal shock resistance 12. The presence and crystallinity of grain
boundary phases can have a pronounced effect on electrical properties 13, fracture
behavior 14, and corrosion resistance 15. Porosity especially can have a dominating effect
on a wide range of mechanical, electrical, and optical properties. It is clear that the
accessible properties can be quite varied within a given material and that control of
microstructure development is crucial for the attainment of the desired property set. The
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development of materials constituting a large span of the aforementioned spectrum
allows for a more extensive exploitation of a material’s intrinsic properties. Yet a
material’s intrinsic properties do not represent the full capability of said material, as the
traditional composite literature shows us.
Unique sets of properties can be accessed in composites that are not necessarily
intrinsic to either constituent by tailoring the connectivity of the components 16.
Connectivity is defined as the number of dimensions in which each composite component
is self-connected. In two-component composites, for example, a 3-3 composite is one in
which both components are percolated and interpenetrating and fully connected in three
dimension, while a 2-2 composite is one in which both composites are only connected in
two dimensions, i.e. a laminate. Possible connectivities are shown in Fig. 1-1. The
dependence of properties on connectivity is especially pronounced in active properties
(i.e. electrical, magnetic, optical, etc). The classic example given by Newnham et al. is
that of a composite consisting of two non-pyroelectric phases 16. When combined in an
appropriate fashion, the composite exhibits pyroelectricity. In addition to accessing
unique properties, the existing properties can be enhanced. Perhaps the most common
example is the 1-3 piezoelectric composite transducer, which is used in medical
ultrasound imaging, sensors, transmitters, and underwater acoustics. As opposed to the
piezoelectric component alone, the composite can be tailored to combine a high thickness
mode electro-mechanical coupling factor with low acoustic impedance, mechanical
quality factor, and a higher composite dielectric, while allowing for frequency tuning.
Passive (i.e. mechanical) properties can also be greatly enhanced by combining different
mechanical properties in specific composite designs. Structural composites have been
made utilizing combinations of materials with high wear resistance and flaw tolerance,
high fracture toughness and low density, high and low modulus, etc. The combinations
are nearly endless and as such composites have been engineered to better suit a great deal
of structural applications.
Composite fabrication can present some challenges and limitations. In some
cases, the composite components are fabricated independently and combined ex situ.
This becomes increasingly challenging as components become increasingly small and
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complex. In other cases, the constituents are fabricated in situ with limited spatial or
crystallographic control. In situ fabrication presents significant hurdles related to both
thermal expansion mismatch and chemical stability. Thermal expansion mismatch can
result in significant residual stresses, which can lead to cracking or component
delamination. It is necessary that the individual components be chemically compatible to
avoid diffusion gradients and new phase nucleation at the interface between component.
It is clear that traditional composites present limitations on the range of materials and
properties that can be accessed.

Figure 1-1: The twelve possible composite connectivities for two-component composites.
From Newnham. . 16n}...
We propose a new class of composites that accesses different component
properties not through the use of distinct materials, but through the exploitation of the
microstructure-property relationship within a single material. That is, we seek to adapt
composite concepts to take advantage of the considerable variance in properties
associated with different microstructures. This new class of composites is called
microstructure composites. Microstructure composites are predominately single phase
ceramics that utilize multiple distinct microstructure features in the same composite to
obtain unique property combinations. The predominately single phase nature of
microstructure composites allows us to circumvent some of the processing difficulties
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inherent in the production of conventional multiphase composites. Thermal expansion
strain is limited to the thermal expansion anisotropy of the system, potentially resulting in
greatly reduced internal stresses. Additionally, chemical stability between components is
no longer an applicable concern. The development of complex, hierarchical
microstructure composites offers a new route to fully inorganic bio-inspired structures
and, thus, will allow access to properties (particularly mechanical properties) never
before observed in single phase materials.
One set of microstructure types have been chosen for this study in order to narrow
the vast scope of the microstructure composite concept. In composite form, the regions
of distinct microstructural characteristics will be referred to as microstructure
components. Composites fabricated for this study will be composed of textured
microstructure components and fine-grained equiaxed microstructure components. The
textured microstructure will be developed locally using TGG. During TGG process (as
summarized in Fig. 1-2) a subset of monocrystalline, anisotropic particles (e.g. platelets
and whiskers) is oriented during green body fabrication. Template orientation is
achieved during tape casting in Fig. 1-2. These commonly oriented particles serve as
templates for epitaxial nucleation of textured grains. The preferential growth of the
oriented grains into the non-oriented matrix results in a microstructure consisting
predominately of similarly oriented grains. Growth of templates into the matrix does not
occur until final stage sintering and, as a result, templates act as rigid inclusions during
sintering and inhibit densification locally (particularly along the long axis of templates).
Because the templates are aligned, there is considerable shrinkage anisotropy. Therefore,
a significant issue during fabrication to be addressed will be the development of stresses
from differential sintering during composite sintering and their effect on densification
and microstructure development.
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Green Forming and Template Alignment
Tapecast Direction

Shear Force

Matrix

Template Particles

High-Temperature Processing to Drive TGG Process
Template

Matrix

Increasing Heat Treatment

Figure 1-2: Schematic representing the templated grain growth process using tape casting
as the forming/alignment method. . 11n}..
Spatial control and composite connectivity of the individual microstructure
components of a microstructure composite are ultimately the key to developing and
controlling useful and unique properties. Microstructural features can be controlled via
the starting location and transport of the dopants, minority second phases, and liquid
phases that are used to manipulate microstructure development. The initial location of
these species is set during processing. Tape casting is a processing technique that is
particularly well-suited for the fabrication of composites with 2-2 connectivity
(sometimes referred to as laminar composites, or laminates). This approach, which will
constitute the bulk of this dissertation, is appropriate because (i) the chemistry of the
tapes is controlled during slurry formulation and tapes with distinct chemistries and wellcontrolled thicknesses can be stacked, laminated and co-sintered, and (ii) shear forces
during tape casting have been shown to align anisomorphic template particles in TGG
processing. As a result, highly reproducible multilayer composites can be fabricated in
order to study the processing and properties in a controlled manner. In addition, 2-2
composites are a well-established family of structural composite materials in which a
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variety of mechanisms for crack deflection, bifurcation, and arrest have been observed.
Such composites tend to exhibit highly beneficial non-catastrophic failure or flaw tolerant
behavior. Because it is possible to cast extremely thin tapes (< 1 µm), the starting
location of microstructure development controlling dopants can be finely tuned, allowing
great flexibility in composite design.
Other ceramic processing techniques will be used to demonstrate additional
composite connectivities such as screen printing (0-3 connectivity) and recently
developed co-casting techniques (1-3, 3-3 connectivity). Note that these processes are
not limited to the provided example connectivities. For example screen printing
technology (and similar, but more advanced techniques such as ink-jet printing and robocasting) is particularly well suited for the design of complex composites of any desired
connectivity. The extension of concepts developed in this dissertation will be able to be
readily applied to more advanced processing techniques capable of producing complex,
hierarchical structures.
Finally, it is important to choose a model system that has (i) extensive scientific
literature regarding microstructure development from which to draw, and (ii) useful and
sufficiently anisotropic property sets that warrant further exploitation. The most
extensively studied ceramic, particularly with respect to microstructure development and
templated grain growth, is α-Al2O3 (alumina). Information has been published
concerning diffusion coefficients, rate-controlling mechanisms, growth morphology and
kinetics, dopant effects (including co-doping), templated grain growth, etc. This
knowledge provides a suitable base atop which methods for spatial control of
microstructure and texture can be developed. Alumina is also a highly useful material,
owing to its thermal, mechanical, optical, and chemical resistance properties.

1.2 Scientific Approach
The objective of this thesis is to develop the concept of microstructure composites
and describe the processing issues inherent to their fabrication with the goal of providing
a framework from which subsequent researchers may develop composites of alternative
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materials, microstructures, connectivities, and complexities. This work focuses on a
system and set of microstructures that can be readily produced from the extensive
literature so that the focus remains on compositing issues such as local microstructure
control, differential sintering, and architectural effects. Some of the areas that will be
addressed for the fabrication of textured-equiaxed alumina microstructure composite
include:
•

The effect of dopant concentration on the development of texture in templated
alumina, particularly in the low-dopant regime

•

Local control of microstructure development during co-sintering of composites
with templated and non-templated layers containing different dopants

•

The effect of differential sintering stress on the sintering behavior of both the
textured and equiaxed sections

•

The effect of composite architecture (i.e. layer thickness and relative volume
ratio) on microstructure and texture development.

•

The application of a novel co-casting technology to the development of bioinspired complex, hierarchical structures

The issues that will be addressed in the mechanical behavior of textured
monoliths and textured-equiaxed composites include:
•

The effect of texturing on the fracture behavior of monolithic alumina

•

Development of biaxial residual stress profiles in single phase laminate structures
based on the difference in thermal expansion between isotropic and textured
alumina

•

The effect of microstructure on the fracture energy anisotropy of textured alumina

•

Determination of crack deflection criteria based on the combination of residual
stress and anisotropic fracture energy

•

The effect of composite architecture, including layer thickness and complexity on
fracture behavior
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1.3 Organization of Thesis
Chapter 2 is a comprehensive study of texture development by TGG in lowdopant alumina. Dopant levels far below those used in previous studies are necessary to
control local microstructure development during composite sintering in later chapters.
The anisotropic shrinkage behavior, microstructure development, and densification of
templated alumina with varying dopant concentration and template loading are examined.
As confirmed by rocking curve texture analysis, very high quality texture is achieved.
Strength and fracture toughness are measured and discussed in terms of microstructure,
fracture path, and previous results from other researchers.
Chapter 3 explores the various processing issues associated with the fabrication of
2-2 textured/equiaxed microstructure composites. Control of microstructure
development, and particularly the maintenance of a sharp interface between
microstructure components, is a key issue. A successful strategy is developed to account
for the different dopant requirements for texture development in one component and
retention of fine, equiaxed grains in the other component. The effect of template
constraint (and the resultant differential sintering between layers) on microstructure
development is examined. Composite architecture (i.e. layer thicknesses, volume ratio)
affects densification, microstructure development, and texture quality due to changes in
differential sintering stresses and/or dopant diffusion distance.
Chapter 4 describes the fracture behavior of 2-2 textured/equiaxed microstructure
composites. Non-catastrophic failure behavior is observed as a result of extensive crack
bifurcation and deflection in the textured layers. Interfacial fracture energy is measured
as a function of template loading in the textured layers and correlated to the occurrence of
crack deflection. Crack deflection is determined to occur via a combination of biaxial
compressive residual stress and anisotropic fracture energy. The residual stress is created
by the difference in thermal expansion between textured and equiaxed alumina, while the
anisotropic fracture energy is the result of the morphological texture and porosity. Work
of fracture exceeding 1 kJ/m2 is observed. Multiple cracking, crack arrest, and flaw
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tolerance are also observed during fracture testing and will be correlated to
microstructure and residual stress.
Chapter 5 extends textured-equiaxed composite fabrication to additional
connectivities and higher complexities. 0-3 composites are fabricated by screen printing
templated alumina ink on non-templated alumina tapes, followed by assembly into larger
structures. The versatility of co-casting for achieving multiple connectivities is
displayed. Co-casting and various methods of assembly are used to make 1-3 and 3-3
composites with both simple and complex architectures. Fracture behavior of several of
the fabricated composites is explored.
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Chapter 2
Processing, Texture Development, and Mechanical Properties of TGG Al2O3 with
Low Dopant Concentration

2.1 Introduction
Templated grain growth (TGG) has been established as a versatile process for the
attainment of high quality crystallographic and, commonly, morphological texture in a
variety of systems1 including alumina2-4, mullite5, Bi4Ti3O126, and PMN-PT7-9. In TGG
processing, a subset of template particles is aligned during forming and incorporated into
the green body. During sintering, the oriented templates grow preferentially to the nonoriented matrix powder and, as a result, the final microstructure consists of grains with an
orientation distribution that has been determined (or templated) by the initial placement
of template particles. In order for TGG processing to be successful the template particles
must be larger than the matrix powder (preferably at least ten times larger), as the size
difference is the driving force for preferred growth. There are several requirements for
potential template particles in addition to the size differential. Some, including chemical
stability and limited lattice mismatch, are not a concern for systems in which the template
and matrix particles are of the same phase. Because most TGG processes use shear
stresses during processing to align template particles, they should have a high aspect
ratio, though recent advances have been made in aligning low aspect ratio template
particles using magnetic fields.2, 10
The presence of anisomorphic template particles during sintering, however,
creates significant stresses during sintering. They behave as rigid inclusions and inhibit
densification, primarily along the long axes (or axis for whisker-shaped templates).
There are two general approaches to compensate for template constraint. The first
approach is to use high pressure techniques such as hot-pressing. Sacks et al. fabricated
textured slip-cast SiC by hot-pressing and found a negligible effect on sintered density
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associated with the presence of template particles.11 Most TGG-derived materials,
however, utilize an intergranular liquid phase to facilitate grain growth and provide a
mechanism for the relaxation of densification-limiting stresses associated with the
constraint around template particles. In the alumina system, previous research has shown
that doping with (CaO + SiO2) produces a calcium aluminosilicate liquid phase at the
grain boundaries, which allows for full densification during TGG processing.12 This
study seeks to explore templated grain growth in alumina with lower dopant
concentrations than previously studied. Possible benefits of lower dopant concentrations
include the potential for improved high temperature mechanical properties (such as
improved creep resistance due to lower diffusion rates), while another is that low liquid
TGG materials show improved texture development due to reduced matrix coarsening12.
More importantly for this study, however, is the necessity for the development of a TGG
material that can be co-sintered with non-templated alumina without causing abnormal
grain growth in the non-templated regions. Therefore, we have studied microstructure
and texture development in alumina with no dopant, 0.14 wt% (CaO+SiO2) dopant, and 2
wt% (CaO+SiO2) dopant. The Si:Ca ratio is maintained at 5:1, so that 0.14% dopant
corresponds to 200 ppm CaO and 1000 ppm SiO2.
Textured ceramics have been identified as high toughness materials under specific
loading conditions due to an increase in grain bridging density. They also have
significantly lower residual thermal stresses due to a reduction in grain boundary
misalignment. The mechanical properties of textured alumina have received surprisingly
little attention, especially in light of the promising nature of what has been found. Prior to
the introduction of templated grain growth, Salem et. al. achieved toughness increases of
35-40% perpendicular to the c-axis and r-curve behavior in weakly textured alumina
produced by extrusion.13 Carisey et. al. characterized the mechanical properties in gelcast derived textured alumina. While they found no significant increase in fracture
toughness, they did find a modest increase in flexural strength (20%) and Weibull
modulus as well as evidence of indentation crack inhibition normal to the c-axis.14 Hall
et. al. also found no increase in baseline fracture toughness in highly textured alumina
fabricated by TGG, though there was evidence of r-curve behavior. In addition they
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observed that, for fracture perpendicular to the c-axis, low velocity cracks tend to deflect
and propagate intragranularly along the texture-plane. At higher velocities (i.e. popped-in
cracks) however, the crack path is transgranular and experiences no deflection.15
The varying results of mechanical testing are, in part, a result of the difficulty in
measuring the fracture properties of highly anisotropic materials. The simplest and most
economical form of fracture toughness testing (indentation crack measurements) cannot
be properly applied to highly textured materials, as the crack shape deviates markedly
from that assumed in the model.16 Therefore fracture mechanics testing is more
appropriate, though the specimens are time-consuming to fabricate. Yet even for fracture
mechanics testing, the attainment of KIc values becomes inappropriate in systems where
cracks tend away from mode I failure behavior. The indentation-strength technique,
which involves the creation of controlled flaws of various sizes by Vickers indentation on
the tensile surface of fracture mechanics samples, was chosen for this study.17 This
technique was chosen because there are no assumptions made about the nature of the
indentation crack morphology (only the crack depth) during indentation-strength testing.
Because the crack depth is inferred from the indent load (as opposed to directly
measured, this technique provides a measure of ‘effective’ fracture toughness. Though
this differs from results obtained by other conventional fracture mechanics techniques, it
is potentially more indicative of the true fracture behavior of materials. An additional
benefit of the indentation-strength technique is that it provides a measure of R-curve
behavior without the need for in situ crack observation during testing.
In this chapter the anisotropic sintering behavior, microstructure evolution,
texture development, and mechanical properties of low liquid content textured alumina
are characterized. The objective of these studies is to provide a framework from which to
interpret the sintering and microstructure evolution of co-sintered composites, as well as
to interpret the fracture behavior of the composites. In addition, this chapter will itself be
a stand-alone contribution to the templated grain growth literature. This is particularly
true in regards to the shrinkage behavior and mechanical properties, which have received
inadequate attention from the community thus far.
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2.2 Procedure
The starting alumina powder was high purity (TM-DAR, purity > 99.99%, Taimei
Chemical Co. Ltd., Japan) and had an average particle size of approximately 200 nm.
The template particles were single crystal alumina platelets (Advance Nanotechnology
Limited, Welshpool, Australia) with a thickness of ~100 nm and a diameter of 5-10 µm.
Magnesium nitrate, calcium nitrate, and tetraethylorthosilicate (TEOS) were used as
dopant precursors. Menhaden fish oil and 50:50 (wt ratio) ethanol/xylenes were used as
the dispersant and solvent systems, respectively. Alumina powder was dispersed in an
ethanol/xylenes and fish oil solution and ball-milled for 24h using high-purity alumina
milling media. The appropriate dopant precursor was dissolved in the slurry and
precipitated using several drops of diluted ammonium hydroxide. Binder and plasticizers
(polyvinyl butyral, polyalkylene glycol, and benzyl butyl phthalate) were then added,
followed by an additional 24 hour milling/mixing step. For templated tapes, the desired
amount of alumina templates was ultrasonicated in the solvent and dispersant mixture.
This mixture was added to the slurry with only 30 minutes left in the mixing step to limit
breakage from milling. Following the mixing step, the slurries were de-aired while
stirring until the proper viscosity was reached. The tapes were cast on Mylar under a
doctor blade at a casting rate of ~5 mm/sec and blade height of 376 µm. The dried tapes
were cut, stacked, and isostatically laminated at 75°C and 20 MPa. Binder pyrolysis was
performed in air at 0.25°C/min to 625°C. Green densities were obtained from green body
dimensions and weights.
Most samples were pressureless sintered in air using a 5°C/min ramp rate. Crosssections were polished to a 0.25 µm finish and thermally etched at 100°C below the
sintering temperature to reveal the grain boundaries. Alternatively, fracture surfaces
parallel to the casting direction were obtained in order to view the large basal faces of the
templated grains. Samples were gold-coated prior to observation in a scanning electron
microscope (SEM) (Philips XL20, Philips Electronic Instruments Co., Mahweh, NJ).
The directional sintering kinetics were observed experimentally by hightemperature dilatometry at 3°C/min to 1530°C (the maximum temperature of the
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apparatus) with a 30 minute hold. The total shrinkage was determined by comparing
initial and final sample lengths. Sintered densities were measured using quantitative
microscopy methods (pore counting, >3500 points).
Texture quality was measured using the x-ray rocking curve technique18 and a
standard two-circle x-ray diffractometer with Cu Kα radiation (Scintag, Inc., Cupertino,
CA). Two separate scans were collected each sample. The first scan was a traditional θ2θ scan about one of the preferred orientation maximums, in this case the 000·12
maximum (2θ~90.7°). The second scan was a “rocking scan” taken using the exact 2θ
position obtained in the first scan. With 2θ fixed, the theta scan was collected from
20.35°< θ < 70.35° (or -25° < ω < 25° where ω is the angle between the specimen tilt and
the texture axis). The data was corrected for defocusing and absorption using
TexturePlus, a program developed for this purpose at NIST.19 The corrected data is then
fit analytically to a texture model. For this work we use an axisymmetric texture model;
the March-Dollase function:20
sin 2 ω 3 / 2
P ( f , r , ω ) = f ( r cos ω +
) + (1 − f )
r
2

2

(2.1)

Bend bars were machined for strength and indentation-strength testing. Samples
were sintered into billets approximately 50 mm x 30 mm x 2 mm. One side was polished
to a 6 µm finish and the other side was ground until a thickness of 1.5 mm was obtained.
The billet was then diced into bars and any final fine grinding was done by hand. The
corners on the polished (tensile) face were chamfered by grinding with a 1200 grit fixed
diamond pad at a 45° angle to mitigate edge cracking. Final bar dimensions were 25 mm
x 2 mm x 1.5 mm. For indentation-strength specimens, the tensile face was indented at
loads from 0.5 kgf to 20 kgf using a Vickers indenter prior to testing. To prevent subcritical crack growth due to atmospheric moisture, a drop of silicone oil was placed on
each indent and the testing was performed within 24 h of indentation. A SiC four-point
bend apparatus with non-rolling alumina pins was used with inner and outer spans of 10
mm and 20 mm, respectively. Testing was performed using constant displacement at a
rate of 0.2 mm/min on a screw-driven Instron universal tester.
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2.3 Results

2.3.1 Processing
Fig. 2-1 shows an SEM micrograph of the as-received α-Al2O3 template particles.
The templates are nominally hexagonal platelets (though somewhat irregular) and have a
wide size (diameter) distribution. The average thickness is 100-150 nm and the average
diameter is approximately 8 µm, yielding an aspect ratio of 60-80. This is considerably
higher than the aspect ratio of Al2O3 templates used in the work of Seabaugh et al and
Suvaci et al. Templates used in their studies had similar diameters but were thicker (1.5
µm), yielding an aspect ratio of less than 10. The larger aspect ratio may allow for
significant improvements in texture quality over these previous studies, as the degree of
template orientation under shear stress is strongly influenced by the aspect ratio.

10 µm
Figure 2-1: SEM Micrograph of as-received α-Al2O3 template particles
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Green density is shown in Fig. 2-2 to be dependent upon both template loading
and dopant concentration. Increasing template loading is accompanied by increasing
green density. Improvements of ~3.5% theoretical density are associated with an
increase in template loading from 0 vol% to 15 vol%. This is in general agreement with
previous studies, particularly the pioneering work of Furnas,21 that showed that green
densities are increased by the introduction of a bimodal particle distribution with
sufficient size separation between the two particle populations. In systems primarily
consisting of the finer matrix powder (fmatrix > ftemp), the green density is predicted by the
following expression:21

ρ=

ρ matrix
1 − f temp (1 − ρ matrix )

(2.2)

where ρmatrix is the relative packing density of the matrix powder and ftemp is the solid
volume fraction of template particles. The lines in Fig. 2-2 are taken from Eq. (2.2), with
ftemp assumed to be the green density of the non-templated sample. There is good
agreement between the data and the model. It is less clear why dopant concentration has
an apparent effect on green density, though it is possible that the precipitated dopants
negatively effect the powder dispersion. Fig. 2-3 shows the fracture surface of a green
sample with 5 vol% template particles. The template particles appear to be well-aligned
and homogenously dispersed throughout the matrix.
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Figure 2-2: Effect of template loading and dopant concentration on green density of tapecast templated alumina. Lines are taken from Eq. (2.2).2121

Figure 2-3: SEM micrograph of the fracture surface of a green body.
contains 5 vol% template particles that were aligned during tape casting.

The sample
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2.3.2 Densification and Microstructure Development

2.3.2.1 Densification
Shrinkage in TGG systems is macroscopically anisotropic due to the presence of
the aligned template particles.22,23 While this has been observed in previous studies post
sintering, the dependence of such anisotropy on template loading and dopant content
during sintering has not yet been explored. The axisymmetric (i.e. fiber) nature of the
texture (or, conversely, the axisymmetric morphology of grains) results in ∞m symmetry.
The unique direction is the normal of the basal (0001) surfaces of the template particles,
henceforth called the z-direction. The z-direction also corresponds to the thickness
direction of the individual tapes. Perpendicular to the z-axis (or parallel to the basal
surfaces) is referred to as the x-y plane. Therefore, the template particles should be
aligned within the x-y plane.
Fig. 2-4 shows x-y plane shrinkage plotted as a function of temperature for
templated alumina with no dopant (Fig. 2-4a), 0.14 wt% (CaO + SiO2) dopant (Fig. 24b), and 2 wt% (CaO + SiO2) dopant (Fig. 2-4c) and different template loadings. Also,
the (isotropic) densification curve of template-free MgO-doped alumina is included on all
plots for comparison. The maximum strain rate ( ε&max ), normalized maximum strain rate
o
( ε&max
), and temperature at maximum strain rate (Tmax) are plotted in Fig. 2-5. For

samples with a template loading given by ftemp, the normalized maximum strain is defined
as:
o
ε&max
( f temp ) =

ε&max ( f temp )
ε&max (0)

(2.3)

where ε&max ( f temp ) is the maximum strain rate of the sample and ε&max (0) is the maximum
o
strain rate of a template-free sample with the same dopant concentration. Thus, ε&max
is a

measure of the relative effect of template loading on x-y plane shrinkage for a given
dopant concentration.
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Figure 2-4: Shrinkage in the x-y plane direction as a function of template loading and
temperature during sintering for alumina with (a) no dopant, (b) 0.14% dopant or (c) 2%
dopant. Shrinkage was measured by dilatometry during sintering at 3°C/min to 1530°C.
The percentages given by the labels are the vol% template particles in each sample. The
dashed line is the shrinkage behavior of non-templated alumina with 1000 ppm MgO.
Total x-y plane shrinkage and the instantaneous x-y plane strain rate (including

ε&max ) are both reduced with increasing template loading. Template loading, however, has
little effect on Tmax. A plot of the instantaneous x-y plane strain rate (d((l-lo)/lo)/dt) vs.
time (i.e. the time derivative of Fig. 2-4) yields a similar result, showing that the
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templates simply decrease the instantaneous strain rate without changing the shape of the
shrinkage curve. Shrinkage curves in the x-y plane for 0 vol% and 1 vol% templated
alumina are nearly identical, though there is a decrease in ε&max of approximately 5%.

Figure 2-5: Shrinkage characteristics extracted from the dilatometry data in Fig. 3,
including the temperature at which the strain rate maximums (Tmax), the maximum strain
o
rate ( ε&max ), and the normalized maximum strain rate ( ε&max
).
As seen in Fig. 2-5b, samples with 2 wt% dopant have much higher maximum
strain rates than those with lower or no dopants. In addition, Fig. 2-4 shows that samples
with 2 wt% dopant have greater overall x-y plane shrinkage. Greater x-y plane shrinkage
supports the hypothesis that the increasing liquid content provides a mechanism for the
relaxation of template constraint (the cause of the reduction in x-y plane shrinkage). The
introduction of 2% dopant (and 0.14% dopant to a lesser extent) appears to delay the
onset of densification as well. This can be seen most clearly in Fig. 2-4 by comparing the
early (or lower temperature) parts of each curve to that of the MgO-doped material. This
is also in agreement with Fig. 2-5a, which shows an increase in Tmax when dopant is
included.
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Interestingly, samples with 0.14% dopant exhibit more gradual x-y plane
shrinkage (Fig. 2-4b) and a lower maximum strain rate (Fig. 2-5b) than undoped samples
for all template loadings studied. This is unexpected, since the inclusion of liquidforming dopants is expected to enhance densification and concentration of each dopant is
above its solid solubility in alumina (and, thus, is expected to form an intergranular liquid
o
phase). It is instructive, however, to consider the effect of dopant concentration on ε&max
o
(Fig. 2-5c). This shows that ε&max
decreases less rapidly with increasing template loading

as more dopant is included. Here it is apparent that the x-y plane shrinkage of 0.14%
dopant samples is less affected by template constraint compared to dopant-free samples,
despite the lower absolute strain rates. By this same measure, increasing the dopant
concentration to 2% mitigates the effect of template constraint even further.
It is evident from Fig. 2-4 that several samples are not fully dense at 1530°C.
Preliminary experiments showed that sintered densities approached a maximum for a
sintering profile of 5°C/min to 1550°C with a 90 min dwell. The effect of dopant
concentration and template loading on relative density sintered under these conditions is
seen in Fig. 2-6. Overall densification behavior is clearly inhibited by template
constraint, particularly at template loadings greater than 1 vol%. Template constraint has
the most pronounced effect on sintered density of undoped samples, which is the only
sample set to exhibit a decrease in density at 1 vol%. Significant decreases in sintered
density accompany higher template loadings. Samples with 0.14% dopant show
improved densification behavior over undoped samples. In particular, the effect of
template constraint on sintered density is negligible at 1 vol% template loading and minor
at 5 vol% template loading. It is only at 10 vol% and 15 vol% template loadings that the
consequences of template constraint on density become significant. Samples with 2%
dopant exhibit the highest densities for all template loadings. Template loadings of up to
5 vol% have very little effect on sintered density, though there still-significant decreases
in density for 10 and 15 vol%. A comparison of Fig. 2-2 and Fig. 2-6 indicates that any
potential benefit gained from the modest increase in green density associated with
increasing template concentration is offset by the inhibition of densification associated
with template constraint.
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Figure 2-6: Sintered density of textured alumina vs. template loading for samples with
no dopant, 0.14% dopant, and 2% dopant after sintering at 5°C/min to 1550°C with a 90
min hold.
The macroscopic shrinkage anisotropy was measured for samples sintered at
1550°C for 90 min. The total x-y plane and z-direction strain were calculated from the
initial and final dimensions and are plotted in Fig. 2-7. Increasing template loading
decreases x-y plane strain and, consequently, increases z-direction strain. The much
greater z-direction strain at a given template loading demonstrates that the templates do
not constrain densification in this direction as in the x-y plane. Dopant concentration has
a more significant effect on x-y plane shrinkage than z-direction shrinkage. While
increasing dopant concentration (and thus liquid content) relaxes the template constraint
and allows for more x-y plane shrinkage, it slightly reduces the z-direction shrinkage.
Alumina with 2% dopant exhibits the least z-direction shrinkage despite having higher
densities. Therefore, it is clear from Fig. 2-7 that the liquid phase improves the
densification of TGG materials primarily through improvements in the x-y plane
shrinkage behavior.
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Figure 2-7: Total x-y plane and z-direction shrinkage for samples with no dopant, 0.14%
dopant, and 2% dopant after sintering at 5°C/min to 1550°C with a 90 min hold.

2.3.2.2 Microstructure Development
Polished cross-sections (as well as fracture surfaces) of samples at various
sintering temperatures, template loadings, and dopant concentrations are shown in Fig. 819 in order to develop a more complete understanding of microstructure development and
sintering. Samples sintered to 1550°C were held at temperature for 90 minutes. Sample
sintered to 1350°C and 1450°C, on the other hand, were furnace cooled immediately
upon reaching temperature in order to preserve microstructure development at earlier
stages of sintering. In addition, these samples were also fractured along the texture-plane
and the fracture surface was viewed by SEM. That is, the view in the fracture surfaces is
normal to the basal surfaces of templated grains and perpendicular to the polished crosssections.
A series of micrographs (Fig. 8-11) show the microstructure development of
templated alumina with no dopant. At all temperatures, increasing template loading
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causes an increases in porosity, though this may not readily observed in several of the
higher magnification micrographs. At 1350°C (Fig. 2-8) there is significant matrix
densification but no template growth. For samples with 1% templates (Fig. 2-8a), the
matrix away from template particles is nearly fully dense. Porosity exists primarily along
the long axis of the template particles due to the inhibition of densification associated
with template constraint. This porosity prevents template growth in the thickness
direction via pore-boundary pinning. There is no such porosity at the ends of template
particles and, therefore, the template can grow unimpeded into these regions. As a result,

Figure 2-8: SEM micrographs of textured alumina with no dopant sintered at 5°C/min to
1350°C and immediately furnace cooled and (a) 1 vol% templates, (b) 5 vol% templates,
(c) 10 vol% templates, or (d) 15 vol% templates.
the cross-sections of some templated grains take on a dumbbell-like shape in crosssection (arrowed in Fig. 2-8a). Similarly shaped templated grains can be seen in Fig. 2-

8b as well and have been observed in previous studies24. As the template loading
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increases, the matrix density decreases because tensile stress fields around template
particles affect more of the matrix and, in some cases, overlap. Because the matrix
material at the end of the template particles is also more often reduced, the occurrence of
dumbbell shaped grains is significantly reduced in Fig. 2-8c-d. In areas of particularly
high template concentration (arrowed in Fig. 2-8d), the density is reduced even further.
This suggests that improvements in densification behavior could be achieved by
homogenizing the template distribution to avoid creating high constraint areas.
The templated grains in undoped templated alumina at 1450°C (Fig. 2-9) appear
to have developed basal facets. This is unexpected, as grain boundary faceting is
commonly attributed to the appearance of a liquid phase. Considerable amounts of

Figure 2-9: SEM micrographs of textured alumina with no dopant sintered at 5°C/min to
1450°C and immediately furnace cooled and (a) 1 vol% templates, (b) 5 vol% templates,
(c) 10 vol% templates, or (d) 15 vol% templates.
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matrix material remain in all samples, although the relative volume appears to decrease
with increasing template loading due to shorter inter-template distances. At the final
sintering temperature, 1550°C with a 90 min hold (Fig. 2-10), the sintered densities have
increased from the 1450°C samples but are still well below theoretical density (see
Fig. 2-6). Almost all of the porosity exists at grain boundaries, a consequence of the
relatively slow growth of templated grains. Matrix grains remain regardless of template
loading. The remaining matrix grains have grown to sizes exceeding 5 µm, indicating
that higher heat treatments may not be sufficient to produce 100% texture in undoped
alumina.

Figure 2-10: SEM micrographs of textured alumina with no dopant sintered at 5°C/min
to 1550°C with a 90 min hold and (a) 1 vol% templates, (b) 5 vol% templates, (c) 10
vol% templates, or (d) 15 vol% templates.

30
A series of fracture surfaces that portray the microstructure development of
undoped alumina with 10 vol% templates are shown in Fig. 2-11. At 1350°C, the
fracture surface is dominated by matrix grains. There are several template particles
visible which show early template growth. It appears that individual grains are converted
to the template orientation. Because they are well rounded, this most likely occurs
through solid-state grain growth processes. By 1450°C, the templated grains have grown
and now appear to be the majority ‘phase’, though there is considerable matrix material
left (in agreement with Fig. 2-9c). Interestingly there appear to be ledges on the basal
surfaces of the templated grains, evidence of a solution-precipitation growth mechanism.
This may be another indication of the presence of a liquid phase, though it is important to
note that the ledges appear to be smooth in contour. At 1550°C the microstructure
consists predominantly of templated grains, in agreement with Fig. 2-10c. The remaining
matrix grains again appear to have coarsened to >5 µm. There are no ledges remaining
on the templated grains due to extensive impingement.
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Figure 2-11: Fracture surface of textured alumina with no dopant and 5 vol% templates
and sintered 5°C/min to (a) 1350°C and immediately furnace cooled, (b) 1450°C and
immediately furnace cooled, or (c) 1550°C with a 90 min hold. Samples were fractured
along the x-y plane and the view is normal to the large (basal) face of the templated
grains.
A series of figures (Fig. 12-15) equivalent to those shown in the previous section
are presented for templated alumina with 0.14 wt% dopant. It is again observed that
density steadily decreases with increasing template loading. Many of the same internal
trends are observed. Fig. 2-12, for example, density decreases with increasing template
concentration and template clusters appear to cause further inhibition of densification.
There are, however, several distinctions when compared to those in Fig. 2-8 (i.e. the
undoped samples). Matrix densification is increased, which contradicts the shrinkage
curves in Fig. 2-4. In addition (or perhaps as a result) early stage template growth is
more isotropic (i.e. not dumbbell-like), particularly around isolated template particles.
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Figure 2-12: SEM micrographs of textured alumina with 0.14% dopant sintered at
5°C/min to 1350°C and immediately furnace cooled and (a) 1 vol% templates, (b) 5 vol%
templates, (c) 10 vol% templates, or (d) 15 vol% templates.
Any early stage improvement in densification behavior associated with the
introduction of 0.14% dopant is lost by 1450°C (Fig. 2-13). Compared to Fig. 2-12 (i.e.
with increased temperature) the major microstructural changes appear to simply be pore
coarsening and a very modest degree of template growth. A comparison to Fig. 2-9 (i.e.
the undoped sample) shows that template and matrix growth, as well as overall
densification, has been severely impaired by the dopant. This is in agreement with
Fig. 2-4, which show a higher overall strain and strain rate associated with undoped
alumina at lower temperatures.
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Figure 2-13: SEM micrographs of textured alumina with 0.14% dopant sintered at
5°C/min to 1450°C and immediately furnace cooled and (a) 1 vol% templates, (b) 5 vol%
templates, (c) 10 vol% templates, or (d) 15 vol% templates.
The benefits of adding 0.14% dopant for texture development, however, are
apparent in Fig. 2-14. By 1550°C template growth is complete, with template
impingement and very little obvious matrix material remaining. Sintered densities appear
to be greatly improved over that of the undoped samples (Fig. 2-10). This is in
agreement with the density values shown in Fig. 2-6. The lack of remaining matrix
material is likely due to a combination of a) the inhibition of matrix coarsening at lower
temperatures (and subsequent retention of driving force for template growth) as seen in
Fig. 2-13 and b) the increase in liquid content at the sintering temperature due to dopant
inclusion. The fracture surface micrographs shown in Fig. 2-15 (10% templates, 0.14%
dopant) corroborate several of these observations. At 1350°C and 1450°C, the
microstructure is dominated by fine-grained matrix material with little template growth.
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A comparison of Fig. 2-11b and Fig. 2-15b shows the marked difference in matrix grain
size (note the change in scale) that results from the inclusion of 0.14% dopant. At
1550°C the microstructure, as expected, consists primarily of large templated grains. A
comparison of Fig. 2-11c and Fig. 2-15c indicates that the dopant has decreased the
number of remaining matrix grains while seemingly increasing the degree of faceting at
the grain boundaries.

Figure 2-14: SEM micrographs of textured alumina with 0.14% dopant sintered at
5°C/min to 1550°C with a 90 min hold and (a) 1 vol% templates, (b) 5 vol% templates,
(c) 10 vol% templates, or (d) 15 vol% templates.
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Figure 2-15: Fracture surface of textured alumina with 0.14% dopant and 5 vol%
templates and sintered 5°C/min to (a) 1350°C and immediately furnace cooled, (b)
1450°C and immediately furnace cooled, or (c) 1550°C with a 90 min hold. Samples
were fractured along the x-y plane and the view is normal to the large (basal) face of the
templated grains.
The final set of figures (Fig. 15-18) equivalent to those shown in the previous
sections is presented for templated alumina with 2 wt% dopant. We can see in Fig. 2-16
that high densification and extensive template growth has already occurred by 1350°C.
The former is in agreement with Fig. 2-4, but the latter is somewhat unexpected.
Thermocalc calculations of this composition in the CaO-SiO2-Al2O3 system25 indicate
that intergranular liquid phase should not be present below 1530°C (which is not very
different from what is calculated for, and observed in, the 0.14% dopant system), though
there is a eutectic at 1380°C. If the temperature of highest strain rate is near the liquid
phase temperature (which is not altogether an unreasonable assumption) then the liquid
phase develops between 1300°C and 1400°C. Because template impingement had
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already occurred by 1350°C, samples at 1450°C (Fig. 2-17) and 1550°C (Fig. Error!
Reference source not found.) show little difference in microstructure beyond further
increases in density along with pore coarsening. This behavior is not in agreement with
the work Seabaugh24, in which alumina with 5 vol% template particles and higher dopant
concentration (5 wt% CaO + SiO2 dopant with Ca:Si=1) shows almost no template
growth at 1350°C and significant template growth still occurring between 1450°C and
1550°C. While the former is possibly due to the difference in liquid phase chemistry, the
latter is likely a result of the higher degree of matrix coarsening with higher liquid
concentrations.

Figure 2-16: SEM micrographs of textured alumina with 2% dopant sintered at 5°C/min
to 1350°C and immediately furnace cooled and (a) 1 vol% templates, (b) 5 vol%
templates, (c) 10 vol% templates, or (d) 15 vol% templates.
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Figure 2-17: SEM micrographs of textured alumina with 2% dopant sintered at 5°C/min
to 1450°C and immediately furnace cooled and (a) 1 vol% templates, (b) 5 vol%
templates, (c) 10 vol% templates, or (d) 15 vol% templates
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Figure 2-18: SEM micrographs of textured alumina with 2% dopant sintered at 5°C/min
to 1550°C with a 90 min hold and (a) 1 vol% templates, (b) 5 vol% templates, (c) 10
vol% templates, or (d) 15 vol% templates.
The series of fracture surface shown in Fig. 2-19 confirm that there is no
remaining matrix material, even at 1350°C. It also provides some snapshots of the
evolution of the porosity. At 1350°C there are a large number of pores (~1-2 µm Φ)
sitting on the basal faces of the templated grains. By 1450°C, the number of such pores
has clearly decreased while the size has increased slightly (~2-3 µm Φ), consistent with
normal pore coarsening behavior. Finally, by the final sintering condition (1550°C, 90
min hold) there are almost no pores situated on the basal faces of the templated grains.
All of the porosity has coarsened into large voids that sit between the edges of templated
grains.
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Figure 2-19: Fracture surface of textured alumina with 2% dopant and 5 vol% templates
and sintered 5°C/min to (a) 1350°C and immediately furnace cooled, (b) 1450°C and
immediately furnace cooled, or (c) 1550°C with a 90 min hold. Samples were fractured
along the x-y plane and the view is normal to the large (basal) face of the templated
grains.
A common observation in Fig. 15-17 is the existence of entrapped porosity within
the template grains, which is a result of the high boundary mobility associated with rapid
growth kinetics during liquid phase sintering. Entrapped porosity is prevalent in samples
with lower template loadings (i.e. long growth distances) and less frequently found in
samples with higher template loadings (i.e. short growth distance). This suggests that
some initial growth occurs at a slower rate, likely below the liquid phase melting
temperature.
Some conclusions about the effect of dopant concentration and the TGG process
in general can be drawn from the shrinkage data and microstructural observations. It is
clear from Fig. 2-4 that the undoped and 0.14% doped material have experienced most of
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their respective x-y plane shrinkage by 1350°C. This is corroborated in the micrographs,
which show high density matrices away from template particles that exhibit negligible
growth. This makes sense because, as is observed in numerous fields including grain
growth and solid state conversion, boundary mobility is severely inhibited by pores,
unless the boundary can break away from the pores as seen in the 2% dopant samples.
As a result, TGG in alumina can be described as densification followed by template
growth and that the template particles act as inert rigid inclusion during densification.
The case of 0.14% dopant is particularly interesting. Comparison of micrographs
in Fig. 2-8 and Fig. 2-12 (along with Fig. 2-5) reveal that the introduction of this small
amount of dopant (i) inhibits matrix grain and template growth at 1350°C, (ii) inhibits x-y
plane shrinkage, but not (apparently) matrix density, up to 1530°C, and (iii) ultimately
allows for higher density and texture quality. The lack of template growth and faceting at
1450°C implies that no intergranular liquid phase is formed until higher temperatures,
despite evidence to the contrary in similar, but undoped, samples. This creates a situation
at high temperatures (i.e. 1550°C) in which the templates, with the aid of an intergranular
liquid phase, can grow into a fine-grained, dense matrix and allow for higher final x-y
plane shrinkage and higher density.
Finally, it appears that a key to obtaining high density, high texture fraction
textured materials is to maintain a fine matrix grain size during densification below the
liquid phase temperature. In the current study, undoped alumina (i) experiences
considerable matrix coarsening prior to extensive template growth, reducing the driving
force for further template growth, and (ii) may not have sufficient amounts of liquid
phase to relax template constraint. Conversely, previous studies show that texturing in
materials with too much liquid phase dopant is limited greatly by matrix coarsening prior
to template growth regardless of the ability to relieve template constraint stresses.24

2.3.2.3 Texture Analysis
In order to determine the effect of template loading and dopant content on texture
development, rocking curve measurements have been performed on a series of samples as

41
shown in Table 2-1. Texture quality was quantified in terms f (texture fraction) and r
(orientation parameter) by fitting the rocking curves to the March-Dollase equation. The
full-width at half the maximum (FWHM) of the rocking curves have also been measured,
as this is another descriptor of texture quality that has the benefit of being ubiquitous and
insensitive to the function fitting process. The FWHM measured for 1% templated
alumina with 0.14% dopant is exceptionally low (4.51°). A survey of the relevant
literature yielded no lower values, indicating that this may be the highest quality
axisymmetric texture obtained in a bulk polycrystalline ceramic. Fig. 2-20 shows a twotheta scan of this sample as well as a non-templated (i.e. randomly oriented) but
otherwise identical sample. Note that the intensity axis on the textured alumina plot is
broken and that the low intensity section has the same scale as the random alumina plot.
The 000·6 and 000·12 maximums, essentially non-existent in randomly oriented alumina,
dominate the pattern for the textured sample. The only other remaining maximum of
significant intensity in the textured material is the 104 maximum.
The results of the rocking curve experiments are shown below in Table 2-1. The
results indicate that the orientation parameter (r) increases with increasing template
concentration, in agreement with Seabaugh et al.3 While all of the r values found here
are lower than those found by Seabaugh for all template loadings (r = 0.185 for 1 vol%
templated alumina) due to the higher aspect ratio templates used here, we caution against
any direct comparison due to the different number of template particles for equal
template loadings due to the considerable difference in template sizes. It should be noted,
however, that for equal template loadings by volume, the number of templates in this
study is approximately 5 times the number of templates in the work of Seabaugh. In
addition, the results indicate that texture fraction decreases, if modestly, with increasing
template concentration. This is not agreement with Seabaugh et al., who showed
significant increases in texture fraction with increasing template loadings. This can be
explained by considering the following reason; (i) the lower number of template particles
for a given template loading and (ii) the higher dopant concentration. The first creates
the need for increased growth distances (i.e. more matrix to consume per template) and
the second results on greater matrix coarsening during the time needed for template
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growth. The matrix coarsening lowers the driving force for template growth until, for a
given temperature, template growth ceases and f is limited.

Figure 2-20: X-ray diffraction pattern of (a) textured alumina with 0.14% dopant and 1
vol% template loading and (b) non-templated alumina with 0.14% dopant sintered at
5°C/min to 1550°C with a 90 min hold.

Table 2-1: Texture quality values including FWHM of the measured rocking curve and
calculated March-Dollase parameters.

Dopant
Conc.
0
0.14%
2
0.14
0
0.14
2
0.14

Template
Loading
1
1
1
5
10
10
10
15

FWHM (°)

r

f

5.11
4.59
4.99
6.11
6.89
6.18
6.10
7.71

0.142
0.128
0.133
0.144
0.173
0.163
0.162
0.174

0.568
0.734
0.759
0.616
0.631
0.660
0.685
0.631
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2.3.2.4 Relating Processing Parameters to Microstructure
A series of simple geometric calculations can be used to relate the texture
fraction, template loading, and final textured grain dimensions. The texture fraction (f) is
given by:

f =

Vtext
Vtext
=
(Vtext + Vmatrix ) (Vtemp + V pow )

(2.4)

where Vtext is the total volume of the templated grains after sintering and Vtemp and Vpow
are the total volumes of the templates and starting powder prior to sintering. Vtext is given
by:
Vtext = V grain × N grains

(2.5)

where Vgrain is the average volume of templated grains and Ngrains is the number of
templated grains. Ngrains is determined by:
N grains = τ ( N temp )

(2.6)

where Ntemp is the number of template particles and τ is factor determined by the percent
of template particles that produce templated grains and can have a value from 0 to 1.
This is expected to approach a value of 1 for the ideal system in which all of the template
particles are large enough to form templated grains. In this study, it is possible that some
of the smaller template fragments seen in Fig. 2-1 will not produce stable templated
grains. For template particles with a narrow size distribution, Ntemp can be approximated
as:

N temp =

Vtemp
o
Vtemp

(2.7)

o
where Vtemp
is the mean volume of the individual template particles. Combining Eq. (2.5)

and Eq. (2.6) yields:
V grain =

Vtext
Vtext
=
N grains τ ( N temp )

(2.8)
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which, combined with Eq. (2.4) and Eq. (2.7), yields:

V grain =

f (Vtemp + V pow )

(2.9)

o
τ (Vtemp Vtemp
)

The volume percent of template particles (Vol%temp) is given by:

Vtemp

Vol % temp =

(2.10)

(Vtemp + V pow )

Finally, combining Eq. (2.9) and Eq. (2.10) yields:

f
V grain = 
τ

o
  Vtemp
×
 
  Vol % temp






(2.11)

The size distribution of templated grains is controlled by the size distribution of the
templates and the template distribution homogeneity. A homogeneous distribution of
templates will result in a narrower templated grain size distribution.
The average grain volume is more conveniently considered in terms of the
morphology and aspect ratio. If the grain morphology observed here is considered oblate
spheroidal (they are disc-like but often thinner at the edged), Vgrain is given by:

V grain =

3
π  d 

(2.12)

6  A 

where d is the size parameter (in this case the equivalent length of the templated grains)
and A is the aspect ratio. In terms of the templated grain dimensions:
1

d
A

1

3

o
 f  3  Vtemp 
= S 
 τ   Vol % temp 

1

3

(2.13)

where S is a shape factor and equals 1.2407 for spheroidal grains. Shape factors and
appropriate meanings of aspect ratio (A) and size parameter (d) for some of the different
templated grain morphologies observed in other studies are given below in Table 2-2.
This expression in no way predicts the templated grain morphology. In general,
the templated grain morphology is controlled by the equilibrium growth morphology (i.e.
the relative directional growth rates), which in the case of alumina with a liquid phase is
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platelet-like. This is especially true during the earlier stages of TGG prior to template
impingement. Deviations from the equilibrium grain morphology are commonly found
after impingement or, potentially, as a result of inhomogeneous template mixing.
However, as properties become more accurately correlated to grain size and morphology,
the expressions developed here may be helpful for the determination of the optimal
template loading for the desired properties.
Table 2-2: Calculated shape factors (S) and appropriate input/output and definitions for
aspect ratio (A) and size parameter (d) for alternate templated grain morphologies.

Grain Morphology
Platelet (cylinder)
Spheroidal
Equiaxed
Cuboidal

Shape Factor (S)
1.2407
1.0839
1.0839
1

Aspect Ratio (A)
(Length/Thickness)
(Length/Thickness)
1
1

Size parameter (d)
Length
Length
Equivalent Diameter
Edge Length

2.3.3 Strength and Fracture Behavior
Flexural strength was studied for textured alumina with 0.14% dopant sintered at
1550C for 90 minutes. For all testing the tensile surface is parallel to the basal plane of
the templated grains (i.e. the x-y plane direction). Also tested for comparison is a finegrained equiaxed MgO-doped alumina. Fig. 2-21a shows the flexural strength plotted as
a function of the template loading. The fine-grained equiaxed material exhibits strength
(507 ± 45 MPa) comparable to values found in the literature. Strength in textured
alumina, on the other hand, is highly dependent upon the initial template loading and,
consequently, the microstructural features. By far the weakest material tested is 1%
templated alumina (305 ± 22 MPa). Samples with higher template loading are stronger
and have statistically similar strengths (~ 424 ± 23 MPa). Two potential microstructural
causes for this change in strength behavior are density and grain size. However, as seen
in Fig. 2-6, the largest differences in sintered density occur between those samples with
similar strength values. Moreover, increases in density alone are not commonly
associated with decreasing strength.26 It is more likely, and indeed commonly found is
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equiaxed systems, that strength is reduced with increasing grain size.27,28,29 Consider that
the final templated grain size (assuming template impingement) is directly determined by
the initial template loading and that the final grain volume is inversely proportional to the
number of template particles. Therefore, if the grain volume of the 1% templated sample
is normalized to 1 the grain volume in the 5, 10, and 15% templated samples will be 0.2,
0.1, and 0.6667, respectively. As a result, the grain size in the 1% templated sample (Fig.
12a) is significantly larger than the grain size of the higher template loaded samples (Fig.
12b-d). This can be seen graphically in Fig. 2-21b, which plots the flexural strength as a
function of the normalized grain volume. We should note that it is not just the grain
volume that affects the strength but more importantly the pore coarsening that
accompanies this degree of grain growth. Coarsening of the largest pores will lead to a
larger critical flaw size and, thus, a lower strength.

Figure 2-21: Flexural strength obtained in four-point bend testing as a function of (a) the
initial template loading and (b) the resultant normalized grain volume for textured
alumina with 0.14% dopant sintered at 5°C/min to 1550°C with a 90 min hold.
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The effective fracture toughness was determined by the indentation-strength
method for the same set of samples. Strength vs. indentation load are plotted
logarithmically is Fig. 2-22. Fine-grained equiaxed alumina was again included for
comparison. The data for all sample types show excellent agreement with the expected P1/3

dependence of strength (σc), which indicates a single measurable toughness value and

no apparent R-curve behavior. Effective toughness was calculated from the following
expression:17
K c = 0.52( E / H )1 / 8 (σ c P 1 / 3 ) 3 / 4

(2.14)

where Kc is the effective fracture toughness, E is the elastic modulus (taken as 393 GPa),
H is the hardness, and P is the indentation load. The value used for hardness was found in
the literature. Attempts to experimentally determine hardness values were thwarted by
the tendency for the textured samples to crack at low loads (0.3 kgf). Toughness values
(along with the strength of un-indented samples) are given in Table 2-3. The results
indicate that there is no increase in toughening due to texturing, in agreement with
previous work.14,15 The slightly larger errors in values obtained for the textured material
are likely due to irregular indentation behavior. This may be due to indent-induced
ablation (which occurs at and above 2 kgf) or deflection of the deepest edge of the indent
crack, both of which potentially alter the depth of the indent crack. The effective
toughness of 1 vol%, 5 vol%, and 10 vol% templated alumina are similar to each other
(3.03-3.11 MPa·m1/2). The 15% templated samples, however, are much less tough (2.55
MPa·m1/2). While individual indent crack depths were difficult (and time-consuming) to
determine, a brief post-failure survey of the indents shows no significant dependence of
microstructure on crack depth. This suggests that the lower toughness value is actually a
characteristic of the 15% templated alumina and not an artifact of the indentation process.
In addition, because similar toughness values were obtained for samples with 1 vol% and
5 vol% templates, we conclude that the low strength of 1 vol% templated samples is
likely caused by the larger flaw size associated with the increase in grain growth.
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Table 2-3: Mechanical properties of textured alumina with 0.14% dopant obtained from 4
point bend testing and indentation strength measurements.

Sample
Equiaxed
Textured
Textured
Textured
Textured

Template Loading
1
5
10
15

σc (MPa)
506 ± 45
305 ± 22
417 ± 23
420 ± 14
436 ± 32

σc·P1/3
710.3
603.6
626.1
648.8
497.7

Kc* (MPa·m1/2)
3.33 ± 0.14
3.05 ± 0.23
3.03 ± 0.23
3.11 ± 0.21
2.55 ± 0.31

Figure 2-22: Indentation-strength results plotted logarithmically. The best fit line from
which the effective fracture toughness is calculated is included, showing good agreement
with the expected P-1/3 dependence of strength.
Regardless of microstructure all of the observed crack paths are macroscopically
straight, traveling in a transverse direction from the indent directly towards the opposite
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side. This crack morphology is dissimilar from previous examinations of fracture in
alumina with strong morphological texture, which show that cracks tend toward parallel
with the basal surfaces.30,15 In certain cases this crack diversion is found during fracture
testing but not during the pre-crack ‘pop-in’. Fracture surfaces from the two crack
regimes (rapid ‘pop-in’ and the slower testing) suggest that a transition from
transgranular to intergranular cracking occurs as a result of a decrease in fracture energy
or speed.15 Fig. 2-23 shows micrographs of a fracture surface within the indent (Fig. 2-

23a) and far from the indent (Fig. 2-23b) from a 10% templated sample. Within the
indent the fracture path is almost entirely transgranular and appears quite similar to the
popped-in crack from the previous work. The fracture surface away from the indent has
different appearance but a close examination reveals that it is also predominately
transgranular fracture. The lone distinction seems to be that the crack takes on a
somewhat more tortuous path, perhaps meandering from large void to large void. This
suggests that a slower loading rate (or alteration of the grain boundary phase) may be
used to obtain the long-range crack deflection found in previous studies.

Figure 2-23: SEM micrographs of fracture surfaces obtained during indentation-strength
testing (a) within the indent flaw and (b) far away from the indent.
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2.4 Conclusion
Low-liquid content alumina has been successfully textured using the templated
grain growth process. The anisotropic shrinkage behavior inherent in materials with
aligned templates was quantified using high-temperature dilatometry to determine the
effect of template loading and dopant content. Concurrent microstructure evolution was
also observed and described. In general, liquid forming dopants delayed the densification
process to higher temperatures but allowed for higher densities and improved texture
development. X-y plane shrinkage behavior was shown to be very sensitive to the dopant
level, particularly in regards to the maximum strain rate.
It was shown that increasing template loading decreases both the template
orientation quality and the texture fraction. A simple expression was derived that relates
the template size and concentration to the templated grain size and morphology which
can be applied to a number of commonly found templated grain morphologies.
The flexural strength and fracture toughness of textured alumina with 0.14%
dopant and varying template loading were measured in four-point bend testing. Flexural
strength is highly microstructure dependent. Samples with the largest templated grains
(1% templated alumina) have much lower strength than those with smaller templated
grains. Fracture toughness values show no improvement with texturing, while samples
with the highest template loading are actually less tough. Predominantly transgranular
crack paths were observed in fracture surfaces, which eliminates any potential toughening
effects from crack bridging.
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Chapter 3
2-2 Textured-Equiaxed Al2O3 Microstructure Composites: Processing and
Microstructure Development

3.1 Introduction
A new classification of composite, microstructure composites, recently was
proposed as a means to potentially access unique properties through the exploitation of
microstructure-property relationships within a single-phase material. These composites
take advantage of the considerable variance in properties associated with microstructure
by adapting composite connectivity concepts1 to a single phase material. While such
composites can be developed “ex situ” (i.e. diced and assembled), there are significant
processing advantages in producing these composites via the in situ development of
distinct microstructures during sintering. Composite components of a single phase but
with different microstructural features (or, microstructural components) can be obtained
by (i) controlling the initial distribution of dopants and grain boundary phases during
green forming and (ii) maintaining spatial control and connectivity of microstructure
evolution during heat treatment. The predominately single phase nature of these
composites allows us to circumvent some of the processing difficulties inherent in the
production of conventional multiphase composites. For example, thermal expansion
strain is limited to the thermal expansion anisotropy of the system (as opposed to the
thermal expansion mismatch of multiphase systems), potentially resulting in greatly
reduced internal stresses and resultant processing defects. Alternatively, the thermal
expansion anisotropy of a given system can be exploited to develop tailored residual
stress profiles if desired. Chemical stability between microstructural components is also
not a processing consideration, although, as discussed below, regulation of the
interdiffusion of local chemical dopants used to define microstructural components
emerges as either a new challenge to solve or an opportunity to create complex graded
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microstructures. An additional benefit is that both components have the same general
temperature range and atmosphere of operation. For example, the refractory benefit of the
high temperature ceramic component is negated in composites in which the other
component is a polymer, metal, or low temperature ceramic, while the oxidation
resistance benefits of the oxide component is negated in composites in which the other
component is a carbide or nitride.
Crystallographic and morphological texture have particularly pronounced effects
on properties. Whereas ceramics with crystallographic texture exhibit properties
approaching those of single crystals2, materials with morphological texture often have
unique mechanical behavior3,4,5,6 due to relatively large grain sizes and considerable
orientation and morphology dependence of crack deflection/bifurcation4 and crack wake
grain bridging7. Textured ceramics have been extensively studied since the advent of
templated grain growth (TGG) processes8,9. In TGG processing a subset of larger, often
anisomorphic, template particles is oriented during green forming. These template
particles act as nucleation sites for the growth of similarly oriented grains, thus resulting
in a textured microstructure following sintering. TGG-derived ceramics have
significantly different properties than their fine-grained equiaxed counterparts, due to
differences in the size, orientation, and morphology of the grains. We propose that the
combination of textured and equiaxed regions of different volumes, scales, grain sizes,
and connectivities is a potentially powerful tool for microstructure and property
tailoring.
This chapter focuses on the fabrication of 2-2 textured-equiaxed Al2O3
microstructure composites. Textured-equiaxed microstructure composites are defined as
composites in which each microstructural component is layered, to yield 2-2
connectivity. Thus, one component has a textured microstructure and the other
component has a fine-grain, equiaxed microstructure. Tape casting was adopted as the
processing route for developing the 2-2 connectivity of these composites, though one
could conceive of other means such as sequential slip casting, dry pressing, etc. to
achieve similar combinations of microstructures. Al2O3 was selected as a model system
due to the extensive literature regarding dopant effects and microstructure control by
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TGG. Processing strategies were developed with the purpose of achieving microstructure
composites with sharp interfaces separating each microstructural component (called the
component interface) while maintaining the fine-grained nature of the equiaxed
microstructure, as the development of sharp component interfaces will allow for the
greatest flexibility in the minimization of microstructural component dimensions.

3.2 Background
The use of TGG processes for microstructure composite fabrication is challenging
because of the presence, during processing and sintering, of anisomorphic template
particles that are commonly an order of magnitude larger than the powder. During the
early stages of TGG the tabular template particles behave as rigid inclusions and inhibit
densification locally, particularly along the long axes of the templates. This inhibition of
densification is commonly alleviated by the introduction of an intergranular liquid
phase2,3,8, which enables relaxation of the stresses associated with template constraint and
allows for improved densification behavior. Since the long axes of the templates are
aligned, shrinkage within the layer is inhibited along this texture plane resulting in
anisotropic shrinkage in the TGG processed layers3. As a result, significant differential
sintering stresses can arise in the ceramic when the TGG-derived material is co-sintered
with a non-templated material. This type of bulk constraint is a common issue during the
co-sintering of materials with different sintering behavior such as LTCCs and is
particularly important during the initial stage of sintering when the stresses are
concentrated at still-weak particle contacts.
The intergranular liquid phase commonly used in TGG processing presents a
potential issue with microstructure tailoring within the composite. In some cases,
microstructure composite design requires precise spatial distribution of the chemical
species that control microstructure development. Since liquid phases can diffuse rapidly
into other components via wetting and capillary flow, special strategies are required to
regulate the local chemistry. Three dopants commonly used to control microstructure
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development in Al2O3 are CaO, SiO2, and MgO. SiO2 plus CaO is used to encourage
anisotropic growth of tabular Al2O3 grains (due to the formation of an intergranular liquid
phase)10,11 and, thus, is commonly used in TGG processing of monolithic textured Al2O3.
In contrast MgO is used to prevent faceting and anisotropic grain growth in Al2O3 and its
addition results in equiaxed microstructures12,13. All three dopant species are generally
concentrated on or near grain boundaries, due to limited solid solubility14,15,16. Gavrilov
et al. showed that co-doping Al2O3 with MgO and SiO2 increases the solid solubility of
both dopant species by a factor of 300-400 over that of singly doped Al2O3 17,18. This can
be seen in Fig. 3-1, which shows the effect of co-doping on dopant distribution using
high resolution imaging secondary ion mass spectroscopy (HRI-SIMS). During sintering,
co-doping effectively removes the liquid-forming dopants from grain boundaries. The
consequence of this is that the Si/Mg ratio determines the grain boundary dopant
concentration and, therefore, whether grain growth is normal or abnormal (Fig. 3-2).
This is relevant to the current study because the conditions necessary for abnormal grain
growth in Al2O3 are essentially the same the conditions necessary for TGG (i.e. the
existence of an intergranular liquid phase for enhancement of grain growth kinetics).
Using this information we show how to tailor the distribution of liquid forming dopants
to drive TGG locally while using MgO in the adjacent regions to ‘scavenge’ errant liquid
formers and, thus, obtain equiaxed Al2O3.
Textured-equiaxed microstructure composites in the iron titanate and Al2O3
systems have been reported. Tri-layer Fe2TiO5 composites were fabricated by a gel
casting technique19. A gelled (but still wet), templated body was immersed into a
template-free gel and dried. Relative densities of 96% were achieved in the co-sintered
bodies but no microstructures were provided and severe macroscopic tunnel cracking
occurred in the tensile layers during cooling. Park et. al. sequentially stacked and cosintered tapes of templated and non-templated Al2O320. However, there was little
definition of the areas because of extensive liquid phase diffusion throughout the
composite. Wei and co-workers sequentially stacked gel-cast tapes of templated Al2O3
and reaction-bonded aluminum oxide (RBAO)21. While relative densities >95% were
achieved, no high magnification images of either the microstructure interface or the non-
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textured section were provided. In all of the above examples, there was little information
regarding the effect of chemistry and template loading on densification and
microstructure evolution. Furthermore, there were no obvious attempts to regulate the
microstructure of the composites with any precision.

Figure 3-1: HRI-SIMS maps of dopant distribution in alumina with (a) 1000 ppm SiO2
dopant, (b) 500 ppm MgO dopant, and (c,d) 1000 ppm SiO2 plus 500 ppm MgO dopant.
Samples with a single dopant show high concentration of dopant at grain boundaries,
while both (c) and (d) indicate that co-doping has caused both dopants to enter in solid
solution, thus reducing the grain boundary concentration.1717

This chapter defines the various processing issues associated with the fabrication
of textured-equiaxed Al2O3 microstructure composites. 2-2 microstructure composites
were fabricated via tape casting and sequential lamination. Microstructure development
within the two microstructural components were studied as a function of dopant
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concentration (SiO2 and CaO) and template loading with special attention given to the
conditions leading to a sharp component interface.

Figure 3-2: Dopant concentration map delineating the relative dopant concentrations
necessary to induce abnormal grain growth in high-purity alumina. The map indicates
that the effects of increasing amounts of SiO2 can be neutralized with increasing amounts
of MgO.2222

3.3 Experimental Procedure
The starting high purity Al2O3 powder (TM-DAR, purity > 99.99%, Taimei
Chemical Co. Ltd., Japan) had an average particle size of 200-300 nm. The template
particles were single crystal Al2O3 platelets (Advance Nanotechnology Limited,
Welshpool, Australia) with a thickness of ~100 nm and a diameter of 5-10 µm.
Magnesium nitrate, calcium nitrate, and tetraethylorthosilicate (TEOS) were used as
dopant precursors. Menhaden fish oil and 50:50 (wt ratio) ethanol/xylenes were used as
the dispersant and solvent systems, respectively. Alumina powder was dispersed in an
ethanol/xylenes and fish oil solution and ball-milled for 24h using high-purity alumina
milling media. The appropriate dopant precursor was dissolved in the slurry and
precipitated using several drops of diluted ammonium hydroxide. Appropriate amounts
of binder and plasticizers (polyvinyl butyral, polyalkylene glycol, and benzyl butyl
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phthalate) were then added, followed by an additional 24 h milling/mixing step. For
templated tapes, the desired amount of Al2O3 templates was ultrasonicated in the solvent
and dispersant mixture. This mixture was added to the slurry with only one hour left in
the mixing step to limit breakage from milling. Following the mixing step, the slurries
were de-aired while stirring until the proper viscosity was reached. The tapes were cast
on Mylar under a doctor blade at a casting rate of ~5 mm/sec using a commercial tape
casting apparatus (Richard E. Mistler, Inc., Morrisville, PA). The dried tapes were cut,
stacked, and isostatically laminated at 75°C and 20 MPa. Binder was burned out by
heating in air at 0.25°C/min to 625°C. The samples were sintered in air at 1550°C.
Polished cross-sections were thermally etched at 100°C below the sintering temperature
and gold-coated for SEM observation (Philips XL-20, Philips Electronic Instruments Co.,
Mahweh, NJ).
Shrinkage behavior of several composites and monoliths were evaluated by hightemperature dilatometry at 3°C/min to 1530°C (the peak temperature of the apparatus)
with a 30 min hold. Sintered densities were measured using quantitative microscopy
(pore counting, >3500 points).
A variety of 2-2 composites were fabricated by lamination of sequentially stacked
tapes. In all cases mirror symmetry along the composite long axis was maintained to
avoid warpage from sintering and cooling stresses. Texture was observed using electron
back scattered diffraction (EBSD) and imaged using commercial orientation imaging
microscopy (OIM) software (Hitachi S3500N TSL/EDAX OIM, Mahweh, NJ). Samples
for EBSD/OIM were prepared by polishing with 0.05 µm γ-Al2O3. Colloidal silica was
avoided due to anisotropic etching of grains.
Quantification of texture quality was determined by the rocking curve method.23
Two separate scans were collected for each sample. The first scan is a θ-2θ scan about
one of the preferred orientation peaks, in this case the 000·12 peak (2θ~90.7°). The
second scan is a “rocking scan” taken using the exact 2θ position obtained in the first
scan. With 2θ fixed, the theta scan was collected from 25.35°< θ < 65.35° (or -20° < ω <
20° where ω is the angle between the specimen tilt and the texture axis). The data was
corrected for defocusing and absorption using TexturePlus, a program developed for this
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purpose at NIST.24 The corrected data is then fit analytically to a texture model. For this
work we use an axisymmetric texture model; the March-Dollase function:25 Eq. (3.1)
sin 2 ω 3 / 2
P ( f , r , ω ) = f ( r cos ω +
) + (1 − f )
r
2

2

(3.1)

where f is the texture fraction and r is the orientation parameter. Trilayer composites
fabricated for texture quantification were composed of a large (~1 mm thick) inner
textured layer that was exposed by grinding off the outer equiaxed layers.
SiO2 and CaO were used as liquid forming co-dopants to facilitate texture
development in the templated layers. For the SiO2 and CaO co-doping concentrations
studied (i.e. 0.14 wt%, and 2 wt%), a constant atomic ratio of 5:1 (Si:Ca) was used. This
system is referred to generally as the ‘doped’ system. The system with 0.14 wt% dopant
corresponds to 1000 ppm SiO2 and 200 ppm CaO. MgO dopant will be referred to
specifically when appropriate. For all composite experiments, a single MgO
concentration (1000 ppm) was used to prevent abnormal grain growth in the equiaxed
layers.

3.4 Results and Discussion

3.4.1 Spatial Microstructure Control
To produce composites with small microstructural components, it is crucial that
fine spatial control of microstructure development be maintained such that a distinct
interface exists between the microstructural components. We know from the previous
chapter that textured Al2O3 can be produced with any of the dopant concentrations (0
wt%, 0.14 wt%, and 2 wt%), though the resultant texture quality and density are highly
dependent on dopant concentration. To identify the appropriate dopant concentration for
the fabrication of 2-2 textured-equiaxed composites, we first determined if each dopant
concentration allows for local control of microstructure development. Tri-layer
composites with MgO-doped outer layers and a doped, non-templated inner layer (0.14%
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and 2%) were fabricated and sintered. It was determined that a 0% dopant composite was
unnecessary, as template growth is only associated with the presence of templates, not the
incorporation of liquid phase forming dopants that need to be confined.
It was shown in the previous chapter that templated Al2O3 with 0.14% dopant
sintered at 1450°C exhibits very little template or matrix grain growth, while increasing
the sintering temperature to 1550°C yields well-textured microstructures, thus indicating
a change in the grain growth mechanism between 1450°C and 1550°C. Tri-layer
composites with a thick 0.14% doped inner layer produced here yield similar results.
When sintered at 1450°C, the 0.14% doped layer is very fine grained (1-2 µm) and the
outer layers have somewhat larger grains (3-4 µm). When sintered at 1550°C for 30 min,
however, the microstructure of the inner layer has coarsened greatly (Fig. 3-3a). The
grains in the inner layer have grown abnormally large and developed a platelike
morphology with lengths exceeding 200 µm. The grains in the outer layers have grown
to only ~5 µm and remain equiaxed. More importantly there is a distinct, well-defined
interface between the layers, with none of the large grains of the inner layer penetrating
the outer layers appreciably (Fig. 3-3b). This indicates that the MgO incorporated in the
outer layers was successful in limiting abnormal grain growth to the original, doped
layer. There appears to be a strong effect of layer thickness of microstructure
development. A multilayer composite with thinner 0.14% doped layers (~75 µm)
separated by thin MgO doped layers of equal thickness is shown in Fig. 3-3c. Abnormal
grain growth is, again, successfully confined to the layers with 0.14% dopant. However,
a higher magnification view of the microstructure of the 0.14% doped layers (Fig. 3-3d)
the abnormal grains are much smaller and there are normal matrix grains remaining. This
effect of layer thickness on microstructure development is the result of dopant
interdiffusion. It will be shown in the following section that this dopant interdiffusion
effect can have an effect on texture development during 2-2 textured-equiaxed
microstructure composite fabrication as well.
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Figure 3-3: SEM micrographs showing two composites with 0.14% doped layers and MgOdoped layers, both sintered at 1550°C for 30 min. The tri-layer composite shows (a)
extensive abnormal grain growth in the 0.14% doped layer and (b) a sharp microstructure
interface between the layers. The multi-layer composite also shows (c) abnormal grain
growth confined to the 0.14% doped layers, but (d) exhibits considerably less abnormal
grain growth due to dopant interdiffusion.
It was shown in the previous chapter that higher densities for textured materials
were obtained when the dopant concentration is increased to 2 wt%. Multi-layer
composites analogous to those shown in Fig. 3-3 were fabricated to determine if local
microstructure development can be similarly controlled using 2% dopant. It was also
shown in the previous chapter that full template growth occurs by 1350°C. Fig. 3-4
shows the cross-section of a 2 wt% doped layer after sintering to 1350 °C for 30 min.
Abnormal grain growth has initiated within the doped layer, though abnormal grains
constitute a fairly low volume fraction of the layer Fig. 3-4a. The difference between the
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degree of grain growth seen in Fig. 3-4a and Fig. 2-16a is likely due to dopant
interdiffusion during composite sintering, though the inclusion of template particles may
play a role by increasing the nucleation density of abnormal grains. The interface
between the layers is shown in Fig. 3-4b. There is significant abnormal grain growth in
the MgO-doped layer, despite the relatively modest degree of abnormal grain growth in
the doped layer (compared to that observed in Fig. 3-3b). This indicates that the local
microstructure control necessary for the fabrication of textured-equiaxed composites with
fine-grained equiaxed layers is not possible with 2 wt% dopant in the textured layers.
Therefore, textured-equiaxed composite design was only attempted using 0.14% dopant
and no dopant in the textured layers.
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Figure 3-4: SEM micrographs showing (a) a 2 wt% doped layer between two MgOdoped layers and (b) a higher magnification view of the component interface from a
multi-layer composite sintered at 1350°C for 30 min.

3.4.2 Textured-Equiaxed Composite Fabrication
There were two notable results of attempts to fabricate textured-equiaxed
composites with no dopant and 1 vol% templates. The first is that template growth was
inhibited near the component interface. Fig. 3-5, shows the cross-section of the
component interface, in which there is a clear gradation in templated grain size. This is a
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result of MgO diffusion into the templated layer, which causes an inhibition of template
growth within a ‘diffusion affected zone’. The ‘diffusion affected zone’ is ~70 µm at
1450°C (Fig. 3-5a) and ~60 µm at 1550°C (Fig. 3-5b). Additional attempts to avoid this
problem were made by producing analogous composites without the use of MgO, but
abnormal grain growth could not be avoided in the equiaxed layers. A more critical
consequence of fabricating composites with no dopant occurred at higher sintering
temperatures (1550°C), where there is extensive edge cracking within the textured layer
(Fig. 3-6a), with some samples splitting completely apart. This cracking occurs along the
basal faces of templated grains (Fig. 3-6b). We know from Fig. 2-4 that there is
essentially no differential sintering between these two layers and there should therefore
be no stress development during sintering. As discussed later, it is predicted that stresses
will arise during cooling as a result of thermal expansion mismatch between the layers.
Textured layers under biaxial compression have been shown to fail by edge cracking.26 It
is predicted that thinner textured layers will not experience edge cracking and this is
found to be the case here. As a result, the combined effects of inhomogeneous textured
microstructures and edge cracking preclude the use of no dopant within the templated
layer during fabrication of textured-equiaxed microstructure composites.
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Figure 3-5: SEM micrograph showing the component interface of tri-layer composite
sintered at 1350°C for 30 min. Inner layer has 2% dopant and no templates. Outer layer
is MgO-doped.
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Figure 3-6: SEM micrographs showing (a) macroscopic and (b) microscopic views of
edge cracking in a tri-layer composite sintered at 1350°C for 30 min. Inner layer has
0.14% dopant and 1 vol% templates. Outer layer is MgO-doped.
The two issues affecting composites with no dopant (i.e. texture gradient and edge
cracking) are not observed during the fabrication of composites that use 0.14% dopant.
High density composites of many different architectures and layer thicknesses were
produced with no cracking and uniform microstructures. There was a distinct, welldefined component interface between the textured and equiaxed layers, as seen in Fig. 3-

7a. Besides tri-layer composites with thick (>500 µm) layers, multilayer composites
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were produced as seen in Fig. 3-7b. Because the component interface is smooth and
well-defined, layers could be made extremely thin. Fig. 3-7b shows a textured layer that
is less than 20 µm thick. Though no attempts were made to produce even thinner layers,
tape casting is regularly used in industry to create tapes thinner than 1 µm. This dopant
concentration (0.14%), by virtue of the uniform layer microstructures and well-defined
component interface, has been proven to be an appropriate dopant concentration for the
fabrication of textured-equiaxed microstructure composites and, thus, will be used for the
remainder of the chapter.

Figure 3-7: SEM micrographs of various textured-equiaxed microstructure composites
sintered at 1550°C for 30 min with 0.14% dopant. Images include (a) the component
interface of a tri-layer composite with 1 vol% templates, (b) a multilayer composite with
5 vol% templates, and (c) a thin textured layer with 1 vol% templates.

3.4.3 Densification Constraint
It was found in the previous chapter that, at all temperatures and levels of
sintering, templated Al2O3 exhibits less x-y plane shrinkage than non-templated MgOdoped Al2O3. The inhibition of x-y plane shrinkage is primarily due to constraint around
templates and was found to (i) increase with template loading and (ii) limit the total x-y
shrinkage. During co-sintering of layers within a symmetric composite, however, the x-y
plane shrinkage of the layers is equal. It is therefore expected that biaxial stresses will
develop during composite sintering as a result of differential sintering. In this case (i.e.
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sintering of a 2-2 composite composed of templated Al2O3 and MgO-doped Al2O3) the
templated layer is under bi-axial compression while the equiaxed layer is in bi-axial
tension.
To determine how biaxial stresses affect the densification and microstructure
development of the individual layers, we studied the x-y plane shrinkage behavior of two
sets of 2-2 textured-equiaxed composites, one with 5 vol% templates (Fig. 3-8a) and the
other with 15 vol% templates (Fig. 3-8b). The x-y plane shrinkage of a textured
monolith and an equiaxed monolith (i.e. the constituents of the composite) is compared
with the x-y shrinkage of two different composites. One composite has two textured
layers (75 µm thick) and three equiaxed layers (375 µm thick) and is referred to as a
12:88 composite due to the volume ratio of textured material to equiaxed material. The
other composite has 14 textured layers (75 µm thick) and 15 equiaxed layers (75 µm
thick) and is referred to as a 48:52 composite. As seen in Fig. 3-8, composite x-y plane
shrinkage falls between that of its constituents and is a function of the layer volume ratio.
Therefore, textured layers experience greater x-y plane shrinkage as a result of
compositing, while the x-y shrinkage of equiaxed layers is inhibited. Additionally, it
appears that composite shrinkage is affected more strongly by the volume of textured
layers. That is, the x-y shrinkage behavior of the 48:52 composite is much closer to that
of the 100% textured material (than the 100% equiaxed material) despite being composed
of more equiaxed material than textured material.
It is known that aside from template loading and chemistry, however, the stress
development in co-sintered composites is a function of the relative size scale (i.e. layer
thickness) and volume fraction of each layer. To isolate the effects of template loading
on microstructure development, tri-layer composites were fabricated with a 200 µm thick
interior textured layer and exterior equiaxed layers (~500 µm each). Mirror symmetry
was imposed in the samples to balance the sintering stresses and to avoid warpage. All
composites were flat and free of macrocracks after sintering.
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Figure 3-8: Shrinkage in the x-y plane as a function of temperature measured by
dilatometry during sintering at 3°C/min to 1500°C. Samples tested include MgO-doped
alumina, textured alumina, and two composites with 12 and 48% textured material.
Template loadings studied include (a) 5 vol% and (b) 15 vol%.
The effects of template loading on composite densification and microstructure
development are shown in Fig. 3-9, which shows cross-sections of composites sintered at
1550°C for 1 h and with 0.14% dopant in the textured layer. Fig. 3-9a shows the
component interface of a composite with 1% template loading in the textured layer. This
composite has a fully dense textured layer and a dense equiaxed layer. Increasing the
template loading to 5 vol% (Fig. 3-9b) leads to the development of significant porosity
between templated grains. The amount of intergranular liquid associated with 0.14%
dopant was not sufficient to fully compensate for the degree of template constraint. We
know from Fig. 4 that free sintered monoliths with 5% template-loading shrink
considerably less than MgO-doped equiaxed monoliths (18.9% vs. 14%). This results in
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the development of biaxial tensile stresses within the equiaxed layer during co-sintering.
Fig. 3-9b shows that this constraint did not produce any sintering defects in the equiaxed
layer. The equiaxed region is dense and not significantly different than in Fig. 3-9a. As
the template loading increases, however, the effect of template constraint on
microstructure development in the equiaxed layer is observed. For composites with
template loadings of 10 and 15% (Fig. 3-9c and Fig. 3-9d), there is significant porosity in
the equiaxed layer. The porosity exists at triple points and extends approximately 40-60
µm into the equiaxed region, as seen in Fig. 3-10. The depth of the porous region is
found to be dependent upon dopant level and template loading. The textured layer is also
increasingly porous, again indicative of insufficient relaxation of the stresses associated
with the template constraint.

Figure 3-9: SEM micrographs showing the component interface of tri-layer composites
sintered at 1550°C for 60 min. The textured component has 0.14% dopant and (a) 1
vol% templates, (b) 5 vol% templates, (c) 10 vol% templates, and (d) 15 vol% templates.
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We’ve shown that stresses from template constraint are manifested within the
microstructure on two scales. Inhibition of densification occurs when the stress fields
around templates begin to overlap, an effect that is exacerbated in systems with limited
stress relaxation kinetics such as those used in this study. Therefore, the density of
textured components with high template loadings is ultimately limited even if the green
body is well-packed. The differential sintering due to template constraint, in turn, causes
biaxial tensile stresses that inhibit densification of the equiaxed component. This is
evidenced in the form of voids in the near-interface region of the equiaxed component.

Figure 3-10: SEM micrographs showing porosity that develop near the component
interface of a tri-layer composite sintered at 1550°C for 60 min. The textured component
has 0.14% dopant and 15 vol% templates.
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3.4.4 Composite Architecture Effects
Stress development throughout processing of the composites, whether originating
from differential sintering (as seen in Fig. 3-6) or thermal expansion mismatch, is a
function of composite architecture. In this case the relative and absolute thicknesses of
the component layers can affect both densification and microstructure development. It is
also not unreasonable to expect composites that use local chemistry control to govern
microstructure development to be affected by composite architecture due to changes in
initial dopant distribution and diffusion distances. In the following section, several
effects of architecture on microstructure development and density are observed and
discussed along with the resultant consequences for composite design.
It was previously determined that, when two layers with different total x-y plane
shrinkage are stacked and co-sintered in a multilayer composite, the composite x-y plane
shrinkage is dependent on the textured to equiaxed material volume ratio. This is
expected to be a function of the relative strain rates and mechanical properties (e.g.
viscosity) during sintering. To observe the effect of layer ratio on microstructure
development, a series of composites was fabricated. All composites were fabricated with
a total of 11 layers of identical thickness (~75 µm sintered) but with systematically varied
textured to equiaxed layer ratios (10:1, 9:2, 8:3, etc.). Because the equiaxed and textured
layers are of equal thickness, this ratio also corresponds to a volume ratio. All textured
layers have 5% template loading. Fig. 3-11 shows the total x-y plane shrinkage of this
composite series sintered to 1550°C for 90 minutes. Composite x-y plane shrinkage is
increasingly limited with increasing volume of textured material. In agreement with
Fig. 3-8, small amounts of textured layers can significantly reduce composite x-y plane
shrinkage. Composites with identical layer ratios but different stacking sequences (trilayers) were also fabricated. They show almost no difference in x-y plane shrinkage.
Therefore, we conclude that x-y plane shrinkage is predominately determined by the
layer ratio, regardless of the actual stacking sequence.
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Figure 3-11: Total x-y plane shrinkage of multilayer composites, plotted as a function of
the vol% of textured material within the composite. All composites have 11 total layers,
with varying numbers of textured layers (10:1, 9:2, etc.). Textured layers have 0.14%
dopant and 5 vol% templates and are sintered at 1550°C for 90 min.
The micrographs in Fig. 3-12 show near-interface microstructures of composites
from the previous series which have 9% and 91% textured layer and exhibit 18% and
14.4% total x-y plane shrinkage, respectively. There are clear microstructural
distinctions within both layers caused by the architectural differences between the two
composites. The grain size within the equiaxed layer increases as the x-y plane shrinkage
increases. One possible explanation is that final stage densification is reached earlier due
to reduced biaxial tensile stresses, which results in a longer period of time for grain
growth. An alternate explanation is that the equiaxed layer comprises a small percent of
the composite and, therefore, the amount of dopant available for inter-diffusion would be
higher. This would result in enhanced grain growth kinetics due to increased dopant
content. In addition, the density of the textured layer increases as the x-y plane shrinkage
increases. Within the textured layer, the biaxial compressive stress that arises during cosintering is sufficient to effectively counteract some of the stresses from template
constraint. We should note that an analogous inter-diffusion argument to that used for
the equiaxed layer cannot apply here. For the composite with 9% textured layers the
dopant content of the textured layer is expected to be lower, yet evidence of this effect on
the microstructure is not observed. Therefore we conclude that biaxial compressive
stresses within the textured layers must be the origin of the improvement in density.
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Figure 3-12: SEM micrographs showing the component interface of two of the 11-layer
composites from Fig. 3-9.
Microstructure development is controlled locally by dopants and, consequently,
dopant diffusion kinetics. Therefore, the relative thickness of the layers can be expected
to affect microstructure development for reasons other than stress development. For
example, thin layers will be depleted of dopants more readily than thicker layers. To
illustrate this point, a single symmetric composite was fabricated with textured layers
(with 1% templates) of a variety of thicknesses (40, 80, and 200 µm) separated by ~200
µm thick equiaxed layers and sintered to 1550°C for 30 min. Because the x-y plane
shrinkage is a constant, the effect of layer thicknesses is isolated. Fig. 3-13 shows
micrographs from within the different layers. The thickest layer (200 µm) is fully
textured with extremely large templated grains. The medium layer (80 µm), on the other
hand, has considerably smaller templated grains. Finally, the thinnest layer (40 µm) not
only has yet smaller templated grains but also contains remnants of the matrix material.
This indicates that the dopants used to enhance template growth are increasingly depleted
by outward diffusion as the layer thickness decreases and that this must be taken into
account during composite design.
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Figure 3-13: SEM micrographs showing the microstructure of textured layers of varying
thickness within a single composite sintered at 1550°C for 30 min. Micrographs show (a)
a 40 µm layer, (b) an 80 µm layer, and (c) a 200 µm layer. All textured layers have 1
vol% templates.
To confirm the above discussion concerning layer thickness and dopant diffusion,
we must rule out the role of differential sintering stress in causing the differences in
microstructure development seen in Fig. 3-13. Sintering stress development within a
layer is determined by the composite architecture and component sintering viscosity.27
Unfortunately the measurements of sintering viscosity was beyond the scope of this
study. However, to a first approximation, the differential sintering stress in layer i (σi)
should be proportional to the difference between the free sintering strain rate of layer i
( ε&i ) and the composite strain rate. Because ε& of the textured layers are the same, and
assuming the in-plane strain rate of the composite is the same throughout the entire
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thickness, the stress development in each of the textured layers in Fig. 3-13 should be
equivalent. As a result, the microstructure differences observed in Fig. 3-13 are solely
caused by dopant interdiffusion.
While stresses arise during sintering due to differential sintering and template
constraint, they are generally relaxed at the sintering temperature by mass transport. It is
well known, however, that internal stresses are generated once again upon cooling due to
thermal expansion mismatch. Much like template constraint stresses, thermal expansion
stresses are manifested on two scales, the microstructural scale and the composite scale.
On the microstructural scale, this is due to the thermal expansion mismatch between
adjacent grains (which may lead to microcracking). It has been shown that that textured
Al2O3 has a significantly lower residual stress state than equiaxed Al2O3 due to
significantly reduced grain-to-grain orientation misalignment.28 Regardless, the equiaxed
grains obtained in this study are not so large as to cause microcracking.
Thermal expansion mismatch on the composite scale, however, can have a severe
impact on successful composite design. This generally results from the macroscopic
difference in thermal expansion between the layers. While the thermal expansion
behavior of the equiaxed layer is isotropic, the thermal expansion behavior of the textured
material is closer to that of a single crystal of identical orientation. Due to the trigonal
symmetry of Al2O3, thermal expansion is isotropic about the c-axis. As texturing
imposes no additional symmetry, we can use reported values of a-axis thermal expansion
for x-y plane thermal expansion of the textured layers. During cooling, the layer with the
lower x-y plane thermal expansion coefficient (textured) will restrict the contraction of
the layer with the higher x-y plane thermal expansion coefficient (equiaxed), creating a
biaxial compressive stress in the former and a biaxial tensile stress on the latter. The
tensile layer can potentially exhibit tunnel cracking during cooling. For example, the
Fe2TiO5 composites fabricated by Baskin et al exhibited significant tunnel cracking due
to the combination of the low strength and highly anisotropic thermal expansion behavior
of Fe2TiO5.19
In the present study, however, no evidence of tunnel cracking was observed. To
determine if tunnel cracking can occur in any other composite architectures, we consider
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the following case. In a layered structure the thermal mismatch strain in the equiaxed
layer at room temperature is given by: Eq. (3.2)
Tf

ε r = ∫ (α e − α t )dT

(3.2)

Ti

where Tf is the temperature at which stress relaxation ceases, Ti is room temperature, αt is
the thermal expansion coefficient of the textured layer, and αe is the isotropic thermal
expansion coefficient of Al2O3. Temperature dependent thermal expansion coefficients
of α-Al2O3 are taken from Munro29 and the mismatch strain was computed numerically
over the entire temperature range. The tensile stress in the equiaxed layer reaches a
maximum when its thickness is much less than the thickness of the textured layer (te<<tt).
In this case, the residual stress is given by:30 Eq. (3.3)

σr =

ε r Ee
1 − υe

(3.3)

where Ee is the elastic modulus of the isotropic Al2O3 (380 GPa) and νt is the Poisson’s
ratio (0.32). Using 1200°C as the relaxation temperature, the thermal mismatch strain is
calculated to be 276 ppm. This results in a residual biaxial tensile stress of 154 MPa.
While this stress is likely too low to crack well-processed Al2O3, we have no information
regarding the flaw population in this system. Fracture mechanics has been used to show
that cracking cannot occur in the tensile layers if the thickness of tensile layer is below a
critical thickness given by:31 Eq. (3.4)

tc =

4 K IC2

πσ R2

(3.4)

where KIC is the fracture toughness of Al2O3 (taken as 3 MPa·m1/2). This results in a
critical thickness of 481 µm. Therefore, assuming the sintering stresses are fully relaxed
prior to cooling, tunnel cracking due to thermal expansion mismatch is not possible if the
equiaxed layer is less than 481 µm. For thicker layers, tunnel cracking is possible
(though still dependent upon the thickness ratio). However, as the maximum residual
stress is only 154 MPa, careful processing should allow for sufficient strength to prevent
cracking.
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3.4.5 Texture Characterization
It was demonstrated in the previous section that the microstructure of the textured
layers is affected by compositing and, more specifically, changes in the biaxial stress
state during sintering associated with composite architecture effects. To evaluate the
effect of compositing on texture quality, two experiments were performed. The first was
designed to explore the effect of sintering within a composite with little stress
development from differential sintering, i.e. a composite with 1 vol% template loading.
The purpose was to determine if changes in dopant chemistry due to inter-diffusion alter
the texture quality. The second was designed to explore the effect of composite
architecture on texture quality.
Rocking curve measurements were performed on two different samples to
determine what effect, if any, compositing has on texture development. The first sample
is a textured Al2O3 monolith with 1% template loading and 0.14% dopant. The second is
a tri-layer composite with MgO-doped equiaxed exterior layers (500 µm thick) and an
interior layer (500 µm thick) with the same composition as the monolith. Before
analyzing the composite sample, the exterior layer on one side was ground off to expose
the interior layer. Care was taken to avoid removing significant amounts of the interior
textured layer. Fig. 3-14 shows the normalized rocking curve results for these two
samples. The curves are quite similar, with FWHM of 4.59° and 4.31° for the monolith
and composite samples, respectively. These curves were then fit to the March-Dollase
function and texture fraction (f) and orientation parameter (r) values were obtained.
Despite the modest difference in FWHM values, the March-Dollase parameters of the
textured monolith (f=0.734, r=0.128) and the composite layer (f=0.734, r=0.126) are
almost identical. Therefore it is concluded that, in the absence of significant stresses
from differential sintering, templated material develops similar texture quality after
sintering freely and within a composite with thick layers. It should be noted, however,
that this technique required a thick textured layer and, therefore, this conclusion should
not necessarily be extended to very thin textured layers, as suggested by the different
textured microstructures seen in Fig. 3-13.
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Figure 3-14: Normalized rocking curve data comparing the texture quality of a textured
monolith and the textured layer of a tri-layer composite, both sintered at 1550°C for 90
min. Both textured materials have 1 vol% template loading. The tri-layer composite has
a 500 µm inner textured layer and two 500 µm outer equiaxed layers.
It is evident from Fig. 3-12 that changes in stress development associated with
composite architecture can have a significant effect on the microstructure of the textured
layers. To quantify this apparent change in texture quality, two tri-layer samples were
fabricated for rocking curve texture analysis, each containing of a 500 µm inner textured
layers with 15 vol% template loading. One sample has thin (~75 µm) outer equiaxed
layers and is therefore comprised 77% textured material by volume. The other sample
has thick (1.6 mm) outer equiaxed layers and is therefore comprised 13.5% textured
material by volume. The textured layer in the 77% textured composite sintered under a
smaller compressive stress than the textured layer in the 13.5% texture composite.
Rocking curves for each sample, measured after grinding off one of the outer layers, are
shown in Fig. 3-15. The textured layer in the 13.5% textured composite has a
significantly higher FWHM (8.62) than the textured layer in the 77% composite. An
examination of the microstructure showed no obvious change in texture fraction. The
results, therefore, indicate that template alignment can be disrupted during sintering

82
within templated layers experiencing high levels of biaxial compression. This is,
perhaps, expected, since tensile deformation can be used to improve the alignment of
anisotropic particles.

Figure 3-15: Normalized rocking curve data comparing the texture quality of a textured
monolith and the textured layer of two tri-layer composites, all sintered at 1550°C for 90
min. All textured materials have 15 vol% template loading. The tri-layer composites
have a 500 µm inner textured layer and two outer equiaxed layers of 250 µm and 5 mm.
Composite texture was also observed using EBSD/OIM, wherein the orientation
of each individual grain is determined via automatic indexing of Kikuchi patterns
obtained from the EBSD measurements. The calculated grain orientations are color coded
and mapped. The templated grains in a composite cut perpendicular to the texture plane,
if aligned properly, should be [01-10] (as represented by the blue-green spectrum). The
EBSD map of a composite with 1% templates and sintered at 1550°C for 30 min is
shown in Fig. 3-16. The EBSD map shows a templated layer that is well textured (bluegreen region) between two equiaxed layers (random multicolored region), with welldefined component interfaces.
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Figure 3-16: EBSD map of one textured layer of a multilayer composite and sintered at
1550°C for 30 min. The textured layer has 0.14% dopant and 1 vol% templates.

3.5 Conclusion
The densification behavior and microstructure development of the individual
layers provides guidelines for the successful co-sintering of defect free textured-equiaxed
composites. Liquid content should be sufficient to drive templated grain growth and
facilitate densification but remain as low as possible to avoid abnormal grain growth in
the adjacent regions. The sintering profile of the layer with 1% template loading and
0.14% dopant is similar to that of the potential equiaxed layer. As a result, this
combination produced dense, defect free composites. Composite architecture is found to
affect microstructure development within composite samples for a variety of stress
development and chemical diffusion reasons.
Finally, many of the processing issues addressed in this paper are relevant not
only to the composites studied here but to any potential microstructure composite. These
issues include, but are not limited to:
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•

Differential shrinkage between microstructure components due to a variety of
factors including template constraint, controlled porosity, and dopant or green
density controlled differential sintering kinetics.

•

Dopant effects near component interfaces. Composite designs that use
localized dopants for microstructure control must account for inter-diffusion
of dopants.

•

The effect of composite architecture on dopant distribution and stress
development.
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Chapter 4
Fracture Behavior of 2-2 Textured-Equiaxed Microstructure Composites: NonCatastrophic Failure and Flaw Tolerance

4.1 Introduction
Monolithic ceramics, despite possessing attractive properties such as thermal and
chemical stability, corrosion and wear resistance, have historically found limited use in
high temperature structural applications due a lack of mechanical reliability. Ceramics
tend to be brittle and fail in a catastrophic manner, often with no forewarning of
imminent failure. Moreover, because of the flaw-size dependence of strength, the use of
expensive proof-testing is often required to ensure that there is no failure during
application. Two general approaches to improve the mechanical reliability of monolithic
ceramics have been adopted; elimination of flaws during powder processing1 and
increasing the fracture toughness via microstructure engineering2,3. While significant
progress was been made on these fronts, more promising advances have been made in the
field of ceramic composites.
Common ceramic composite architectures include ceramic-matrix composites
(CMC), fibrous monoliths, and laminar composites. Of these, CMCs offer the most
promising set of properties4,5 and are increasingly used in high temperature applications
such as turbine engines. However, despite extensive research over the past 20 years and
current commercial success, CMC’s are still quite expensive to produce. Fibrous
monoliths, produced primarily by Halloran and co-workers,6,7 show potential but require
the use of complicated co-extrusion processes. Laminar composites, on the other hand,
can be produced by a variety of inexpensive processing techniques (including tape
casting, slip casting, and electrophoretic deposition) that can be used to attain the 2-2
connectivity of a laminate structure. Extensive research in the past 20 years has shown
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that laminar composite design can result in high fracture energy and work of fracture,
flaw tolerance, and non-catastrophic failure behavior.8
Laminar composites can be engineered to fail non-catastrophically by inducing
crack deflection or bifurcation, either at an interface or within an interphase. Broadly
speaking, crack deflection occurs when the driving force for crack deflection equals the
fracture energy in the direction of the deflection at a lower stress than that required for
the driving force of the penetrating crack to equal the fracture energy in the penetration
direction.9,10 Crack deflections previously observed in the literature can be broadly
categorized as those that occur at a weak interface (or interphase) and those that occur
within a strong interphase. It should be noted that there does not appear to be a
consensus in the literature regarding the differences and similarities between weak
interface and interphase deflection. The distinction is particularly murky in systems with
very thin interphases. But the distinction is important, because it delineates whether the
crack deflection is primarily a result of the interface properties or the bulk properties
(within the composite) of the interphase. An interphase is not to be confused with a bulk
constituent of a composite, as it constitutes a small volume percent (<5%) of the entire
composite.
Crack deflection was first treated in the fracture mechanics by Cook et. al.11
Crack deflection at a weak interface between two materials was modeled by He and
Hutchinson.12 This model (and subsequent extensions thereof)13 has been used to
accurately predict the deflection of a crack whose tip lies at the interface between two
materials and includes the effect of elastic modulus or thermal expansion mismatch. For
an interface between two materials with no elastic mismatch, crack deflection will occur
if the interfacial fracture resistance is less that 25% of the fracture resistance of the
uncracked material. The use of a weak interface for crack deflection was realized in
laminar composites by Clegg et.al.14 and in fiber reinforced composites by Brennan and
co-workers15. Thin inter-layers of low fracture energy material (including graphite,
boron nitride16,17, and LaPO418) have been observed to deflect cracks in laminar and fiber
composites. LaPO4 (or monazite) is particularly useful, as it not only has significantly
higher through-thickness strength than BN or graphite but is resistant to oxidation at high
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temperatures, and has been adopted as one of the primary fiber coating materials to
promote fiber pullout in CMCs.
Porous layers, containing at least 35-40% porosity, have been used to deflect
cracks in Al2O3, SiC, and B4C.10,19-21 The use of porous layers to deflect cracks is
advantageous in that the layers can be the same material and, as such, chemical
compatibility and thermal expansion mismatch are not an issue. Crack deflection in
porous layers can truly be categorized as interface deflection because (i) the majority of
the crack deflection occurs along the interface between the porous and dense layer, as
opposed to within the porous layer and (ii) the deflection behavior is accurately modeled
as an interface deflection.19
Crack deflection in strong interphases has been observed in Al2O3/Zr(12Ce)O2,
Al2O3/TZ-3Y, and ZrO2/ZrO2 laminar composites.22-24 Studies show that crack deflection
observed in these systems is the result of biaxial compressive stresses, which is usually
generated by thermal expansion mismatch between layers. Crack bifurcation has been
suggested to occur in layers with high in-plane compressive stresses due to the creation of
through-thickness tensile stresses during crack opening.22 It seems, however, that crack
deflection primarily from residual stresses has limited potential, as the stress required for
such deflection is quite high and commonly induces edge cracking. In addition, the
desire to avoid significant tensile stress in the other layers places restrictions on the
relative layer thickness and periodicity.
It should be noted that the classification adopted here (weak interface/interphase,
strong interphase), though convenient for discussion, does not imply that overlapping
deflection mechanisms are not operative. For example, weak interphases are commonly
subject to compressive residual stresses that may contribute to crack deflection. A
particularly interesting example, as noted by Kovar et.al.,25 is whether BN (or graphite
for that matter) deflect cracks primarily because of the weak interface or the anisotropic
fracture energy of the interphase (which usually consists of aligned platelets).26 Though
not further explored in the literature, this raises the prospect of using other interphases
with anisotropic fracture energy, such as textured ceramics.
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The use of designed residual stress profiles has yielded more significant results
than the induction of crack deflection. For many years, surface compressive stresses
have been introduced in glasses by chemical and thermal tempering to lower surface flaw
sensitivity. Tandon and Green predicted and observed that compressive stresses at a
certain depth in the material, rather than at the surface, can arrest cracks and limit
strength variability.27,28 This strategy has been used to impart flaw tolerance (or
insensitivity) in glasses and ceramics with designed subsurface residual stress
profiles.29,30 An alternative approach, established by Lange, involves placing
compressive layers throughout the composite to impart insensitivity to both surface and
bulk flaws.31 Using this principle, laminar composites possessing threshold strength,
defined as the stress below which crack growth cannot occur, have been engineered using
residual stress generated from ion exchange32, thermal expansion33, and crack induced
phase transformation34. The relatively recent development of threshold strength behavior
has potential to circumvent the reliability limitation inherent in monolithic ceramics and
allow for broader use of ceramics in structural applications. Flaw tolerant behavior has
also been observed in Al2O3-Al2TiO5 tri-layer composites that have a fine-grained
exterior and a coarse interior microstructure that allows for extensive microcracking.
Rather than utilize compressive stress to resist crack growth, this approach combines
strong exterior layers with a weak but high toughness interior layer.35
Anisotropic grains have been used to toughen ceramics as a result of their ability
to deflect cracks and bridge the crack in its wake.3,36 It has been shown that
morphologically textured materials (i.e. those with aligned anisotropic grains) can deflect
cracks gradually and macroscopically along the texture-plane, presumably as a result of
the anisotropy of fracture energy.37 Therefore, in work described here, we explore the
applicability of textured layers as a crack deflection medium in laminar composites. This
would constitute a new class of crack deflection, as the textured layers are neither
interfaces or interphases, but one of the primary bulk constituents. As described in the
previous chapter, we have successfully produced laminar single-phase composites that
are composed of fine-grained equiaxed and textured Al2O3 layers. This was achieved
through local control of dopant chemistry, template alignment, and template location
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during forming. Composites consisting of layers with homogeneous microstructures
separated by sharp interfaces were produced, allowing flexibility in composite design. A
particularly unique aspect of developing such composites is the ability to develop biaxial
residual stresses within a single phase composite because of the difference in thermal
expansion between isotropic, equiaxed Al2O3 and textured Al2O3. This chapter explores
the non-catastrophic failure and flaw-tolerant fracture behavior of 2-2 textured-equiaxed
Al2O3 microstructure composites and explains the results in terms of the previously
established crack deflection mechanisms.

4.2 Experimental Procedure
The fabrication of 2-2 textured equiaxed composites was described in the
previous chapter. Briefly, symmetric composites were formed by sequential lamination
of non-templated MgO-doped Al2O3 tapes and templated (SiO2+CaO) doped tapes.
During sintering, texture is developed in the templated layers with the aid of the
(SiO2+CaO) dopant while a fine-grain equiaxed microstructure was preserved in the nontemplated layers. The microstructure of the textured layers was altered by varying the
amount of templates incorporated prior to tape casting.
Bend bars were machined for strength and indentation-strength testing. Samples
were sintered into billets approximately 50 mm x 30 mm x 2 mm. One side was polished
to a 6 µm finish and the other side was ground until a thickness of 1.5 mm was obtained.
The billet was then diced into bars and any final fine grinding was done by hand. The
corners on the polished (tensile) face were chamfered to mitigate the effects of corner
cracking. Final bar dimensions were 25 mm x 2 mm x 1.5 mm. For indentation-strength
specimens, the tensile face was indented at loads from 0.5 kgf to 20 kgf using a Vickers
indenter prior to testing. To prevent sub-critical crack growth due to atmospheric
moisture, a drop of silicone oil was placed on each indent and the testing was performed
within 24 h of indentation. A SiC four-point bend apparatus with non-rolling alumina
pins was used with inner and outer spans of 10 mm and 20 mm, respectively. Testing was
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performed using a constant displacement rate of 0.2 mm/min on a screw-driven universal
tester (Instron Model 4202, Instron Corporation, Norwood, MA)
Interfacial fracture resistance measurements were performed on notched
multilayer composites using the analysis of Charalambides38, as adapted by Kovar25.
Notches (approximately 450 µm in thickness) were cut through the tensile surface and
into an interior textured layer using a high-speed diamond saw blade. Testing was
performed in constant displacement mode using the same four-point bend apparatus,
displacement rate, and testing rig as noted above. Interfacial fracture resistance (Γi) was
calculated from

 3P 2 a 2 (1 − ν 2 )  
1
1 
 ×  3
Γi = 
− 3 
2
3
2 Eb
H 
  H (1 − η )


(4.1)

where P is the applied load during deflection, a is the length of the moment arm, ν is the
Poisson’s ratio of the composite (taken as 0.23), E is the Young’s modulus of the
composite (taken as 380 GPa), b is the width of the bar, H is the height of the bar, and η
is the fractional depth of the deflection crack (i.e. the distance from the tensile surface to
the deflection crack divided by the total height. Work-of-fracture (WOF was determined
from the area under the load-deflection curve divided by twice the cross-sectional area of
bar.
Post-failure bend bars were mounted in epoxy, ground with a fixed diamond pad
and polished to a 1 µm finish. Images of unetched bars were obtained using an optical
microscope. Fracture surfaces were gold-coated prior to observation in a scanning
electron microscope (SEM) (Philips XL20, Philips Electronic Instruments Co., Mahweh,
NJ).
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4.3 Results

4.3.1 Composite Fracture Behavior
Four-point bend testing was performed on composites with a fixed surface
equiaxed layer thickness of ~110 µm and an interior of alternating textured and equiaxed
layers of equal thickness. Interior layer thicknesses were 30 µm, 75 µm, 110 µm, and 220
µm. The microstructure of the textured layers was varied by using 1, 5 and 10 vol%
template loading. High magnification micrographs of composite microstructures can be
seen in the previous chapter. Briefly, 1 vol% templated alumina has a pore volume of
less than 1% and large plate-like grains (~4-5 µm thick, ~30-35 µm long), 5 vol%
templated alumina has a pore volume of approximately 3% and smaller plate-like grains
(~3 µm thick, ~20 µm long), and 5 vol% templated alumina has a pore volume of
approximately 5% and smaller plate-like grains (~2.5 µm thick, ~15 µm long). Because
of the difference in grain size and density, the composites with different textured
microstructures will be referred to by the vol% templates. For discussion purposes,
normal to the equiaxed tensile surface is referred to as the transverse direction, while
parallel to the textured layers is referred to as the longitudinal direction (Fig. 4-1).

Figure 4-1: Schematic of the 4-point bend test set-up with the crack propagation
directions labeled.
The crack deflection behavior of textured equiaxed composites is strongly
influenced by both the thickness and microstructure of the textured layers. Very little
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crack deflection is observed within the textured layers of composites with 1 vol%
templates, regardless of the layer thickness (Fig. 4-2). A single crack initiates at a
surface flaw and propagates normal to the applied stress, similar to the fracture behavior
of a monolithic ceramic. Any minor crack deflection observed is on the order of the
length of a single grain.

Figure 4-2: Post-fracture optical micrograph of a composite bend bar with 220 µm
textured layers. The textured layers were fabricated with 1 vol% template loading. The
arrow indicates the transverse direction.
Crack deflection is regularly observed in textured layers with higher template
loading. Optical micrographs in Fig. 4-3 show characteristic fracture paths for
composites with 30 µm layers of 5 and 10 vol% templated Al2O3. For the composite with
5 vol% template loading (Fig. 4-3a), crack deflection occurs in several of the textured
layers and the crack bifurcates twice (see arrows). The fracture behavior for the
composite with 10 vol% template loading is similar, except that the average deflection
distance is larger (Fig. 4-3b). Non-catastrophic failure behavior is not observed for any
composites with 30 µm layers, regardless of the template loading in the textured layer.
Optical micrographs in Fig. 4-4 show characteristic fracture paths for composites with 75
µm layers of 5 and 10 vol% templates. Deflection distances are much longer in 75 µm
layers than in 30 µm layers. Several samples with 75 µm layers (3 of 15 total) failed noncatastrophically, though the average nominal strength retained after initial failure was
quite low (~10 MPa). As discussed later, such low-load retention results from
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interlocked layers supporting load after the crack has propagated through the sample, as
opposed to further load build-up at uncracked layers.

Figure 4-3: Post-fracture optical micrograph of composite bend bars with 30 µm textured
layers. The textured layers were fabricated with (a) 5 vol% template loading and (b) 10
vol% template loading. The large arrows indicate the transverse direction. The small
arrows indicate crack bifurcation events.
Analogous images for composites with 110 and 220 µm layers are shown in
Fig. 4-5 and Fig. 4-6. Further increases in deflection length are observed with increasing
layer thickness. For all layer thicknesses studied, deflection distances show modest
increases from 5 vol% templated layers to 10 vol% templated layers. Most samples with
110 µm layers (12 of 18 total) failed non-catastrophically, though the average nominal
strength retained after initial failure was still fairly low (~15-18 MPa). The increase in
post-failure strength relative to composites with 75 µm layers is attributed to the increase
in the length of the interlocked layers that results from longer deflection distance.
Finally, all samples with 220 µm (14 of 14 total) failed non-catastrophically. It is only at
this layer thickness that there is a distinct difference between 5 vol% and 10 vol%
template loaded layers. Composites with 5 vol% templates retained low post-failure
strength (~18 MPa) while composites with 10 vol% templates retained significantly
higher post-fracture strength (~50 MPa). All samples in the latter set (10 vol%) exhibit
true non-catastrophic failure (i.e. failure followed by load build-up at yet-uncracked
layers). Even within the former set, despite low average post-failure strength, several
samples also exhibit true non-catastrophic failure as seen in Fig. 4-7. Fig. 4-7 shows
examples of load-displacement data collected during four-point bend testing of
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composites with 220 µm layers of 5 and 10 vol% templated alumina. Significant degrees
of non-catastrophic failure are observed for both, with calculated WOF values of 806
J/m2 (5 vol%) and 774 J/m2 (10 vol%).

Figure 4-4: Post-fracture optical micrograph of composite bend bars with 75 µm
textured layers. The textured layers were fabricated with (a) 5 vol% template loading
and (b) 10 vol% template loading. The arrow indicates the transverse direction.

Figure 4-5: Post-fracture optical micrograph of composite bend bars with 110 µm
textured layers. The textured layers were fabricated with (a) 5 vol% template loading and
(b) 10 vol% template loading. The arrow indicates the transverse direction.
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Figure 4-6: Post-fracture optical micrograph of composite bend bars with 220 µm textured
layers. The textured layers were fabricated with (a) 5 vol% template loading and (b) 10 vol%
template loading. The arrow indicates the transverse direction.

Figure 4-7: Load-displacement data collected during 4-point composite bend testing.
Composite bend bars had 220 µm textured layers.
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Micrographs of a typical fracture path are shown Fig. 4-8. Fig. 4-8a shows a low
magnification micrograph of the (unpolished) side of a fractured composite. The crack
always propagates through the equiaxed layers in the transverse direction. At a slightly
higher magnification Fig. 4-8b, we see that the crack, upon leaving the equiaxed layer,
travels a short distance into the textured layer before deflecting. This penetration
distance varies greatly from layer to layer and sample to sample. As such, it may be the
case that crack deflection initiates at a flaw, rather than at a penetration distance defined
by the composite architecture. Fig. 4-8c shows a higher magnification micrograph of the
three distinct observed fracture paths; transverse cracking through the equiaxed layer (A),
transverse cracking partway through the textured layer (B), and crack deflection (C).
Transverse cracking through the equiaxed layer is intergranular, which is reasonable for
cracking in alumina with 2-4 µm grains. Transverse cracking through the textured layer
is predominately transgranular. This is consistent with the fracture surfaces of textured
monoliths observed in Chapter 3. The crack deflection path is entirely intergranular
along the basal faces of templated grains. This indicates that it may be interface between
templated grains that provides a weak path for crack deflection.

99

Figure 4-8: SEM micrographs showing (a,b) the side-view of a post-fracture composite
bend bar. Also shown is (c) a high magnification view of the fracture surface showing
the fracture path through the equiaxed layer, through the textured layer, and during
deflection along the texture-plane. The arrows in Fig. 4-8a and Fig. 4-8b indicate the
macroscopic direction of crack propagation.
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4.3.2 Interfacial Fracture Resistance
To determine if crack deflection in textured layers can be predicted by the HeHutchinson criterion, interfacial fracture resistance was measured for each of the textured
microstructures studied here. Note that the interface measured here is not the interface
between the different layers, but the low toughness plane within the textured layer along
which crack deflection occurs. Three sets of multilayer composites were fabricated with
1, 5, and 10 vol% template loading. Each composite was symmetric and composed of
four equiaxed layers (~270 µm thick) separated by a total of three texture layers (~270
µm thick). The notch was cut into the middle textured layer prior to testing in flexure.
This leaves another, subsequent texture layer that the crack encounters after kinking out
of the deflection. Fig. 4-9 shows optical micrographs of notched beams after interfacial
fracture resistance testing. All samples exhibited stable crack deflection originating from
the notch. Cracking most often initiates from the side of the notch, as opposed to the tip.
During such notch cutting, microcrack-like flaws usually originate radially from the
notch. As a result, microcracks exist both within the texture plane (side of notch) and
through the texture plane (tip of notch), with the texture-plane oriented cracks offering a
lower energy fracture path. As a result, the deflection crack is already oriented in the
longitudinal direction upon initial extension. The most notable difference in fracture
behavior during interfacial fracture resistance testing occur between the composites with
high density (>99% theoretical density) 1 vol% templated layers and those with lower
density 5 and 10 vol% templated layers (94-95% theoretical density and 96-97%
theoretical density, respectively). While deflection cracking occurs from the notch in the
high density composite, additional crack deflection does not occur in the subsequent
textured layer. This indicates that, while crack deflection may occur from previously
existing flaws oriented within the texture plane, cracks will not deflect within the textured
layers during normal, transverse cracking (as seen in Fig. 4-2). Composites with higher
template loading, on the other hand, always exhibit extensive crack deflection in the
subsequent textured layer, indicating that these textured layers are capable of initiating
crack deflection without pre-existing, oriented flaws.
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Figure 4-9: Post-fracture optical micrograph of notched composite bend bars with 270 µm
textured layers for interfacial fracture resistance measurements. The textured layers were
fabricated with (a) 1 vol% template loading, (b) 5 vol% template loading, and (c) 10
vol% template loading.
The load-deflection response of selected interfacial fracture resistance
measurement specimens can be seen in Fig. 4-10. The data show good consistency
within each composite sample set. For samples with 1 vol% templated layer, stable crack
propagation occurs at approximately 30 N. There is a slight rise in load (to ~34 N)
following a period of stable growth, after which catastrophic failure occurs. This is
expected due to the lack of crack deflection in the subsequent texture layer as seen in
Fig. 4-9a. For samples with 5 vol% templated layers, stable crack propagation occurs at
approximately 21 N. There is a more significant rise in load following stable growth,
with most samples tested reaching approximately 40 N. Also, most of the samples in this
composite set exhibited non-catastrophic failure. This is in agreement with the extensive
crack deflection in the bottom textured layer in Fig. 4-9b. For samples with 10 vol%
templated layer, stable crack propagation occurs at approximately 17.5 N. The load
increases to approximately 30 N prior to non-catastrophic failure, again due to deflection
in the subsequent textured layer. An increase in load following the stable crack extension
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is seen in all of the composites tested. One possible cause is R-curve behavior during
crack extension. Another possibility is that the deflecting crack propagated outside of the
inner span of the testing rig, thus decreasing the applied stress at the crack tip and
increasing the applied load necessary for further extension. Many measured crack
deflection distances exceed the inner span, indicating that this may, in fact, be the cause
(or contribute to) of the rising load behavior.

Figure 4-10: Load-displacement data collected during interfacial fracture testing for
composites shown in Fig. 8. Crack deflection is indicated by the constant-load
deflection, which is used to calculate the interfacial fracture resistance in Eq. (4.1).
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The load required for stable crack deflection decreases with increasing template
loading. Using this load, we use Eq. (4.1) to calculate Γc. It should be noted that the
depth of the deflection crack is not readily defined by a single value, as it increases
during deflection. That is, during deflection the crack moves away from the tensile
surface, at least until it approaches the interface. The value of the depth of the deflection
crack used for calculation here was ascertained by estimating the average depth over the
entire crack deflection. Interfacial fracture resistance results, calculated from Eq. (4.1),
are shown in Fig. 4-11. The highest interfacial fracture resistance (21.4 ± 0.8 J/m2) was
obtained for textured layers with 1 vol% templates. Significantly lower values were
obtained for textured layers with 5 vol% templates (8.7 ± 0.8 J/m2) and 10 vol%
templates (7.5 ± 0.5 J/m2).

Figure 4-11: Interfacial fracture resistance calculated from materials parameters, sample
and notch dimensions, and the constant-load values obtained from data in Fig. 4-10.
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4.4 Discussion

4.4.1 Crack Deflection
We must first consider the processing conditions under which crack deflection is
observed in order to determine the interphase crack deflection mechanism at work in the
current system. There is no discernible crack deflection within textured layers with 1
vol% template loading, while extensive crack deflection is observed within textured
layers with 5 and 10 vol% template loading. It is also especially revealing that fracture
testing in chapter 3 revealed that crack deflection is not observed in textured monoliths
with identical chemistry, template loading, and processing parameters as the textured
layers produced here. Therefore the co-sintering of the textured material within the
composite structure fundamentally alters the fracture behavior.
One primary cause of crack deflection, elastic modulus mismatch, can be
immediately eliminated from consideration. Elastic modulus mismatch causes crack
deflection at the interface between dissimilar materials. In the current study however,
crack deflection does not occur at the interface between the layers but is, instead,
observed to occur entirely within a bulk interphase (the textured layer). Alternatively, we
can consider the crack deflection to occur at the interface between the templated grains.
Yet, even between templated grains with the highest degree of misalignment there is not
likely to be sufficient elastic mismatch (<10%) to noticeably affect the crack deflection
criterion. In addition, there is not expected to be much higher grain misalignment
between textured layers that deflect cracks and those that do not.
The porous interphase mechanism is a potential candidate as indicated by the lack
of crack deflection in the one dense set of textured layers, those with 1 vol% templates.
The ability of a porous layer to deflect cracks originates from the increase in stress
intensity as a crack tip approaches a flaw. Davis et. al. developed an expression that
predicts crack deflection to occur in a porous layer when:10 Eq. (4.2)
Gi
< 0.57
G m (1 − V p )

(4.2)
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where Gi is the fracture energy of the porous layer, Gm is the fracture energy of the
fracture energy of the dense matrix, and Vp is the pore volume percent. A number of
studies have shown, in general agreement with the above analysis, that pore volumes of
approximately 35-40% are required, far above what is observed here. Also, crack
deflection that occurs primarily due to porosity has a characteristic morphology that is
different than that observed here. In previous work on crack deflection by porosity, the
crack enters the porous layer and deflects at a number of pores and approaches the
opposite interface with less than a total of 100 µm of deflection distance. The vast
majority of the crack deflection then occurs along the bottom edge of the porous layer
until the crack kinks out of the porous layer and travels through the next layer.
In this study, however, extensive crack deflection occurs well within the textured
layer at an angle initially defined by the aspect ratio of the templated grains. That is, the
crack travels in a step wise motion along the basal face of the templated grains, down the
edge, and along the next face. This suggests the possibility of achieving greater
deflection distances by increasing the aspect ratio of the templated grains. Once a crack
is deflected, it propagates until one of three things happens, as shown in Fig. 4-12. The
crack can kink out of the deflection path abruptly within the textured layer and travel
transversely through the remainder of the textured layer (in a transgranular manner) and
the next equiaxed layer (Fig. 4-12a). The crack can deflect until it reaches the equiaxed
layer and then ‘kink’ and propagate transversely through the next equiaxed layer (Fig. 4-

12b). Or, finally, the crack can deflect until it reaches propagates predominately in the
longitudinal direction, either within the textured layer or near the textured-equiaxed
interface, or both (Fig. 4-12c). This last type of deflection is typically responsible for the
greatest deflection since it occur parallel to the layers (i.e. purely longitudinal).

106

Figure 4-12: Side-view optical micrographs of different cracks (a) kinking out of the
deflection path within textured layer, (b) kinking out of the deflection path once the
equiaxed layer is reached, and (c) deflecting a long distance, primarily by purely
longitudinal propagation.
The type of crack deflection seen in Fig. 4-12c should not be confused with
delamination cracking. This occurs behind the primary crack (often after the primary
crack is through the composite completely) when interlocked layers force the extension
of a new or existing crack. Delamination cracking is observed most often when the
primary crack is deflected in a different direction in consecutive layers, as seen in Fig. 4-

13, thus creating a macroscopic crack bridge with the interlocked layers. The
characteristic load-deflection response for this type of delamination cracking, which is
relatively low load (< 2 N) retention up to very high deflection (up to 1 mm), is shown in
Fig. 4-14. Despite the low load retention, this behavior can increase the work of fracture
by an additional 100-800 J/m2, entirely after the primary crack is through the sample.
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This behavior also indicates there are may be an opportunity to increase the crack-wake
toughening if the delamination crack can be stopped before reaching the edge, thus
allowing the interlocked layers to support increasing loads.

Figure 4-13: Post-fracture optical micrograph of a notched composite bend bar
exhibiting extensive delamination cracking. The arrow indicates the position of the
‘bridge’ that drove the delamination crack during post-failure extension.

Figure 4-14: Load-displacement response that results from the delamination cracking
seen in Fig. 4-13.
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There are two primary differences between textured monoliths and textured layers
within the composites that might be used to explain the lack of crack deflection in
textured monoliths. It was established in chapter 4 that textured layers densify under a
biaxial compressive stress resulting from differential sintering and that this effect is
capable of altering microstructure development. Significant alterations in microstructure
development, however, are only seen at low fractions of textured material whereas crack
deflection is observed at much higher texture fractions. The other distinction between
textured monoliths and textured composite layers is the development of residual stresses
during cooling. Whereas textured monoliths cool unconstrained and stress-free, textured
composite layers are constrained due to the lower thermal expansion coefficient of the
transverse plane relative to the equiaxed composite layer, thus creating residual stresses.
Thermal expansion coefficients of α-Al2O3 are taken as:

α 11 = 8.6 × 10 −6 o C
α 33 = 9.3 × 10 −6 o C

(4.3)

And the isotropic polycrystalline value can be computed from:39

α iso =

2α 11 + α 33
= 8.833 × 10 −6 o C
3

(4.4)

The values used for thermal expansion were independently confirmed to be accurate for
the temperature range used in this study. The thermal expansion of alumina is isotropic
in the basal plane as a result of the trigonal crystallographic symmetry. As fiber
(axisymmetric) texture about the basal axis, as obtained in this study, imposes no
additional symmetry, the x-y plane thermal expansion of the textured layer (αtext) is
assumed to be equal to α11. Note that this is a lower bound for the thermal expansion due
to deviations from ideal texture, and thus result in calculated stresses that are an upper
bound. Because of the high degree of alignment observed here, this discrepancy is not
expected to be significant. The general expression for biaxial stress in a laminar
composite layer is: Eq. (4.5)

σ i = E i∗ (α − α i )∆T

(4.5)
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where Ei* is the plane strain tensile modulus and is given by Ei*=Ei/(1-νi) and Ei is the
elastic modulus of Al2O3 (380 GPa), νi is the Poisson’s ratio of Al2O3 (0.23), αi is the inplane thermal expansion coefficient of the layer, and ∆T is the difference between the
temperature at which stress relaxation mechanisms (such as diffusion) cease and the
testing temperature (1200°C). The thermal expansion of the composite ( α ) is given by:
Eq. (4.6)
n

α =

∑E t α
∗
i i

i

1

n

∑E t

(4.6)

∗
i i

1

Ei*, by virtue of the elastic isotropy of Al2O3, is the same for textured and equiaxed
layers. As a result, α is simply the volumetric average of the thermal expansion
coefficients: Eq. (4.7)

α = Vtext α text + Visoα iso

(4.7)

where Vtext and Viso are the volume fractions of textured and equiaxed material in the
composite. The composites shown in section 5.3.1 are approximately 45% textured
materials, which gives a composite thermal expansion of 8.71 x 10-6/oC. Using Eq. (4.5),
we calculate a biaxial compressive stress of -64.5 MPa in the textured layers and a biaxial
tensile stress of 73.4 MPa. When compared with stresses capable of bifurcating and
deflecting cracks in other systems (in the 1-10 GPa range)22,24, the stresses obtained in
this study are extremely low. As such, it is unlikely that biaxial compressive stress in the
textured layers is primarily responsible for crack deflection.
Textured layers do not act as a traditional ‘weak interface’. Not only is alumina
expected to bond strongly to itself, but crack deflection is initiated within the textured
layer and not at the interface. Another possibility, as suggested by the intergranular crack
deflection path, is that the texture-plane (i.e. the interface between the basal faces of
templated grains) acts as a weak interface, indicating an inherent anisotropy of fracture
energy in textured Al2O3. To qualitatively assess the fracture energy anisotropy, Knoop
indents were made on the polished cross-section of 5 vol% templated Al2O3 with the long
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axis of the indenter oriented both parallel to and perpendicular to the texture-plane. The
crack length measurement results in Fig. 4-15 indicate that there is significantly lower
fracture resistance in the texture-plane (i.e. the deflection path) than in the throughthickness direction. Unfortunately, previous studies on fracture of textured Al2O3 did not
address fracture in this direction, though several contained observations of gradual
deviations of the crack path towards the texture-plane. Fracture studies in textured Si3N4,
however, found a significant reduction in fracture toughness when comparing fracture
normal to the long axis of the templated grains (11.5 MPa·m1/2) and parallel to (along) the
long axis of the templated grains (7.2 MPa·m1/2).40 Because textured monoliths are
expected to have the same intrinsic fracture toughness anisotropy as textured composite
layers, however, this cannot be the sole cause of crack deflection. In fact, the
considerable fracture toughness anisotropy in the aforementioned Si3N4 study also did not
deflect cracks propagating normal to the long axis of the templated grains.

Figure 4-15: Effect of indenter orientation on crack length for Knoop indents on the
poliched cross-section of a textured monolith with 5 vol% template loading. The long
axis of the indenter is situated either parallel or perpendicular to the texture-plane.
He and Hutchinson developed a crack deflection criterion that predicts the
maximum interfacial fracture resistance that will permit crack deflection based on the
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ratio of the critical energy-release rate of the deflected crack to the critical energy-release
rate of the transverse, or penetrating, crack.12 While this criterion was developed for an
interface between two materials, crack deflection in the current study occurs within an
interphase. We propose applying the He-Hutchinson criterion to the current study by
assuming that the interface in question is simply the plane within the textured layer that
deflects the crack. Therefore, the ‘materials’ on each side of this non-existent interface
are the same (textured Al2O3). As a result, we can neglect any effect of elastic mismatch
because it is constant throughout the texture layer and, consequently, across the
‘interface’. Under these conditions, the crack will deflect if the interfacial fracture
resistance is less than 25% of the fracture resistance through the layer (Γi/Gc < 0.25). The
fracture resistance of unconstrained textured monoliths in the transverse direction was
measured in chapter 2 using the indentation-strength method. The previously obtained
values can be converted into energy terms (under plane strain and mode I loading
conditions) using:
K Ic2 (1 − ν 2 )
Gc =
E

(4.8)

where KIc is the measured toughness. The results are shown in Tab. 4-1. Values
obtained for Gc are similar to those obtained in many other studies. There are fewer
comparisons in the literature for Γi, though the values obtained in this study are
comparable to those obtained for Si3N4/BN interlayers25 and approximately double those
obtained for monazite interlayers.18 Textured layers with 1 vol% templates, which do not
deflect cracks) exhibit nearly isotropic fracture energy (Γi/Gc = 0.90). The crackdeflecting layers (5 vol% and 10 vol% templates) exhibit highly anisotropic fracture
energy (Γi/Gc (5 vol%) = 0.38; Γi/Gc (10 vol%) = 0.31). These values are slightly higher
than what the He-Hutchinson criterion predicts in crack-deflecting layers.
Despite the lack of adherence to the He-Hutchinson criterion, it may still
appropriate to assume that the crack deflection is controlled by the ratio of Γi and Gc.
Increasing the biaxial compressive stress in the textured layers should effectively increase
Gc. Because the Gc values shown here are only accurate in the stress-free state (due to the
measurement method), they represent a lower bound of the apparent Gc of a textured
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layer within the composite structure. Therefore, it is reasonable to expect that increasing
the biaxial compressive stress in the textured layers will decrease Γi/Gc, perhaps allowing
crack deflection to occur in layers that do not otherwise exhibit crack deflection. To test
this hypothesis, a tri-layer composite with a single thin layer of 1 vol% templated Al2O3
was fabricated and tested in flexure. The compressive stress in the textured layer is
calculated as -151 MPa. As seen in Fig. 4-16, a modest amount of crack deflection is in
fact observed within the textured layer. While the deflection distance is still significantly
less than that found in the other textured layers studied, this nonetheless proves that
residual stresses play a significant role in the crack deflection in textured-equiaxed
microstructure composites. Further examinations of the quantitative effect of residual
stresses on Γi/Gc are beyond the scope of this study, though it seems that such insight
may provide powerful tools for tailoring the fracture behavior of textured-equiaxed
microstructure composites.
Table 4-1: Measured fracture energies for interfacial and mode I fracture in different textured
microstructures. Interfacial fracture energy (Γi) measured in multilayer composites, while mode I fracture
energy measured in textured monoliths

Template Loading
1 vol%
5 vol%
10 vol%

Γi (J/m2)
20.9 ± 1.5
8.7 ± 1.6
7.5 ± 1.1

KIc (MPa·m1/2)
3.05 ± 0.23
3.03 ± 0.23
3.11 ± 0.21

Gc (J/m2)
23.2 ± 1.3
22.9 ± 1.3
24.1 ± 1.1

Γi/Gc
0.90
0.38
0.31
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Figure 4-16: Post-fracture optical micrograph of a tri-layer composite with a single thin
textured layer (w/ 1 vol% template loading) showing deflection caused by residual stress.
The textured layer is under 151 MPa biaxial compressive stress. The arrow indicates the
transverse direction.
The question, of course, remains as to why the interfacial fracture energy of 1
vol% templated layers is significantly higher than those with higher template loadings
despite having similar residual stress profiles. There are two primary microstructural
features that distinguish 1 vol% templated layers from the others: larger templated grain
size and higher density (i.e. less anisomorphic porosity). From data and observations
collected in this study, it is not possible to propose which microstructural difference is the
cause. The existence of anisomorphic pores seems more likely to be the cause, though
clearly further study is clearly needed.

4.4.2 Crack Arrest/Multiple Cracking/Flaw Tolerance
Multiple cracking and crack arrest were observed in two sets of composites, those
with 220 µm layers and 5 or 10 vol% templates. This phenomenon was not observed in
any of the composites with thinner layers, nor was it observed in those with 220 µm
layers and 1 vol% templates. Fig. 4-17 shows optical micrographs of a composite sample
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exhibiting multiple cracks that have arrested within 10 vol% templated layers. The
cracks initiate, presumably at the surface, and propagate into the textured layer. The
crack then bifurcates and deflects down the texture plane some distance before arresting.
This is, to our knowledge, the first observation of multiple cracking in a single phase
ceramic. Such behavior should result in flaw tolerance, as the presence of arrested cracks
indicates that flaws smaller than the arrested crack will not propagate and lead to failure.
It can be seen in Fig. 4-18 that this, in fact, appears to be the case. While the composites
with multiple cracking are considerably weaker, they have a very narrow strength
distribution. Unfortunately, sufficient samples to perform a Weibull analysis were not
fabricated. We believe this narrow strength distribution indicates that the strength was
determined by the stress needed to propagate a crack through a thick textured layer.

Figure 4-17: Multiple cracking and crack arrest in a composite bend bar with 220 µm textured
layers. The textured layers were fabricated with 10 vol% template loading.
Multiple cracking has been reported in the literature for silicate glasses with
tailored residual stress profiles.28 Essentially, a crack enters a layer with high biaxial
compressive stress, effectively reducing the stress intensity at the crack tip. As a result,
increased applied stress is necessary for further propagation of the crack. If the condition
for the initiation of a new crack is met at a lower applied load than that necessary for the
further extension of the existing crack, then multiple cracking will occur. In this study,
the residual stress in the textured layers that exhibit multiple cracking is only -60 to -70
MPa. This is approximately an order of magnitude lower than the stress used to arrest
cracks in silicate glass.28 Also, the residual stress profile of the 1 vol% templated
composite (which does not exhibit crack arrest) should be similar to the crack-arresting
composites. As a result, residual stress alone cannot be the cause of crack arrest.
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Figure 4-18: 4-point bend strength of composite bend bars with 220 µm textured layers.
Not the narrow strength distribution of the composites that exhibit multiple cracking and
crack arrest.
While having similar residual stress profiles, composites with 1 vol% templated
layers have different fracture behavior: cracks propagating through the textured layer do
not deflect or, more importantly, bifurcate. Upon crack bifurcation, the stress intensity at
each of the newly created crack tips is significantly reduced. As a result, a bifurcated
crack will require a higher applied load for further extension than one that is not
bifurcated. Therefore, if the condition for the initiation of a new crack is met at a lower
applied load than that necessary for the further extension of the bifurcated crack, then
multiple cracking will occur. Residual stresses likely still contribute, both in encouraging
crack deflection and discouraging crack kinking, as discussed earlier. The textured layer
thickness is also likely to play a role, as composites with thinner textured layers to not
exhibit crack arrest or multiple cracking. As seen in Fig. 4-17, the arrested cracks extend
well into the textured layers, sometimes more than halfway through, because the
bifurcated cracks continue to veer through the texture layer. This indicates that there may
be minimum textured layer thickness under which crack arrest will not likely to occur.
Although crack deflection and arrest were not observed in composites with
thinner layers, alternative evidence of flaw tolerance was obtained. Indention-fracture
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toughness measurements were conducted on a small number of samples. The results are
shown as a log-strength – log-load plot in Fig. 4-19. for composites with 30 µm and 75
µm layers. At the two lowest indentation loads, the strength appears to follow the
expected P-1/3 dependence. At higher loads, however, there are significant deviations
from P-1/3 dependence that are indicative of flaw tolerance. Though each data point is
only one sample and we caution against any firm conclusions from this test, these
preliminary results are promising and warrant a larger body of experiments.

Figure 4-19: Log-log plot of strength vs. load obtained by indentation-strength testing of
composite bend bars with (a) 30 µm and (b) 75 µm textured layers. The line on each plot
indicates P-1/3 behavior.
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4.5 Conclusion
The fracture behavior 2-2 textured-equiaxed alumina microstructure composites
was studied. These composites exhibit several promising types of behavior never before
seen combined in the same material, including significant crack bifurcation/deflection,
non-catastrophic failure leading to high WOF, multiple cracking and crack arrest, and
evidence of flaw tolerance. Crack bifurcation/deflection in textured layers is attributed to
the synergistic effects of the anisotropic fracture energy of textured microstructures and
residual stress development due to the anisotropic thermal expansion of the Al2O3
system. That this behavior can be obtained in high-density single-phase composites is
especially significant, indicating great promise in the fabrication of textured-equiaxed
composites in systems with even greater thermal expansion anisotropy.
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Chapter 5
Fabrication and Mechanical Testing of Textured-Equiaxed Microstructure
Composites: Additional Connectivities and Higher Complexities

5.1 Introduction
In Chapter 3, a processing strategy for the fabrication of 2-2 textured-equiaxed
composite fabrication was developed. 2-2 connectivity was obtained by the sequential
lamination and co-sintering of templated and non-templated tapes. The development of
textured and equiaxed microstructure components separated by sharp interface was
controlled using a localized dopant strategy designed to take advantage of an established
co-doping effect to mediate dopant interdiffusion. Such composites are relatively
straightforward to produce via a tape casting and sequential lamination process, though
the obtained microstructures are sensitive not only to the dopants and template loading
but also to composite architecture. The resultant composite were shown to possess a
unique set of fracture behavior in Chapter 4, including extensive crack deflection in the
textured layers that results from the combined effects of the anisotropic fracture energy of
textured alumina and the residual thermal stress resulting from the different thermal
expansion of textured and equiaxed, isotropic alumina.
The purpose of this chapter is to demonstrate the fabrication of textured-equiaxed
composites with other connectivities and higher degrees of complexity to further test the
microstructure composite concept. Fully inorganic, complex bioinspired structures with
textured and equiaxed microstructure components are developed combining the dopant
strategy developed in chapter 3 with additional processing techniques and novel
composite build-up strategies. The mechanical response of several of the fabricated
composites is explored.
One can envision a vast number of fabrication strategies to fabricate complex
microstructure composite structures with in situ developed microstructure components.
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The basic requirement of any proposed fabrication strategy is the ability to control the
initial distribution of dopant species during processing. This essentially describes all
ceramic forming techniques, though some are limited in the possible connectivities. For
example, only 2-2 connectivities can be readily produced by slip casting (i.e. sequential
slip casting), dry pressing, and tape casting. In the current work, fabrication strategies are
further restricted because template alignment is required during fabrication. Past
researchers have aligned templates primarily using shear forces (though some have
proposed the use of magnetic fields). Shear alignment of anisomorphic particles has been
demonstrated in many forming techniques including tape casting, slip casting, dry
pressing, and extrusion.
Though traditional tape casting is only applicable to layered structures, a modified
tape-casting process called co-casting allows access to higher complexities. Co-casting, a
recent invention by Messing and co-workers, involves the casting of multiple slurries into
a single tape.1 Co-casting has recently been demonstrated as a method to produce
transparent YAG ceramics with tailored dopant profiles.2 The co-casting process is
summarized in Fig. 5-1. Prior to casting, different slurries are poured into slurry
reservoirs (Fig. 5-1a) that are divided by separator fins that butt up against the doctor
blade. The slurries are cast into a tape with ribbon-like sections of different composition
(dopant, powder, templates, etc.). The separator fins come down to a point at the bottom
edge (Fig. 5-1b). The bottom edge of tip of the separator fin that is closest to the doctor
blade has been removed (Fig. 5-1c) so the slurries meet immediately prior to passing
under the doctor blade (i.e. with minimal time for mixing). This prevents the slurries
from being cast into multiple, separate tapes as opposed to a single conjoined tape.
Clearly this approach can be used to produce textured-equiaxed composites using
templated and non-templated slurries. The ability to cast tapes with multiple, spatially
resolved compositions allows tape casting to be used for the fabrication of connectivities
beyond 2-2 and will be the primary focus of this chapter.
There is a vast array of alternative processing avenues one could take to produce
textured-equiaxed microstructure composite of increasing complexity. Co-extrusion is
used to produce 1-3 composites, sometimes referred to as fibrous monoliths. Extensive
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research has shown that composites with excellent component spatial resolution down to
the micrometer scale can be readily produced by co-extrusion processes. It has also been
shown that high degrees of texture were obtained by the alignment of anisomorphic
boron nitride particles.3 It therefore follows that the process is appropriate for the
alignment of templates for TGG processing. However, because the basic requirements of
textured-equiaxed microstructure fabrication have already been met (e.g. spatial control
and template alignment), this process will not be studied here.

Figure 5-1: Series of schematic showing the casting rig for co-casting. Slurries of
different composition are (a) poured in slurry reservoirs divided by separator fins. The
separator fins (b) contact the casting substrate at a point and (c) the slurries are allowed to
meet immediately prior to going under the doctor blade to avoid the casting of separated
tape segments.
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There is a set of processing techniques that can be used to build even more
complex structures, including two dimensional printing techniques (i.e. screen printing
and ink jet printing) and three dimensional rapid-prototyping techniques (including
robocasting4, stereolithography5,6, and 3-D inkjet printing), also known as solid freeform
fabrication (SSF). Screen printing is an ancient technique that involves passing an ink, or
slurry, over a patterned screen so that a copy of the pattern is printed onto a substrate.
Screen printing has a long history of technological application (largely for printing circuit
boards and thick films) and the ability to fabricate complex structures with great
repeatability and precision, including all-ceramic composite structures such as gas
sensors.7-9 Inkjet printing is analogous to screen printing in results (printing complex
patterned on substrates) but with enhanced versatility.10 Inkjet printing, by virtue of
computer-control, is capable of producing unique patterns (e.g. no prefabricated screen in
necessary) to finer scales. Inkjet can also be used to produce three-dimensional structures
by printing multiple materials, as opposed to a single material onto a substrate. This is
called 3-D inkjet and is one example of an SSF technique. SSF processes are a novel set
of processing techniques designed to produce three dimensional layers, usually in an
automated layer-by-layer process based on a computer-aided design (CAD) model. A
particularly promising method is robocasting, in which a three dimensional structure is
assembled via the controlled deposition of a high viscosity slurry (or ink) without the aid
of a mold or sacrificial support material. Robocasting (also known as direct-write
assembly) has been applied to materials for bone and tissue engineering scaffolds11-13 as
well as functional oxides.14,15 While all of the processes discussed in this paragraph are
capable of producing highly complex composite structures, there has been no effort to
orient anisomorphic particles during previous studies, though it is likely possible in most
of them. It is reasonable to assume that robocasting, for example, is capable of template
orientation, as it is a modified extrusion process. While applying our processing strategy
to the more complicated SSF techniques seems most promising, we have chosen to
examine the fabrication of textured microstructure components by the simplest, and
easiest to implement, of these processes: screen printing.
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5.2 Experimental Procedure
Tape casting slurry preparation was addressed in previous chapters. A brief
explanation follows. For templated slurries, alumina is doped with 200 ppm CaO and
1000 ppm SiO2 using calcium nitrate and tetraethylorthosilicate. For non-templated
slurries, alumina is doped with 1000 ppm MgO using magnesium nitrate as a precursor.
All dopant concentrations are in atomic percents. The doped powders were dispersed in a
mixture of ethanol and xylenes using menhaden fish oil as a dispersant. After milling for
24 h, the binder and plasticizer were added (polyvinyl butyral, polyalkylene glycol, and
benzyl butyl phthalate) and mixed for 24 h. Templates were added to the appropriate
slurries near the end of the mixing process to prevent comminution.
For co-cast tapes, combinations of slurries were cast simultaneously using the setup shown in Fig. 5-1. Single composition tapes were cast using a traditional doctor blade
set-up as described in previous chapters. Tapes were cut, stacked, and laminated in a
warm isostatic press. Binder burnout was performed in air by heating to 600°C at
0.4°C/min. Sintering was performed in air by heating to 1500-1550°C at 5°C/min.
Screen printing ink was formulated using α-terpineol as the solvent (or vehicle)
and ethyl cellulose as the binder. Alumina, doped with 200 ppm CaO and 1000 SiO2,
was milled with the binder in either excess terpineol or a mixture of terpineol and
ethanol. After milling, excess solvent was slowly evaporated until a viscosity suitable for
printing is achieved. This took anywhere from 2 days (for excess ethanol) to weeks (for
excess terpineol.
Screen printing was performed on an automatic screen printing system (Presco
Thick Film Printer) using prefabricated screens designed for printing line and square
patterns of various spacings. The screens were 400 mesh, with screen openings of 38 µm
across and wire diameters of 24 µm. Laminates of several non-templated tapes were
using as printing substrates. These tapes were then stacked and processed as previously
described.
Cross-sections were polished to a 0.25 µm finish and thermally etched at 100°C
below the sintering temperature to reveal the grain boundaries. Alternatively, fracture
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surfaces parallel to the casting direction were obtained in order to view the large basal
faces of the templated grains. Samples were gold-coated prior to observation in a
scanning electron microscope (SEM) (Philips XL20, Philips Electronic Instruments Co.,
Mahweh, NJ).
Mechanical testing was performed on a universal testing apparatus (Instron Model
4202) using a constant displacement rate of 0.2 mm/min. Four-point bend testing was
performed using a SiC four-point bend rig with non-rolling alumina pins with inner and
outer spans of 10 and 20 mm. Three-balls-on-one-ball tests16 were performed using
stainless steel balls.

5.3 Results and Discussion

5.3.1 Composites via Screen Printing

5.3.1.1 Ink Preparation
The proper rheological behavior of screen printing inks is crucial for maintaining
the integrity of printed features. The ink should be shear thinning and thixotropic over a
defined time scale and shear rate.17 In addition, the inks should have low solvent
evaporation to prevent the ink from drying on the screen between prints.17 α-Terpineol, a
low volatility organic solvent, is one of the more commonly used solvents for the
preparation of oxide-based inks for SOFC production and was chosen for the preparation
of template particle containg inks for the current study. Ethyl cellulose (3 wt% on a
solids basis) was selected as the binder. The solids loading was not chosen a priori, but
rather arrived at when, after extensive solvent evaporation, the viscosity was appropriate
for printing. Fig. 5-2 shows the viscosity as a function of shear rate for three sweeps at
25°C. The difference between the first sweep, which was performed with no initial
disturbance of the paste, and the two subsequent sweeps is indicative of thixotropic
behavior. The paste is also clearly shear thinning, with the viscosity decreasing from ~40

127
Pa·s at a shear rate of 0.01 s-1 to ~15 Pa·s at a shear rate of 10 s-1. These values are within
the same range as measured viscosities of commercial screen-printing inks.18

3

10

o

Paste Temperature: 25.00 C

Eta (Pa-s)

1
Rate Sweep 1
Rate Sweep 2
Rate Sweep 3
(Open points: torque)

2

10

0.1

1

Torque (g-cm)

10

0.01

10

0.01

0.1

1
-1
Rate (s )

10

Figure 5-2: Viscosity measured as a function of shear rate for α-terpineol based Al2O3
screen printing ink with 10 vol% templates.

5.3.1.2 Printing and Sintered Composites
To determine if template alignment occurs during screen printing, ink (w/ 5 vol%
templates) was printed through a blank screen to produce a bilayer structure. Multiple
prints are used to fabricate thicker textured layers. Printed bilayers were stacked to build
2-2 composites. Mirror symmetry of layer thickness is imposed to prevent warpage
during sintering. After binder pyrolysis, the composite is sintered at 1550°C for 30
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minutes. Fig. 5-3 shows an SEM micrograph of the cross-section of two templated
screen printed layers of different thickness. The upper layer is comprised of three prints
and has an average sintered thickness of ~24 µm. The lower layer is comprised of two
prints and has an average sintered thickness of ~17 µm. While no quantitative texture
analysis was performed, the microstructure exhibit well-aligned templated grains,
indicating good template alignment during the printing process. While some degree of
template alignment can probably be attributed to the printed layer thickness being smaller
than the average template diameter, it also seems that there may be template alignment
during the printing process from shear stress. Shear rates of nominally 100-1000 s-1 are
observed during the printing process17. This shear rate is sufficient fo template
alignment, though interactions between the screen and shear field (and, thus, the template
alignment) are unknown.
Templated inks were printed onto non-templated tapes using screens with line and
square patterns of various sizes and spacing. Fig. 5-4 is an optical micrograph showing a
printed line pattern prior to binder pyrolysis. Fig. 5-4a shows that lines with good
definition can be printed both parallel and perpendicular to the printing direction. The
finest line pattern that was attempted produced well-defined lines with smaller
dimensions (75 µm width with 75 µm spacing) can also be printed (Fig. 5-4b). Fig. 5-5 is
an optical micrograph showing a printed square pattern prior to binder pyrolysis. Similar
to line patterns, square patterns can be printed to a variety of sizes (Fig. 5-5a). The prints
obtained here are not perfect, however. It is apparent from Fig. 5-5b that (i) solvent
bleeds from the trailing edge of the features and (ii) the features are not perfectly flat.
This is particularly problematic when attempting to build up structure with many prints.
These, however, are traditional screen-printing issues that can be adequately addressed
with further design and testing of ink rheology and printing parameters. Regardless, we
have demonstrated the capability of screen printing for the fabrications of complex, fine
scale microstructural features.
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Figure 5-3: SEM micrograph showing the cross-section of two textured layers produced
via screen-printing. The upper layer is produced using three consecutive prints, while the
lower is produced using two consecutive prints. Both exhibit excellent alignment of
templated grain.

Figure 5-4: Optical micrographs of screen printed line patterns after drying. Line patterns
were produced (a) with the line parallel and perpendicular to the print direction and (b) to
line widths down to 75 µm.
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Figure 5-5: Optical micrographs of screen printed square patterns after drying. Square
patterns were (a) accurately printed to a variety of sizes. Closer examination shows (b)
some bleeding of the solvent off one edge of the printed patterns.
Possible composite complexities and connectivities that can be obtained using
pattern printed layers are almost endless, limited only be the printing technology (e.g. the
scale and dimensionality) and the user’s imagination. Composites that were fabricated
during this study used simple stacking sequences. 3-1 composites are readily produced
by stacking, laminating and co-sintering line pattern printed layers, while 0-3 composites
can be produced by stacking, laminating, and co-sintering square pattern printed layers.
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Alternative connectivities and hybrid composites can be fabricated using the same
patterned tapes and simply altering the stacking strategy. It should be noted, however,
that the screen-printing process is not particularly well-suited for the fabrication of large
scale samples. Printed patterns have a surface profile that is exaggerated as more layers
are stacked (unless the patterns are staggered, which is difficult). Therefore, a process by
which multiple inks can be printed simultaneously is far better suited for building large
complex structures.
The surface of a screen-printed 3-1 composite was viewed by SEM after sintering
at 1550°C for 1 h (Fig. 5-6). The surface pattern is composed of two sequential prints
(e.g it is two prints thick). The printed pattern is intact, with no delamination or
distortion due to poor binding or differential sintering (Fig. 5-6a). A high magnification
view of the edge of the textured line is shown in Fig. 5-6b. This image is taken from the
boxed area indicated in Fig. 5-6a. The substrate surface has maintained its equiaxed
microstructure (bottom), while the basal face of templated grains can be seen in the
textured line (top). The textured line is not fully textured, as there are remnant matrix
grains. This may be due to evaporation of one or more of the dopant species, since
interior layers under similar processing conditions appear fully textured. If well-textured
surface patterns are desired, adjustments in the dopant concentration and/or the sintering
conditions can be made to solve this problem.
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Figure 5-6: SEM micrographs of (a) several screen printed lines after sintering (1550°C,
30 min) and (b) the edge of one of the lines showing the difference in microstructures
achieved by printing a (SiO2 + CaO) doped, templated ink on an MgO-doped substrate
tape.

5.3.2 Composites via Co-Casting

5.3.2.1 Casting
It is important, particularly for co-cast composites that are large or complex that
the thickness of the tape segments be the same. The wet thickness of a cast tape is
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dependent upon four factors: the casting rate, the blade gap (i.e. the height of the doctor
blade), the reservoir height (i.e. the height of the slurry within the reservoir), and the
slurry viscosity.19 The casting rate and the blade gap are a constant for all segments of
the tape during co-casting (assuming the blade is level). Therefore, a uniform wet
thickness can be obtained by controlling the reservoir height and the slurry viscosity. On
an industrial scale, the reservoir height can be readily controlled by using a double blade
set-up, though consideration regarding the prevention of extensive slurry mixing would
need to be taken. In this study, the slurries were poured into the reservoir by hand during
casting and, thus, the reservoirs were never more than 1 cm high. As a result, the
variations in reservoir height obtained here would not be expected to have a large effect
on wet tape thickness. Therefore, the regulation of slurry viscosities is the primary
challenge when attempting to co-cast a tape with constant thickness across all segments.
For this study, the viscosity of the slurries was measured prior to casting and adjusted by
evaporation.
The dry tape thickness is also strongly affected by the through-thickness
shrinkage during the drying process. Through-thickness shrinkage is highly variable,
with blade gap/dry thickness ratios ranging from 1.5 up to 8.19 The blade gap/dry
thickness in this study in typically 4.5-5 and, from extensive experience in casting
templated and non-templated tapes, seems to be independent of the dopant and templates.
Therefore, in this study, differential drying shrinkage should not be an obstacle to
obtaining even-thickness segments.
Finally, it should be noted that, as observed in chapter 2, the sintering shrinkage
of templated Al2O3 is anisotropic, with the degree of anisotropy dependent upon the
template loading and dopant concentration. Shrinkage is reduced in the x-y plane (i.e. the
texture plane) and enhanced in the z-axis (i.e. the through-thickness direction). The
effects of differential sintering in the x-y plane on shrinkage and microstructure
development were addressed in chapter 3. During co-cast composite fabrication,
however, z-axis differential sintering will also occur. Therefore, even if the tape segment
thicknesses are carefully controlled, thickness variations between sintered segments are
commonly observed.
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5.3.2.2 Sintering Co-Cast Composites and their Mechanical Response
In a 2-2 composite, shrinkage is inhibited in the x-y plane of the equiaxed layer
(due to biaxial tensile stress) and enhanced in the x-y plane of the textured layer (due to
biaxial compressive). This has consequences for microstructure development as well.
For example, because the compressive stress counteracts the template constraint, the
density of the textured layers is improved with increasing compressive stress. Stress
development from differential sintering, and the resultant microstructural consequences,
are more complicated during sintering of co-cast composites. A schematic of the
differential shrinkage around a textured feature is given in Fig. 5-7. The relationship
between the strain of the equiaxed section (εe) and the x-y plane strain (εx-y) is similar to
that observed in 2-2 composites. Sintering strain in the z-direction of the textured feature
(εz), on the other hand, is greater than εe. The resultant stress has the opposite sign as that
developed in 2-2 composites; tensile in the textured feature and compressive in the
equiaxed. Therefore, the stress in the equiaxed microstructure depends on both the
proximity to textured features, as well the orientation of the textured features.

Figure 5-7: Schematic identifying the different sintering strains around a textured feature
in a co-cast composite.
An example of this can be seen in Fig. 5-8, which shows the end of two textured
features (from a co-cast layer) with an equiaxed layer in between (Fig. 5-8a). A closer
examination of the equiaxed layer between the textured features (Fig. 5-8b) and
approximately 100 µm from the ends of the textured features (Fig. 5-8c) reveals the

135
change in density associated orientation relative to the textured features. The equiaxed
microstructure density is much lower when constrained by εx-y of the textured feature.
Regardless of the stress origin, the effect on microstructure is the same. Tensile stresses
inhibit densification and compressive stresses enhance densification. In co-cast
composites, the sintering stress state can vary based on a number of composite
architectural parameters (in additional to those observed in 22 composites) including the
identity and orientation of the adjacent layer.

Figure 5-8: SEM micrographs of the cross-section of a co-cast 1-3 composite. The
images depict (a) the ends of two textured features, (b) the equiaxed microstructure
between the textured features, and (c) the equiaxed microstructure
During stacking, it is important that co-casting features be carefully aligned
and/or balanced to avoid warpage during sintering. The connectivity of co-cast
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composites is determined by the segment composition and widths of the tapes and the
stacking sequence of the tapes. A few examples are discussed here.
The default connectivity of co-cast composites (i.e. without rotation of the co-cast
tapes during stacking) is 2-2 if only co-cast tapes are stacked and 1-3 if they are
alternated with non-templated tapes. An example of the latter is shown in Fig. 5-9. A
schematic of the stacking sequence is shown in Fig. 5-9a. Each co-cast tape is composed
of three segments, two outer non-templated segments with a center templated segment.
A photograph of a 1-3 composite after sintering (1550°C, 30 min) is shown in Fig. 5-9b.
The different sections of the composite are clearly visible. The all-equiaxed edges are the
milky beige color commonly observed in MgO-doped alumina. The center stripe is
closer to the white color of alumina without any color-active dopants.

Figure 5-9: Simple 1-3 composite design using (a) a stacking sequence of co-cast tapes
separated by non-templated tapes. A photograph (b) of the sintered composite is shown
as well.
As a result of such a stacking sequence, the center stripe in Fig. 5-9b is analogous
to the 2-2 composites produced in chapter 3. During bend testing of the 2-2 composites,
it was noted that delamination of layers occurred in the crack wake if there was sufficient
mechanical interlocking between the layers. It was proposed that delamination could be
prevented if the delamination crack could be halted and that this may allow for further
build-up of load retention during testing. When the sample shown in Fig. 5-9b is cut
perpendicular to the center stripe, bend bars are produced with a layered center, as shown
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in Fig. 5-10a. A sample load-deflection response from a bend bar with three textured
layers (w/ 10 vol% templates) in the center is shown in Fig. 5-10b. This particular
sample has high strength (408 MPa) and exhibits highly non-catastrophic failure. No
increase in load retention during delamination cracking was observed. However, despite
no evidence of increasing load retention, all composites tested exhibited the ability to
prevent delamination cracks from extending off the ends of the samples (e.g. they did not
split apart like 2-2 composites during delamination).

Figure 5-10: A schematic showing (a) the testing geometry for fracture testing of a cocast 1-3 textured-equiaxed composite and (b) a sample load-deflection response.
Tapes can be co-cast with more than three segments. Fig. 5-11a shows the
stacking sequence for fabricating a 1-3 composite using co-cast tapes with five segments
(three non-templated segments separated by two templated segments). The composite
sample was sintered 1t 1550°C for 30 min. A photograph is shown in Fig. 5-11b. The
different segments display colors similar to those seen in Fig. 5-9b. Composites with 1-3
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connectivity and higher complexity can be accessed simply by using different co-cast
tapes (e.g. different segment configuration and compositions) in the same sample.

Figure 5-11: Complex 1-3 composite design using (a) a stacking sequence of co-cast
tapes separated by non-templated tapes. A photograph (b) of the sintered composite is
shown as well.
The rotation of co-cast tapes allows access to a much larger suite of complexities
and connectivities. For example, a cross-ply 3-3 composite can be fabricated by stacking
co-cast tapes with a 90° rotation between each tape (Fig. 5-12a). The photograph in
Fig. 5-12b shows a sintered composite (1550°C, 30 min) composed of 6 co-cast layers (3
of each orientation) with 3 equiaxed layers on each face. The sintered thickness is ~1.45
mm. There was no warpage during sintering, indicating that the differential sintering
stresses were balanced by the symmetric stacking and tape rotation sequence.
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Figure 5-12: Complex cross-ply 3-3 composite design using (a) a stacking sequence of 5segment co-cast tapes, with a 90° rotation between tapes. A (b) photograph of the
sintered composite is shown as well. The arrow in Fig. 5-12b indicates the location of the
indentation prior to fracture testing.
The as-sintered sample shown in Fig. 5-12b was tested in a ball-on-three-balls
test. An indent was placed in the center of one of the large faces using a Vickers indenter
and an indentation force of 5 kgf. Therefore, the indent was formed over an area that is
100% equiaxed through the thickness (as indicated in 5-12b). The indent was placed one
the opposite side of the center ball to induce fracture initiating from the indent during
testing. Post-fracture inspection confirmed that initiation of failure occurred at the
indent. The load-deflection response of this test is given by Fig. 5-13. Non-catastrophic
failure is observed, with the second load peak (145 N) exceeding the initial load peak
(129 N). The strength was not calculated, as the plate was not machined after sintering,
making the analysis somewhat complicated. The occurrence of non-catastrophic failure
was unexpected, particularly because there were no textured features below the indent.
In addition, there was very little crack deflection in the area with textured features.
Though further study is needed to determine the cause of non-catastrophic failure, one
possibility is that crack arrest occurs as the indentation crack encounters the areas with
textured feature during lateral propagation across the face of the plate.
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Figure 5-13: Load-deflection response during ball-on-three-balls testing of the composite
plate shown in Fig. 5-12b at a constant displacement of 0.2 mm/min. Fracture was
initiated from a Vickers indent located at the arrow in Fig. 5-12b. Non-catastrophic
failure is observed despite the absence of textured features underneath the indent.

5.4 Conclusion
The use of screen-printing and co-casting processing technologies were used to
produce a variety of textured equiaxed composites. Template alignment during screenprinting was demonstrated for the first time, thus allowing screen-printing of templated
features for texturing by TGG. Microstructure control strategies developed for 2-2
composites were successfully applied to the production of 0-3, 1-3, and 3-3 composites.
Other avenues for producing alternative composites with higher degrees of complexity
were discussed.
Preliminary mechanical testing was performed on several composites. In 1-3
composite testing, we were unable to produce evidence of increasing load retention
during delamination cracking. Regardless, for all 1-3 composites tested, delamination
cracking off the edges of the samples during bend testing was prevented. In addition,
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non-catastrophic failure was observed during the fracture of 3-3 composite plates (as
shown in Fig. 5-12), despite the fracture origin being located in a section of the
composite that is equiaxed through the thickness. These interesting preliminary results
clearly indicate the need for further study.
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Chapter 6
Summary and Future Work

6.1 Summary

6.1.1 Processing, Texture, and Mechanical Properties of Textured Al2O3
The development of texture in α-Al2O3 using the templated grain growth (TGG)
process was explored under low liquid-phase dopant concentration conditions. High
temperature dilatometry was performed to quantify the effect of template constraint on xy plane shirinkage and the extent to which this constraint could be mitigated as a function
of the dopant concentration. x-y plane shrinkage was observed to be increasingly
constrained with increasing template loadng and decreasing dopant concentration. Final
x-y plane shrinkage was greater for samples with 0.14 wt% dopant than for those without
dopant, despite have a much lower peak strain rate. It was concluded that densification
was impeded by the dopant at lower temperatures but enhanced significantly above
1450°C. Texture is highly developed in samples with no dopant and 0.14 wt% dopant by
1550°C and in samples with 2 wt% dopant by 1350°C.
Texture quantification was performed using the rocking curve technique.
Templated grain alignment (and, thus, texture quality) deteriorates with increasing
template loading. Samples with no dopant had lower texture fractions than those with
0.14% and 2% dopant. The FWHM of the rocking for samples with 1 vol% templates
and 0.14% template loading was lower (4.59°) than that measured in any previous TGG
study.
Strength and effective fracture toughness were measured on samples with 0.14%
dopant concentration using four-point bend testing and compared with a fine-grained
equiaxed alumina. Samples were tested with the texture-plane (i.e. the larges faces of

144
tempated grains) parallel to the tensile surface of the bend bars. Textured samples had
lower strength than the fine-grained equiaxed sample. All textured samples had high
strength (400-450 MPa) except those with 1 vol% templates (290 MPa). Fracture
toughness was measured using the indentation-strength method. Textured samples
exhbitied lower toughness than the fine-grained equiaxed sample as a result of
predominantly transgranular fracture mode in texture samples. All textured samples had
similar toughness (~3.05 MPa·m1/2) except those with 1 vol% templates (2.36 MPa·m1/2).
The low strength of 1 vol% templated samples was attributed to the increase in flaw size
during grain growth.

6.1.2 2-2 Textured-Equiaxed Al2O3 Microstructure Composites: Processing and
Microstructure Development
A processing strategy was developed for the fabrication of textured-equiaxed
Al2O3 microstructure composites with 2-2 connectivity. Texture was developed locally
using templated grain growth (TGG).1 Tape casting was used to form templated and nontemplated tapes with different dopants. Dopants used to promote TGG (SiO2 + CaO)
were included in the templated tapes and dopants used to prevent abnormal grain growth
(MgO) were included in the non templated tapes. Composites were formed by
sequentially stacking the different tapes and co-sintering. Appropriate dopant
concentrations and sintering conditions that enable the production of well-textured layers
and fine-grained equiaxed layers separated by a sharp interface were identified.
Template constraint in the texture-plane of textured layers caused differential sintering
between the layers during sintering. The effect on composite shrinkage was quantified by
high temperature dilatometry, while the effect on microstructure development was
observed by SEM.
The effect of composite architecture on microstructure development and texture
quality were examined. Microstructure development within both layers is affected by
changes in both differential stress and dopant diffusion distance associated with layer
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thickess and the volume percent of textured layers. Texture quality was observed to
decrease slightly with increasing biaxial compressive during sintering.

6.1.3 Fracture Behavior of 2-2 Textured-Equiaxed Microstructure Composites:
Non-Catastrophic Failure and Flaw Tolerance
The fracture behavior of 2-2 textured-equiaxe microstucture composites was
examined using various four-point bend tests. Testing was performed with the equiaxed
tensile surface parallel to the textured layers. Composites with 1 vol% templated layers
failed catastrophically. Significant crack deflection was observed in composites with 5
vol% and 10 vol% templated layers, resulting in non-catastrophic failure. The work-offracture (WOF) values measured for composites that failed non-catastrophically exceeded
1 kJ/m2. Crack deflection occurred along the basal faces of templated grains, often well
within the textured layer (i.e. not at the microstructure interface). Crack deflection
continued for up to multiple mm. The cause of deflection cracks kinking out of the
deflection plane remians undetermined.
The interfacial fracture energy of the textured layers was measured using a
notched beam test adapted from Charalambides.2 Using the ratio of the measured
interfacial values and the mode I fracture energies of textured microstructure obtained in
chapter 4, the crack deflection was successfully predicted using the He-Hutchinson crack
deflection criterion.3 It is unclear, however, why crack deflection did not occur in
textured monoliths despite meeting the crack deflection criterion. It was concluded that
crack deflection was the result of the combination of the anisotropic fracture energy of
textured Al2O3 and the residual compressive stresses developed from thermal expansion
mismatch. Other observed fracture phenomena include multiple cracking/crack arrest
and preliminary evidence of flaw tolerance.
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6.1.4 Fabrication and Mechanical Testing of Textured-Equiaxed Microstructure
Composites: Additional Connectivities and Higher Complexities
Textured-equiaxed Al2O3 microstructure composites of additional connectivities,
(including 1-3, 0-3, and 3-3) were produced by screen printing and co-casting processes.
Template alignment during the screen printing process was demonstrated, allowing the
capability to produce printed textured features. This process was used to print line and
square patterns on non-templated tapes to produce 1-3 and 0-3 composites, respectively.
Co-casting was used to produce single tapes with templated and non-templated segments.
A variety of stacking strategies ere employed to generate 1-3 and 3-3 composites of
various complexity (inclusing cross-ply composites). Fracture testing of cross-ply
composite plates exhibited non-catastrophic failure despite a lack of textured
microstructural features below the flaw.

6.2 Future Work
The primary purpose of this dissertation was to lay the groundwork from which
future researchers can produce microstructure composites using other materials,
microstructures, connectivities, and complexities as defined by the desired application.
One can envision a large number of studies stemming from this work that not only further
advance the understanding of processing and mechanical properties phenomena observed
in this study but that also take advantage of the concepts developed here by applying
them to novel composite design. The brief discussion of potential projects that follows
by no means represents the full scope of the microstructure composite concept.

6.2.1 Examination of Dopant Interdiffusion in Grain Size Microstructure
Composites
The ability to control microstructure development locally on a small scale is an
integral part of microstructure composite design. The inspiration for the dopant strategy
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used in this study was the work of Gavrilov et al.4,5 Using high resolution imaging
secondary ion mass spectrometry (HRI-SIMS), they determined that Al2O3 co-doped with
SiO2 and MgO had a much higher dopant solid solubility (for both species) than Al2O3
singly doped with SiO2 or MgO. It was concluded that each of the co-dopants increases
the solid solubility of the other through the formation fo a defect complex. Because the
solid solubility is increased, the grain boundary concentration is reduced. Therefore, the
effect of grain boundary SiO2 (e.g. abnormal grain growth) is reduced or eliminated by
co-doping with MgO.
During microstructure composite fabrication, MgO is used to ‘scavenge’ liquid
forming dopants that diffuse out of the templated regions. In composites without
templates, microstructure composites with different grain sizes (or grain size
microstructure composites) were produced (Fig. 3-3). It was also observed that the
thickness of layers can have a significant effect on microstructure development as a result
of dopant interdiffusion (Fig. 3-13). It is currently unknown whether this was caused by
MgO diffusion into thinner templated layers (i.e. the layer acts as a thinner dopant sink)
or by (SiO2+CaO) diffusion out of thinner templated layers (i.e. the layer acts as a thinner
dopant source). An HRI-SIMS study of microstructure interfaces would elucidate dopant
interdiffusion mechanisms and kinetics. In addition, it would clarify the dopant
concentraions necessary for the onset of AGG in the three-dopant system used in this
study. Such information could be used to produce grain size microstructure composites
with micron scale feature spacings. Grain size composites may have useful mechanical
properties based on the flaw tolerance of large grained sections and the strength of finegrained sections.6

6.2.2 Fracture Mechanics Analysis of Deflection in Textured Layers
A fracture mechanics analysis for the deflection of a crack at the interface
between two materials was developed by He and Hutchinson3 and has been successfully
applied in a wide range of studies. Macroscopic crack deflection within a bulk material,
as observed in this work, has yet to be treated. This is likely a result of the lack of
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observations of such behavior in the literature, as it requires highly anisotropic fracture
energy in a brittle material which may be available in textured ceramics alone. While the
He-Hutchinson criterion was applied successfully (by assuming both materials across the
interface are the same), it would also predict crack deflection in textured monlithic
material. This was not observed, suggesting the criterion is inappropriate for this type of
crack deflection.
A thorough fracture mechanics analysis, coupled with a more systematic fracture
experiment design, will provide the framework to enable the prediction of crack
deflection in other materials. The effect of residual stress on fracture energy anisotropy
is one aspect of the deflection process that demands further experimental treatment. In
addition, the role of microstructural features such as pore volume and morphology and
templated grain size strongly affect fracture energy anisotropy need to be elucidated to
enable precise composite design for tailored mechanical behavior.

6.2.3 High complexity 3D microstructure composites
Much of the promise of the microstructure composite concept relies upon its
application to highly complex structures. A variety of existing method are capable of
forming such structures, including co-called solid freeform fabrication (SFF) techniques.
Two SFF techniques particularly well-suited to purpose are 3D inkjet printing7 and
robocasting8. Both processes allow for the three-dimensional control of initial dopant
distribution during forming and, therefore, any composite design requiring local
microstructure control using only localized dopants can be fabricated. Robocasting is
extremely well suited for the orientation of high-apect ratio cylindrical template particles,
as it is essentially a spatially controlled micro-extrusion process. It is less clear if ink jet
printing can be used to orient templates, though some template alignment is required if
the print thickness is less that the template diameter (or length).
The use of SFF processes for the design of microstructure composites will
enhance our ability to mimic biological structures and build in high levels of complexity
and hierarchy. This will enable researchers to access some of the more remarkable
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property benefits of high complexity and hierarchy in all-ceramic (and single-phase)
structures for the first time.

6.2.4 SiC Textured-Equiaxed Microstructure Composites
It was demonstrated in chapters 4 and 5 that textured-equiaxed composite possess
a suite of fracture behaviors that are attractive for structural applications. While alumina
is certainly a useful structural material, the extension of textured-equiaxed composite
fabrication concepts to an alternative system with better intrinsic mechanical properties
may be beneficial for applications such as armor. Materials with higher thermal
expansion anisotropy may also allow for the generation of higher residual stresses, which
may enhance crack deflection. Texture has been developed using TGG in a variety of
potential structural materials including mullite9, Si3N410, and SiC.11 SiC offers the
greatest potential in terms of the combination high temperature stability, ease of
processing, mechanical properties, and the thermal expansion anisotropy necessary for
stress development.
Texture development by TGG was demonstrated in the SiC system (6H polytype)
using hexagonal SiC platelets as templates.11 Residual stress profile can be developed in
SiC, since the system can have considerable thermal expansion anisotropy.12 The
magnitude of the thermal expansion anisotropy is determined by the polytype; it increases
with the percent of hexagonal stacking sequences.12 As a result, residual stress develop
may be highly tunable. One of the primary objective will be developing a processing
strategy for maintaining local control of microstructure development, as there is far less
known about SiC microstructure control than in Al2O3.
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