The Pennsylvania State University
The Graduate School
College of Earth and Mineral Sciences

IN SITU STRESS MEASUREMENTS DURING MOCVD GROWTH OF
ALUMINUM GALLIUM NITRIDE ON SILICON CARBIDE

A Thesis in
Materials Science and Engineering
by
Jeremy D. Acord

© 2007 Jeremy D. Acord

Submitted in Partial Fulfillment
of the Requirements
for the Degree of

Doctor of Philosophy

August 2007

The thesis of Jeremy D. Acord was reviewed and approved* by the following:

Joan M. Redwing
Professor of Materials Science and Engineering
Thesis Advisor
Chair of Committee

Elizabeth C. Dickey
Associate Professor of Materials Science and Engineering
Associate Director, Materials Research Institute

Christopher L. Muhlstein
Assistant Professor of Materials Science and Engineering

Mark W. Horn
Associate Professor of Engineering Science and Mechanics

James P Runt
Professor of Polymer Science
Chair, Intercollege Materials Science and
Engineering Graduate Degree Program

*Signatures are on file in the Graduate School

Abstract
AlxGa1-xN is a wide band gap compound semiconductor material with the desirable
properties of high chemical and thermal stability, as well as a direct band gap. This
makes AlxGa1-xN particularly suitable for fabrication of deep-ultraviolet (UV)
optoelectronic devices. However, there are currently no readily available bulk group IIInitride substrates, hence growth must be carried out on foreign substrates, such as
sapphire or silicon carbide. This leads to epitaxial misfit between the film and substrate,
as well as strain due to mismatch in the coefficients of thermal expansion (CTE) during a
temperature change. Cracking is often attributed to these differences between film and
substrate, and also between AlxGa1-xN layers of different compositions. The important
role of growth-related stress is less obvious and not as well understood in this process.
Due to the dynamic nature of these stresses, it is often difficult to understand their
behavior from post-growth measurements. Hence it is valuable to study these stresses
using an in situ measurement technique.

To fabricate devices that are active at various UV wavelengths, a range of AlxGa1-xN
compositions must be deposited, often within the same device structure. Empirical
observations have shown that AlxGa1-xN layers deposited on such substrates have a
tendency to crack that increases with the aluminum content of the alloy and with the
silicon doping level needed to make n-type conducting material. Therefore the primary
goals of this study were twofold: to develop a fundamental understanding of the
mechanisms contributing to stress evolution during deposition of AlxGa1-xN thin films by
metalorganic chemical vapor deposition (MOCVD) on SiC substrates, and to understand
the dependence of cracking on the Al-content of AlxGa1-xN. In situ substrate curvature
measurements performed with a Multibeam Optical Stress Sensor (MOSS) were used
throughout this study to further this goal. It is noteworthy that no prior literature reports
exist studying MOCVD of AlxGa1-xN on SiC using in situ techniques.
The first portion of this study investigated the changes in the stress evolution as the
Al-fraction of the AlxGa1-xN thin films was varied. Gallium-rich alloys were observed to
follow the pattern reported previously in the literature determined by post-growth
iii

techniques. GaN deposited on AlN buffer layer initiated growth in compression due to
epitaxial misfit that was partially relaxed by formation of misfit dislocations near the
interface. The growth stress relaxed with increasing GaN thickness until the surface
became largely stress-free at growth temperature after growth of approximately 3 µm.
As a consequence of this direct measurement, it was determined that cracking in thick
GaN layers is due solely to the CTE stress, and not due to any growth stress. In contrast,
the growth stress in Al-rich AlxGa1-xN deposited on AlN was strongly determined
primarily by the stress and defect structure of the AlN buffer layer, in combination with a
small epitaxial misfit. For sufficiently high Al-fraction, the AlxGa1-xN growth stress was
tensile from the start of growth. For compositions in between these two extremes, the
stress evolution contained elements of both behaviors. This was termed “AlxGa1-xN”
type behavior.

As with Ga-rich films, the initial growth stress was compressive.

However, the stress evolved into tension toward the end of growth. The mechanisms
from the two previously discussed regimes were determined to be active, in addition to a
mechanism described in the literature as “dislocation effective climb”. This mechanism
is active when pre-existing threading dislocations with an edge component propagate into
the AlxGa1-xN epilayer, becoming inclined as they do so leading to reduction in the initial
compressive stress and eventually generation of tensile stress.

This regime is also

sensitive to the stress and structure of the AlN buffer layer.

In the remainder of the study attempts were made to understand and modify the effect
of the buffer layer. It was determined that high (>10,000) NH3 / Al-precursor ratio
produced AlN buffer layers with improved quality, relative to lower ratios.

This

translated into reduced dislocation density and decreased tensile growth stress in
subsequently grown AlxGa1-xN epilayers. Compositionally graded buffer layers were
investigated to attempt to increase the mean compressive stress at the end of epilayer
growth. This technique was successful for GaN epilayers, with the thickest graded buffer
layers producing the greatest effect.

However, as the Al-fraction of the epilayer

increased, the effectiveness of the graded buffer layer decreased. This was attributed to
the rapidly decreasing strain energy available. One preliminary experiment demonstrated
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that dislocations become inclined when SiH4 was introduced during growth of
Al0.28Ga0.72N, leading to increased tensile growth stress.
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Chapter 1
Introduction

1.1 Motivation

The nitrides of the group-IIIa metals aluminum, gallium and indium recently have
become the semiconductor of choice for applications in a range of optoelectronic devices
1

. High brightness blue and green light-emitting diodes (LEDs), as well as violet laser

diodes, are already in commercial production.

The active regions of these devices

operating in the visible portion of the electromagnetic spectrum are fabricated from alloys
of InN with GaN. For optoelectronic devices operating in the ultraviolet, AlxGa1-xN, with
a direct band gap ranging from 3.42 eV for GaN to 6.11 eV for AlN, is a more suitable
choice.

Ultraviolet (UV) LEDs are currently being developed for a variety of potential
applications in consumer white-lighting, fluorescence detection, and secure non-line-ofsight military communications. High-power LEDs with emission in the deep UV region
(λ ~ 280-340 nm) can be used to excite traditional fluorescent lamp phosphors to create a
compact, solid-state white light source with a more pleasing color spectrum than is given
by the presently used blue LED with a yellow emitting phosphor 2. Similarly, tryptophan
and NADH are common constituents of biological organisms, including biological
warfare agents, and have absorbance peaks near 280 and 340 nm, respectively 3. UV
LEDs emitting at these wavelengths are currently being developed for detection of these
molecules by fluorescence spectroscopy systems. In these systems, the UV light is
concentrated on a sample, where any target molecules of interest absorb the pump
wavelength and re-emit a characteristic spectrum which is then analyzed by a suitable
spectrometer. Another application for deep-UV emitting LEDs is in military covert
communications.

Strong absorption of UV light with a wavelength less than

approximately 300 nm by atmospheric ozone leads to a low UV background at the
surface of the earth 4, which can be exploited for covert communications links over short
distances using UV LEDs emitting at λ ~ 280 nm 3. Germicidal lamps are another
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nascent application for deep-UV emitting LEDs that again take advantage of the compact
and robust nature of the LED. Thus there has been a concerted effort recently to fabricate
AlxGa1-xN based LEDs with ever shorter emission wavelengths. In addition, the need to
store rapidly increasing quantities of data has made the prospect of a UV emitting laser
diode very attractive to enable a higher density generation of optical disk technology.
However, materials quality issues are still hindering the development of the next
generation of devices.

The group-IIIa nitrides have been successfully fabricated by a number of crystal
growth techniques. An excellent review of the most important of these techniques was
presented by Ambacher 1. Small single crystals of GaN and AlN have been synthesized
by high-pressure, high-temperature methods. However, these crystals are too small to
serve as practical substrates to be processed into devices on a production scale. Reactive
sputtering has also been used to synthesize AlN, GaN, InN and some alloys between the
binaries on a variety of substrates.

However, the material produced tends to be

polycrystalline in nature, making them unsuitable for most electronic devices. Hydride
vapor phase epitaxy (HVPE) is capable of depositing quasi-bulk materials due to the high
growth rates achievable. However, the method is generally not preferred for manufacture
of electronic and eptoelectronic devices due again to the very high growth rate that causes
difficulty with accurate control of thin device layers. Molecular beam epitaxy (MBE)
offers the advantages of a very clean growth environment and very tight control over the
species arriving at the growth surface. The main disadvantage of MBE is the very low
film growth rate and the difficulty of maintaining the necessary vacuum levels in the
deposition environment, leading to low throughput. Thus, the preferred manufacturing
technique is metalorganic chemical vapor deposition (MOCVD). This technique offers
growth rates intermediate between HVPE and MBE allowing for reasonable
manufacturing throughput while retaining sufficient control over device structure. The
typical growth conditions, covered in more detail in Chapter 2, lead to a combination of
good structural, optical and electrical film properties.

2

The group-IIIa nitrides crystallize in both the cubic zincblende and hexagonal wurtzite
systems, though most applications in optoelectronic devices employ the hexagonal
nitrides. A perspective view of the wurtzite crystal structure is depicted in Fig. 1.1.
Since single-crystal AlxGa1-xN substrates are not currently readily available, growth of
AlxGa1-xN optoelectronic devices must be performed on alternative substrates. Two
commonly used substrate materials are sapphire and silicon carbide. Insulating substrates
such as sapphire require laterally conducting device geometries (Fig. 1.2a), while
semiconducting substrates such as SiC allow for vertically conducting designs (Fig. 1.2b).
The vertical geometry eliminates the need for a top-side n-contact, minimizing the LED
die area and current spreading issues 5. SiC also has a high thermal conductivity of 3.03.8 W/cm-K at 25 ºC 6, aiding with waste heat management in devices. In addition, SiC
can be cleaved easily along the [2-1-10] and the [01-10] directions. Since GaN [10-10] ||
SiC [10-10] when GaN [0001] || SiC [0001], this can be exploited to form high-quality
cleaved facets for laser diodes 5. The epitaxial mismatch to AlxGa1-xN (-1.1% to AlN and
-3.5% to GaN) is considerably smaller than that of sapphire, implying that AlxGa1-xN
epilayers with lower dislocation densities and better crystal quality can be obtained on
SiC compared to sapphire.

However, SiC is a relatively recently developed bulk

substrate material, and historically the high cost, size limitations, and material quality
issues associated with SiC have hindered research and development of AlxGa1-xN devices
on this material. In addition, the band gap of SiC is smaller than that of GaN, and for
wavelengths below 360nm, n+-SiC substrates are highly absorbing 7.

Finally, the

coefficient of thermal expansion of SiC is smaller than that of AlxGa1-xN, placing AlxGa1xN

films under tension upon cooling to room temperature from growth temperature. This,

combined with any growth stresses that may be present, can lead to film cracking upon
cooling to room temperature.
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Fig. 1.1: Perspective views of wurtzite GaN along various directions: (a) [0002];
(b) [11-20]; (c) [10-10]. The large spheres represent Ga atoms, the small sphere N
atoms. Reproduced from L. Liu and J.H. Edgar, Mater. Sci. Eng. R Rep. R37, 61-127
(2002).

To emit light of a particular wavelength, the active region of an LED (Fig. 1.2) must
have a band gap energy greater than or equal to the photon energy of interest. The band
gap of AlxGa1-xN is related to the Al fraction (x) by the equation
E ( g ) ( x ) = ( x ) × E gAlN + (1 − x ) × E gGaN − b × x(1 − x )

(Eq. 1.1)

where Eg(x) is the AlxGa1-xN band gap, E gAlN and E gGaN are the band gaps of AlN and
GaN respectively, and b is the band gap bowing parameter. Assuming a band gap
bowing parameter of +0.7 eV for AlxGa1-xN and 6.11 eV and 3.42 eV for the AlN and
GaN band gaps respectively 8, one can calculate the Al fraction of AlxGa1-xN with a band
gap corresponding to the energy of 280 nm light as ~0.44, and of 340 nm light as ~0.11.
p - contact

p - contact

p-GaN contact layer

p-GaN contact layer

p-AlGaN cladding

p-AlGaN cladding
p-AlGaN EBL
active layer
n-AlGaN cladding
n-AlGaN template
n-Conducting buffer layer

p-AlGaN EBL
n - contact
active layer
n-AlGaN cladding
n-GaN or AlGaN template

(a)

sapphire

(b)

n+ SiC
n - contact

Fig. 1.2: Schematic of general heterojunction UV LED structures using (a) laterally
conducting geometry on sapphire and (b) vertically conducting geometry on SiC.
EBL stands for “electron blocking layer”.
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A p-n homojunction LED suffers from low light-extraction efficiency, since the photons
emitted from the active region are readily reabsorbed in the other parts of the diode, and
also from limited control of carrier injection into the active region 9. Heterojunctions
solve both of these problems by making the band gap of one or both of the adjacent
conductive regions larger than that of the active region. For AlxGa1-xN UV LEDs this
requires conductive layers with a greater Al fraction than the active layer 2.
In LED structures (Fig. 1.2), it is common to use a thick (~1-4 µm) template layer 2,1012

to improve the structural, morphological and electrical properties of the device

10

. It

has been observed that the dislocation density decreases rapidly with increasing GaN film
thickness
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, which is desirable for improved device performance. However, if GaN is

used as the template layer, then the AlxGa1-xN cladding and active layers are subject to
cracking due to the epitaxial and coefficient of thermal expansion (CTE) mismatches
between the alloys 14,15, and the light-extraction efficiency is reduced by absorption in the
GaN template

16

. Both of these problems can be minimized by using an AlxGa1-xN

template layer, however the resulting tensile growth stresses must be managed to prevent
cracking 16.

In order to fabricate optoelectronic devices that are active at various wavelengths
within the UV and deep-UV, a range of AlxGa1-xN compositions must be deposited, often
within the same device structure. Empirical observations have shown that the tendency
to crack increases with the aluminum composition of the alloy, though the reason for this
isn’t always clear.

Traditionally the stress evolution in nitride thin films has been

attributed simply to the combination of epitaxial misfit stresses and coefficient of thermal
expansion mismatch between the film and substrate, possibly with the inclusion of
relaxation mechanisms.

In the case of growth on SiC substrates, the compressive

epitaxial mismatch with the substrate decreases as the Al-fraction of the film increases. It
is often assumed that this compressive growth stress eventually relaxes completely,
leaving the top surface of the film stress-free at the growth temperature. This would
point to the CTE mismatch as the main contributor to room temperature stress, which for
the nitrides on SiC leads to a tensile stress. However, the averaged CTE mismatch is
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largest between GaN and SiC, indicating that Al-rich AlxGa1-xN films should be less
prone to cracking than GaN. This is directly opposite to previous empirical observation.

Multiple techniques have been developed to mitigate stress and allow deposition of
crack-free >1 μm thick AlxGa1-xN layers. Pophristic et al. reported crack-free Al0.6Ga0.4N
up to 1 µm thick grown on sapphire by using a 100 nm high-temperature AlN buffer
layer on top of a low-temperature AlN nucleation layer 17. By growing an additional 10
period AlN (5 nm) / Al0.6Ga0.4N (5 nm) superlattice, Pophristic et al. were able to grow
crack-free Al0.60Ga0.40N thicker than 1 µm. Similarly, Zhang et al. report 3 µm thick
crack-free Al0.20Ga0.80N layers on sapphire by depositing a 25 nm low-temperature AlN
nucleation layer, followed by 200 nm of high-temperature Al0.20Ga0.80N then a 10 period
AlN/Al0.2Ga0.8N superlattice buffer layer before commencing epilayer growth 16. Takano
et al. reported that an AlN/GaN superlattice buffer layer grown directly on SiC
effectively eliminated strain in a 1.5 µm thick AlN template layer

18

. Low-temperature

AlxGa1-xN interlayers have proven effective in suppressing cracking during AlxGa1-xN
growth on GaN templates

15,19,20

, which Han et al. have reported is due to a partial

“redefining” of the in-plane lattice parameter through strain relaxation

19

.

High-

temperature AlN interlayers were employed during the deposition of AlxGa1-xN/GaN
distributed Bragg reflectors on GaN templates, which introduced a compressive growth
stress and doubled the critical thickness for cracking 21.

While techniques to mitigate the stress have been developed, the origin of the stress in
the film is not always well understood. The contributions to film stress due to epitaxial
mismatch with the underlying layers is reasonably well understood, as is the contribution
from the difference in CTE between the film and substrate. Additional contributions to
growth stress due to other mechanisms are difficult to study by the “cook and look”
approach of depositing materials and characterizing them post-growth at room
temperature after removing them from the growth environment since they can be masked
by the presence of the CTE stress and / or relaxation processes that occur during cooling.
Thus, it is valuable to measure the stress evolution during growth using a suitable in situ
characterization technique.
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1.2 Objective

Due to the current lack of large, low-defect density single-crystal native substrates, all
of the devices discussed in the previous section require low defect density AlxGa1-xN thin
films to be deposited on foreign substrates. In addition, for the devices to function
reliably, the state of stress throughout the growth process and at room temperature must
be successfully managed. The motivating theme of this research is to provide a scientific
knowledge base to enable the fabrication of devices incorporating such high-Al content
AlxGa1-xN layers in the structures.

Defect formation and failure due to stress

accumulation during and after deposition of such structures have hindered the successful
development of devices to date, along with other materials related issues. Therefore, the
primary goal of this study is to develop a fundamental understanding of the processes
contributing to stress evolution during deposition of AlxGa1-xN thin films by MOCVD on
SiC substrates. In situ optical substrate curvature measurements made with a Multibeam
Optical Stress Sensor (MOSS) system were used throughout this study to determine the
relative changes in the stress involved during deposition. As referred to above, this is
particularly important because the growth stresses in this system are easily masked by
processes which occur after growth. While in situ studies have been performed for
MOCVD growth of AlxGa1-xN on sapphire and silicon substrates, no reports of in situ
stress studies for MOCVD growth of AlxGa1-xN on SiC exist to date. It is therefore
valuable to apply such a technique to further understand the nature of the growth stress
generation and relaxation mechanisms in this system.

The first portion of this study investigated the changes in the pattern of stress
evolution as the Al-fraction of the AlxGa1-xN thin film was varied.

In situ stress

measurements demonstrated that the stress evolution was considerably more complex
than had been previously assumed.

The initial growth stress and the subsequent

evolution depended on the Al-fraction of the epilayer in a complex fashion. The results
are divided into three conceptual categories, with five stress generation and relaxation
mechanisms are evaluated in each of these categories.
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The second part of the study attempted to understand and improve upon the stress and
morphological evolution of the standard AlN buffer layer on SiC used previously. The
effects of the growth temperature, SiC surface finish and the sequence of precursor
delivery on the AlN surface morphology and stress evolution were investigated. In
addition the effect of changing the ratio of aluminum to nitrogen precursors during the
AlN buffer layer deposition on the subsequent AlxGa1-xN epilayer stress evolution was
investigated.

The results were considered in terms of the mechanisms previously

discussed, and in terms of the relevance to further development efforts.

The final segment of the study incorporated the results of the previous two sections to
look at the effectiveness of compositionally graded AlxGa1-xN buffer layers (from x = 1 to
the value of x for the epilayer) for growth on SiC. One epilayer composition from each
of the behavioral regimes was selected.

Buffer layers of varying thickness were

compared to the standard AlN buffer layer. Cross-section TEM studies demonstrated that
the evolution of dislocations within both the buffer and epilayers were significantly
different across the series, and this difference likely contributed to the resulting changes
to the stress evolution.

An initial experiment with intentional n-type doping of AlxGa1-xN using SiH4 was
conducted. This experiment demonstrated that a substantial change in the growth stress
toward more tensile values coincided with the introduction of SiH4 into the reactor
chamber. TEM analysis of this sample revealed a statistically significant change in the
dislocation evolution coinciding with the change in growth stress.

Future work is

suggested to more fully investigate this effect. Additional experiments are suggested
investigating the possible use of indium as a surfactant during AlxGa1-xN growth, as well
as the effects of magnesium doping to achieve p-type conductivity.

1.3 Thesis Outline

This work presents a study of the growth by MOCVD and characterization of GaN,
AlN and their alloys on SiC substrates to study the effects of thin film composition,
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buffer layer growth conditions, and compositionally graded buffer layers on stress
evolution during growth.

Chapter 2 presents background information to aid the reader in following the
discussions used throughout this work. A brief review of the MOCVD growth of group
III-nitrides is provided, along with a discussion of the relevant mechanisms of stress
generation, stress relaxation and selected methods of measuring stress in thin films.

Chapter 3 reviews the relevant literature on the subject of stresses in GaN and AlxGa1xN

thin film deposited by MOCVD. Emphasis is placed on results for post-growth

measurements on SiC substrates and in situ stress measurements for growth on sapphire
and silicon substrates, since no in situ studies have been conducted using SiC substrates
to date.

Chapter 4 presents a description of the MOCVD reactor used to prepare all of the
samples described in this work, the Multi-Beam Optical Stress Sensor (MOSS) system
used to measure substrate curvature during thin film deposition.

The methods of

calculating film stress and the characterization techniques employed are also discussed.

Chapter 5 discusses the results related to a study of the variation in growth stress with
AlxGa1-xN Al-fraction, x. The observations are discussed in terms of the combined action
of multiple stress generation and relaxation mechanisms.

Chapter 6 presents the study of AlN buffer layers. The effect of the growth conditions
on the stress and defect structure in the AlN is evaluated. In addition, the effects of the
stress and defect structure of the AlN on the growth stress and defect structure in the
overlying AlxGa1-xN thin film are evaluated.
Chapter 7 contains the results of an investigation of the effectiveness of replacing the
AlN buffer layer with a compositionally graded AlxGa1-xN buffer layer, with the aim of
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decreasing the tensile growth stress and dislocation density in high Al-fraction AlxGa1-xN
films.

Chapter 8 suggests future work to further clarify the origin and evolution of stresses
during deposition of AlxGa1-xN on SiC substrates by MOCVD.
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Chapter 2
Background Information

This Chapter is intended to serve as a brief introduction to the concepts relevant to the
study of stresses in thin films grown by MOCVD. A brief description of the MOCVD
growth of group III-nitrides is provided first. Second, the relationship between stress and
strain is covered, followed by a discussion of the general sources of stress that are
relevant to the group III-nitrides. Coefficient of thermal expansion mismatch is covered
first, followed by growth stresses. Next, several relevant stress relaxation mechanisms
are discussed. Finally, selected methods of measuring stresses in thin films will be
presented, with an emphasis on whether the technique is suitable for use in a MOCVD
system.

2.1 MOCVD of III-Nitrides

As mentioned in Chapter 1, the group III-nitrides crystallize in both the cubic and
hexagonal crystal systems. The hexagonal wurtzite structure normally predominates,
though the cubic zincblende structure can be deposited as epitaxial thin films, generally
with a significant presence of the hexagonal phase 22. Generally the hexagonal phase is
of greatest interest for electronic and optoelectronic applications. It has been found that
the quality of the III-nitride layer is strongly influenced by the choice of substrate 22. In
addition, the method of deposition can further influence the material quality on a
particular substrate, and generally MOCVD has produced the best quality to date 1.
Because of this, and the potential for high rates of production, MOCVD has become the
technique of choice for deposition of GaN-based films for devices 23,24.

A major technical hurdle impeding deposition of III-nitrides is the adequate delivery
of chemically pure active nitrogen. The equilibrium vapor pressure of molecular nitrogen
above the group III-nitrides is depicted in Fig. 2.1. As can be seen in the figure, the
equilibrium nitrogen pressure near the melting temperature of the binaries is of the order
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Fig. 2.1: Equilibrium N2 pressure over the MN(s) + M(l) systems (M = In, Ga or Al),
and melting points T M from high-pressure experiments and theoretical calculations.
Reproduced from O. Ambacher, J. Phys. D: Appl. Phys. 31, 2653 (1998).

of 10’s of bar for AlN to over 10 kbar for GaN and InN, due to the extremely strong N-N
triple bond. An alternative to using a very high N2 overpressure is to supply atomic
nitrogen to the growth surface, which can be accomplished by introducing NH3 into the
reactor. However, the high thermal stability of ammonia necessitates the use of high
growth temperature, limited on the lower end to temperatures above ~900 ºC for GaN and
AlN 25. In addition, due to the high Ga-N and Al-N bond energies of 2.2 eV and 2.88 eV
23

, respectively, the mobility of the adatoms at low substrate temperatures is limited.

AlxGa1-xN films grown below ~900 ºC generally are amorphous or polycrystalline.
According to the zone model first discussed by Movchan and Demchishin and later
modified by Thornton, homologous temperatures above 0.5 Tm are necessary to promote
sufficient surface mobility for epitaxy 26. Conversely, while higher growth temperatures
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promote adatom mobility and improve crystallinity and epitaxial orientation, it also
requires increased flux of active nitrogen to stabilize the growth surface. The practical
maximum growth temperature is approximately 1420 K for GaN and 1470 – 1570 K for
AlN, compared to estimated melting temperatures of 2791 K and 3487 K.

The second challenge in depositing AlxGa1-xN is controllably transporting metal
species to the growth surface.

MOCVD relies upon metalorganic compounds to

overcome this hurdle, since many metalorganics are liquids or solids with appreciable
vapor pressure near room temperature. This allows the metal-containing species to be
reliably delivered by tubing and metered with conventional mass flow controllers and
pressure controllers. The most common metal precursors for MOCVD of AlxGa1-xN are
the simple Ga- and Al- alkyls, generally with methyl or ethyl ligands. The generalized
overall reaction is given by:
(CH3)3M + NH3 → MN + 3CH4
M = Al, Ga

(Eq 2.1)

If the metal alkyl is heated to sufficiently high temperature, the metal – carbon bonds will
break, causing alkyl groups to be lost in succession until the metal atom remains

27

.

However, metalorganic compounds are Lewis acids, and NH3 is a strong Lewis base

28

.

When mixed in the gas phase, metalorganics and NH3 will react to form an adduct
species, which can further undergo elimination and condensation reactions

29-31

. The

vapor pressure of many of these adduct species is sufficiently low to cause them to
condense on cold parts of the reactant transport and injection system

32

. It is often

desirable to keep the metalorganic precursor separate from the ammonia for as long as
possible to prevent formation of condensable adducts and minimize parasitic reactions,
both of which lower precursor incorporation efficiency.

Process variables such as the velocity of the carrier streams, the reactor residence time,
total reactor pressure as well as the reactant partial pressures and the ratio of metalorganic
to NH3, as well as the obvious variable of substrate temperature, all effect the deposition
process. Typically high carrier velocity, low reactor residence time, and lower reactor

13

pressure (50-150 Torr) tend to reduce the parasitic reactions, so tend to be the most
commonly used. The problem of stabilizing the growth surface against nitrogen loss can
be partially compensated by using a high NH3 / metalorganic ratio (≈1000:1 or greater).
The most commonly used carrier gases for MOCVD are purified nitrogen and hydrogen.
The choice of carrier gas can also effect the deposition, since hydrogen and nitrogen have
substantially different fluid properties.

The choice of carrier gas is not always

straightforward, though H2 known to reduce unwanted carbon incorporation. Atomic H
itself is incorporated into the AlxGa1-xN film, and high-quality p-type conducting material
can only be realized by annealing films in a N2 or vacuum environment at hightemperature for a short period 33,34.

As a consequence of the heteroepitaxial growth of AlxGa1-xN, there exists a difference
in the surface energy of the two materials as well as a lattice parameter mismatch. The
result for GaN grown directly on SiC at high temperatures (~900 – 1150 ºC) by MOCVD
is the formation of three-dimensional islands of material which subsequently coalesce to
form a continuous film 35. This is a result of the long diffusion length of Ga-containing
species on the surface combined with the low interaction with the SiC surface. For high
growth temperatures, the GaN film does not become continuous until approximately 1
µm thickness 35. The lattice parameter mismatch between the islands and the substrate is
partially relieved by the introduction of misfit dislocations near the substrate / film
interface.

When the resulting islands coalesce, they form low-angle grain boundaries which are
characterized by a periodic spacing of threading dislocations to accommodate the tilt and
twist misorientation between the islands. Twist about the substrate normal between two
grains is accommodated by pure threading edge dislocations with [0001] line directions
and 1 11 2 0 Burgers vector
3

36

. Tilt about the substrate normal is accommodated by

pure threading screw dislocations with [0001] line directions and [0001] Burgers vector 36.
Threading dislocations are known to degrade electrical and optical properties of the
materials 37, and hence dislocation reduction is of prime importance. So called “mixed”
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dislocation with [0001] line directions and 1 11 2 3 Burgers vectors are capable of
3
accommodating a superposition of tilt and twist misorientation.

By first depositing a high-temperature AlN “buffer layer” on the SiC surface, the
wetting of the SiC is altered and the resulting thickness at which the AlN becomes
continuous decreases compared to GaN on SiC

38

. GaN grown on top of this AlN is in

turn of substantially higher quality, with elimination of the low-angle grain boundaries
mentioned previously for growth of GaN directly on SiC 39. GaN grown on such a buffer
layer is reported to coalesce into a continuous film at approximately 15 nm 39, versus the
≈1 µm reported earlier. The GaN then transitions from a three-dimensional growth mode
to a layer-by-layer mode.

AlxGa1-xN deposited directly on SiC behaves slightly differently than the previous two
cases. The growth once again is reported to be initially three-dimensional followed by
island coalescence

40-42

. In all three literature reports, strain-driven phase separation

occurs in which Al-rich nuclei 40,42 or an Al-rich wetting layer 41 preferentially cover the
surface of the SiC.

This is followed by deposition of Ga-rich islands which are

subsequently overgrown by the final AlxGa1-xN film composition.
In general, MOCVD growth of AlxGa1-xN (0 ≤ x ≤ 1) on SiC is dominated by an initial
three-dimensional nucleation step followed by island coalescence, with the consequence
that dislocations are formed within the material to accommodate the lattice mismatch and
misorientation between the islands. Consequently the electrical and optical properties of
the materials are degraded, and it is therefore desirable to optimize the growth in order to
produce functional optoelectronic devices.

2.2 Hooke’s Law

On the atomic scale, elastic strain is the change in lattice parameter of a material with
respect to the relaxed state, and is a second rank tensor quantity represented by the
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symbol εkl.

Stress is the force per unit area acting on the material to cause the

deformation, and is similarly a second rank tensor quantity represented by the symbol σij.
Using the stress tensor as an example, in Cartesian coordinates the indices indicate the
side of the unit cube on which the force is applied and the direction of the applied
displacement. Hooke’s law of linear elasticity, in its most general tensor form, relates the
stress to the strain through the fourth order stiffness tensor, cijkl, according to the equation:

σ ij = cijkl ε kl .

(Eq. 2.2)

Each of the nine equations represented by Eq. 2.2 requires nine constants to describe the
behavior, for a total of 81 constants needed to form the stiffness tensor. However, since
the stress and strain tensors are symmetric, i.e. σij = σji and εkl = εlk, the number of
independent elastic constants is reduced from 81 to 36.

Depending on the crystal

symmetry of the materials or the geometry of the problem, the number of independent
elastic constants may be reduced further still. The particular case of biaxial film stress
where the in-plane stresses are isotropic and the normal stress and all shear stresses are
zero is relevant to the growth of AlxGa1-xN on SiC. In this case, the stiffness tensor is
reduced to a rank of zero, and is known as the biaxial modulus, M(hkl), where (hkl) are the
Miller indices of the plane in which the stresses act. For the case of materials with
hexagonal symmetry, the biaxial modulus for the (0001) plane is given by:

⎡
2(C13 ) 2 ⎤
M ( 0001) = ⎢(C11 + C12 ) −
⎥
C33 ⎦
⎣

(Eq. 2.3)

Another important mechanical property, the shear modulus, is simply equal to stiffness
constant C44 for the (0001) plane. The other mechanical properties of bulk modulus (Bs),
Young’s Modulus (E) and Poisson ratio (ν) can also be calculated from the stiffness
constants using the following relations:

Bs =

E=

(C11 + C12 )C33 − 2(C13 )2
C11 + C12 − 4C13 + 2C33

(C11 + C12 )C33 − 2(C13 )2

(Eq. 2.4)

(Eq. 2.5)

C13 + C33
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ν =

C13
C13 + C 33

(Eq. 2.6)

Table 2.1 lists the elastic constants for GaN

43

, AlN

44

and SiC

45

, along with the

calculated (0001) biaxial modulus.

2.3 Origins of Stress in Epitaxial Thin films

Stress develops in a thin film when it would otherwise change lateral dimensions but is
prevented from doing so by its attachment to the substrate and/or surrounding film layers.
The potential processes acting to produce a change in the thin film’s lateral dimensions
are many

46,47

, and can generally be broadly classified as either extrinsic or intrinsic.

Extrinsic stresses are imposed on the film material from the outside environment, and
include the thermal stress associated with temperature gradients within a sample as well
as the thermal stress resulting from a temperature change with a difference in coefficients
of thermal expansion (CTE) between the film and surrounding materials.

Intrinsic

stresses arise from processes occurring within the thin film material itself during growth
on a substrate. Following a brief discussion of thermal stresses, the following sources of
relevant growth related stresses will be discussed below; epitaxy, grain coalescence and
grain growth.

2.3.1 Thermal Stress

Thermal stress develops when two or more materials with differences in CTE are
bonded together and subsequently undergo a change in temperature from the starting

Table 2.1: Elastic constants of GaN, AlN and SiC. 4H-SiC and 6H-SiC elastic constants
are indistinguishable with experimental uncertainty. References 43-45.
Material

C11

C12

C13

C33

C44

M(0001)

GaN

390

145

106

398

105

478

AlN
SiC

410
501

149
111

99
52

389
553

125
163

508
602
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Table 2.2: Material properties of GaN, AlN, 4H-SiC and 6H-SiC. References 6, 48-50.

Material

a-Lattice
Parameter
at 25ºC
(Å)

Average in-plane
c-Lattice
thermal expansion
Parameter
coefficient
at 25ºC
(10-6 K-1)
(Å)

In-plane
lattice
mismatch w /
AlN (%) at
25ºC

AlN

3.1114

4.9792

4.2

--

GaN

3.1891

5.1855

5.59

4H-SiC

3.073

10.053

assumed same as
6H

-1.23

-1.44

6H-SiC

3.081

15.117

4.2

-0.98

-1.19

2.50

In-plane
lattice
mismatch w /
AlN (%) at
1100ºC
-2.36

temperature. The strain in this case is given by the equation: 46

ε = − ∫ (α f (T ) − α s (T ) )dT ≈ −(α f − α s )(T − T0 ) = −ΔαΔT
T

T0

Eq. 2.7

where ε is the CTE strain, α f and α s are the linear thermal expansion coefficients of the
film and substrate respectively, T is the final temperature and T0 is the starting
temperature. Table 2.2 lists key materials properties of GaN, AlN, 4H-SiC and 6H-SiC
6,48-50

. For GaN on SiC, this results in a tensile strain of 0.15% upon cooling from 1100

ºC to 25 ºC, while for AlN on SiC the strain is nearly zero. Thermal stress is generally
well understood, and though of significant consequence for growth of AlxGa1-xN by
MOCVD, is not specifically studied here.

2.3.2 Heteroepitaxy

The other frequently cited source of stress for growth of group III-nitrides is the
heteroepitaxial mismatch stress. Epitaxial misfit stress arises when a film material is
deposited on a substrate with a different in-plane lattice constant and the resulting
interface is fully or partially coherent. The strain due to fully coherent heteroepitaxial
growth on a rigid substrate is given by:

ε=

as − a f
Δa a s − a f
≈
≈
a
af
as

(Eq. 2.8)
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where a f and a s are the relaxed lattice parameters of the film and substrate, respectively
46

. For GaN on 4H-SiC, this results in a compressive strain of -3.6%, while for AlN the

strain is -1.2%. It should also be noted that the 2.5% mismatch between GaN and AlN
also gives rise to strain during growth of AlxGa1-xN on top of AlyGa1-yN ( x ≠ y ) of a
different composition. The resulting strain energy per unit area, Ecoherent, is given by:
E coherent = M f h f ε f

2

(Eq. 2.9)

where hf is the thickness of the fully coherent film 46.
2.3.3 Grain Coalescence

Following epitaxial stress, perhaps the best understood growth stress is the tensile
stress that is generated during the initial stages of coalescence to form a continuous film
during Volmer-Weber or Stranski-Krastanov growth.

A semi-quantitative model to

explain this mechanism in metallic films was first proposed by Hoffman 51. It should be
noted that the systems considered by Hoffman were not epitaxial systems, with the
consequent that the individual nuclei that formed were not well-ordered with respect to
each other. The model hypothesized that as three dimensional crystallites grew to within
a critical distance of the order of an atomic spacing, the gap could be closed by formation
of a grain boundary. The net driving force for the creation of the grain boundary is the
energy released through the reduction in surface area.

A grain boundary potential

analogous to the energy of interaction between atoms was proposed, and it was suggested
that due to the asymmetry of the function, the net force across the grain boundary was
tensile. The stress produced by this mechanism was estimated using the equation:

σ =Mf

Δ
d

(Eq. 2.10)

where Δ is the strain associated with gap closure and d is the diameter of the crystallites
at coalescence. Hoffman estimated the magnitude of Δ based on the assumed form of the
potential well, and hence this model lacks a rigorous treatment.
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Nix and Clemens improved on Hoffman’s model by noting that the expression for the
maximum stress follows the form of a Griffith equation, with a grain size taking the role
of the crack length in the expression

52

. The Griffith criteria for crack advance will be

discussed in more detail in section 2.4.3 dealing with relaxation phenomena. This twodimensional crack healing process is often referred to as the “zipping up” process. Nix
and Clemens started with an array of two dimensional crystallites with an elliptical
profile of width 2R and height h, as shown in Fig. 2.2. After zipping up, the film consists
of a periodic array of grain boundaries of height z0 separated by a distance of 2R, and a
surface with a cycloidal profile with crack-like cusps above the grain boundaries. Two
neighboring crystallites initially only make contact at a single point at their base. In order
to form a lower energy structure, the material will tend to minimize the free surface by
closing the crack and forming a grain boundary. This process is favorable assuming the
grain boundary energy is lower than the energy of the free surfaces. This is generally a
reasonable assumption since the dangling bond density across a grain boundary is lower
than that of a free surface. In the process of zipping up, the film must elastically deform
to become continuous, and now supports a net tensile stress. The magnitude of this stress
was calculated by noting that zipping up of the cusp is exactly the reverse of a cracking
process. Using that result and an appropriate stress intensity factor, Nix and Clemens
then equated the crack extension force to the Griffith value and solved for the average
stress, given by:

⎡⎛ 1 + ν ⎞ 2γ sv − γ gb ⎤
σ = ⎢⎜
⎟E
⎥
R
⎣⎝ 1 − ν ⎠
⎦

1

2

(Eq. 2.11)

where ν is the Poisson ratio of the film, E is the Young’s modulus, and γsv and γgb are the
free energy of the crystallite surface and grain boundary respectively. However, this
model assumes that the average stress in the crystallites varies linearly with average
strain, which is not valid for two dimensional contact where the configuration changes as
the stress changes 53. In addition, this model also assumes that the stress is independent
of crystallite/island shape and therefore can overestimate the resulting stress by a
significant factor.
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Crystallites “zipped up”
to form a continuous film

Before Coalescence
2R

h

z0
substrate

substrate

Fig. 2.2: Illustration of the Nix-Clemens grain coalescence model geometry. Adapted
from W.D. Nix and B.M. Clemens, J. Mater. Res. 14, 3467 (1999).

To address these issues, Freund and Chason extended the “zipping model” to a variety
of configurations

53

. They based their analysis upon Hertzian contact theory of elastic

solids as extended by Johnson et al.54 to include cohesion between interfaces. Using this
approach they were able to show that the mean stress after contact followed the form:

⎛ 2γ sv − γ gb
σ = AN E ⎜⎜
⎝ 2E × R

⎞
⎟⎟
⎠

BN

, N=1, 2, or 3

(Eq. 2.12)

where AN and BN are constants associated with the dimensionality of the problem, E is
again the Young’s modulus of the film material and R is the characteristic length of the
system.

A 1-dimensional model consists of uniform blocks of material which

simultaneously impinge to form a continuous film of uniform thickness.

A 2-

dimensional model may either represent an array of infinitely long, parallel half-cylinders
arranged with the half-cylinder axis parallel to the substrate / film interface, or a doubly
periodic square array of cylindrical disks with the cylinder axis perpendicular to the
substrate / film interface and a radius of R and height h. A 3-dimensional model may
consist of a doubly-periodic square array of hemispherical islands of radius R and centerto-center spacing of 2R. The constants associated with Eq. 2.12 are; A1 = 0.82, A2 = 0.44,

A3 = 4, B1 = 1/2, B2 = 2/3 B3 = 1. This model predicts a much lower value for the mean
stress than does the Nix-Clemens model (Eq. 2.11). In addition, the predicted R-1 stress
dependence on island size at coalescence is quite different from the R-1/2 dependence of
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the Nix-Clemens model. Overall, the Freund-Chason model predicts mean stress values
that are one to two orders of magnitude smaller than that predicted by the Hoffman or
Nix-Clemens models, with the lower levels generally more consistent with
experimentally observed results for polycrystalline metal films.

It has also been postulated by Sheldon et al. that a tensile strain can be generated at
grain boundaries through the removal of lattice sites as two steps converge

55

. The

analysis was based on the incremental increase in grain boundary length between two
rotationally misoriented grains (with the height of one grain at least one atomic layer
taller). As the growth step of the shorter grain intersects with the existing terrace, there is
a chance that the atoms immediately in front of the intersection can pull together to create
a strained bond. This mechanism was developed to explain the tensile stress portion of
the stress evolution measured during deposition of AlN by MBE. The general approach
was to consider the simultaneous contributions of compressive and tensile stress
generating mechanisms, and is predicted to be widely applicable to low-mobility systems.

2.3.4 Grain Growth

Tensile stress creation by grain growth in polycrystalline metal films was first
considered by Chaudhari 56, then expanded upon by Doerner and Nix 47 and later Koch 57.
The argument is that there is a defective region at the grain boundaries, with a lower
atomic density than in the bulk. An excess volume can then be associated with the
presence of the grain boundary, which will be reduced as the grains grow. This reduction
in excess volume would cause the film material to contract laterally if it were not
anchored to a rigid substrate, but the constraint results in the generation of a tensile stress.
The strain energy associated with this stress increases as the grain grows, which must be
offset by a corresponding reduction in the grain boundary energy for this process to be
thermodynamically favorable. Grain growth should stop when the two quantities are
equal, with a final biaxial stress given by:

⎛1 1 ⎞
− ⎟⎟
⎝ L L0 ⎠

σ = −2M f Δv⎜⎜

(Eq. 2.13)
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where Δv is the excess volume per unit grain boundary area and L is the diameter of a
spherical grain. It was noted by Chaudhari that the tensile stress produced by grain
growth cannot relax pre-existing tensile stress. Further, grain growth is hindered by the
presence of a pre-existing tensile stress and accelerated by a compressive stress.

In situ observations of GaN deposited on sapphire annealed at 1050 ºC for 30 minutes
found no evidence of an increase or decrease of the measured tensile growth stress,
suggesting that true grain growth does not occur in the nitrides under these conditions 58.
However, a conceptually similar argument based on the same principles could be put
forward for cases in which the lateral grain size at the surface increases with increasing
film thickness during deposition. Such a process would be characterized by a gradient in
the stress through the film thickness, along with increasing lateral correlation length with
film thickness.

2.3.5 Other Mechanisms

Another growth stress potentially present during the group III-nitride epitaxy results
from excess vacancy annihilation.

The sign and magnitude of stress generated by

annihilation of excess vacancies depends on the vacancy volume and the site of
annihilation

47

. Annihilation of vacancies with a volume less than the atomic volume

leads to generation of a compressive stress, wherever this takes place. When a vacancy
with a volume equal to the atomic volume diffuses to a free surface or an internal void,
the annihilation doesn’t produce any net volume change, and hence doesn’t result in
stress generation.

However, when a vacancy diffuses to a grain boundary that is

perpendicular to the plane of the film, an additional tensile stress is generated, even when
the vacancy volume is equal to the atomic volume. In general, the MOCVD growth
temperature of AlxGa1-xN is between 1000 ºC and 1150 ºC for x = 0 and x = 1,
respectively 1. The melting temperatures of GaN and AlN are predicted to be near ~2773
K

43

and 3023 K 44, respectively, under high nitrogen overpressures. Thus, the relatively

low homologous temperature (growth temperature divided by the predicted melting
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temperature) leads to slow diffusion, minimizing the contribution of this mechanism to
stress evolution during AlxGa1-xN growth.
Yet another potential source of stress during group III-nitride epitaxy is impurity
incorporation, which is generally a quite complicated effect. Doping of the thin film can
lead to changes in stress by two possible mechanisms. Piner et al. reported that Si-doping
of AlxGa1-xN induces a hydrostatic tensile strain due to the substitution of the smaller Siion on the column-III metal sublattice

59

. Terao et al. report increasing Si- and Mg-

doping levels both lead to a decrease in the critical thickness for cracking of Al0.07Ga0.93N
on GaN 60. Combining this with post-growth X-ray diffraction measurements of both a
and c lattice parameters, they determined that the change in stress (decrease in critical
thickness for cracking) was due to an increase in the AlxGa1-xN biaxial modulus, and not
through a change in the lattice parameter. It should be noted that the calculations by
Piner et al. dealt with Si concentrations of 5 × 1018 cm-3 and greater, while the study by
Terao et al. looked at Si concentrations at or below 2 × 1018 cm-3, so the two results may
not be mutually exclusive. It should be noted that Si has been reported to act as an
antisurfactant during nitride growth, leading to film roughening 61. It has been suggested
that this roughening can in turn induce threading dislocations with an edge component to
become inclined with respect to the growth direction, leading to the effective formation
of a misfit dislocation segment which can relax a compressive stress in the nitride film
and possibly even lead to tensile stress if the film grows thick enough

62-64

.

This

mechanism will be covered in more detail in Chapter 3, section 3.1.2.

Similarly, incorporation of excess atoms (even of the film material) within the film
due to kinetic effects can induce a compressive stress in the film.

Two different

mechanisms have been suggested based on this idea. The first, proposed by Nix and
Clemens, suggests that the large tensile stresses at the surface near the cusps at grain
boundaries (mentioned above in section 2.3.3) serve to distort the surface and allow extra
atoms to be inserted in the grain boundary due to the inherently non-equilibrium
conditions during growth

52

. The second mechanism is similar, but the adatoms are

suggested to incorporate between neighboring ledge sites on the growth surface 65. This
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mechanism is less likely to be operative during III-nitride growth by MOCVD because
the arriving species have relatively low kinetic energy and the high substrate temperature
typical for AlxGa1-xN growth leads to relatively high adatom mobility.

2.4 Relaxation of Thin Film Stress

Wherever stress is present in a material, there is a driving force to reduce the stress
level, thus a wide range of interesting phenomena become possible. Unfortunately, many
of these processes are undesirable when attempting to fabricate thin films for devices.
Understanding of the mechanisms of generating stresses in thin films can not be complete
without a consideration of the stress relaxation mechanisms that might also be operating
at the same time. Thus a brief discussion of relevant mechanisms is provided here to
serve as an introduction to the topic.

2.4.1 Dislocations

The most common relaxation mechanism for heteroepitaxial systems is the formation
of a misfit dislocation network near the substrate film interface.

The problem of

predicting the critical thickness at which the misfit dislocations first form has been
considered from an equilibrium energy minimization perspective, frequently referred to
as the Matthews-Blakeslee criterion

66-68

. This analysis considers the total energy of the

thin film material per unit area to consist of two parts, the strain energy and the
dislocation energy. The expression for the energy per unit area of a thin film containing
misfit dislocations is approximately given by:

μb 2 2 ⎛ βh f
b⎞
⎛
ln⎜
E = M f h f ⎜ε − ⎟ +
S ⎠ 2π (1 − ν ) S ⎜⎝ b
⎝

⎞
⎟⎟
⎠

(Eq. 2.14)

where E is the total energy per unit film area, ε is the epitaxial misfit, b is the Burgers
vector of the misfit dislocations, S is the average spacing between misfit dislocations, μ is
the shear modulus of the film and substrate (assumed to be the same for this equation), ν
is Poisson’s ratio and β is a numerical constant of the order of one. The critical thickness
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for the formation of the first misfit dislocation is found by differentiating equation 2.14
with respect to 1/S and setting the expression equal to zero. This results in the expression:

hc
μb
=
⎛ βh ⎞ 4π (1 − ν )M f ε
ln⎜ c ⎟
⎝ b ⎠

(Eq. 2.15)

According to this analysis, it is thermodynamically favorable for misfit dislocations to
form for film thicknesses greater than the critical thickness, hc. However, this condition
does not address the kinetics of the system in any way, and it is possible to grow past the
critical thickness without forming misfit dislocations. To address this point, Freund
considered the formation of misfit dislocations through the motion of threading
dislocations in a strained film 69. This model can take into account the forces acting on
the threading dislocation to extend the misfit segment as well as the dislocation energy
which would tend to drive the threading segment to eliminate the misfit dislocation. The
model can also include various barriers impeding the motion of the threading dislocation
on the glide plane, such as the interaction with other dislocations and the Peierls-Nabarro
force, which is the force required to displace a dislocation along its slip plane.

Moran et al. claimed that misfit dislocations form at the interface between the AlN
buffer layer and the GaN islands, forming a triangular array. The reported average line
direction was 11 2 0 with average Burgers vector of 1 {11 2 0} 70. They then claimed
3
that since the misfit dislocation line direction lies along the 1 2 10 direction with a
Burgers vector of 1 {2 1 1 0} with a magnitude equal to the a lattice parameter, the
3
misfit dislocation and the line direction are separated by 30º. Thus, the projection of the
edge component of the misfit dislocations onto the film substrate interface is

3

2

a and

the misfit accommodation is given by:

ε=

(3 3 )a

(Eq. 2.16)

4l

where a is the in-plane lattice parameter of the epilayer and l is the average misfit
dislocation spacing.
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However, three conditions must be satisfied for a dislocation to relieve an in plane
stress: the dislocation must have an edge component, the projection of the dislocation
Burgers vector on the film-substrate interface must be non-zero and there must be a nonzero shear stress on one of the active slip planes 71. The most favorable glide planes in
the wurtzite structure are the (0001) basal plane and the {10 1 0} prismatic planes. An
‘a’-type dislocation lying in the {10 1 0} plane is a pure screw dislocation lying parallel to
the film / substrate interface, and hence cannot relieve biaxial strain in this system. Since
the projection of the Burgers vector of a ‘c’-type dislocation in the {10 1 0} plane onto the
basal plane is zero, this slip system cannot relieve strain. The final first-order slip system
for this sample geometry is an ‘a’-type dislocation on the basal plane. Since the Burgers
vector of the dislocation is in the plane of the biaxial film stress, the resolved shear stress
is zero, and again this slip system is incapable of relieving biaxial film strain. The next
most energetically favorable 2nd order slip system capable of relieving biaxial film strain
is the glide of a mixed ‘a+c’ type dislocation with Burgers vector of 1 {11 2 3} lying in
3
the {11 22} planes. This system has a very high Peierls-Nabarro force, making the glide
of dislocations in this system very difficult.

Thus, there are no readily available

dislocation slip systems which are capable of relieving biaxial film stress in this system.
Growth of (0001) oriented hexagonal AlxGa1-xN thin films is usually dominated by the
presence of pure edge threading dislocations with [0001] line directions and Burgers
vectors in the basal plane

62

. If one of these threading edge dislocations becomes

inclined with respect to the film-substrate interface, then it is possible for the extension of
this angled dislocation to relieve in-plane film stress, as shown schematically in Fig. 2.3
62,63

. This process has been termed the “effective climb” of edge dislocations. A pre-

existing threading edge dislocation present in the layer below the stressed layer is under a
driving force to bend away from its original line direction if the energy of the inclined
dislocation is less than the sum of the energies of the dislocation in the straight
configuration and the work done by the system to redirect the dislocation.

It was

speculated that surface roughness plays a significant factor in allowing the dislocations to
27

overcome the energy barrier to inclination. Once the dislocation is bent, the dislocation
projected length along the interface acts like a misfit dislocation segment. The relaxation
at the top surface of the film is give by the equation 62:
1
2

ε top
bρ TD h f tan α
pl =

(Eq. 2.17)

where b is the dislocation Burgers vector, ρTD is the density of inclined threading
dislocation, α is the angle of inclination with respect to the original line direction and hf
is the film thickness. Since the relaxation increases linearly with film thickness, the
average relaxation throughout the film is just half of the value at the top surface.

2.4.2 Morphological Evolution

Fig. 2.3: Illustration of the inclination of pure edge dislocations within a layer in
biaxial compressive stress. Reproduced from Romanov et al., Appl. Phys. Lett. 83,
2569 (2003).
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It can be shown that a flat surface of a material under strain may become unstable with
respect to small deviations away from flatness

72

. A critical wavelength for a periodic

array of disturbances may be calculated, below which the surface is stable against growth
of the perturbations in amplitude, but beyond which the strain energy is sufficient to
cause a spontaneous increase in the amplitude of the periodic array of perturbations. This
phenomenon requires mass transport to occur within the deposited film and has been
observed for growth of strained SixGe1-x on silicon, where it is common to observe
formation of ridges along the elastically soft <100> directions
dome-cluster island arrays

74
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and hut-cluster and

. This process should theoretically depend only on the

magnitude of the stress involved, and not on the sign. However, a study of the growth of
SixGe1-x on Si0.5Ge0.5 revealed that only layers grown in compression resulted in
relaxation by this mechanism 75. This process is again driven by a minimization of total
free energy, with a competition between elastic strain energy and surface energy,
including any terms associated with surface stress. However, this mechanism is unlikely
to play a large role in low-mobility systems where mass transport within the crystal is
difficult.

Another related process of morphological evolution is the formation of pits or pores in
the growth surface. It is hypothesized that the presence of pores / vee-pits commonly
observed in InGaN grown on GaN by MOCVD may allow part of the compressive strain
to elastically relax around the pits 76,77. This is illustrated schematically in Fig. 2.4. The
pores may form at structural or compositional inhomogeneities and enlarge due to slowly
growing facets 78. The presence of strain in the layer may aid in the formation. The fact
that the density of pores was observed to increase with the level of misfit strain suggests
that they may be associated with stress relaxation 76. It is noted that AlxGa1-xN grown on
AlN is expected to be under a compressive epitaxial mismatch stress, similar to the
growth of InxGa1-xN on GaN, suggesting this mechanism may also be active in the
AlxGa1-xN system.
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2.4.3 Cracking

One of the most common and most detrimental mechanisms to relieve thin film stress
in brittle materials systems is cracking. In considering cracking of a thin film on a
substrate, it is useful to first think about the case in which the film material already has a
crack present and determine under what conditions it is favorable for the crack to advance.
This condition is simply the Griffith criterion referred to in section 2.2.3 used in deriving
the grain coalescence stress. The form of the equation is arrived at by assuming the
equilibrium for the system is one in which the work required to advance the crack a small
distance is just balanced by the decrease in strain energy of the system. Recognizing that
the strain energy in a film increases with film thickness, a critical film thickness can be
defined below which the film is stable against crack advance. This is given by 79:

hc =

ΓM f

(1 + ν )Z σ

(Eq. 2.18)

2

f

where hc is the critical thickness for cracking, Γ is the appropriate fracture resistance and
Z is a dimensionless crack driving force, as defined by the authors. The term as defined
by the authors is somewhat ambiguous. As defined, the value of the crack driving force,
Z, depends on the geometry of the cracking pattern, as well as the relative moduli of the
film and substrate. Typical values of Z range from 0.343 for spalling (crack running in
the substrate parallel to the film / substrate interface) to 3.951 for non-interacting surface
cracks, assuming the film and substrate moduli are the same. Thus, the term is analogous

Fig. 2.4: Illustration of the elastic relaxation of biaxial compressive strain in a film
material by deformation of the sidewalls of pits in the surface. Reproduced from H.P.
Strunk et al., Phys Status Solidi A 171, 215 (1999).
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to the geometric function, f(a,W) used in the calculation of the stress intensity factor
associated with the calculation of the strain energy release rate 52. It should be noted that
a film may grow beyond the critical thickness for cracking for any given cracking mode
if the mode is hindered. The film may subsequently crack if that particular mode is
activated, or if the critical thickness for a different active mode is reached. Specific
studies for the AlxGa1-xN system are covered in more detail in Chapter 3, section 3.3.1.
Note that in the simplest case, Γ may be taken as the surface energy of the newly created
crack faces, or 2γsv.

2.5 Methods of Measuring Stress/Strain in Thin Films

Several techniques can be used to measure stress or strain in a material, but only a few
are suited for in-situ observations in a MOCVD environment. High-resolution x-ray
diffraction (HR-XRD) is the most frequently used technique to study strain ex-situ, but
the required scan time using laboratory x-ray sources prevents this technique from realtime in-situ data acquisition. Grazing incidence x-ray scattering can also profile strain
through a thin film, but shares the same limitations as HR-XRD. Neither can be used insitu unless one can build the reactor with access to a synchrotron beam line, which is
possible but extremely restrictive. Reflection high-energy electron diffraction (RHEED)
has been used to monitor strain in-situ during MBE growth of InGaAs on GaAs 80, but is
incompatible with the vacuum levels found in a typical MOCVD chamber. The shift in
Raman peak position has also been used to measure stress in GaN films ex-situ, and with
suitable equipment can be incorporated onto a MOCVD reactor to measure stress in-situ
81

. This option tends to be quite expensive, and for AlxGa1-xN, investigations of the

simultaneous effects of stress, composition, crystal quality and impurity levels on phonon
positions are still being carried out. Due to the reasons described above, wafer curvature
measurements have emerged as the most promising technique to study thin film stress
during MOCVD growth.

2.5.1 Wafer Curvature Stress Measurement
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There are several ways to measure the curvature of a substrate that can be incorporated
into an MOCVD reactor. One of these is the grid reflection method 82. In this method, a
ruled grid of orthogonal lines is placed above the substrate growth surface and parallel to
it. A hole located in the center of the grid allows a camera system to record the reflected
image of the grid. As the substrate deforms, the once parallel lines of the grid appear
bend and distort, and image analysis is used to produce a measure of the curvature. Two
advantages of this technique are its ability to simultaneously measure curvature changes
in two dimensions, and the ease of implementation for large substrates. However, this
technique does require normal incidence optical access for the camera system, which
cannot always be implemented.

A second technique suitable for incorporation on MOCVD reactors is known as the
scanning laser method 72. In this method a single laser beam is translated with respect to
the substrate surface, usually by a rotating mirror, and the deviation of the reflected laser
beam is monitored by a position sensitive photodetector as a function of the radial
distance from the center of the substrate. Knowing the deviation of the reflected beam
with respect to the incident beam allows calculation of the substrate curvature.

A

variation of this method places a lens between the scanning mirror and the substrate,
causing the scanned beam to be perpendicular to the substrate throughout the scan 83. A
position sensitive photodetector is placed one focal length from the lens. When the
substrate is flat, the reflected laser beam converges to a single point on the detector.
When the substrate is curved, the position on the photodetector depends on the position
of the beam on the substrate as it is scanned back and forth. As before, the position on
the detector can be turned into changes in angle as a function of position and the
curvature can be calculated from this. Both variants of this technique can be very
sensitive to curvature changes in the substrate, but are also sensitive to system vibration
since the data are collected serially, and this may potentially limit the achievable
resolution 74.

The third technique capable of measuring wafer curvature in an MOCVD environment
is the Multibeam Optical Stress Sensor (MOSS). Originally developed by researchers
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from Sandia National Laboratories

74,84

, this method was chosen as the primary stress

measurement tool for our system, and is described in more detail in Chapter 4.

2.5.2 Calculating Stress from Substrate Curvature

Once the curvature of the substrate is known, the stress in the film must be calculated.
A substrate bends biaxially in response to biaxial stresses developing in the thin film
bonded to it. Originally developed by G. Gerald Stoney
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and subsequently elaborated

upon 86,87, the Stoney formula relates the curvature of a substrate under biaxial stress as:

κ St =

6σ f h f

(Eq. 2.19)

M s hs2

where κ St is the substrate curvature, σ f is the biaxial film stress, Ms is the substrate
biaxial modulus, and hf and hs are the film and substrate thicknesses, respectively. This
equation is valid for the following assumptions

86

: (i) both the film and substrate

thicknesses are small compared to the lateral dimensions; (ii) the film thickness is much
less than the substrate thickness; (iii) the substrate material is homogeneous, isotropic,
and linearly elastic; (iv) edge effects near the periphery of the substrate are
inconsequential and all physical quantities are invariant under change in position parallel
to the interface; (v) all stress components in the thickness direction vanish throughout the
material; and (vi) the strains and rotations are infinitesimally small.

For this study the thickest sample prepared was ~5 µm thick, while the substrates were
nominally 250 µm thick by 10.0 mm square. For this sample geometry, the substrate
width is ~40 times the substrate thickness. As a general rule of thumb, a substrate width
50 – 100 times that of the thickness can be safely assumed to behave as small, hence the
sample used were on the lower end of the acceptable range for ‘small’. The thickest film
was 2% of the substrate thickness and can safely be treated as ‘small’. Both SiC and
AlxGa1-xN oriented with the growth direction along the ‘c’ axis behave isotropically in
the basal plane, and the system follows the laws of linear elasticity. However, during
discrete island nucleation and coalescence the film can not be considered homogenous.
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This stage of morphological evolution generally occurs rapidly, and it is therefore
assumed that assumption (iii) is approximately met. The first part of assumption (iv) is
difficult to quantify. To fully treat edge effects in detail finite-element modeling would
be required, which is beyond the scope of this thesis research. The second part of
assumption (iv) is true to a first order approximation. The thickness of the film does vary
across the wafer, which will be discussed in more detail later. Again, treatment of the
variation in film thickness with position across the substrate would require detailed finiteelement modeling. Assumption (v) is true for this system under isothermal conditions
and for nominally undoped systems. The maximum curvature that can practically be
measured with the current MOSS system is approximately 0.5 m-1. With respect to the
sample dimensions this leads to a normalized curvature of 0.012, which is well below the
limit of ≈ 0.3 at which the substrate deformation becomes significantly non-linear

72

.

Thus, it was assumed that the use of Stoney’s equation to analyze the MOSS data was
generally valid.

2.6 Conclusions

This chapter provided a brief review of the basic concepts broadly related to studies of
growth stresses in thin films. Hooke’s Law in tensor form was stated, followed by
mechanisms that create stress in heteroepitaxial thin film on substrates. Key mechanisms
of stress relaxation were covered next, followed by methods of measuring stress or strain
in thin film.

An emphasis was placed on techniques that are capable of taking

measurements in a typical MOCVD growth environment.

The next chapter will review the literature specifically related to observations
concerning stress in GaN and AlxGa1-xN thin films grown by MOCVD. Where possible,
measurements that deal with the dynamics of stress evolution are emphasized. However,
no in situ measurements for growth on SiC substrates have been reported to date, so
results of post growth measurements are covered in detail.
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Chapter 3
Literature Review

This chapter covers the relevant literature on stresses during GaN, AlxGa1-xN and AlN
thin-film growth by MOCVD. Both ex situ and in situ measurements are reviewed, with
a particular emphasis on reports that give an explanation of the measured stresses. Since
the properties and quality of the nitride thin film primarily depend on the choice of
substrate 22, the results will be grouped together by substrate type.

3.1 Post-Growth Stress Measurements

Until recently, most data on stresses during AlxGa1-xN growth were inferred from postgrowth measurements by one of the techniques mentioned in section 2.5. Considering
the wide range of reported values for the elastic constants the III-nitrides (summarized in
Refs.

88,89

) and deformation potentials

89-91

, such predictions are subject to uncertainty.

Nevertheless, it is important to consider such results for comparison with each other and
with in situ measurements.

3.1.1 SiC Substrates

As mentioned in Chapter 1, SiC possess many desirable properties to that suggest it
may be a more suitable substrate for growth of AlxGa1-xN devices.

Among these

properties, perhaps the most significant is the close lattice match (Table 2.2) to AlxGa1-xN.
As mentioned previously, high-temperature AlN buffer layers were found to produce
improved GaN epilayer growth

13,39

. The two most readily available polytypes of SiC

have different in-plane lattice parameters, leading to epitaxial misfits of 0.98% for AlN
on 6H-SiC and 1.23% on 4H-SiC. Assuming a biaxial modulus of 508 GPa for AlN,
these values correspond to epitaxial misfit stresses of -4.98 GPa and -6.25 GPa,
respectively.

The negative sign denotes compressive stress.

If the AlN is

pseudomorphically strained to the bulk SiC lattice parameter, then the overlying GaN
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layer will initiate growth with an epitaxial misfit equal to 3.39% and 3.64% on 4H- and
6H-SiC, respectively. This is unlikely to occur, however, and it is more reasonable to
assume relaxed lattice parameters for the AlN buffer layer, leading to a misfit of 2.44%
and a stress of 11.66 GPa, assuming a biaxial modulus of 478 GPa for GaN. In addition,
the GaN possesses a larger CTE than SiC, leading to a tensile strain of approximately
0.1% for GaN (0.48 GPa) on cool-down from 1000 ºC

24

, while AlN is nearly CTE

matched to SiC. These magnitudes of stress are quite high, and should be sufficient to
drive stress evolution processes. It is not simple to predict a priori the behavior of
materials under such conditions, and so detailed studies of the actual stresses in this
system are needed.

Perry et al. reported on GaN thin films ranging from 0.3 to 3.7 µm thickness grown at
950-1100 ºC on both on-axis and vicinal (2º - 4º off-axis) 6H-SiC substrates using 100
nm thick AlN buffer layers deposited at 1100 ºC. X-ray diffraction measurements
indicated the GaN films may be in either compressive or tensile stress at room
temperature, depending on the specific conditions 49. The compressive stress was stated
to be greatest in films with thickness ≤ 0.6 µm grown on-axis, while comparable films
grown concurrently on vicinal substrates were in tension. This was attributed to greater
compressive strain relaxation for the films grown on the vicinal substrates. In addition,
GaN films greater than 1 µm in thickness grown on-axis were under lower compressive
stresses, while it was observed that GaN films thicker than 4 µm thick were prone to
cracking. This was attributed to varying degrees of relaxation of the epitaxial stress in
combination with a tensile CTE mismatch stress, leading to a range of stresses at room
temperature.

Very similar results were reported by Edwards et al. who used low-temperature
photoreflectance measurements to extract the excitonic peak positions at 10 K, from
which they calculated the state of stress using the position of the free A exciton

92

.

Sample behavior was grouped by thickness range, with thin samples (≤ 0.7 µm) generally
in compression, moderately thick (~0.7 to ~1.9 µm) samples becoming increasingly
tensile with thickness and very thick samples (>1.9 µm) reported to be under tensile
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stress, but at a lower magnitude. In addition to studying the effect of GaN film thickness,
they also studied the effect of growth temperature and substrate offcut angle. Growth
temperature was found to influence the thickness at which the residual stress changed
from compression to tension. Some of the thin samples grown at 1050 ºC using on-axis
substrates were reported to be slightly tensile, while thin samples grown at 1000 ºC and
1100 ºC (also on-axis substrates) were under compression. In all cases, GaN samples
grown on substrates with a 3-4º miscut toward [11-20] were more tensile (less
compressive) than comparable samples grown simultaneously on on-axis substrates. The
behavior was explained on the basis of a compressive epitaxial mismatch stress that was
gradually relaxed with increasing thickness until moderate thickness is achieved,
followed by lower values of tensile stress when the films become very thick, presumably
because “an underlying interface is no longer able to withstand the stress and an abrupt
relaxation occurs”

92

. This same general trend was assumed to occur for all growth

temperatures, with only a variation in the specific values of thickness at which this
happens. It was speculated that the higher density of surface steps on vicinal substrates
could act as sites for generation of dislocations, leading to a greater degree of stress relief.
In contrast to the trend in stress reported by Edwards, Pozina et al. determined from
cryogenic photoluminescence measurements that a set of GaN samples of varying
thickness grown on AlN buffer layers at 1000 ºC were all under tensile stress at 2 K, with
the thinnest films under the greatest tensile stress and the magnitude of the stress
decreasing for thicker films 93. No explanation of the source of the strain or the cause of
the variation with thickness was given.

Huang et al. also reported on the growth of GaN on vicinal 6H-SiC substrates with an
AlN buffer layer

94

. They reported that the GaN material quality was superior for

material grown on vicinal substrates, as demonstrated by a narrower (0002) rocking curve
(139” vs. 292” for on-axis substrate), narrower (112 4 ) rocking curve (220” vs. 363”) and
a lower threading dislocation density of ~8 x 108 cm-2 versus ~5 x 109 cm-2. The nitride
layers grown on the vicinal SiC substrate were also shown by backreflection synchrotron
Laue imaging to be tilted with respect to the substrate. The tilt angle is necessary to
accommodate the difference in ‘c’ axis lattice parameter between film and substrate on a
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stepped surface, and is related to the miscut angle. The stepped surface also forces the
stacking sequence of the nitride film to match that of the substrate. In this case, TEM
measurements showed that the disparity between the 6H sequence in the substrate and 2H
sequence in the film was resolved by formation of Shockley partial dislocations. The
density of the dislocations, and therefore the strain relief, depended on the substrate
miscut angle. A miscut angle of 2.8º was calculated to be optimal to relieve the 6H-SiC /
AlN mismatch. Similar observations were reported in the work mentioned earlier by
Perry et al., who pointed out that a 1.4 µm thick GaN film grown using AlN buffer layer
and on-axis 6H-SiC substrate was characterized by lower dislocation density and
narrower XRD rocking curve (GaN 58 arc-sec FWHM) than a sample grown
simultaneously on a vicinal substrate (GaN 151 arc-sec FWHM) 49. This was believed to
be due to the formation of inversion domain boundaries in the AlN buffer layer at the site
of the steps on the surface of the vicinal substrate.

Nikitina et al. reported growth of GaN directly on 6H-SiC, as well as using AlN and
AlxGa1-xN (x ≅ 0.2, 0.3, 0.5) buffer layers of different thicknesses

95

. X-ray diffraction

measurements of ‘c’ and ‘a’ lattice parameters were used to determine the room
temperature strain only. The authors commented that in general, direct growth of GaN on
SiC produced the largest residual tensile in-plane strain. GaN grown on 50 nm thick AlN
buffer layers was also tensile in-plane strained, but of lower magnitude. The composition
and thickness of the AlxGa1-xN buffer layers influenced the residual strain, with some
samples found to be nearly stress-free, or even under compressive residual strain. The
residual strains were similarly attributed to lattice mismatch and difference in CTE,
acting in opposition. Likewise, Bremser et al. stated that AlxGa1-xN grown directly on
SiC was under a tensile stress which was attributed to the CTE mismatch stress only 96.

Einfeldt et al. studied the growth of GaN on 6H-SiC (0001) substrates by MOCVD
using two different buffer layers, 100nm thick AlN grown at 1110 ºC and 100 nm thick
Al0.15Ga0.85N grown at 1010 ºC 97. X-ray diffraction measurements showed that the GaN
grown on both types of buffer layers initially grew under a compressive stress, which was
attributed to the epitaxial mismatch with the buffer layer. In both cases this stress was
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gradually relaxed as the GaN film thickness increased, with the 4µm thick films taken as
fully relaxed on both buffer layer types. However, it was estimated that ~70% of the
epitaxial misfit between GaN and AlN was relieved within the first 20 nm of growth,
followed by relaxation of the remaining strain by misfit dislocation generation at surface
pits and undulations. The gradient in strain throughout the GaN film was explained by a
distribution of the density of these misfit dislocations vertically through the film, which
was tied to the morphological evolution of the GaN as the surface became smoother with
increasing thickness. In contrast, the measured initial strain for GaN grown on the
Al0.15Ga0.85N buffer layer was close to the value expected for pseudomorphic growth, and
was shown to subsequently relax with increasing film thickness in a similar fashion to the
second step demonstrated for growth of GaN on the AlN buffer layer.

Moran et al. also studied the growth of GaN on SiC (0001) substrates by MOCVD, but
used AlN buffer layers only 70. Two different AlN thicknesses were explored, 25 nm and
150 nm. It was found that the average GaN island diameter at coalescence was ~2.8
times larger on the thicker AlN buffer layer. This information was combined with an
estimate of the twist misorientation from XRD measurements to predict the threading
dislocation density, assuming the low-angle grain boundary between two adjacent GaN
islands consists entirely of pure threading dislocations.

This was compared to the

measured density quantified by plan view TEM after taking into account the presence of
mixed-character dislocations, and the two measurements were found to agree. In addition,
plan view weak beam TEM imaging of uncoalesced GaN islands clearly showed the
presence of a triangular grid of misfit dislocations at the interface with the AlN buffer
layer. The measured dislocation spacing accounted for an approximately 90% relaxation
of the epitaxial misfit between GaN and AlN. The authors reported that the Burgers
vectors of the dislocations are

1
11 2 0 with the average misfit dislocation line direction
3

along 11 2 0 . They then went on later to claim that the Burgers vector of

1
21 10
3

makes a 30º angle with the dislocation line direction of 1 2 10 , which is not the case, as
illustrated by Fig. 3.1. Thus, the equations relating the degree of relaxation to the
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Fig. 3.1: Illustration of the principle crystallographic directions in the hexagonal
system. ‘c’ axis is parallel to the page normal.

dislocation spacing are questionable.

X-ray diffraction measurements of films at

different growth times again revealed a gradual relaxation of the remaining strain as the
film grew thicker, with the final 1µm thick sample taken as strain-free at growth
temperature.

Similarly, Petersson et al. determined by spatially resolved cathodoluminescence (at
cryogenic temperatures) that Al0.12Ga0.88N films grown on a 1-3 nm thick AlN wetting
layer on 6H-SiC contained a strain gradient through the thickness of the film 98. This was
attributed to an initially compressive growth stress due to the epitaxial mismatch between
GaN and 6H-SiC which was relaxed by introduction of dislocations with increasing film
thickness, coupled with a tensile CTE stress upon cooling to room temperature (or
cryogenic temperatures for CL). No attempt was made in this paper to quantify the
magnitude of the stress in the sample at room temperature or at growth temperature.

Kröger et al. reported on the growth of AlxGa1-xN (x ~ 0.15) directly on 6H-SiC for
use in vertically conducting device geometries 42. Reciprocal space mapping of the (1015) reflection of a 100 nm thick AlxGa1-xN film demonstrated that the layer was nearly

40

strain-free at room temperature, but consisted of two distinct phases with Al fraction, x,
equal to 0.10 and 0.18. Cross-section TEM images of a nominally 20 nm thick sample
revealed the surface was covered randomly with 50 nm tall islands, with 10 nm tall
islands in between. Energy dispersive x-ray spectroscopy (EDS) analysis indicated the
thicker islands were relatively lower in Al content than the thinner islands. EDS mapping
of the cross-section of the 100 nm thick sample showed that there were two layers of Alrich domains that were laterally shifted with respect to each other. The observations were
explained in terms of a strain-driven phase separation near the SiC interface. Once the
initial islands form, the Ga-rich islands are thought to laterally overgrow the Al-rich
islands until they coalesce. A second Al-rich island nucleation stage was thought to
occur on top of the Ga-rich islands, leading to the two layer structure. Beyond this
thickness the microstructure and composition gradually evens out. A 1 µm thick sample
was demonstrated to be smooth and uniform in composition at the top surface.

To date, all reports of AlxGa1-xN stress studies using SiC substrates have been
conducted using post-growth characterization. The majority of reports are for GaN
grown using an AlN buffer layer. The state of stress at room temperature is highly
variable, depending on growth conditions, substrate misorientation and sample thickness.
The majority of reports attribute the stress in the film to a combination of an initial
compressive growth stress due to epitaxial mismatch with the substrate that gradually
relaxes with increasing film thickness. When the samples are cooled to room temperature,
the CTE mismatch between the III-nitride layer and the SiC substrate superimposes a
tensile stress, which may leave the film in compression, “relaxed” or in tension. If the
tensile stress is sufficiently large, e.g. for GaN film thicker than 3-4 µm, the sample may
even crack to relieve the tensile stress. None of the reports mention any process that
might actually create tensile stress.

3.1.2 Undoped AlxGa1-xN on Sapphire
A greater range of experiments have been conducted on sapphire substrates due to the
availability of high-quality material earlier in the history of nitride development, and the
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substantially lower substrate cost. However, the lattice parameter of sapphire in the
(0001) plane is ~53% larger than that of AlN.

This mismatch can be partially

accommodated if the AlN film orients so that [11-20] AlN || [10-10] sapphire with (0001)
AlN || (0001) sapphire, resulting in approximately 12% compressive epitaxial mismatch.
This should cause the growth stress for AlxGa1-xN on sapphire substrate to always be
compressive. In addition, the CTE mismatch should place AlxGa1-xN on sapphire under a
compressive stress ranging from approximately 1.6 GPa for AlN to approximately 0.9
GPa for GaN on cooling from 1000 ºC to room temperature. Thus, from epitaxial
mismatch and CTE considerations alone AlxGa1-xN should always be under a
compressive stress when grown on sapphire.

Wu et al. studied the growth of AlN on sapphire at 1100 ºC and 1300 ºC by MOCVD
to determine the contributions to room temperature stress

99

. The epitaxial mismatch

strain was estimated by high-resolution TEM analysis of the number of sapphire and AlN
planes matched across the interface. It was found that the sample prepared at 1300 ºC
exhibited a greater degree of relaxation than the 1100 ºC sample, with the samples
retaining residual intrinsic mismatch strain of -0.75% and -0.85%, respectively. The
contribution of grain coalescence was estimated by measuring the AlN island size at
coalescence and applying the analysis by Nix and Clemens for the case of a two
dimensional array of hexagonal islands simultaneously impinging. The average grain
size at coalescence for the 1100 ºC and 1300 ºC samples were 25 nm and 35 nm,
respectively, leading to estimated maximum tensile strain of 1.256% and 1.062%
respectively. The contribution due to thermal expansion was estimated using Eq. 2.7
from Chapter 2, resulting in compressive strains of -0.343% for the 1100 ºC sample and 0.406% for the 1300 ºC sample. The calculated final strains of 0.063% and -0.094%
were compared to the measured strain values, 0.38% and -0.038%, respectively,
calculated from XRD measurements of the c-axis lattice parameters of the two samples.
Further cross-section TEM images showed the presence of “tensile (mud) cracks”
(presumably channeling cracks) in the 1100 ºC sample and compressive, delamination
cracks in the 1300 ºC sample. They concluded that the room-temperature stress in AlN
grown on sapphire at high temperatures resulted from the superposition of three stress
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components: a compressive epitaxial mismatch that was partially relaxed by misfit
dislocations at the interface, a tensile stress resulting from grain coalescence and a
compressive stress introduced while cooling to room temperature due to the difference in
CTE between AlN and sapphire.

In contrast to growth of GaN on SiC for which the growth stress is compressive,
Böttcher et al. determined that the growth of GaN at 1050 ºC on a thin 550 ºC GaN buffer
layer on sapphire is tensile by X-ray diffraction measurements
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In situ laser

.

reflectance measurements were combined with post-growth AFM morphology studies to
determine the grain size at coalescence.

X-ray diffraction measurements were used to

determine the in-plane stress at room temperature, which was shown to be compressive
and increase with island size at coalescence, approaching a limit of -0.71 GPa. The
authors reasoned that a tensile stress based on the Hoffman model of grain coalescence,
together with the compressive CTE mismatch stress between GaN and sapphire, could
explain the results. They further argued that the stress throughout the film would be
heterogeneous when the film thickness was on the order of the coalescence thickness and
homogeneous for films that were much thicker than the coalescence thickness. Three
samples of different total GaN thickness were prepared under the same growth conditions
(same coalescence thickness) and analyzed by XRD. The heterogeneous strain was
indeed found to decrease with increasing film thickness, which was taken as support for
the theory that grain coalescence was the source of the tensile growth stress.

Based on post-growth X-ray diffraction measurements, Krost et al. reported that
AlxGa1-xN layers grown on low-temperature AlxGa1-xN self-nucleated buffer layers on
sapphire were nearly strain-free for the growth window 0.18 < x < 0.25
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. This was

explained in terms of a coincidence site lattice between the sapphire oxygen sublattice
and the AlxGa1-xN nitrogen sublattice, with twice the AlxGa1-xN ‘a’ lattice parameter
equal to three times the sapphire ‘a’ lattice parameter. The authors also found that
AlxGa1-xN films with x < 0.18 were strained in tension, while AlxGa1-xN films with 0.25
< x < 0.4 the AlxGa1-xN were strained in compression. Both results were again attributed
to the coincidence site lattice. However, it should be noted that these measurements were

43

performed at room temperature and the compressive CTE stress between AlxGa1-xN and
sapphire was not accounted for in this work. That would imply that the samples that
were measured to be relaxed at room temperature were actually under tensile stress at
growth temperature.

Zhang et al. found that MOCVD growth of Al0.2Ga0.8N on top of a low-temperature
AlN nucleation layer on sapphire led to a tensile growth stress and cracking when the
Al0.2Ga0.8N thickness exceeded 1.2 µm 16. Growth of 40 nm of AlN at high temperature
prior to deposition of the Al0.2Ga0.8N was found to decrease the tensile stress, but
cracking was still observed. A ten-period AlN / Al0.2Ga0.8N superlattice interlayer was
found to be effective in reducing the tensile growth stress and preventing film cracking,
and was even reported to introduce a compressive growth stress. X-ray diffraction
measurements showed the superlattice interlayer was under a larger biaxial compressive
strain than the Al0.2Ga0.8N film, and the prevention of cracking was attributed to strain
transfer to the top Al0.2Ga0.8N layer.
3.1.3 Si-doped AlxGa1-xN on Sapphire
Cantu et al. investigated the growth of a series of AlxGa1-xN structures on sapphire
substrates by MOCVD
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First a 14 nm thick Al0.60Ga0.4N nucleation layer was

deposited at 600 ºC, followed by a 1 µm undoped Al0.62Ga0.38N buffer layer grown in
hydrogen carrier gas at 1150 ºC on which a 200 nm thick silicon doped Al0.49Ga0.51N cap
layer was grown in nitrogen carrier gas at the same temperature. The disilane flow rate
during deposition of the cap layer was varied to achieve different doping levels. Using
HR-XRD reciprocal space mapping, the authors determined that the Al0.62Ga0.38N buffer
layer was under a residual compressive strain at room temperature of 0.24%. It was
noted that the expected CTE strain for their system was 0.30%, and it was therefore
assumed that the strain in this layer at growth temperature was negligible. The strains in
the doped Al0.49Ga0.51N films were measured in the same way and compared to the
expected coherency strain (epitaxial misfit) with the Al0.62Ga0.38N buffer layer, and it was
found that the degree of relaxation increased for higher disilane flows. This relaxation
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was also accompanied by an increase in the Al0.49Ga0.51N surface roughness with
increasing disilane flow into the reactor, which was attributed to silicon acting as an
antisurfactant during GaN growth. Further examination by cross-sectional TEM revealed
that the threading dislocations in the top layer were inclined by ~10 - 25º toward the
1 1 00 directions. This observation provided the basis for the development of the

“dislocation effective climb” theory of stress relaxation discussed previously in section
2.4.1. As was mentioned there, the roughening associated with silicon doping was
assumed to play a significant role in reducing the energy barrier to dislocation inclination
62,63,102

. It was further pointed out that the sign of the stress in the Al0.49Ga0.51N cap layer

could change from compressive to tensile if the dislocations remained inclined
throughout film growth and the film grew sufficiently thick 62,63.

This prediction was tested by Romanov et al. by growing a structure similar to the one
grown by Cantu et al., except that the top 136 nm of the buffer layer was also silicon
doped. Two samples were studied, one with an ~130 nm Al0.49Ga0.51N cap layer and the
other ~750 nm thick 64. In both samples, the cap layer was found to be fully relaxed with
respect to the Al0.62Ga0.38N buffer layer. However, the sample with the thinner cap layer
showed no signs of cracking, while the sample with the thicker cap layer contained a
network of cracks that extended from mid-film thickness to the interface with the
Al0.62Ga0.38N buffer layer. This result was interpreted as evidence that the cap layer
cracked during growth, and that the crack was subsequently laterally overgrown. Based
on the assumptions that the cap layer was initially fully coherently strained to the buffer
layer (0.32%) and that the cap layer was strain free at a thickness of 130 nm, a stress
gradient was determined and used to calculate the critical thickness for cracking of 303
nm. The authors reported that ~300 nm thick films were crack-free while ~400 nm thick
films contained cracks. The close agreement between calculation and experiment was
taken as support for the hypothesis that the initial compressive stress in the cap layer was
converted to tensile stress during growth, and that this stress was then relaxed by
cracking.
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Follstaedt et al.
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reported the results of an experiment similar to that conducted by

Cantu et al. First a 10 nm thick AlN nucleation layer was deposited at 535 ºC by
MOCVD on sapphire, followed by a 1.85 µm thick AlN layer grown at 1070 ºC which
was capped by 1.5 µm of AlxGa1-xN (x = 0.61-0.64), the first 120nm of which was
undoped and the remainder silicon doped. Cross-sectional TEM imaging was used to
estimate the dislocation density and hence the relaxation of the top surface of the AlxGa1xN,

which was then used to calculated the average relaxation of the film. The estimate by

TEM compared well with XRD measurements.

The TEM also revealed a similar

inclination of dislocations away from vertical, but the change in line direction was
observed to occur within 15nm of the AlxGa1-xN – AlN interface and not at the location
of the doped – undoped AlGaN interface. In addition, in situ laser reflectance was used
to monitor growth mode throughout the deposition and showed high reflectivity
characteristic of 2D planar growth, with no change at the interface between AlN and
AlxGa1-xN.

This somewhat contradicts the previous assertions by Romano et al.

regarding the cause of the dislocation inclination.

To verify that the dislocation

inclination was indeed the source of the measured relaxation, additional samples were
prepared with different AlGaN layer thicknesses. The dislocation inclination model
predicts that relaxation should increase linearly with increasing layer thickness, which
was indeed measured. However, the authors found the best least-squares fit line to their
data did not go through the calculated epitaxial mismatch strain for pseudomorphic
growth at zero AlxGa1-xN thickness. This was attributed to partial relaxation by misfit
dislocations at the interface, which were observed by cross-section TEM when the
sample was rotated to broaden the projection of the interface.

As with growth on SiC, post-growth studies have often attributed the stresses present
in AlxGa1-xN on sapphire to the combination of a partially relaxed epitaxial misfit and the
difference in CTE between film and substrate. However, where tensile stresses at room
temperature were measured it was clear that the two mechanisms above could not explain
the measurements by themselves, and additional processes were examined. In undoped
samples, the effects of grain coalescence were considered and proposed as a likely
additional source of growth stress, in this case tensile. Three studies of high Al-fraction
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AlxGa1-xN cap layers grown on top of more Al-rich AlxGa1-xN buffer layers showed that
threading dislocations present in the buffer layer became inclined with respect to their
original line directions at the interface where there was a large compressive stress. All
three studies mention that this mechanism can not only relax the compressive growth
stress but also cause the stress to reverse sign and become tensile after sufficient growth.
Disilane was used as a dopant in two of the studies, and silane in the third. The disilane
was present in the growth environment when the composition change was made, and the
degree of relaxation was correlated with the flow of dopant, leading the authors to
suggest that the roughening effect associated with doping is a significant factor in this
mechanism. The remaining study introduced silane after 120 nm of AlxGa1-xN cap layer
had already been deposited, and the dislocations were found to be inclined from the
beginning of growth.

Taken all together, these reports to date indicate that stress

evolution during AlxGa1-xN growth may be more complicated than originally thought.
3.1.4 Summary of Post-Growth Measurements

In all, the results of post-growth studies are somewhat confusing, and it is difficult to
develop a coherent picture of the origins of film stress in AlxGa1-xN using this approach.
The results for mostly low Al-fraction samples prepared on SiC indicate a relatively
simple model of stress evolution, while results on sapphire substrates involving both low
and high Al-fraction samples indicate a greater degree of complexity. A more complete
understanding of the stress behavior of during AlxGa1-xN growth may be had by taking
measurements of stress or strain during growth. The next section will cover the available
reports to date of such measurements, though no such results have been reported for
growth on SiC substrates yet.

3.2 In situ Stress Measurements

Several research groups have published results of in situ stress studies by optical
curvature measurements during MOCVD of GaN, AlN, and AlxGa1-xN on sapphire (0001)
and Si (111) substrates.

Hearne et al. determined that GaN growth on thin, low-
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temperature AlN and GaN buffer layers on sapphire was tensile at a nearly constant value
from the start of growth for both types of buffer layers, contrary to what would be
predicted based on epitaxial mismatch

58

. They considered the possible tensile thermal

stress induced in the buffer layer during heating to the 1050 ºC GaN growth temperature,
but concluded that it cannot be the source of the tensile GaN growth stress since the
magnitude of the growth stress is independent of the buffer layer type. They also
considered island coalescence as a potential origin for the tensile growth stress, but
rejected that explanation based on the observation that the tensile stress was present from
the earliest stages of growth and remained constant as the film became fully continuous.
It was noted that the grown-in stress was not altered by a post-growth 30 minute in situ
anneal at 1050 ºC, or by thermal cycling from 1050 ºC to 450 ºC and back to 1050 ºC,
indicating zero stress relaxation during both processes. The final conclusion was that
further investigation was required to determine the source of the tensile stress.

Raghavan et al. also used optical curvature measurements to study the growth of GaN
on sapphire (0001) with 500 ºC - AlN buffer layers of different thicknesses
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. Three

samples were prepared with buffer layer thicknesses of 5-6 nm, 8-9 nm and 11-12 nm. In
contrast to the report by Hearne et al., the GaN films were shown to initially grow under
a compressive stress. However, the growth stress gradually transitioned into a steadystate tensile growth stress for all three samples, with the thinnest buffer layer
corresponding to the longest transition time. The GaN thickness at which the transition
to tension occurred was correlated to the decrease in reflectivity during the early GaN
growth stages.

Post-growth AFM morphology measurements were performed on

interrupted growth samples at two thicknesses for the thinnest buffer layer condition.
The GaN film corresponding to low reflectivity was shown to consist of islands with
faceted side walls, and it was argued that as the film coalesced, contact was made at the
bases of the islands first, followed by a decrease in the ratio of surface roughness to film
thickness. The origin of the compressive growth stress was not specifically identified,
but the tensile stress was attributed to island coalescence according to the model
proposed by Sheldon et al. to explain tensile stresses present in CVD diamond films 105.
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Raghavan and Redwing reported growth of thick AlN films on both sapphire (0001)
and Si (111) substrates 106,107. Growth of AlN on silicon was shown to be tensile from the
start of growth over a range of growth temperatures (600 – 1100 ºC) and growth rates
(0.1 – 1 nm/sec). For any particular sample, the magnitude of the mean tensile stress was
constant for thicknesses up to 400nm. It was found that the tensile stress was greatest for
AlN deposited at 1000 ºC and 1100 ºC, with wide variability at 900 ºC and a consistently
low magnitude for deposition temperatures of 800 ºC and below.

In contrast, the

measured initial growth stress on sapphire depended on the growth temperature. Samples
grown at 600 ºC and 800 ºC were under tension from the start of growth, but samples
grown at 900 ºC or above started growth under a compressive stress that gradually
transitioned to a final tensile stress. In addition, the magnitude of the tensile stress was
greatest at 900 ºC and decreased with increasing growth temperature. The growth stress
for AlN on sapphire was also found to decrease with temperature for growth temperatures
below 800 ºC. Growth of GaN on a 200 nm thick 1100 ºC AlN buffer layer on Si was
reported as initially compressive, though the magnitude was much less than the full
epitaxial mismatch stress. The change in the tensile stress for AlN grown on silicon was
correlated with the change in crystal quality of the AlN, as measured by XRD. The
highest values of tensile stress occur in epitaxially oriented AlN, while the lowest values
correspond to polycrystalline samples. Epitaxy and surface stress were ruled out as likely
origins of the tensile growth stress, leaving island coalescence as the suggested
explanation.

The initial compressive growth stress of AlN on sapphire at higher

temperatures was attributed to epitaxial stresses transferred from the substrate. The
transition to tensile growth was again attributed to grain coalescence, with the increase in
magnitude at 900 ºC thought to be due to the decreased grain size at coalescence
demonstrated by AFM measurements.

The decreased tensile stress magnitude for

defective films grown at low temperature was partly attributed to reduced AlN biaxial
modulus, and partly to an increase in grain boundary energy due to tilt and twist misorientation, as evidenced by variations in the integral breadth of x-ray rocking curves.
The initial compressive growth stress for GaN on AlN was attributed to epitaxial
mismatch which was offset partly by the presence of tensile growth stress in the AlN
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buffer layer, partly by tensile coalescence stress, and partly by formation of misfit
dislocations near the interface.

Growth of Al0.17Ga0.83N on a low-temperature AlN buffer layer on sapphire was
reported by Han et al. to be initially compressive with a magnitude much less than the
calculated epitaxial mismatch stress

10,108

. The growth stress largely relaxed within the

0.5 µm grown. The same authors found that Al0.17Ga0.83N grown on a low-temperature
GaN buffer layer was in tension from the start of growth, at approximately half of the
expected epitaxial mismatch stress. Both of these results were tentatively attributed to
epitaxial mismatch between Al0.17Ga0.83N and the buffer layers, with the reduction in
tensile stress for Al0.17Ga0.83N on GaN partially relaxed by a three-dimensional growth
mode.

In summary, it is possible to use an optical in situ substrate curvature measurement
technique to learn additional information about the changes in growth stress as a function
of thickness, and the dependence on various growth parameters. The few studies to date
have shown that AlxGa1-xN growth stresses are not as simple as even the studies on
sapphire might suggest, with the results depending strongly on substrate, nucleation
conditions and the growth conditions. Epitaxy and thermal expansion contribute to the
stresses in the III-nitride system, but are certainly not the only contributors.

3.3 Film Cracking and Stress/Strain Control

3.3.1 Fundamental Cracking Studies

Cracking is a significant problem in the group III-nitride system, where substantial
CTE and epitaxial mismatches can exist between the thin film and substrate as mentioned.
The same is true to a lesser degree between group III-nitride films of different
compositions. Several studies have been conducted on growth of AlxGa1-xN on GaN,
both for fundamental critical thickness for cracking studies and as precursors to growth of
AlxGa1-xN containing devices on thick GaN template layers. Perry et al. reported on the
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growth of AlxGa1-xN (x = 0.02, 0.06, 0.12) on GaN template layers prepared on 6H-SiC
substrates 14. The AlxGa1-xN layers were all found to grow pseudomorphically on GaN,
as verified by high-resolution reciprocal space mapping. It was reported that AlxGa1-xN
films with x > 0.13 and ~300 nm thick were severely cracked.

Han et al. reported on the growth of Al0.15Ga0.85N directly on 0.6 µm of hightemperature GaN on sapphire as tensile, with a stress magnitude that agreed well with
what was expected for pseudomorphic growth on GaN

10,108

. After the growth of ~0.6

µm of Al0.15Ga0.85N, a discontinuity was observed that was attributed to cracking during
growth. Similarly, Hearne et al. reported that Al0.17Ga0.83N grown on a 0.7 µm thick
high-temperature GaN film initially grew pseudomorphically in tension, followed by
brittle-ductile relaxation during growth

109

. This relaxation was reportedly initiated by

cracking, followed by crack-enhanced dislocation formation and glide. The cracks were
observed to be of the channeling type nominally lying on 11 2 0 planes, with a value of
1.975 for ‘Z’ in Eq. 2.18. Additional cracks were also found on the 1 1 00 planes.
Approximately 70% of the relaxation of the overlying AlxGa1-xN film was attributed to
the presence of a dense array of strain relieving misfit dislocations at the AlxGa1-xN /
GaN interface. It was postulated that the shear stress concentration around crack tips
may enhance the nucleation and subsequent glide of misfit dislocations in an otherwise
energetically unfavorable system. The critical thickness for cracking of AlxGa1-xN on
GaN has been studied as a function of composition (0.02 ≤ x ≤ 0.20 60, 0.09 ≤ x ≤ 0.37 109)
and has been found to decrease as the Al fraction, x, increases.

3.3.2 Strain Management Techniques

As mentioned in the introduction, multiple techniques have been developed to control
tensile growth stress. One method of controlling the tensile strain involves growing a
superlattice structure in the thicker group III-nitride film. The experiments by Zhang et
al. involving the addition of an AlN / Al0.2Ga0.8N superlattice interlayer during growth of
Al0.2Ga0.8N on sapphire were reported above in section 3.1.2
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16

.

Pophristic et al.

employed a nearly identical structure with a 10 period AlN (5 nm) / Al0.6Ga0.4N (5 nm)
superlattice grown on top of an AlN layer grown at 1080 ºC on a 40nm thick lowtemperature AlN nucleation layer on sapphire 17. The authors reported that including the
superlattice in the structure allowed crack-free growth of Al0.6Ga0.4N greater than 1 µm in
thickness.

Similarly, Feltin et al. reported that including AlN / GaN superlattices in GaN grown
on Si (111) with an AlN buffer layer allowed growth of a thick, crack-free GaN layer 110.
The authors reported that 3nm thick AlN and 4nm thick GaN layers were optimal, with
thicker layers reducing the effect on the subsequently grown GaN layer. In addition, it
was reported that 20-period superlattices were no more effective than 10-period
superlattices at relieving strain, but that strain relief using multiple superlattices separated
by thin (~100-200 nm) GaN layers was cumulative with each superlattice contributing
~215 MPa compressive growth stress. XRD measurements confirmed that 0.9 µm of
GaN grown on top of four 10-period superlattices separated by GaN was under a slight
compressive stress at room temperature, while a 2.5 µm thick GaN layer was under
tension. The dislocation density in the GaN film was also reported to decrease with each
superlattice included.

Horie et al. studied the growth of GaN on 6H-SiC

111

. The authors reported that the

introduction of a 5 period AlN / GaN superlattice as a buffer layer effectively managed
the tensile growth stress seen for direct growth of GaN on 6H-SiC. In addition they
found that layer thicknesses of 1 nm for both AlN and GaN in the superlattice was
superior to 2 nm AlN / 1 nm GaN, leading to nearly strain-free GaN at room temperature
and increased room temperature photoluminescence intensity.

3.3.3 In Situ Measurements of Strain Control

Several of these stress-control techniques have been studied by in situ optical
curvature measurements as well. Amano et al. reported the tensile growth stress of a 1
µm thick 1050 ºC-GaN layer on sapphire was found to increase from 0.16 GPa to 0.59
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GPa by inserting a thin 500 ºC-GaN interlayer between the high-temperature layers,
actually increasing the tendency to crack during growth 112. In contrast, the same authors
found that using a 500 ºC-AlN interlayer did not significantly alter the growth stress (0.19
GPa tensile stress) of the subsequent GaN, as inferred from post-growth XRD
measurements.

In later work, Amano and Akasaki employed a 20 nm thick AlN

interlayer grown at 400 ºC to grow 1.7 µm of high-temperature Al0.18Ga0.82N on a GaN
template on sapphire

15

. They report a tensile growth stress of just 0.05 GPa, which is

well below the coherency stress of Al0.18Ga0.82N on GaN.
Krost et al. studied the effect of using AlN interlayers during growth of GaN at 1145
ºC on Si substrates 113. They determined that AlN interlayers grown between 630 ºC and
1000 ºC induced a compressive growth stress nearly independent of temperature, while
AlN interlayers grown above 1000 ºC were less effective. The authors commented that
the temperature range where the strain reducing effect diminishes is close to the transition
from polycrystalline to single crystalline growth of AlN reported in literature studies of
AlN seed layer growth

114,115

.

The strain relief at lower AlN interlayer growth

temperatures was attributed to incoherent growth of polycrystalline AlN on GaN. The
same authors found that the effectiveness increased with low-temperature interlayer
thickness up to 12 nm, and beyond that the effectiveness saturated, though no explanation
was given for this observation.

Han et al. grew a series of 0.9 µm thick Al0.20Ga0.80N samples on top of 1 µm thick
GaN template layers on sapphire with 15 nm thick AlxGa1-xN interlayers grown at 700 ºC,
with Al-fraction, x, ranging from zero to one 19. They observed that the growth stress in
the Al0.20Ga0.80N layer ranged from strongly tensile for x = 0, to compressive for x = 1.
They concluded that the low-temperature AlxGa1-xN interlayer was effective in
“redefining” the in-plane lattice parameter, which was effective in mediating the tensile
epitaxial stress between Al0.20Ga0.80N and GaN.
Waldrip et al. reported that a 15 nm thick, 1050 ºC-AlN interlayer was effective in
converting the 1.24 GPa tensile growth stress of an Al0.20Ga0.80N/GaN distributed Bragg
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reflector (DBR) on a 1 µm GaN template into an initially compressive growth stress of
approximately -2 GPa 21. This initial compressive stress was observed to transition into
an eventual tensile growth stress of ~0.6 GPa, though the cause of the transition was not
known. By repeatedly adding an AlN interlayer whenever the growth stress became
tensile, they were able to grow a crack-free 5 µm thick DBR structure.

Studies have been conducted on the nature of cracking and tensile stress relief in
AlxGa1-xN thin films. Thin films grown in tension are found to primarily relax through
cracking, which may initiate dislocation nucleation and glide to further relieve the stress.
The cracks were found to be of the channeling type and tend to lie predominantly on the
(11-20) planes, with secondary cracking along the (1-100) planes. Multiple techniques
have been attempted to reduce the level of tensile stress during film growth, with varying
degrees of success.

Some studies have suggested that thin low-temperature grown

AlxGa1-xN interlayers effectively redefine the in-plane lattice parameter of the substrate,
allowing the cap layer to grow under a reduced tensile or even a compressive growth
stress. Several of these techniques have been applied successfully to the deposition of
thick, crack-free AlxGa1-xN structures.

3.4 Summary

Overall, much as been learned about the stresses involved in the deposition of AlxGa1xN

on various substrates. However, the limited number of direct measurements of stress

or strain during growth and the difficulty in determining the evolution in growth stress
from post growth measurements has hindered the development of a clear understanding
of the mechanisms of stress evolution involved during AlxGa1-xN growth. In addition, the
growth process and AlxGa1-xN material quality strongly depend on the substrate choice.
To take advantage of the desirable properties of SiC as a substrate for electronic and
optoelectronic applications, considerable work remains to understand the nature of stress
generation and relaxation during AlxGa1-xN MOCVD on this material. The next chapter
details the equipment, materials and methods employed during this thesis research.
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Chapter 4
Experimental Methods

This chapter first presents a description of the MOCVD reactor system in which all of
the AlxGa1-xN depositions were conducted. Next a description of the substrate curvature
measurement system and the details of the method employed to extract stress data from
the raw measurements are given.

Finally, the characterization techniques used

throughout this research are described. While all of the growth experiments and the
majority of the characterization was performed by the author, all of the transmission
electron microscopy (TEM) sample preparation and imaging was performed by Dr.
Xiaojun Weng.

4.1 MOCVD System

All thin film deposition described in this thesis was carried out in a MOCVD system
located in room 220 of the Electrical Engineering West building on the Penn State
University Park campus. The MOCVD system, pictured in Fig. 4.1, consists of a control
cabinet, a reactor cabinet and the support systems. The gas control cabinet was a used
Thomas Swan system modified by CVD Equipment Corporation for group III-nitride
research. The reactor cabinet was constructed by CVD Equipment Corporation to the
design specifications provided by Professor Joan M. Redwing. While it is beyond the
scope of this thesis to completely describe the MOCVD system in detail, essential details
will be provided to aid the reader.

4.1.1 Gas Control Cabinet

The function of the gas control cabinet was to provide for safe, repeatable and precise
delivery of precursor materials and carrier gases to the reactor system. It consisted of a
collection of mass flow controllers (MFCs), pressure controllers, pressure transducers,
manual and pneumatic valves and the necessary electropolished stainless steel tubing to
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Fig. 4.1: The MOCVD system pictured from the front showing the control computer
on the left, the gas control cabinet in the center and the reactor cabinet on the right
with the susceptor heated to 1100 ºC.

connect it all together. A process flow diagram of the MOCVD system can be found on
page 46 of Abhishek Jain’s Ph.D. thesis
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.

For safety, all connections between

components within the gas control cabinet were made with VCR fittings. Every MFC,
pressure controller and pneumatic valve had a readout / status indicator and a manual
control on the front panel of the gas control cabinet. In addition, components grouped
together in control loops could be switched into computer control, provided through
proprietary software supplied by CVD Equipment Corporation. The software was recipe
driven, and provided the capability to record analog and digital inputs throughout a recipe.

The gas control cabinet was equipped with inlets for purified hydrogen and nitrogen
gases, three gaseous precursors and connections for six bubblers on the group-III
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manifold and two bubblers on the group-V manifold. Ultra-high purity (UHP) grade
Hydrogen was purchased from GT&S and supplied in cylinders located in a standalone
gas cabinet. Two cylinders were installed in tandem with independent shutoff valves to
provide a backup for when one cylinder ran low. The UHP hydrogen was passed through
a SAES Pure Gas, Inc. MicroTorr adsorption type gas purifier before delivery to the gas
control cabinet. Nitrogen was supplied from the Electrical Engineering West in-building
supply, which was boil-off from a liquid nitrogen storage tank next to the building. The
nitrogen was also passed through a SAES adsorption purifier prior to delivery to the
control cabinet. The nitrogen precursor was Air Products Blue grade ammonia (NH3)
supplied as a liquid in a gas cylinder under its own pressure. The cylinder was stored in a
standalone gas cabinet. The boil-off from this cylinder was passed through a SAES
adsorption purifier prior to delivery to the gas control cabinet. All gases were piped
through ¼” outside diameter welded electropolished stainless steel tubing. The ammonia
gas line was sheathed in a coaxial ½” stainless steel tube to prevent any potential leaks to
the laboratory environment should the inner tube fail. All gas cabinets and the gas
control cabinet are held under negative pressure for a similar reason.

The metal-organic precursors were Epichem EpiPure grade trimethylgallium (TMG)
and trimethylaluminum (TMA) purchased in 100 gram quantities in stainless steel
bubblers. These bubblers were maintained at constant temperature in Lauda RMS 6
isothermal baths containing ethylene glycol and water. Purified hydrogen was passed
through the bubblers at a rate controlled by an MFC upstream of the bubbler, while the
total pressure in the bubbler was maintained by a pressure controller located downstream
from the bubbler. In the case of the TMG, an additional MFC in parallel with the bubbler
and first MFC served to increase the total flow rate through the delivery line and decrease
the residence time. This was found to be detrimental for the TMA pressure controller,
and later experiments were conducted with the “push” MFC removed and the fittings
capped off, or with the TMA bubbler connected to a gas circuit that didn’t have a “push”
MFC.

The flux of metallorganic vapor leaving the bubbler was calculated using the equation:
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(Eq. 4.1)

where n is the flux of metallorganic vapor in standard cubic centimeters per second
(sccm), nH2 is the flow rate of hydrogen through the bubbler in sccm, Pvap is the
equilibrium vapor pressure of the metallorganic at the bath temperature, and Ptotal is the
total pressure as set by the pressure controller. This equation assumes ideal gas behavior.
The bath temperatures were selected to yield species vapor pressure in a range that would
give the desired vapor flux out of the bubbler over the range of the mass flow controller.
TMA was typically maintained at 25 ºC, while TMG was maintained at -13 ºC. The
vapor pressure was calculated based on vapor pressure – temperature equations supplied
by Epichem.

The lines downstream from the bubblers were wrapped with heating tape to allow
baking out of the system after maintenance. In addition, the TMA line was maintained at
approximately 60 ºC to prevent condensation of vapor inside the tubing. The system was
equipped with separate group-V and group-III run/vent manifolds. Typically reactants
were first allowed to flow to vent for an equilibration period prior to their introduction
into the reactor. The vent lines were flushed with nitrogen and were differential pressure
controlled to match the pressure in the run lines in order to minimize flow disturbances in
the reactor while switching reactant species between the two.

The gas control cabinet was also equipped with a leak test manifold that connected to
the plumbing in the cabinet at multiple points. This allowed a single external helium leak
tester to be attached to the manifold and individual components to be tested in turn. The
leak tester was allowed to pump down to a baseline helium leak rate, typically between
1×10-9 and 3×10-9 standard cubic centimeters per second, and then a small puff of helium
was released near the component under test. For components with all metal-to-metal
seals, any deviation from the baseline leak rate was further investigated. For o-ring seals,
the joint under test was judged leak-tight if there were no initial spikes in the helium leak
rate following the application of helium, though a gradual upward drift in the baseline
was considered an acceptable response due to diffusion of helium through the o-ring.
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4.1.2 Reactor Cabinet

The reactor is a vertical flow-down cold wall design, with optical ports on the top of
the reactor allowing line-of-site access to the substrate. The optical ports are angled ~1014º from the substrate normal (Fig. 4.2a. and 4.2b.), and are equipped with purge lines to
prevent deposition of adducts on the ports and to minimize trapping of gases in a dead
volume. The system exhaust ports were located in the bottom mounting flange of the
reactor, which was connected to a Leybold oil-sealed rotary vane vacuum pump. The
exhaust from the reactor was first diluted with nitrogen and then sent into a Mystaire
model XGC-30M chemical scrubber purchased from Misonix, Inc. which used sulfuric
acid to neutralize excess ammonia in the exhaust stream before it was discharged outside
the building.
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Fig. 4.2: (a) Schematic representation of the MOSS system and reactor in Fig. 4.2b. (b)
Front view of the MOCVD reactor cabinet used in this work showing the MOSS laser
box (black box, top left) and CCD detector box (top right, cover removed).
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The reactants were introduced through separate coaxial inlets, with the group-III
precursors entering through the smaller diameter inner tube, and the group-V gases
through the larger tube (Fig. 4.2a.). The group-III inlet was fabricated from ¼” O.D.
quartz tubing, and is flared on the end to a diameter of 16 mm. The group-V inlet was
fabricated from 25 mm O.D. quartz tubing and flared on the end to 56 mm. Two notches
were cut out of opposite sides of the flared portion of the inlet to allow unobstructed
optical access to the substrate. The group-III inlet was held in the center of the group-V
inlet by a “centering spider” manufactured by the MatSE machine shop. The coaxial
inlet arrangement was adopted to minimize gas-phase pre-reactions, which lead to a
decrease in the availability of group-III precursors at the growth surface 28,29. The reactor
was also designed with a water jacket kept at 60 ºC, and the reactor pressure was
controlled to nominally 50-100 Torr during the growth segments, both of which are
recommended to reduce the parasitic reactions

29,117

. Even with these precautions, some

powdery deposits are observed on the walls, and so a removable quartz liner tube was
incorporated inside the water jacket to shield it from deposits and facilitate easy cleaning.
The space between the liner tube and the water jacket was purged continuously with a
small flow of carrier gas, typically 0.5 – 1 slpm, which entered at the bottom and flowed
into the main reactor volume at the top.

Substrates were heated by an inductively coupled SiC-coated graphite susceptor, with
the susceptor top surface 71 mm below the group-III cone. The top surface of the
susceptor was recessed in the center in a 1.01 cm × 1.01 cm square pattern with relieved
corners to a nominal depth of 200 µm to accept 250 µm thick substrates, which sat freely
in the substrate cavity. The standard growth temperature was nominally 1100 ºC as
determined by a thermocouple in contact with the inside top of the quartz susceptor
support shaft. The quartz shaft passed through a Rigaku ferrofluidic rotary seal so that
the susceptor and shaft could be rotated during growth.

The rotation rate was

continuously adjustable up to a maximum of 60 rotations per minute, with a typical value
of 30 employed. The Rigaku seal in turn was mounted in a stainless steel flange which
could be lowered using a motor driven mechanism to provide access to the inside of the
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reactor and allow substrates to be placed on the susceptor surface. Seals between the
various parts of the reactor vessel were made by silicon o-rings.

The total flow rate through the reactor was approximately 10 slpm, corresponding to a
residence time of 3.2 sec (1.6 sec) assuming a gas temperature of 60 ºC and pressure of
100 Torr (50 Torr). Typical total flow rates through the various inlets were as follows:
group V, 7.5 slpm; group III, 1 – 2 slpm; liner tube purge, 0.5 – 1 slpm; optical port purge,
1 slpm each. The ammonia flow rate varied from 0.2 – 6.5 slpm, with 2 slpm flow rate
typical for a standard experiment. TMG flux ranged from a minimum of 5.4 µmol/min
for Al0.78Ga0.22N to a maximum of ~50 µmol/min for early GaN experiments. TMA flux
ranged from 1.8 µmol/min for Al0.07Ga0.93N to ~70 µmol/min for certain fast-growth AlN
experiments. Typically a V/III ratio of ~1800 was maintained during the epilayer growth,
while the V/III ratio was varied from 42 – 16,300 during some AlN buffer layer
experiments. Such a high NH3 excess is necessary because of the high N2 partial pressure
required to stabilize the growth surface mentioned above 25.

MOSS Schematic
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L
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Fig. 4.3: Schematic representation of the MOSS system.
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4.2 Stress Measurement Using MOSS

As mentioned in Chapter 2, the reactor used for this research was equipped with a
MOSS system.

All hardware and software to perform these measurements were

purchased commercially as a package from k-Space Associates, Incorporated

118

. This

technique is based on measuring the deflection of an array of multiple parallel laser
beams reflected from a sample. As depicted in Fig. 4.3, a laser beam from a power
controlled laser diode was passed through an optical component known as an etalon,
creating the one-dimensional array of parallel laser beams used throughout this research.
It should be noted that it is possible to generate a two-dimensional grid of spots by
placing a second etalon between the first etalon and the sample. This arrangement is
potentially useful for monitoring stress where the substrate’s elastic properties in the
plane of the film or the film’s stress relaxation are anisotropic.

However, this

arrangement resulted in lower spot intensity and increased the number of errors made by
the analysis software package while attempting to track the locations of the spots, and
hence was not used. The array of parallel laser beams was incident on the substrate at an
angle, θ, from the normal and the reflected beams were then imaged as spots by a CCD
camera attached to a personal computer equipped with a frame grabber card.

The

computer received a trigger pulse from an encoder on the rotating susceptor support shaft
which caused the frame grabber to capture an image from the CCD synchronously with
the susceptor rotation. The images were then analyzed in real time by the software
package to determine the centroid position and intensity of each of the laser spots.
The substrate curvature as a function of time, κ(t), was determined from the equation:

κ (t ) =

cos(θ ) ⎛ D(t ) ⎞
⎜1 −
⎟
2 L ⎜⎝
D0 ⎟⎠

(Eq. 4.2)

where L is the distance between the substrate and CCD camera and D(t)/D0 is the time
dependent spacing between spots normalized by the reference spacing. The reference
spacing was user definable and was generated by placing a known flat mirror on the
susceptor surface in place of a sample and recording the spot spacing using the software.
It is recommended that this be done in the carrier gas of interest and under typical flow
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and pressure conditions, though at room temperature. The substrate-camera distance was
entered into the software as a calibration input, which was determined by placing a mirror
with a known radius of curvature in place of the sample. In normal operation the
software calculated the substrate curvature from the real-time spot spacing and recorded
both in the data file.

Consider the case in which a film material is deposited only on the top surface of an
initially flat substrate, illustrated in Fig. 4.4. If the film material is deposited in a
completely stress-free state, the substrate / film heterostructure will remain flat after
deposition (Fig. 4.4a).

Alternatively, if the deposited film material is strained in

compression, then the transfer of strain from the film to the substrate through the
interface will result in a bending moment about the neutral axis, causing the
heterostructure to deform into a convex-up shape as a result (Fig. 4.4b). Conversely, if
(a)

(b)

(c)

(d)

0

Stress-Free

0

Flat

Film in compression

Convex-up

Film in tension

Concave-up

Film in tension

Flat

Fig. 4.4: Illustration of the relationship between film stress and resulting substrate
curvature. (a) Stress-free film on a flat substrate resulting in flat heterostructure (b)
Film in compression on a flat substrate resulting in convex-up heterostructure (c) Film
in tensions on a flat substrate resulting in a concave-up heterostructure (d) Film in
tension on a convex-up substrate resulting in a flat heterostructure.
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the film material is deposited in a state of tension, then the heterostructure will respond
by bending into a concave-up shape (Fig. 4.4c). The analysis can be extended to initially
curved substrates. For example, an initially convex substrate with a film strained in
tension will become less-convex and may eventually go through flat and become
concave-up (Fig. 4.4d).

In addition to measuring changes in spot spacing, the MOSS software also monitored
the intensity of the reflected laser beams as a function of time. For a laser incident on the
transparent thin film surface at an angle θ from the substrate normal, part of the incident
beam will reflect from the top surface of the film, and part will penetrate into the growing
film. A portion of this second ray may be reflected from the film-substrate interface and
interfere with the first ray. For near normal incidence, the thickness at which the path
length difference is exactly one wavelength is given by the equation 26:

D=

λ

(Eq. 4.3)

2 n f − sin 2 θ
2

where D is the thickness period, λ is the wavelength of the incident laser beam (658 nm
for our system) and nf is the refractive index of the film material at the laser wavelength
(nGaN = 2.37 and nAlN = 2.06) 119. As the film increases in thickness by the amount D, the
reflectivity will go through one complete oscillation from maximum to minimum and
back. Thus, the reflectivity was used to estimate the thickness of the samples, which was
verified for select samples by cross section scanning electron microscope (SEM)
measurements.

The most useful form of representing the data that is closest to the actual quantities
measured is the stress×thickness versus thickness plot. The first step in generating this
figure from the raw data was to obtain the relative change in substrate curvature, which
was obtained directly from the MOSS software. The curvature of the substrate during the
1100 ºC hold immediately prior to growth was taken as the reference value of the
curvature. This was then converted to the stress×thickness product using the modified
form of Stoney’s equation (Eq. 2.19), since this quantity is simply proportional to the
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M s hs2
change in curvature through the proportionality constant
, where Ms is the
6

substrate biaxial modulus and hs is the substrate thickness. This quantity was combined
with the thickness data obtained as described above and plotted versus film thickness for
analysis.

Fig. 4.5 presents one illustrative example of the reflectivity vs. time and

substrate curvature vs. time for an Al0.35Ga0.65N thin film on an 80nm AlN buffer layer on
a conductive 6H-SiC substrate.

For any film thickness, the value of the stress-thickness product divided by the film
thickness will yield the mean film stress. In keeping with the common sign convention
used in the literature, tensile stress is taken as positive and compressive stress as negative.
Further, the derivative of the stress-thickness versus thickness curve represents the
incremental stress in the growing film, a measure of effective stress added by each new
layer, where “effective” is defined as the sum of the growth stress and any contribution
from relaxation processes or surface stress that may be simultaneously active. Generally
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the contribution of surface stress is negligible except for extremely thin films (of the
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Fig. 4.5: Plot of the reflected spot intensity (top trace) and the substrate curvature
(bottom trace) for an Al0.38Ga0.62N/ ~80nm AlN/ SiC sample.
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order of several monolayers), and therefore only the first two terms are significant 109.

The values of the incremental stress at the very start of a deposition and at the end of a
deposition were particularly useful metrics. In general, the “initial incremental stress”, or
IIS, was determined by performing a linear fit to the first several nanometers of data
using Microsoft ® Office Excel 2003, Windows Edition. For epilayers, typically data for
the first 60 nm were used (~30 – 90 data points), while for thin AlN layers as little as 15
nm was used (~20 – 125 data points). The thickness range for the linear fit was chosen
because the stress×thickness curve begins to obviously deviate from linear after that point.
Due to the relatively small number of data points, the R2 (goodness of fit) parameter
returned by Excel was generally low. Thus, a quadratic fit to a larger data set (typically 3
– 5 × the number of data points used for the linear fit) was also evaluated, and the value
of the first derivative evaluated at zero thickness was reported along with the value from
the linear fit. Generally the R2 value, and thus the reliability, of the quadratic fit was
substantially higher than that of the linear fit, and in such cases the former value was
selected for plotting. The value for the “final incremental stress”, or FIS, was always
determined by performing a linear fit over the greatest thickness range appropriate for the
data set.

As can be seen in the lower curve in Fig. 4.5 depicting the relative substrate curvature,
there is a short-period, low-amplitude noise component to the stress measurement which
is the result of vibration in the system and which is generally unavoidable. However, the
effect on the interpretation of the data is minimal, as the noise is essentially random and a
sampling of a sufficiently large number of data points can largely eliminate this error. It
is also evident from the latter portions of the AlxGa1-xN growth segment that there is an
additional noise term entering into the data collection. The curvature measurement
oscillates about the trend line with a period equal to that of the reflectivity measurement,
suggesting that the two are coupled. Theoretically this should not be the case. However,
Breiland et al. discussed in detail the coupling between curvature measurements by the
MOSS system and the reflectivity of transparent thin films during growth
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. Normally

one would expect the angle the reflected beam makes with the surface normal at the laser
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spot to be equal to the angle of incidence. According to the analysis by Breiland et al.,
the presence of a gradient in the film thickness over the width of a laser spot causes the
reflected laser beam to be deflected way from the expected direction due to diffraction
effects. Further, as the film increases in thickness, the angle of diffraction changes, even
if the slope of the surface remains constant. The detailed explanation is beyond the scope
of this work; however the end result of the analysis is used to explain the observed
oscillation in the curvature measurement as a consequence of film thickness nonuniformity. It is noted that the films deposited in this reactor configuration generally tend
to be thicker toward the substrate edge than in the middle, as determined by numerous
cross-section SEM measurements on multiples samples of different compositions. The
thickness gradient tends to be greatest for GaN epilayers, while Al-rich films deposit
nearly conformally.

All calculations in this work are based on room temperature modulus data calculated
from as described in section 2.2 using the elastic constants listed in Table 1. Epitaxial
strain was calculated using growth temperature lattice constants
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. The AlxGa1-xN

modulus was assumed to follow the rule of mixtures, and the epitaxial mismatch stress
was calculated as:

σ m = M film × ε m

(Eq. 4.4)

where σm is the epitaxial mismatch stress, Mfilm is the biaxial modulus of the AlxGa1-xN
film and εm is the epitaxial misfit.

4.3 Operating Procedures

The first consideration in operating the MOCVD reactor is safety. Proper laboratory
safety procedures should be followed at all times, as outlined in the Materials Science
and Engineering Laboratory Safety Manual. A number of hazards are present in the
laboratory which necessitates particular consideration. The first is the storage and use of
hydrogen in compressed gas cylinders. In addition to the usual dangers presented by
compressed gases, hydrogen poses serious explosion and fire hazards.
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Following

installation of a new gas cylinder, the connection and fittings should be tested for leaking
hydrogen using the hand-held hydride detector. If at all possible an attempt should be
made to eliminate any detected leak coming from the CGA fitting. If the cylinder fittings
or hand valve leak excessively, the supplier should be contacted and the cylinder
exchanged as soon as possible.

Similar precautions apply to installation of a new

ammonia cylinder, though in this case it is usually advisable to helium leak test the
connection before opening the cylinder.

Similarly, metalorganic precursors should be handled with care, as they are pyrophoric
and will catch on fire if the vapors or liquid are exposed to oxygen. The bubbler should
always remain in a vertical position throughout storage and installation. To install a new
bubbler, the system must be switched into “leak test” mode. The VCR connections
should first be completed with the hand valves on the bubbler sealed and nitrogen purge
gas flowing through the lines while the system is open. After the VCR connections to the
bubbler are tightened, the system should be pumped down and helium leak checked. The
bubbler control should be manually switched to “vac” during this procedure. Next the
lines should be baked under vacuum for an extended period to remove any oxygen from
the lines. When this is finally completed, the lines should be flushed with the intended
carrier gas (H2 for TMG and TMA) for at least 10 pump / purge cycles. Each cycle
consists of bringing the gas delivery manifold up to maximum pressure, followed by
pumping down to minimum pressure. When this is complete a small flow of carrier gas
should be run through the lines until the pressure stabilizes at the intended value, then the
hand valves on the bubbler slowly opened simultaneously. The manual control can be
switched to “purge” and the flows turned off when the pressure returns to the intended
value. It is advisable to close the hand valves on any bubbler while the bubbler baths are
turned off or the bubbler is out of service for an extended time.

The system is also equipped with two cylinders of silane in hydrogen, the first at a
concentration of 10 parts per million and the second at 10%. Silane is a toxic, pyrophoric
gas and as such should be treated with care. The silane cylinders should normally be kept
closed with the lines completely evacuated and purged, and all hand valves between the
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cylinder and the gas cabinet closed. The hand-held hydride detector should be used to
test for a possible leak while the silane cylinders are opened or closed. And of course,
after a silane cylinder change the connections should be thoroughly leak tested using the
helium leak detector before the new cylinder is ever opened.

The Misonix scrubber uses a 50 weight percent solution of sulfuric acid in water.
When refilling the chemical tank, the full quantity of water needed should be added to the
tank prior to adding acid to minimize risk. Since up to 25 liters of concentrated sulfuric
acid are needed to refill the chemical tank, the filling operation must be done sufficiently
slowly to allow the heat of solution to dissipate.

In addition to risks from specific chemicals, the operation of the MOCVD system
itself presents some hazards. To alert the operator to dangerous conditions the front
panel of the control cabinet contains visual indicators of several alarms, along with a
reset button for the indicators. When any of these alarm conditions exist, an audible
alarm sounds, the pneumatic air supply is shut off causing all valves to return to their unpowered state, the exhaust from the reactor is switched to bypass the pump and the
induction heating power supply is turned off. The alarm conditions are; low extract air,
low pneumatic air, cabinet doors open, low process gas pressure, reactor door open,
reactor H2 gas leak fail, end cap seal fail, low water, reactor over pressure and gas cabinet
H2 gas leak fail. The entire system can be powered off by pressing the red “System
Power” button or the large red “EMO” button above the computer. The front panel also
contains switches to place the system in “Run” mode or “Leak Test” mode. It is normal
practice to operate the system in run mode, as leak test mode bypasses several of the
safety features mentioned above. It should be noted that in leak test mode, it is possible
to manually switch valve AV109 between “over-ride” and “normal” states. In “override”, AV109 isolates the reactor chamber from the system exhaust, and so it is possible
to dangerously overpressure the reactor. In addition, due to a quirk in the load/unload
logic, the limit switches that stop the loading mechanism are bypassed in this mode,
making it possible to drive the unloading mechanism beyond the end of its travel range
causing structural damage. For these reasons, AV109 should only be placed in “over-
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ride” while leak testing the reactor chamber, and should be switched to “normal” as soon
as this operation is completed. When the system is in “Run” mode AV109 always acts in
the “normal” mode.

Prior to a growth experiment the reactor was normally baked out to remove deposits
from the previous experiment. After flushing the reactor with nitrogen for 10 minutes,
the susceptor was heated up to approximately 1175 ºC with hydrogen flowing through the
reactor. The duration of the high temperature hold was varied depending on the nature of
the previous experiment, with times ranging from 30 minutes for thin GaN layers up to
three hours for thick AlGaN layers with high aluminum content. The effectiveness of a
bake was tested by placing a freshly cleaned Si (111) substrate in the reactor and heating
it to growth temperature under typical flow conditions. The reactor was considered clean
if the reflectivity of the silicon substrate as monitored by the MOSS system remained
constant for 20 minutes at growth temperature. If the reactor failed this test, then usually
a second hydrogen bake was performed, followed by another test with a silicon substrate.
If that still didn’t fix the problem, then progressively more aggressive cleaning steps were
taken, including changing the susceptor and liner tube, cleaning the quartz components of
the reactor, changing o-ring gaskets and cleaning or replacing delivery lines. Checks
were performed in between steps until the problem was resolved. In general it was found
that flowing nitrogen through the group III and group V run lines while the reactor was
open for cleaning or to load substrates was useful to prevent contamination of the
delivery lines.

All substrates used were (0001) +/- 0.5º 4H or 6H SiC diced to 1cm by 1cm squares.
6H substrates used in early experiments were purchased from Sterling Semiconductor,
4H-conductive substrates were purchased from Cree Inc., and later experiments on 6H
substrates were conducted on material purchased from Intrinsic Semiconductor
Corporation. The majority of experiments were carried out on single side polished
substrates, with a few experiments on double side polished 6H material from Intrinsic.
Most work was carried out on mechanically polished substrates, though some work was
also done on chemical-mechanical polished material. Due to the dicing step, an extensive
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substrate cleaning sequence was needed beginning with sonication in a precision
detergent solution, followed by gentle agitation with a cotton swab in the same solution
to remove any particulate and light organic contamination. The substrates were then
rinsed 10 times with de-ionized (DI) water and dried with compressed filtered nitrogen.
Next the substrates were agitated under acetone with a cotton swab, rinsed with
isopropanol, then DI water and dried. The substrates were then further agitated with a
cotton swab under glacial acetic acid to remove heavy organic contaminants. Next the
substrates were rinsed with acetone and agitated with a cotton swab for a second time,
then transferred to fresh acetone and ultrasonically cleaned for 10 minutes, followed by
transfer to CMOS grade isopropanol for a 10 minute ultrasonic cleaning. Finally, the
substrates were thoroughly rinsed with DI water prior to a 10 minute dip in 10% HF
solution, followed by six DI water rinses and drying with compressed filtered N2.
Substrates were then loaded promptly into the reactor to avoid re-contamination.

All growth experiments were carried out under computer control. A typical recipe
proceeded as follows:

•

Purge with flowing nitrogen at 650 Torr for 5 minutes

•

Reduce pressure to growth pressure over 2 minutes

•

Adjust flow rates of all MFC

•

Hold flow rates in nitrogen for 5 minutes

•

Switch to hydrogen and begin ramping temperature to growth temperature

•

Hold at growth temperature in flowing H2 for 10-15 min

•

Switch NH3 from vent to run

•

Switch TMA from vent to run; grow required AlN thickness

•

Switch TMA from run to vent; adjust flow as necessary

•

Switch TMG (and TMA for AlGaN) from vent to run; grow required thickness

•

Switch group III from run to vent and start cooling

•

Shut NH3 off when temperature reaches approximately 500 ºC

•

When temperature is below 300 ºC switch to nitrogen; purge for 5 minutes

•

Increase pressure to 650 Torr and stop all flows

Many variations are of course possible to suit different experimental needs.
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4.4 Characterization

X-ray diffraction (XRD) measurements were performed post-growth to assess the
structural quality of the films. 2θ-ω and rocking curves were acquired on a Philips MRD
four-circle diffractometer using Cu Kα radiation (λ = 1.5406 Å) and a Ge (220) fourcrystal monochromator on the source. Measurements were performed in both two-axis
and 3-axis configurations. An atomic force microscope (AFM) was used to assess the
film surface morphology and roughness on the micron length scale. Tapping mode
height images were collected on a Digital Instruments Dimension 3100. Assessment of
epilayer morphology and cracking on a larger scale was performed by Nomarski optical
microscopy. Plan view and cross-section images were examined using a Phillips XL-20
SEM and a FEI Quanta 200 environmental SEM. Photoluminescence (PL) spectra were
collected at room temperature to qualitatively assess the optical quality of the thin films.
The PL spectra were excited by a 266 nm pulsed Nd:YAG laser (Nanolase NanoUV 266)
and acquired with a 0.64 m monochromator. In addition, the AlxGa1-xN composition, x,
was estimated from the location of the maximum energy peak in the spectra, assuming
that it corresponded to the band gap energy by solving the equation:
E g = xE gAlN + (1 − x) E gGaN − bx (1 − x)

(Eq. 4.5)

where Eg is the band gap energy of the alloy, b is the bowing parameter, and E gAlN and
E gGaN are the band gaps of aluminum nitride and gallium nitride, respectively. Values for

b, E gAlN and E gGaN were taken as 0.7 eV, 6.11 eV and 3.42 eV, respectively 8. It should be
noted that biaxial stress at room temperature shifts the PL peak position by ~27 meV/GPa
89

, leading to an underestimation of the Al fraction for residual biaxial tension and an

overestimation for residual biaxial compression. For AlxGa1-xN films with x>0.5 the
near-band gap peak approaches the excitation wavelength, and PL can no longer give an
estimate of the composition. For samples with x > 0.5, XRD measurements of the
strained ‘c’ and ‘a’ lattice parameters were performed and used to determine the strainfree lattice parameters of the film.

From those measurements the composition is

determined assuming Vegard’s law.
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Chapter 5
Stress Evolution as a Function of AlxGa1-xN Composition
5.1 Introduction

As mentioned in Chapter 3, there are currently no reports of real-time measurements
of growth stress for growth of AlxGa1-xN on SiC substrates by MOCVD. The existing
literature dealing with growth of group III-nitrides on SiC substrates all rely on postgrowth stress measurements. There is still substantial variation in the reported values for
the lattice parameters of the relaxed nitrides as a function of temperature as well as the
band gap energy and deformation potentials of the nitride alloys, and hence the
conclusions of post-growth stress studies do not always agree. No literature reports of in

situ stress measurements exist for growth of group III-nitrides by MOCVD on SiC. In
addition, there are currently no reports dealing with stress studies for growth of AlxGa1xN

epilayers on SiC with Al-fraction x > 0.15.

As mentioned in Chapter 1, UV

optoelectronic devices often require use of layers with higher aluminum content. Thus,
direct measurements of growth stress for higher Al-fraction AlxGa1-xN films are desirable
for determining the stress creation and relaxation mechanisms in this system and how
they vary with composition.

It has often been noted that deposition of Al-rich AlxGa1-xN alloys is difficult due to
cracking and defect formation 122,123. This is often assumed to be due to the epitaxial and
CTE mismatches between the various layers within the structure. For those processes
depositing AlxGa1-xN directly on an AlN buffer layer, the total compressive epitaxial
strain available to offset any tensile CTE mismatch decreases as the Al-fraction increases.
However, as covered in Chapter 2, there are a variety of stress generation and relaxation
mechanisms that are operative during and after growth. The central theme of this thesis
is the clarification of the nature of the stress generation and relaxation mechanisms that
are active in this system, and how they vary with the Al-content of the AlxGa1-xN epilayer.
This chapter will cover the experiments performed in this study to investigate the
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variation of these growth stress generation and relaxation mechanisms as a function of
AlxGa1-xN Al-fraction.

5.2 Preliminary Results

5.2.1 AlxGa1-xN Growth Process Development
Using the system described in Chapter 4, preliminary experiments were carried out to
attempt to determine the best conditions for the deposition of AlN and GaN. The general
reactor design was based on one previously modeled and discussed in the literature
30,31,124

, as depicted in Fig. 5.1a.

Fig. 5.1b depicts in schematic form the reactor

configuration used to carry out this research, as a cross-section through the reactor center
axis. The design used by Safvi et al. was modified to include two optical ports to allow
incorporation of the MOSS system, with each port equipped with a purge gas line to
prevent deposits from forming on the ports. In addition, a removable “liner tube” insert
was added, which was loosely sealed to the lower end cap of the reactor with a purge gas
stream entering at the bottom of the reactor and flowing between the water jacket and
liner tube toward the upper end cap, where the purge stream joined the main reactor flow.
The addition of the liner tube allowed for easy clean-up in between deposition
experiments, as well as minimizing cross-interference from other lines of research
conducted in the same chamber. The interior angle between the water jacket and upper
end cap in our reactor geometry was 90º. The design presented in the literature used a
25.4 mm OD group-V inlet tube that tapered outwards to form the 85 mm ID reactor.
Our design used the 12 cm inner diameter liner tube with a 20.0 mm ID group-V inlet
tube that flared out to an ID of 85mm. A porous quartz frit was welded inside the straight
portion of the tube just above the start of the flare on the end, with a hole drilled in the
center slightly larger than the OD of the group-III inlet tube. The purpose of the frit was
to aid with centering the group-III inlet tube coaxially within the group-V inlet tube and
also to promote uniform injection of NH3. Two slots were cut into opposite sides of the
flared end of the cone to allow the incident and reflected laser beams of the MOSS
system to pass unimpeded. Early group-III inlets used by Safvi et al. were straight sided,
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with an OD of 6.4 mm. A later report by Sun et al. using the same system changed the
group-III inlet to a 6.4 mm OD tube flared on the end to 22 mm 31. Our system used this
later design, except the end of the flared portion was 16.5 mm. The configuration of the
inlet cones used in our system is depicted in Fig. 5.2. Safvi et al. used a high-density
graphite susceptor with a top diameter of 70 mm, while our system used susceptors with a
2.75” top diameter that reduced to 1.50” at the bottom end over the height of 2.00 inches.
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Fig. 5.1: (a) Illustration of axially symmetric, vertically impinging jet reactor design
upon which current reactor design was based. Shaded portion indicates portion
modeled. After S.A. Safvi et al., 1997. (b) Schematic representation of the MOSS
system and reactor in Fig. 4.2b.
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(a)

(b)

Fig. 5.2: Geometry of group-V and and group-III inlet cones. (a) Side view of both
cones. (b) End-on view of “packed” group-V cone showing Al foil packing inserted into
the center hole in the quartz frit. Jagged edge was unintentional damage.

The standard operating pressure and temperature reported by Safvi et al. were 100 Torr
and ~1000 ºC - 1100 ºC for GaN growth, and hence these parameters were adopted as
starting points for our research. Previous modeling results 30 showed that decreasing the
total flow rate through the reactor from 12 standard liters per minute (slpm) to 8 slpm
decreased the growth rate at the center by 41%, but improved the uniformity over the 2”
diameter substrate so that the edge thickness increased from 41% of the center thickness
for 12 slpm to 57% for 8 slpm. A change in the separation between the central group-III
injector nozzle and the substrate from 11.4 cm to 7.9 cm did not tend to change the
central growth rate, but slightly improved the uniformity. Thus, our first experiments
with the reactor used a separation distance of 78 mm.

Since the modified reactor design used for these studies had two separate reactant
injectors, as well as three additional gas inlets (two independent optical port flow rates
and the liner tube purge), the height of the group-V cone with respect to the upper end
cap was held constant from the initial assembly of the reactor. The initial development
efforts used a GaN / AlN / Si (111) structure. Prior to installation of the MOSS system,
all growth rates were calculated by cross-sectional SEM measurements of the GaN film
thickness. The AlN layer thickness could not be measured directly by SEM since the
atomic number contrast between AlN and Si is too low to be visible in secondary electron
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or backscattered electron imaging modes (the averaged atomic number for AlN is 10,
while the atomic number of Si is 14).

Initial growth experiments were carried out using Si (111) substrates, since the cost of
2” diameter substrates is low in comparison with SiC and the growth processes on both
substrates are generally similar. Initial development work during the qualification of the
MOCVD reactor during the six months following installation was targeted at determining
acceptable reactor parameters to produce III-nitrides of acceptable quality with maximum
uniformity across the 2” Si substrate. Initial experiments were conducted to identify
suitable carrier flow rates and reactant fluxes to give reproducible, controllable
depositions of GaN films that were largely crack-free with specular surfaces.

Early investigations by Srinivasan Raghavan and the author revealed that the growth
rate and uniformity of GaN on Si using an AlN buffer layer was very sensitive to the
group-III cone to susceptor distance. Our reactor tube was designed such that the flared
portion of the group III cone can extend as low as ~62 mm from the substrate without
interfering with the MOSS laser beams.

Comparing two growths with separation

distances of 62 mm and 71 mm (our standard), one can readily observe from the higher
density of growth rings in the former case that the GaN thickness uniformity is poorer
than for the latter case (illustrated in Fig. 5.3).

Fig. 5.3: Comparison of effect of changing the group-III inlet cone to substrate distance
from 62 mm to 71 mm.
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Of the process variables, we found that the most sensitive were the carrier gas choice,
the growth temperature, the total reactor pressure and the group-III flow rate (carrier gas
plus group-III precursor). To a lesser extent, the group-V flow rate also had an impact on
the growth process. The flow rate through the optical port purges and the temperature of
the cooling water jacket within the possible controllable range from 20 ºC to ~100 ºC had
relatively little impact on the growth uniformity.

Since the growth pressure

simultaneously changes the concentration of reactants throughout the reactor volume, the
residence time and the flow patterns, the decision was made to fix the reactor pressure at
100 Torr for all experiments. It was found that introduction of N2 into the reactor during
the high temperature hold prior to growth was detrimental to the growth of GaN on Si,
possibly due to the formation of a SiNx layer prior to deposition of the AlN buffer layer,
as illustrated by Fig. 5.4a. The effect of growth temperature on GaN uniformity is
illustrated in Fig. 5.4b. Temperatures above 1100 ºC were found to significantly reduce
the GaN deposition rate to the point that at 1150 ºC little if any GaN was deposited. The
growth process is highly sensitive to the group-III flow rate. It was found that increasing
the group-III flow rate from 2.0 slpm to 2.5 slpm significantly increased the center
growth rate and the GaN center-to-edge non-uniformity, as illustrated by Fig. 5.4c.
Finally, as mentioned, increasing the group-V flow rate, the sum of the H2 carrier flow
rate and the NH3 flow rates, did slightly increase the GaN non-uniformity, as illustrated
by Fig. 5.4d. However, the flow rate of NH3 was 3 slpm for the high group-V flow rate
versus 2 slpm for the lower flow rate, so the effect of varying the group-V carrier flow
cannot be easily extracted from this image. However, general experience indicated that
the group-V carrier flow rate had a relatively minor effect relative to the variables
mentioned above. The majority of growth experiments were conducted with the group-V
total flow rate set to 7.5 slpm.

Once the MOSS system was installed and operational the reflectivity as a function of
time at the 658 nm laser wavelength was monitored throughout growth. The thickness of
the AlN in the center of the substrate and therefore the growth rate was determined in real
time using the MOSS analysis software to monitor the reflectivity. Cross-sectional TEM
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measurements of the thickness of an AlN layer on Si at 200 point gave a thickness of
1102.9 nm with a STDEV of 31.1 nm, which corresponded with 6.92 interference
oscillations, giving a calibration factor of 159.4 +/- 4.5 nm for one oscillation. This
experimental value compares well with the calculated value of 160 nm using Eq. 4.3 with

nAlN = 2.06 and θ = 10º. For practical purposes, the quarter wave optical thickness will
be taken as 80 nm, which is the thickness at which the reflectivity goes through the first
minima during growth of AlN on Si (111). Using this technique we determined that the
standard AlN buffer layer used for growth of GaN on Si was approximately 70 – 100 nm
thick.
(b)

(a)

(c)

(d)

Fig. 5.4: Variation of GaN uniformity for various process variables. (a) Effect of N2 preexposure versus H2 carrier gas only. (b) Effect of growth temperature. (c) Effect of groupIII total flow rate. (d) Effect of increasing group-V total flow rate.
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Over the course of time as multiple sets of experiments were conducted with reactor
cleaning and maintenance conducted in between, it became clear that the operating
conditions needed to obtain a particular AlN or GaN growth rate and uniformity tended to
change with each reassembly. Due to the fact that the hole in the frit inside the group-V
cone was slightly larger than the OD of the group-III inlet tube, every time we
reassembled the reactor the crescent-shaped gap between the group-III cone and the frit
occurred in a different location with respect to the optical ports. In addition, every time
the group-III inlet was inserted through the center hole of the frit the ID of the hole in frit
increased slightly as particles of the sintered frit material were knocked loose. We
attributed the variation in operating conditions to the variability in this crescent opening,
illustrated in Fig. 5.5a. First we attempted to solve the problem by fabricating three
molybdenum c-clips that permitted the exact centering of the group-III inlet within the
hole in the frit. However, the use of these c-clips further eroded the frit opening, and so
another method of controlling the positioning of the group-III inlet was sought. We
searched for a method of reliably sealing the opening, and found that the best material to
fill the gap was Al foil, since Al was already present within the growth environment as a
reactant species. This variation will be referred to as the “packed cone” configuration,
pictured in Fig. 5.2b and illustrated schematically in Fig. 5.5b. Changing from the
standard configuration to the packed cone configuration completely shifted the operating
conditions of the reactor, and necessitated a change from 100 Torr to 50 Torr operating
pressure to obtain similar growth rates and uniformity. In addition, the central growth
rate and center-to-edge non-uniformity drastically increased. We attempted to force the
group-III flow outward toward the edges by pinching in the center of the flare on the end
of the group-III cone to ~2 mm in width, resulting in the so-called “flower cone” shown
in 5.2d. However, the Al packing material was subject to corrosion by the operating
gases within the reactor, and would eventually develop a leak between the group-III inlet
and the frit, resulting in a change in operating conditions. For this reason, we developed
a third and final alternative that has been in use since implementation in November 2004.
The quartz frit was removed from one of the group-V inlet tubes and replaced with a
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Fig. 5.5: Schematic illustration of the three reactor inlet configurations. (a) Initial
“crescent opening” configuration. (b) “Packed cone” configuration. (c) “Centering
Ring” configuration. (d) End-on picture of the “flower cone” used with the “packed
cone” configuration with typical deposits after growth experiments.
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friction-fitted stainless steel “centering ring” illustrated schematically in Fig. 5.5c. This
arrangement has introduced the least variability in operating conditions between reactor
cleanings, and is simple to install and maintain. However, once again, the operating
conditions are significantly different from either of the two previously mentioned inlet
arrangements, with the operating pressure again set at 50 Torr for standard deposition
processes.

In particular, the utilization of NH3 and the effect of NH3 to group-III

precursor ratio (the V/III ratio) were significantly different in each case.

Absolute

differences in stresses measured during different configurations of the reactor are
partially attributed to this cause.

5.2.2 Preliminary Results On SiC

Initial experiments were conducted to determine growth parameters for GaN and
AlxGa1-xN on SiC using a thin high-temperature AlN buffer layer. By the time these
experiments were in progress, the MOSS system was fully installed and available to
measure reflectivity and curvature during growth. As discussed in sections 2.5.2 and
section 4.2, the Stoney equation can be used to convert the measured values of substrate
curvature into the stress×thickness product. For any film thickness, the value of the
stress-thickness product divided by the film thickness will yield the mean film stress. In
keeping with the common sign convention used in the literature, tensile stress is taken as
positive and compressive stress as negative.

Further, the derivative of the stress-

thickness versus thickness curve represents the incremental stress in the growing film, a
measure of effective stress added by each new layer, where “effective” is defined as the
sum of the growth stress and any contribution from relaxation processes or surface stress
that may be simultaneously active.

Generally the contribution of surface stress is

negligible except for extremely thin films (of the order of several monolayers), and
therefore only the first two terms are significant 109.

The values of the incremental stress at the very start of a deposition and at the end of a
deposition were particularly useful metrics in considering the data. In general, the “initial
incremental stress”, or IIS, was determined by performing a linear fit to the first several
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nanometers of data using Microsoft ® Office Excel 2003, Windows Edition.

For

epilayers, typically data for the first 60 nm were used (~30 – 90 data points), while for
thin AlN layers as little as 15 nm was used (~20 – 125 data points). The thickness range
for the linear fit was chosen to correspond to the approximately linear portion of the
stress×thickness curve.

Due to the relatively small number of data points, the R2

(goodness of fit) parameter returned by Excel was generally low. Thus, a quadratic fit to
a larger data set (typically the first 100 points) was also evaluated, and the value of the
first derivative at the start of epilayer growth was reported along with the value from the
linear fit. Generally the R2 value, and thus the reliability, of the quadratic fit was
substantially higher than that of the linear fit, and in such cases the value derived from
the quadratic fit was selected for plotting. The value for the “final incremental stress”, or
FIS, was always determined by performing a linear fit over the greatest thickness range
appropriate for the data set. Error bars for the initial incremental stress determined by the
quadratic fit were defined by taking twice the standard deviation during the 1100 ºC hold
prior to growth (~140 data points) and dividing by the thickness range of the quadratic fit.
The formula is derived by assuming that the quadratic fit to the data set coincides with
the mean at the center of the curve. The maximum positive error in slope then occurs in
the case when the initial point is taken as one standard deviation above the quadratic fit,
and the final point as one standard deviation below, resulting in the above equation. A
similar argument applies for the maximum negative error in slope. While this is not a
rigorous definition for the error bars, it should provide a conservative estimate for the
error in the determination of the initial incremental stress.
GaN deposited on a thin (~70 nm) HT-AlN buffer layer (Fig. 5.6, εm = -2.3% at 1100
ºC) initially grows under a compressive incremental stress, which gradually decreases in
magnitude. The stress data for the AlN buffer layer is not reliable for this sample
because only 74 data points were collected, making the confidence in any stress value
extracted very small. In general, the AlN appeared to initiate growth under a slight
compressive stress before becoming tensile toward the end of growth, resulting in
approximately zero mean stress at the end of growth. The compressive incremental stress
at the start of GaN growth was approximately -2.37 GPa (quadratic fit to 106 points, R2 =
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GaN
AlN
SiC
(a) GaN / ~70nm AlN / 6H-SiC

Fig. 5.6: (a) Schematic structure of
GaN grown on 6H-SiC using a 78 nm
thick AlN buffer layer. Both layers
were deposited at 1100 ºC. The SiC
substrate was held in flowing H2 at
1100 ºC for 10 minutes prior to growth.
(b) Stress×Thickness vs. Thickness plot
for the structure depicted in (a).

1100 ºC Hold

GaN Growth

AlN Growth
(b)

0.94), which decreased to -0.79 GPa by the end of the 1.65 µm deposited (linear fit to 382
points, R2 = 0.87), corresponding to ~70% relaxation of the growth stress. This is
generally in keeping with the trends reported in section 3.1.1 for growth of GaN on SiC
using a thin high-temperature (HT) AlN buffer layer. In all cases, growth was stopped
prior to observation of any tensile growth stress. This initial compressive stress is
generally attributed to the epitaxial mismatch between GaN and AlN, which is estimated
to be approximately -2.3 % at growth temperature. Using the room-temperature biaxial
modulus of GaN, this level of strain could potentially lead to a -11 GPa growth stress.
However, this magnitude of stress is sufficiently high to drive relaxation mechanisms,
particularly the formation of a network of misfit dislocation near the interface between
the GaN and AlN, as determined by Moran et al.

70

. This mechanism was estimated to

relax between 70% 97 and 90% or more of the epitaxial mismatch 70 based on post-growth
X-ray diffraction measurements.

This level of relaxation corresponds to a residual

compressive stress between approximately -1 GPa and -3 GPa, which agrees well with
the present value determined by in situ measurements. The relaxation of the compressive
growth stress of GaN on SiC using a HT AlN buffer layer as the film increased in
thickness was attributed by Einfeldt et al. to introduction of misfit dislocations which
nucleated at surface pits and undulations, and a 4 µm thick GaN sample was assumed to
be stress-free for the purposes of their XRD studies 97. The gradient in strain throughout
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(a)

AlN Growth
GaN
1100 ºC Hold

SiC

AlGaN
GaN
AlN

Al0.35Ga0.65N / ~70nm GaN /
~70nm AlN / 6H-SiC

Fig. 5.7: (a) Schematic structure of
Al0.35Ga0.65N grown on 6H-SiC using a
70 nm thick GaN interlayer on top of a
70 nm thick AlN buffer layer. All
layers were deposited at 1100 ºC. The
SiC substrate was held in flowing H2 at
1100 ºC for 10 minutes prior to growth.
(b) Stress×Thickness vs. Thickness plot
for the structure depicted in (a).

Al0.35Ga0.65N
Growth

(b)

the GaN film was explained by a distribution of the density these misfit dislocations
vertically through the film, which was tied to the morphological evolution of the GaN as
the surface became smoother with increasing thickness.

In contrast, Al0.35Ga0.65N deposited on a thin (~70nm) HT GaN interlayer, depicted in
Fig. 5.7a. (εm = +0.8% at 1100 ºC for completely relaxed materials), grew under an initial
tensile stress that remained nearly constant throughout the growth. This structure is
similar to the ones grown by Perry et al. on SiC

14

and to the ones grown on sapphire

reported in section 3.3.1, but with a much higher Al-content (maximum previously
reported was x = 0.17) 10,19,109. The transition from GaN to Al0.35Ga0.65N was not abrupt.
The TMA and TMG MFC setpoints were graded over a 15 second interval. As shown in
Fig. 5.7b, the compressive incremental growth stress in the GaN layer was approximately
-2.5 GPa (linear fit to 63 data points, R2 = 0.75), which would correspond to a strain of 0.52%, based on room-temperature biaxial modulus data. Taking this strain into account,
the expected epitaxial mismatch between relaxed Al0.35Ga0.65N and the compressively
strained GaN interlayer is +0.29% based on growth temperature lattice constants
interpolated from data presented by Reeber and Wang

125

. This would correspond to an

epitaxial tensile growth stress of +1.4 GPa, compared to the measured value of 3.0 GPa
(linear fit to 165 data points, R2 = 0.98). The discrepancy between the value measured in
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situ and the theoretically calculated value may indicate that the measured value is in error,
or that the calculation of the epitaxial strain at growth temperature is in error, or a
combination of both. An error in the calculated epitaxial stress may be due to inaccurate
predictions of the high temperature lattice parameters, the use of room-temperature
biaxial modulus data or an error in the measured value of the strain in the GaN layer.
However, the discrepancy may also indicate that a source of tensile growth stress other
than the epitaxial misfit may be simultaneously active. It is not clear at this time what the
nature of that stress might be, however it could be speculated that three-dimensional
growth of the Al0.35Ga0.65N on GaN followed by grain coalescence could yield a stress of
this magnitude.

The tensile incremental stress decreased slightly in magnitude to +2.2 GPa toward the
end of the growth (linear fit to 110 data points, R2 = 0.86), corresponding to ~13%
relaxation of the initial growth stress. It is known that tensile stresses in the group-III
nitride system generally relax through film cracking

109,126

, which may initiate the

introduction of misfit dislocations. This is one plausible explanation for the relaxation.
The sample was heavily cracked at room temperature; however it is difficult to determine
whether the sample cracked during growth or during cooling to room temperature, due to
the tensile CTE stress present within this material system.
Like GaN on AlN, Al0.38Ga0.62N on AlN (Fig. 5.8, εm = -1.44% at 1100 ºC, assuming
calculated bulk lattice parameters) also exhibited a compressive initial incremental
growth stress of -3.21 GPa (cubic fit to first 75 points, R2 = 0.97). The AlN buffer layer
was growing under a -2.3 GPa compressive incremental stress (linear fit to 51 data points,
R2 = 0.63), which when accounted for, leads to a predicted epitaxial misfit of -1.89%
corresponding to a compressive stress of -9.24 GPa. Once again, the importance of
considering the strain in the underlying layer is illustrated, as the actual misfit under
growth conditions is >30% greater than the value predicted based on simple estimates
from bulk lattice parameters. However, as seen in Fig. 5.8b, the incremental growth
stress for this sample goes through zero and actually becomes tensile at the end of the
growth, with a final incremental stress of approximately +0.8 GPa (linear fit to 168 data
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points, R2 = 0.76).

The thickness at which the growth stress transitioned from

compressive to tensile corresponds to the incremental stress going through zero. This
thickness was determined by fitting a polynomial to the data using Microsoft ® Office
Excel 2003, for the purpose of compensating for the two sources of noise in the curvature
measurement mentioned in section 4.2. The appropriate order of the polynomial was
chosen by increasing the order and observing the effect on the trendline shape and the R2
value. The lowest order of polynomial that approximated the shape of the data set while
returning a high (>0.95) R2 value was chosen. Typically a minimum of a fourth order
polynomial was required, and occasionally a fifth order.

The derivative of the

polynomial was calculated, and the thickness corresponding to zero was termed the
“transition point”. For this sample, the transition occurred at a total sample thickness of
0.40 µm (-0.16 / +0.23 µm) including the AlN buffer layer (as displayed in Fig. 5.8b).
The error in the value of the transition point is determined graphically by drawing a
horizontal line on a printout of the stress×thickness plot through the data point furthest
above the polynomial trendline near the transition point. The thicknesses at which the
horizontal line intersects the trendline to either side of the transition point are then taken
as the minimum and maximum possible values of the transition point. This approach
qualitatively provides a conservative estimate of the maximum possible error in the value
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of the transition point. It is significant that AlxGa1-xN on AlN develops significant tensile
growth stresses that can lead to cracking, even in the absence of any CTE stresses, in
contrast to the previously reported results for growth of GaN on SiC using an AlN buffer
layer. This is relevant to the deposition of any structure that requires a thick AlxGa1-xN
layer, which is characteristic of most UV optoelectronic devices.

As with the previous sample, the transition from AlN to Al0.38Ga0.62N was
accomplished by grading the MFC setpoints over 15 seconds. To determine whether this
gradual transition affected the stress evolution, a companion sample of approximately the
same thickness and composition was prepared, this time with a 65 second growth
interruption between the AlN and Al0.35Ga0.65N growth segments. The AlN buffer layer
in this sample started under a -4.1 GPa compressive growth stress (linear fit to first 23
data point, R2 = 0.80), which became nearly stress-relaxed during the second half of the
AlN growth. Thus, for this sample, the AlN buffer layer is significantly different from
the previous sample. However, the measured value of the initial incremental stress of 4.84 GPa (quadratic fit to first 105 data points, R2 = 0.964) is very close to the value
reported for the sample prepared with the graded interface. In addition, the final growth
stress of +0.8 GPa (linear fit to last 158 data points, R2 = 0.81) is the same as previously

AlGaN
AlN

AlN Growth

SiC

Fig. 5.8: (a) Schematic structure of
Al0.38Ga0.62N grown on 6H-SiC using a
54 nm thick AlN buffer layer. All
layers were deposited at 1100 ºC. The
SiC substrate was held in flowing H2
at 1100 ºC for 10 minutes prior to
growth. (b) Stress×Thickness vs.
Thickness plot for the structure
depicted in (a).
(b)
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1100 ºC Hold

(a) Al0.38Ga0.62N / ~54nm AlN / 6H-SiC
Al0.38Ga0.62N
Growth

reported, and the transition point of 0.35 µm (-0.10 / +0.24 µm) with the buffer layer also
closely matches the previously reported value. In all, this indicates that the two different
methods of transitioning from AlN to AlxGa1-xN are approximately equivalent, in terms
of measured stress.

Vertically conducting device structures deposited on SiC require low resistivity buffer
layers, and until recently, Si-doping of AlN to achieve high n-type conductivity was very
difficult. At present, it is still quite challenging to achieve high electron density and
carrier mobility in Si-doped AlN and high Al-fraction AlxGa1-xN 17,127,128. Therefore, one
attempt was made to eliminate the AlN buffer layer by depositing high Al-fraction
AlxGa1-xN directly on SiC, illustrated schematically in Fig. 5.9a. As can be seen in Fig.
5.9b, the initial incremental stress in the Al0.35Ga0.65N film was compressive (-1.4 GPa,
linear fit to first 27 points, R2 = 0.56), but the growth rapidly transitioned into tension.
The final incremental stress was +1.05 GPa (linear fit to last 152 data point, R2 = 0.90),
and the transition point for this sample was ~0.16 µm (-0.14 / +0.19 µm). The expected
epitaxial mismatch between 6H-SiC and Al0.35Ga0.65N at 1100 ºC is -2.68%,
corresponding to a stress of -13 GPa. This is similar to the case mentioned for GaN on
AlN, and so the same analysis might apply with regards to the formation of a network of

AlGaN

(a)

1100 ºC Hold

SiC
Al0.35Ga0.65N / 6H-SiC

Fig. 5.9: (a) Schematic structure of
Al0.35Ga0.65N grown directly on 6HSiC at 1100 ºC. The SiC substrate was
held in flowing H2 at 1100 ºC for 10
minutes prior to growth. (b)
Stress×Thickness vs. Thickness plot
for the structure depicted in (a).

(b)
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Al0.35Ga0.65N
Growth

misfit dislocations to relieve the bulk of the epitaxial misfit. Previous literature reports
also indicate that the strain of AlxGa1-xN grown directly on SiC can drive the system to
form islands with different compositions, with the Al-rich islands covering the largest
surface area in order to reduce the epitaxial mismatch 42. Vennegues et al. suggested that
AlxGa1-xN deposited directly on SiC first formed a thin Al-rich wetting layer that covered
the SiC surface prior to formation of AlxGa1-xN islands, again to minimize the strain
energy of the system

41

. Even so, the epitaxial mismatch between AlN and 6H-SiC at

1100 ºC is -1.19% corresponding to a compressive growth stress of ~6 GPa, well in
excess of the measured value.

As mentioned in section 2.3.3, it has been suggested that the coalescence of 3dimensional islands leads to tensile stresses, which can easily be in the GPa range for
island sizes in the tens of nanometers. No measurements of the nucleation process of
AlxGa1-xN on SiC were conducted, so no direct estimates are possible at this time.
However, the fact that the growth stress rapidly transitions into tension and appears to
become relatively constant after roughly 0.5 µm thickness lends credence to the island
coalescence theory.

Within the resolution of this system, it is difficult to reliably

determine whether the coalescence occurs as a single-step mechanisms as outlined by
Hoffman

51

, or as a gradual process as suggested by more recent analyses

52,53,104,105

.

Visually, the growth stress seemed to rapidly switch from compressive to tensile, the
value of which gradually increased until reaching its steady-state value. This suggests
that if the tensile stress is generated by grain coalescence, the initial step must be
responsible for the bulk of the stress generated, with minor contribution from subsequent
changes in the surface morphology.

As part of the initial development of conditions for AlxGa1-xN deposition on SiC, a
series of structures similar to Fig. 5.8a with a range of AlxGa1-xN compositions from x =
0.14 to x = 0.40 were deposited on similar, thin HT-AlN buffer layers on 6H-SiC. Fig.
5.10a is a plot illustrating the variation of the initial incremental stress in the AlxGa1-xN
epilayer, as defined at the start of this section.

As can be seen in the plot, the

compressive initial incremental stress is greatest for low-Al content AlxGa1-xN. However,
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the transition point, shown in Fig. 5.10b, continuously decreases as the Al-content of the
AlxGa1-xN layer is increased. The data points for the GaN and Al0.14Ga0.86N samples are
absent from Fig. 5.10b since the films were still under a compressive incremental growth
stress at the end of growth. The behavior shown in Fig. 5.10b is consistent with the
empirical reports that high-Al fraction epilayers tend to suffer from cracking, but the
behavior shown in Fig. 5.10a is not easily explained. Therefore, to further clarify these
observations, a series of samples were prepared based on the structure depicted in Fig.
5.8a to explore the effects of AlxGa1-xN layer composition on stress evolution over a
wider composition range.

5.3 Effect of Epilayer Composition

The initial results were performed using the “crescent opening” configuration of the
inlets, leading to typical growth rates for AlN of ~1.4 – 2.2 µm/hr for AlN, and ~3.6
µm/hr for GaN and AlxGa1-xN. Two additional composition series were conducted, one
grown with the “packed cone” configuration (x = 0.16 to x = 0.63) and one with the
“centering ring” geometry (x = 0.09 – 0.78). As mentioned previously, each of the

(a)

(b)

Fig. 5.10: Variation with AlxGa1-xN Al-fraction, x of the (a) Initial incremental stress
at the start of AlxGa1-xN epilayer growth. (b) The transition point, where the growth
stress changes sign.
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reactor geometries required different growth conditions and led to different absolute
magnitudes of stress measured for a particular combination of growth rate and film
composition. The initial incremental stress for the AlxGa1-xN growth segment and the
transition point for the two sets of data are presented in Figs. 5.11a and 5.11b,
respectively.

The same general trends reported at the end of section 5.2.2. were also observed for
both sets of data presented in Fig. 5.11. As seen in Fig. 5.11a, the compressive initial
incremental stress for the growth of AlxGa1-xN on SiC with a thin HT-AlN buffer layer
starts at a low value for Ga-rich films, increases to a maximum in the intermediate Alfraction range, and then decreases again as the Al-fraction approaches unity.

The

composition at which the initial incremental stress is maximized may differ slightly
depending on the reactor configuration, but the general trend still holds. In addition, both
sets of data taken under different reactor geometries demonstrate the same trend for the
transition point as a function of Al-fraction in the AlxGa1-xN layer.

“Packed Cone”
“Centering ring”

“Packed Cone”
“Centering ring”

(a)

(b)

Fig. 5.11: (a) Initial incremental stress as a function of AlxGa1-xN Al-Fraction, x. (b)
Transition point as a function of AlxGa1-xN Al-Fraction, x.
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It is valuable when considering the mechanisms driving the stress evolution in the
AlxGa1-xN / AlN / SiC system to conceptually divide the behavior into three distinct
regimes, which will be termed “Ga-rich”, “AlxGa1-xN” and “Al-rich”. In all cases, Garich epilayers remained in a compressive growth mode until the end of growth, or relaxed
to zero incremental stress, as reported in the literature. However, when the AlxGa1-xN
epilayer Al-content reached a critical level, 0.09 < xGaN-AlGaN < 0.16, a change in the
qualitative behavior occurred, and the growth stress behaved in the manner described
previously for the Al0.35Ga0.65N sample depicted in Fig. 5.8b. Beyond this critical Alcontent the film transition point also monotonically decreased as the Al-fraction
increased. Eventually another critical Al-content was reached, 0.62 < xAlGaN-AlN < 0.78,
for which the initial incremental growth stress became nearly zero, or even tensile. For
example, the initial incremental growth stress for the Al0.78Ga0.22N sample from the
“centering ring” series was actually ~0.8 GPa tensile from the start of growth. Since the
stress can not be said to “transition” into tension, the value of the transition point for this
sample is denoted as zero on the plot in Fig. 5.11b. Three characteristic stress×thickness
vs. thickness plots from the “centering ring” series are presented in Fig. 5.12a-c, one from
each of the qualitative behavioral regimes.

5.3.1 “Ga-Rich” Regime

5.3.1.1 Stress Generation versus Stress Relaxation

The central theme of this work is the discussion of the various mechanisms that are
operative during the MOCVD growth of AlxGa1-xN, ‘x’ ranging from 0 to 1, on SiC
substrates. In general, the mechanisms will be considered as belonging to one of two
categories: stress relaxation and stress generation. As a particular example, an initial
compressive stress that is reduced by a relaxation mechanism will not tend to cross into a
tensile growth mode. In contrast, the same initial compressive stress may be offset by
tensile stress which is generated by an active mechanism. The tensile stress generated by
an active mechanism can continue to be active even after the compressive stress has been
fully offset. This would cause the growth stress to eventually become tensile. The
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Al0.78Ga0.22N
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(c)
Fig. 5.12: Three Stress×Thickness vs. Thickness plots, one from each of the
characteristic behavioral regimes (a) Ga-rich regime [GaN] (b) AlxGa1-xN regime
[Al0.40Ga0.60N] (c) Al-rich regime [Al0.78Ga0.22N].
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difference between the two is subtle but significant. The trend in the incremental growth
stress can thus point toward the nature of the mechanisms operative within the system. It
should be noted that the incremental stress measured by the MOSS system is the sum of
all sources of stress generation and relaxation active at the time of measurement.

The presence of a growth-independent relaxation mechanism can be most easily
detected by interrupting the growth and monitoring the curvature of the substrate as a
function of time. If the curvature of the sample changes significantly then it is likely that
a relaxation mechanism is operative, and conversely the lack of curvature change
indicates the absence of a growth-independent relaxation mechanism. Hearne et al.
reported that the curvature (measured by a MOSS system) of a 2.2 µm thick GaN sample
grown on sapphire held at the growth temperature of 1050 ºC for 30 minutes system did
not significantly change, and therefore concluded that relaxation was largely inactive 58.
The practical implication of this observation is that the incremental stress measured by
the MOSS system is equal to the actual growth stress as a function of film thickness,

σ(hf).

Five separate mechanisms are considered as possible explanations for the behaviors
commented upon in section 5.2 for isothermal growth. They are: compressive epitaxial
mismatch between the AlxGa1-xN layer and the underlying substrate (generally a strained
AlN buffer layer); introduction of a misfit dislocation array at the interface between
isolated AlxGa1-xN islands and the substrate once the critical thickness has been surpassed;
tensile stress due to grain coalescence processes, which occur over a range of film
thicknesses accompanied by changes in the film morphology; introduction of threading
dislocations at the bottom tip of surface irregularities in the fully continuous film;
inclination of threading dislocations in response to a compressive stress field, which then
propagate upward from the interface at an angle and have the effect of creating projected
misfit dislocation segments along the film / substrate interface.

Epitaxial mismatch stress is considered as a stress generation mechanism.
Introduction of misfit dislocations during the initial stages of island growth should be
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considered a relaxation mechanism, incapable of causing a compressive growth stress to
transition into tension.

The introduction of misfit dislocations at surface pits and

undulations, as proposed by Einfeldt et al. 97, can be considered a relaxation mechanism
as well, since the driving force for the introduction of additional dislocations disappears
as the compressive stress becomes fully relaxed, and no tensile stress will thus be
generated.

In contrast, tensile stress due to island coalescence and subsequent

morphological evolution falls within the stress generation category, since the driving
force causing the islands to coalesce to form a continuous film can remain operative even
when the mean film stress becomes tensile. Finally, the dislocation “effective climb”
model covered in section 2.4.1 should actually be classified as a stress generation
mechanism, even though it only initiates under the influence of a pre-existing stress field.
This is because the mechanism can remain active even after the growth stress has
reversed sign, and is thus capable of generating stress.

5.3.1.2 Misfit Dislocations

Fig. 5.12a depicts the stress evolution of a thick (~5µm) GaN layer deposited at a high
growth rate of 5 µm/hr on a 120nm thick AlN buffer layer. The zero of the thickness axis
corresponds to the start of AlN growth, while the zero of the stress×thickness is taken as
the average value during the 1100 ºC hold immediately prior to switching the TMA into
the reactor. The AlN started under a compressive growth stress but rapidly transitioned
into a final tensile incremental stress of +1.74 GPa. A 180 second growth interruption
between the AlN and GaN segments allows the determination of the average stress in the
AlN layer, which was ~ +0.16 GPa. The GaN initial compressive incremental stress was
-1.40 GPa (quadratic fit to the first 100 data points, R2 = 0.963). The predicted epitaxial
misfit stress based on 1100 ºC calculated lattice constants including the effect of the AlN
growth stress is -9.4 GPa. This corresponds to a relaxation of 85%, which is between the
values reported by Moran et al. 70 and Einfeldt et al. 97.

As discussed in section 5.2.2, the large initial relaxation of the epitaxial mismatch
stress was attributed by Moran et al. to the formation of a network of misfit dislocations
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arranged with average line directions along the 11 2 0 directions and Burgers vectors
of, 1 11 2 0 forming a triangular array
3

70

. The exact nature of the misfit dislocations

were never stated specifically, but the statement implies the dislocations are pure screw
dislocations lying in the plane of the interface.

It should be noted that the strain

relaxation given by Eq. 2.16 in section 2.4.1 is open to some debate. However, using the
GaN bulk ‘a’ lattice parameter predicted for 1100 ºC, an average misfit dislocation
spacing of 25 nm would be required to account for the 85% relaxation measured. The
critical thickness for the formation of this dislocation network and the equilibrium
dislocation spacing can be predicted based on free energy mimization methods, such as
the Matthews-Blakeslee criterion given by Eq. 2.15, for which values of the shear
modulus, biaxial modulus, Poisson ratio and the misfit dislocation’s Burgers vector must
be known, as well as an estimate of the numerical constant, β. Using values of the
material parameter calculated based on the stiffness constants and equations presented in
section 2.2 and an assumed value of β = 1, a critical thickness for dislocation formation
of 1.5 Å is calculated, which is less than the ‘c’ lattice parameter of GaN. The MatthewsBlakeslee criterion is well known to under-predict the critical thickness, since it doesn’t
take into account the physical processes of dislocation nucleation and glide, or
dislocation interactions with the interfaces and other dislocations. Literature reports for
the measured value of the critical thickness for GaN on AlN range from 0.5 nm 129 to 3.1
+/- 0.2 nm
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, both determined by reflection high energy electron diffraction

measurements during MBE growth. The critical thickness was also estimated from postgrowth X-ray diffraction measurements of MBE grown samples to be 2.9 +/- 0.4 nm 131.
The results were compared with a model by Fischer et al.

132

, which gave an estimated

critical thickness of 3.2 nm (based on a value of the Poisson ratio of 0.38), which
compares favorably with the calculated value by Bykhovski et al. of 3.0 nm. Using the
model by Fischer et al. with the physical constants used in the estimate by the MatthewsBlakeslee model above gives a predicted critical thickness for this system of 7.1 nm.
This is very close to the limits of resolution of the MOSS system, so it is difficult to
determine from the present data whether there is a discontinuity in the stress evolution at
this thickness which would indicate the onset of dislocation formation.
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5.3.1.3 Other Mechanisms

The remaining 15% relaxation occurs over a thickness of ~3.5 - 4 µm. The research
by Einfeldt et al. suggested that the introduction of misfit dislocations throughout the
volume of the film at the bottom of surface pits and undulations was responsible for the
remaining relaxation in fully coalesced films
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. It is noted here that the term “misfit

dislocation” generally applies specifically to dislocations lying in the plane of the
interface, and these dislocations should simply be labeled as such. They also mentioned
that there can be an elastic relaxation of the GaN islands prior to coalescence by
deformation of island sidewalls. This mechanism of relaxation is unavailable once the
film has fully coalesced. Moran et al. assert that the GaN islands are nearly strain-free
and free of all threading dislocations prior to coalescence, and that threading dislocation
generation was primarily the result of coalescence of islands with low-angle grain
boundaries
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. In that paper they estimated the GaN grain size at coalescence to be 0.9

µm and 2.5 µm for films grown on 25 and 150 nm thick AlN buffer layers, respectively.
The reported aspect ratio for the GaN islands prior to coalescence (defined as the island
width divided by the height) determined by AFM measurements of samples interrupted
during growth was approximately 9, corresponding to average island heights of 100 nm
and 280 nm, respectively.

Though the previous authors did not consider the contribution from island coalescence,
the data provided in that paper can be used to provide an estimate of the magnitude for
GaN growing on AlN. The estimate of initial grain coalescence stress depends strongly
on the model used. Using the grain dimensions mentioned above and the Nix-Clemens
formula given by Eq. 2.11 with estimated values of γsv = 1.0 J/m2 and γgb = 0 J/m2
produces an upper estimate of the mean coalescence stress of 1.61 GPa and 0.96 GPa for
the two different cases, respectively.

The average film thickness for the geometry

assumed for this problem is ½ of the island height. In contrast, using exactly the same
constants, but instead basing the coalescence stress on the 2-dimensional Freund-Chason
model (Eq. 2.12) gives a volume averaged coalescence stress of only 54 MPa and 27
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MPa, respectively. The average film thickness for this geometry is (π/4) times the island
height. According to the analysis by Freund and Chason, the formula arrived at by Nix
and Clemens used above seriously overestimates the stress because the derivation
assumed that the average stress in the islands varied linearly with the average strain in the
2-D array, which is not strictly true for a 2-dimensional contact type situation in which
the configuration changes as the stress changes. The 3-D Freund-Chason model further
reduces the estimate of the volume average coalescence stress to 9 MPa and 3 MPa,
respectively. In this case the average film thickness is (π/6) times the island radius at
contact.

Presumably the GaN islands would remain under a constant partially relaxed
compressive epitaxial mismatch stress prior to coalescence, assuming minimal elastic
relaxation by sidewall deformation. Therefore the substrate curvature should remain
constant until the islands impinge and the stress×thickness vs. thickness curve should
remain linear prior to coalescence. At that thickness, the stress should rapidly become
more tensile / less compressive over a relatively short thickness range, corresponding to a
sharp change in the slope of the stress×thickness vs. thickness curve at the point of first
island contact. After the initial coalescence is complete, which theoretically happens
instantaneously in both the Nix-Clemens and Freund-Chason models, further addition of
material on top of the strained GaN film can generate additional stress, according to the
models by Sheldon et al. mentioned in section 2.3.3

55,105,133,134

. Assuming that the all

film material deposited after coalescence conformally coats the GaN surface with an
epitaxial relationship, the incremental stress should then once again remain constant and
the stress×thickness vs. thickness curve should again be linear. In comparison, the slope
of the stress×thickness vs. thickness curve shown in Fig. 5.12a continuously decreases
from the beginning of deposition until the full film thickness is reached, with no evidence
of any discontinuities which might be associated with a single-step island coalescence
event. However, if the Freund-Chason model is correct, then the magnitude of the tensile
stress may simply be below the limits of resolution of the current MOSS setup.
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However, the real physical geometry shown in the AFM images by Moran et al. does
not resemble a doubly periodic square array of cylindrical or hemispherical islands of
uniform radius. Rather, the islands are nearly randomly distributed, with a significant
range of radii, which then impinge to form larger extended network structure with open
porous areas of exposed AlN which gradually reduce in area until complete surface
coverage is obtained. Hence, even the assumption of an orderly array of cylinders, as in
the 2-D Freund-Chason model, may overstate the actual coalescence stress generated.
The overall effect on the shape of the stress×thickness vs. thickness curve would be to
spread out the generation of the tensile stress over a greater range of thicknesses, and
hence decrease the magnitude of the incremental stress while the film was transitioning
from independent 3-D islands to a fully coalesced film.

However, the total stress

generated upon full coalescence cannot be greater than the estimates given above, which
should be taken as an upper bound on the coalescence stress.

Assuming that the

remaining 15% relaxation for this sample is due to coalescence stress alone, and that the
full coalescence stress is achieved when the film becomes completely continuous, this
data would imply that the final film thickness at coalescence for this sample is of the
order of 3-4 µm, which does not seem to be a reasonable assumption. Therefore, it seems
likely that the coalescence stress, which may be present in this sample, is not the only
mechanism for compressive stress relaxation / tensile stress generation. This will be
explored in more detail in section 5.3.1.5 AFM Study of Growth Interruption Series.

The mean stress as a function of total structure thickness is depicted in Fig. 5.13a. As
can be seen, the AlN buffer layer initiates growth under a large compressive mean stress
which rapidly decreases with thickness, until it finally becomes tensile at the end of
growth, with a magnitude of +0.16GPa. Since the GaN incremental growth stress is
compressive the mean stress for the total structure likewise becomes less tensile / more
compressive. As a comparison with the data for the coalescence stress estimates based
on the Moran data, the mean stress in the total GaN / AlN structure at 100 nm of GaN
film thickness is approximately -0.48 GPa, implying that the GaN layer is actually under
a -0.63 GPa mean compressive stress at this thickness. The mean stress in the GaN
continues to become more compressive as the film increases until it goes through a
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maximum of -0.70 GPa (-0.86 GPa compensating for the stress in the AlN layer) at a
GaN thickness of ~300 nm.

For comparison, the incremental stress in the structure is plotted in Fig. 5.13b. The
data for the plot were generated by differentiating the polynomial fits to the
stress×thickness vs. thickness curve, as previously mentioned. A quadratic fit to the AlN
segment was used, while the GaN segment required three different polynomials fit over
the appropriate thickness ranges. Constants from the quadratic fit to the first 300 nm of
data were used for the first 30 nm, while the constants from a cubic fit to the first 1000
nm of data were used over the next 500 nm, after which the parameter from the 5th order
polynomial fit to the entire date set were used. This does result in an artifact in the
incremental stress curve of the GaN segment between the transition from the 3rd and 5th
order polynomials. The AlN is initially compressive and rapidly goes through zero and
becomes tensile. The curve is linear as a consequence of the choice of fitting parameters.
The GaN film, as mentioned previously, initiates growth under a -1.40 GPa compressive
incremental stress, which gradually decreases until becoming nearly zero around 3.5 – 4
µm of film thickness.

The GaN final incremental stress, using a linear fit to the

stress×thickness data for the last 1 µm of GaN growth, is +0.03 GPa, but with a very low
R2 value of 0.077 indicating that the linear fit to this portion of the data is not accurate.
This is caused by the large magnitude of noise induced in the curvature measurement by
diffractive beam displacement due to thickness non-uniformity across the sample, as
described by Breiland et al. 120. It is difficult to determine within the limits of the error in
curvature measurement for this sample whether the final growth stress is completely
relaxed or is actually slightly tensile. In the absence of definitive proof to the contrary it
is therefore assumed that the final growth stress is actually fully relaxed, in keeping with
the literature to date for MOCVD growth GaN on SiC using an AlN buffer layer, as
reviewed in Chapter 3. Based upon the assumption that the incremental growth stress
was zero at 3.5 µm GaN thickness, a value of the mean stress was calculated for
thicknesses out to 100 µm. The resulting mean stress versus thickness plot is shown in
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Fig. 5.13: (a) Mean stress versus film thickness for the same GaN / AlN / SiC sample
represented in Fig. 5.12. The inset in the lower left is a plot of the same data for the first 1
µm of total structure thickness to show the GaN mean stress behavior more clearly. (b)
Incremental Stress versus film thickness. The slight discontinuity around hf = 0.6 µm in the
GaN curve is an artifact of joining two different polynomial fits together. (c) Plot of the
measured values of the mean stress along with a calculated value assuming zero
incremental stress from 3.5 µm GaN thickness onward.

Fig. 5.13c, with the thickness on a logarithmic scale in order to show the behavior at both
thickness extremes. The calculated mean stress asymptotically approaches zero for very
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large layer thicknesses. The measured mean stress data for the 3.5 to 5 µm thickness
range appears to agree reasonably well with the predicted value.

The fact that the incremental growth stress tends toward zero as the thickness increases
indicates that the compressive stress is likely offset by a stress relaxation mechanism, as
opposed to an active tensile stress generating mechanism. As discussed previously, in the
former case an initial compressive stress that was reduced by a relaxation mechanism
would not tend to cross into a tensile growth mode. In contrast, if the same initial
compressive stress were offset by tensile stress generated by an active mechanism, then
the incremental growth stress would eventually cross zero and become tensile. It may
simply be the case that this sample wasn’t grown sufficiently thick to observe the
transition into tension, or the final incremental stress may actually be tensile and just
masked by the diffractive beam steering noise in the curvature data, as discussed
previously.

One additional mechanism that was mentioned in the introduction remains to be
discussed: the dislocation effective climb model proposed by Romanov and Speck
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to

account for the strain relaxation observed in 200 nm thick Si-doped Al0.49Ga0.51N grown
on an undoped 1 µm thick Al0.62Ga0.38N layer grown by MOCVD on sapphire reported by
Cantu et al. 102. The nominal strain of the cap layer with respect to the thick Al0.62Ga0.38N
layer was approximately 0.32%. The degree of relaxation of the cap layer with respect to
the underlying Al0.62Ga0.38N layer, as determined by post-growth X-ray diffraction
measurements, was found to vary with the flux of disilane injected into the reactor.
Cross-sectional TEM images revealed that the pre-existing threading edge dislocations
with Burgers vector 1 11 2 0 and line direction [0001] tended to bend at the interface
3
between the layers toward the 1 1 00 directions by an angle, α. The specific inclination
direction was always observed to be perpendicular to the dislocation Burgers vector.
Once the dislocations became inclined with respect to the original line direction, they
remained that way for the remainder of the film growth. As discussed in section 2.4.1,
this inclined threading dislocation has a projected edge component on the film/substrate
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interface, and is capable of relaxing stress. The equation for the relaxation of the top
surface of the film was given in Eq. 2.17, and is repeated here for convenience:
1
2

ε top
bρ TD h f tan α
pl =

(Eq. 2.17)

where b is the dislocation Burgers vector, ρTD is the density of inclined threading
dislocation, α is the angle of inclination with respect to the original line direction and hf
is the film thickness. Since the relaxation increases linearly with film thickness, the
average relaxation throughout the film is just half of the value at the top surface. This
also has the consequence that for a particular value of hf the strain at the top surface may
actually reverse sign. It was noted by Follstaedt et al. that Si doping is not apparently
necessary to initiate dislocation inclination

103

, though only films under a compressive

strain were found to undergo this process even though a tensile strain should conceptually
be relieved by the same process. The latter authors grew multiple samples of the same
composition to different thicknesses and studied the total strain relaxation as a function of
film thickness. For their system of AlxGa1-xN (x = 0.64 +/- 0.02) grown on a 1.85 µm
thick AlN layer on sapphire (εm = 0.01048), they found that 27% of the epitaxial misfit
strain was relieved by misfit dislocations, and the remainder of the compressive strain
was relieved at a rate of 0.0017/µm.

In comparison, the epitaxial strain at growth temperature is calculated to be 1.97%, but
~85% of that strain was determined to relax during the initial growth step, leaving a strain
of 0.30%. This is of the same order of magnitude as in the experiment performed by
Cantu et al., but there is no intentional Si doping in this case. Though it was considered
essential by the authors, dislocation inclination may still be possible under these
conditions if similar roughening phenomena are present during growth.

The substantial difference between both of the experiments reported above and this
experiment is the thickness of the buffer layer. In both cases, the thickness of the buffer
layer material is at least an order of magnitude greater than in this experiment, and the
crystal quality is expected to be correspondingly higher in those cases. It is possible that
the compressively strained layer in both of the systems reported previously could initiate
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growth in a Frank-van der Merwe growth mode. Indeed, Follstaedt et al. reported that
they monitored the reflectivity of the surface in situ and did not detect any changes in
surface roughness, which is indicative of a Frank-van der Merwe growth mode. In
contrast, a decrease in the reflectivity during the initial growth stage was measured by the
MOSS system for this sample, possibly indicating a three-dimensional nucleation and
growth mode, as previously discussed. The presence of the grain boundaries could
impede the dislocation inclination mechanism, particularly if the observation by Moran et
al. is correct and the GaN islands are threading dislocation-free until the point of island
contact.

As possible evidence that dislocation effective climb likely plays a minor role in this
sample, it is noted that the predicted form of the mean stress in the film should be
essentially linear if the mechanism is the dominant method of strain relief. Referring to
Fig. 5.13a and Fig. 5.13c, it is noted that the mean compressive stress first increases to a
maximum value of |~0.86 GPa| (compensating for the mean tensile stress in the AlN) at a
GaN thickness of ~300nm before slowly decreasing with increasing film thickness.
However, the mean stress is distinctly non-linear, as shown in Fig. 5.13c. The mean
stress is reasonably well described by assuming that growth past 3.5 µm film thickness is
completely fully relaxed. Since each added layer of film material does not contribute any
appreciable stress to the film, but does add to the film thickness, the mean stress in such a
case asymptotically approaches zero as the film thickness goes to infinity.

5.3.1.4 Cracking In Thick GaN

Optical microscopy of the 5µm thick GaN sample revealed a high density of cracks, as
shown in Fig. 5.14a. According to Einfeldt et al., the preferred crack geometry generates

{10 1 0} planes along the

2 1 1 0 directions, with a smaller number of cracks observed

on the {11 20} planes along the 1 1 00 directions
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.

This was explained by the

anisotropy in the surface energy of the fracture faces, with the {10 1 0} surfaces having a
lower number of broken bonds per area and lower surface energy than the {1120}
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Fig. 5.14: (a) Nomarski optical micrograph of the 5 µm thick GaN sample from the
“centering ring” series showing a network of cracks covering the surface. (b) Relative
curvature vs. time plot from the MOSS data showing the large tensile stress generated
upon cooling to room temperature. (c) SEM image showing the large thickness variation
at the edge of the sample. The arrows indicate the GaN / SiC interface.
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surfaces, as calculated by Northrup et al.
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. As can be seen in Fig. 5.14b, the sample

curvature increased sharply upon cooling to room temperature, indicating a large tensile
stress due to the CTE mismatch between GaN and 6H-SiC. The MOSS data collection
for Fig. 5.14b was stopped at a substrate temperature of 300 ºC because the curvature of
the sample became too concave to measure reliably, since the individual spots had
become severely distorted due to focusing effects and had also moved too close together
to differentiate. Several discontinuities can be seen in the curvature data during cooldown, likely indicating that cracking initiated during the cooling stage. The crosssectional SEM image shown in Fig. 5.14c demonstrates that the GaN is substantially
thicker at the top edges of the substrate, and even deposits on the sidewalls of the SiC
substrate. Cracks likely initiate at the edge in this very thick GaN layer, which is at
higher strain energy than the interior regions of the film due to the linear dependence of
strain energy on film thickness (Eq. 2.9). In addition, the sharp corner of the substrate
acts as a stress concentrator, making that site the likely location of crack initiation.
Defects within the interior regions of the film (indicated by the white arrow in Fig. 5.14a)
can likewise act as stress concentrators and serve as initiation points for cracking. It is
interesting to note that when the propagating crack tip encounters another crack or a
defect in the film, there is a probability that the crack will either terminate due to
insufficient driving force / tip blunting or may even be deflected onto the secondary
cracking system. Some areas in the interior of the sample were crack-free over a modest
area (field of view under a 100X optical microscope), but this may simply indicate that
the film is metastable. Alternatively, the cracks originating at the edges of the sample
may be sufficiently overdriven to allow for propagation into otherwise stable film regions.

5.3.1.5 AFM Study of Growth Interruption Series

A series of interrupted growth experiments were conducted to attempt to address the
question of the relative contribution of initial island coalescence stress and the tensile
stresses generated by subsequent morphological evolution. Samples of GaN were grown
at ~1125 ºC and a rate of ~1.4 µm / hr on nominally identical ~90 nm thick AlN buffer
layers grown at the same temperature and nominally 0.22 µm / hr on 4H-SiC. The

107

substrates as received from the vendor were mechanically polished on the Si-face, rough
ground on the back side, n-type conductive with a resistivity of 0.136 Ω-cm, nominally
256 µm thick and a substrate misorientation of 0.11º. The thickest GaN layer grown was
1.01 +/- 0.04 µm. In addition to the above sample, films with nominal GaN thicknesses
of 200 nm, 50 nm, 20 nm, 10 nm and 2 nm were prepared. The thicknesses of all other
samples were calculated from the growth time and an assumed growth rate equal to that
of the thickest layer. A comparison bare AlN buffer layer is shown in Fig. 5.15a. The
AFM height images of the GaN sample are shown in Fig. 5.15b-j.

Fig. 5.15a shows the AFM tip height image over a 5 × 5 µm image area with a 15 nm
vertical data scale for the bare comparison 93 nm thick AlN buffer layer. This sample
was grown 3 weeks before the GaN samples, so some drift in the reactor chamber
condition was possible. The AlN buffer layer is characterized by a relatively high density
of surface pits, on the order of 30 / µm2 in this image. In addition, a linear trench feature
is visible, which is attributed to the presence of scratches on the mechanically polished
surface of the substrate, likely from the polishing operation itself, as previously reported
in the literature 136. Extensive characterization of the bare SiC surface has shown this to
be the case, examples of which will be presented in Chapter 6.
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(a)

(b)

(c)
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Fig. 5.15:(a) Equivalent AlN buffer layer, grown on a different wafer, 5 × 5 µm. (b) 2
nm, 5 × 5 µm (c) 10 nm, 5 × 5 µm. Box represents area in image (d). (d) 10 nm, 2 × 2
µm (e) 20 nm, 5 × 5 µm. (f) 20 nm, 20 × 20 µm. Box represents area covered by image
in (e). Height scale is 15 nm for all images except (c) and (d), which are 7.5 nm.
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(g)

(h)

(i)

(j)

Fig. 5.15:(g) 50 nm, 20 × 20 µm. (h) 200 nm, 20 × 20 µm. (i) 200nm, 60 × 60 µm. (j) 1
µm, 60 × 60 µm. The square boxes in (g)-(j) represents a 5 × 5 µm area. Note the height
scale for (g) is 2X and (h,i) are 3X that of the image (j), which is 15 nm.
In general, the morphology of the sample depicted in Fig. 5.15b for the calculated film
thickness of 2 nm (5 seconds of exposure to TMG flux) is very similar to the bare AlN
buffer layer. The pit density is approximately twice that reported for the AlN buffer layer,
which is attributed to the different source wafer and the 3 week delay between depositing
the samples. The image covers a 5 × 5 µm area with the same 15 nm vertical data scale.
It is not clear from the image whether GaN islands have begun to form at this stage. In a
similar study by Davis et al. a nominally 1 nm thick GaN layer was found to mimic the
surface morphology of the AlN buffer layer 24. The authors were not able to conclusively
attribute this to Stranski-Krastov growth of GaN on AlN, or simply a delay in the start of
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GaN growth. From the density of defects on the AlN surface, it is not expected that a
GaN film would be likely to form a continuous wetting layer in this case, and it is
suspected that growth would follow the Volmer-Weber mode. A number of very small
features near the limits of resolution in this image stand substantially (~6-12 nm) above
the surrounding surface of the AlN. These generally occur in the vicinity of the topsurface edge of a deep pit in the AlN. Several such features are indicated by arrows in
the figure. It is difficult to definitively say that these represent GaN islands, though
Davis et al. did report that for a sample nominally 1.5 nm thick GaN islands formed
within “undulations” of the surface, which were likewise attributed to scratches on the
SiC substrate surface prior to growth. The RMS roughness taken over the entire 5 × 5
µm box size was 2.92 nm for this image.

In comparison, the RMS roughness of the nominally 10 nm thick film (25 seconds of
TMG exposure) shown in Fig. 5.15c is 1.40 nm, and the pit and trench features visible in
Fig. 5.15b appear to have substantially decreased in depth. In addition, the surface is
covered by numerous small features of varying height and width, which are better
illustrated in the 2 × 2 µm image of the same sample show in Fig. 5.15d, with a 7.5 nm
height scale. The features do not seem to be consistent with the appearance of a dirty
sample surface, and are therefore attributed to GaN island nucleation. It is possible that
the features illustrated by arrows in Fig. 5.15b may represent nucleation of AlN islands
on the AlN surface, or they may coincide with the earliest stages of GaN island
nucleation. Presumably the GaN islands then grow vertically and laterally, which could
also be accompanied by simultaneous nucleation events at other sites on the AlN surface.
This would lead to a large distribution in island nuclei sizes.

The next image, Fig. 5.15e shows a nominally 20 nm thick GaN film (49 seconds of
TMG exposure) over a 5 × 5 µm scan size, with a 15 nm height scale. It is evident from
this image that there is a large change in the morphology of the GaN between
approximately 10 and 20 nm of estimated film thickness (25 and 49 seconds of TMG
exposure). The RMS roughness measured over the 5 × 5 µm image increased from 1.40
to 2.50 nm. Using the image roughness analysis tool on a 20 × 20 µm image area (Fig.
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5.15f) suggests that the tops of the islands are approximately 17-21 nm above the bottoms
of the deepest trenches. The distribution of the depth in the 20 × 20 µm image appears to
follow a nearly Gaussian distribution, with a slight bias toward the deepest points. This
suggests that this image represents the final stage of island contact, with the lowest
portions of the image assumed to represent the AlN buffer layer. The outlines of the
islands are irregular, with no isolated islands visible. Rather, the structure consists of a
network with connected chains of islands that have partially coalesced with interspersed
isolated areas where GaN has not yet covered the buffer layer.

Fig. 5.15g shows a nominally 50 nm thick GaN film (122 seconds TMG exposure)
over a 20 × 20 µm scan area, but with a 30 nm height scale. The RMS roughness over
the 5 × 5 µm box shown in the center of the image is 2.33 nm, while the RMS roughness
over the full 20 × 20 µm image is 4.22 nm. The islands have fully coalesced by this
thickness, but substantial variation in the surface height remains. The average grain
diameter of 11 well defined grains in the image was 2.9 + / - 0.5 µm. Bearing analysis of
the 20 × 20 µm image indicates that 98% of the surface lies within a height range of 20.2
nm. If the average height of the image is assumed to be equal to the calculated film
thickness of 50 nm, and the grain boundary height is estimated as the average film
thickness minus half of the 98% height range, then this indicates that the average grain
boundary height is approximately 40 nm in this image, giving a grain boundary height to
film thickness ratio of 0.80. These values will be used below to estimate the contribution
of morphological evolution to the stress measured for this sample.
By 200 nm estimated film thickness (488 sec TMG exposure), substantial lateral grain
growth has occurred. Only a very limited number of individual grains are identifiable in
Fig. 5.15h (20 × 20 µm scan size). Many of the boundaries are observed to merge
together. The RMS roughness of the 5 × 5 µm area, which corresponds roughly to the
diameter of the islands in this image, is 1.88 nm. The smaller area images (not shown)
clearly indicate atomic bilayer steps on the island surface, which is generally an
indication of good material quality. The RMS roughness over the full 20 × 20 µm image
is 7.23 nm. The average diameter of 24 grains measured from a 60 × 60 µm scan (Fig.
5.15i) was 6.1 +/- 1.9 µm. Bearing analysis of this image indicates that the 98% of the
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image area spans a height range of 39.6 nm. The grain boundary height is estimated as
180 nm by the technique mentioned in the previous paragraph, yielding a grain boundary
height to film thickness ratio of 0.90.

By 1 µm GaN film thickness (shown in Fig. 5.15j over a 60 × 60 µm area) the surface
roughness decreased to 0.27 nm over the 5 × 5 µm area represented by the square in the
middle of the image and 1.40 nm over a 20 × 20 µm area from the center of the image. In
the smaller scan sizes, bilayer steps pinned by dislocations on the surface are clearly
visible, indicating the good quality of the material. The grain boundaries are no longer
easily identifiable in this image, and the bearing analysis shows that 98% of the surface
lies within a height range of 15.8 nm. Thus, the grain boundary height to film thickness
ratio is estimated as 0.99, as previously defined.

Fig. 5.16a shows the stress×thickness vs. thickness plot for the thickest GaN
interrupted growth sample. As can be seen, the AlN buffer layer in this sample again
initiates growth under a compressive stress before transitioning into a final tensile growth
stress. The final tensile growth stress of the AlN buffer layer was +0.4 GPa (linear fit to
197 data points, R2 = 0.14), corresponding to a corrected epitaxial mismatch stress of 10.6 GPa. The measured initial incremental stress in the GaN film determined by fitting
a quadratic polynomial to the first 192 GaN data points was -1.58 GPa (R2 = 0.98). The
calculated fraction of the coherency stress relaxed at the start of growth is 0.85, which
compares remarkably well with the value of 0.84 found for the 5 µm thick sample, which
was grown at 3X the deposition rate on an AlN buffer layer that was deposited at 14X the
deposition rate. Fig. 5.16b plots the mean stress versus film thickness of the 1 µm thick
GaN sample.

If the smallest dimensions of the features in Fig. 5.15f are assumed to correspond to
the diameter at initial contact, then the models mentioned previously can be evaluated.
An analysis of 30 features yielded an average diameter of 1.418 +/- 0.327µm. The
bearing analysis indicated the features were approximately 17 – 21 nm tall, so an average
value of 19 nm is assumed for the island height at coalescence. Using these parameters
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Fig. 5.16: (a) Stress×thickness versus thickness plot for the 1 µm thick GaN sample.
Vertical scale was arbitrarily cut off at -4 GPa. (b) Mean Stress versus film thickness
plot.
along with γsv = 1.0 J/m2 and γgb = 0 J/m2, a mean tensile contact stress of +1280 MPa is
calculated based on the Nix-Clemens contact model illustrated in Fig. 2.2 and stated in
Eq. 2.11.

Based on the three-dimensional Freund-Chason model, the mean tensile

contact stress for a square array of cylinders with dimensions above is +5.64 MPa.

In

comparison, the change in the GaN mean stress at a thickness of 19 nm, taking into
account the mean stress in the AlN buffer layer, is approximately -235 MPa. This
corresponds to an incremental growth stress of -1.69 GPa. As mentioned previously, it is
expected that a fraction of the epitaxial mismatch stress is relieved by misfit dislocations,
with the remainder transferred to the nuclei. The tensile grain contact stress would then
serve to decrease this value. According to the literature, this compressive stress may vary
between -3.3 GPa (70% relaxation) and -1.1 GPa (90% relaxation) or less. According to
the quadratic fit to the first 192 data points extrapolated to the start of GaN growth, the
measured initial compressive growth stress was -1.58 GPa. Thus, the contact stress
appears to be minimal for this sample, consistent with the Freund-Chason model. It is
noted that there is a large scatter in the data that would likely obscure the direct
measurement of contact stresses of this order of magnitude for the current sample and
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measurement system. In addition, no correction was made to the measured data to
account for nonlinear elastic behavior during contact, as discussed by Freund and Chason
53

.

5.3.1.6 Summary of “Ga-Rich” Regime

To summarize the observations from this regime, “Ga-Rich” type behavior is
characterized by an initial compressive growth stress that is significantly smaller than the
predicted epitaxial mismatch stress to the strained buffer layer. The growth stress slowly
relaxes over a thickness range of several microns, 3.5 – 4 µm for the GaN sample
discussed, and eventually approaches zero incremental growth stress. For the particular
GaN sample discussed the measured final incremental stress was difficult to determine
precisely due to artifacts in the curvature measurement associated with thickness nonuniformity in the sample, but was sufficiently close to zero that fully relaxed growth was
assumed for GaN thickness > 4 µm. This result closely matches the literature report by
Einfeldt et al. for growth of GaN on SiC using a similar reactor and buffer layer, in which
they also assumed that a 4 µm thick GaN sample was stress-free at growth temperature.

The initial 85% relaxation is assumed to be due to the formation of a triangular array
of misfit dislocations at the GaN / AlN interface of discrete islands prior to island
coalescence. An upper bound for the tensile grain coalescence stress was calculated
based on multiple models, and the resulting stress magnitude varies over two orders of
magnitude, based on the chosen model. The initial coalescence stress predicted by the
Nix-Clemens model tends to over-predict the observed magnitude of stress in this system.
However, more recent calculations by Freund and Chason have shown the Nix-Clemens
model to be in error and to significantly overestimate the initial tensile coalescence stress.
Estimates based on the Freund-Chason model considering initial coalescence stress alone
clearly cannot account for the remaining 15% relaxation observed for this sample.
However, this does not necessarily imply that grain coalescence stress does not contribute
to the total stress evolution observed, but rather indicates that the effect may be small for
GaN where the island size at first contact is large due to high surface mobility. This also
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implies that a third mechanism must be active. As was discussed, the observation that the
final incremental growth stress approaches zero indicates that the relaxation is not
accomplished by a so-called “tensile stress generating” mechanism, but rather by a
“stress relaxation” mechanism. On that basis, the dislocation inclination model was
excluded as a possible mechanism to explain the relaxation of the compressive stress.
Einfeldt et al. proposed that the nucleation of misfit dislocations at the bottom of surface
pits and undulations could potentially be responsible for the remaining relaxation, which
is adopted here as the explanation for the relaxation of the remaining compressive growth
stress at large GaN film thicknesses.

This observation is consistent with the

morphological evolution observed in section 5.3.1. ‘AFM Study of Growth Interruption
Series'. Thus, the growth stress evolution consists of potential contributions from four
different mechanisms: compressive epitaxial mismatch between the Ga-rich AlxGa1-xN
layer and the underlying strained AlN buffer layer; introduction of a misfit dislocation
array at the interface between the isolated GaN islands and the AlN buffer layer once the
critical thickness has been surpassed; tensile stress of an unknown magnitude due to grain
coalescence processes, which may occur over a range of film thicknesses; introduction of
dislocations at the bottom of surface defects in the fully continuous film.

5.3.2 “AlxGa1-xN” Regime
The “AlxGa1-xN” regime is characterized by an initial compressive growth stress that is
followed by a gradual transition into a final tensile growth stress. This is distinct from
the “Ga-Rich” regime in which no discernible transition into tensile growth is observed.
This behavior is illustrated in Fig. 5.12b for an Al0.40Ga0.60N sample. The Al0.40Ga0.60N
growth rate was 2.7 µm / hr on a 118 nm thick AlN buffer layer. As with the previous
sample, the AlN buffer layer started under a compressive growth stress before rapidly
transitioning to a tensile final incremental stress of +1.28 GPa (linear fit to the last 46
data points, R2 = 0.85). The AlN mean stress taken from the 180 second interruption (88
points) between the AlN and Al0.40Ga0.60N growth segments was +0.54 GPa.

The

Al0.40Ga0.60N initial incremental stress determined from a quadratic fit to the first 100
data points was -1.82 GPa (R2 = 0.97). The calculated epitaxial mismatch, including the
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effect of the AlN final incremental stress, was -5.63 GPa which corresponds to 68%
relaxation. The value of the transition point was determined to be 0.51 µm (+0.84 / -0.32
µm), including the AlN buffer layer, by finding the thickness at which the derivative of a
fifth order polynomial fit to the data set went through zero. The same method was used
to generate the other data points in Fig. 5.11b. The final incremental stress in this sample
is clearly tensile, with an estimated magnitude of +0.2 to +0.3 GPa, determined by a
linear fit to the stress×thickness vs. thickness curve from 0.6 – 1.1 µm (linear fit to the
last 316 points, R2 = 0.679). Again, in this case the value of the final stress is not
completely certain due to the pronounced diffractive beam steering error in the curvature
measurement, as indicated by the relatively low R2 value. For this fit it is much higher
than for the corresponding fit to the GaN final incremental stress, allowing one to
conclude the final growth stress is indeed tensile. It should be noted that the tensile stress
here denoted as the “final” incremental stress may still be changing at the end of the film
growth, which was stopped at this thickness so the AlxGa1-xN film would remain intact
upon cooling to room temperature to enable further ex situ characterization.

The initial incremental stress data for the “centering ring” series from Fig. 5.11a are
re-plotted in Fig. 5.17a along with the calculated growth temperature epitaxial mismatch
stress compensated for the AlN final incremental growth stress. It is clear that the initial
incremental stress varies strongly with the Al-fraction of the AlxGa1-xN layer. For low
Al-fraction films, the initial incremental stress is very small compared to the predicted
epitaxial mismatch, similar to the behavior in the “Ga-rich” regime as discussed in the
previous section. As the Al-fraction increases, the initial incremental stress gradually
increases to a maximum for the Al0.40G0.60N sample, beyond which the stress decreases
again.

As can be seen from the lower curve in the plot, the epitaxial mismatch

continuously decreases from the maximum value for the GaN sample to a minimum for
the Al0.78G0.22N sample. Strictly speaking, these two samples belong to “Ga-rich” and
“Al-rich” behavioral regimes, but were included in the plot for clarity and to emphasize
the overall trend in stress evolution with Al-fraction. The decreasing epitaxial stress
could easily be invoked to explain the behavior for the samples with Al-fraction greater
than 40%. However, the behavior at lower Al-compositions is puzzling. To further
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clarify the matter, the fraction of epitaxial stress relieved during the first stage of growth
is plotted against the Al-fraction of the AlxGa1-xN epilayer in Fig. 5.17b. The epitaxial
misfit stress relaxation ratio is defined as:

ζ = (σ epi − σ inc ) σ epi

(Eq. 5.1)

where ζ is the fraction of the coherency stress relaxed, σepi is the epitaxial misfit stress
between the AlxGa1-xN film and the AlN buffer layer corrected for the strain in the AlN
and σinc is the initial incremental growth stress. Concentrating on the samples belonging
to the “AlxGa1-xN” behavioral regime, it is clear that the percentage of the epitaxial misfit
stress transferred to the initial AlxGa1-xN film is greatest in the middle Al-fractions. The
nature of the mechanism or mechanisms driving this behavior is of one of the primary
questions of interest for this composition regime.

Examining Fig. 5.11b, one can observe that the transition from the initial compressive
growth region to the final tensile growth region within the AlxGa1-xN epilayer, previously
termed the “transition point”, continuously decreases as the Al-fraction of the AlxGa1-xN

(a)

(b)

Fig. 5.17: (a) Plot of the initial incremental stress and the calculated growth temperature
epitaxial mismatch stress compensated for the AlN growth stress from the “centering ring”
series. (b) Plot of the Coherency Stress Relexation, ζ, versus Al-fraction, x.
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film increases. As mentioned in the preliminary results section, this is consistent with
empirical observations that thick high Al-fraction films tend to be difficult to grow.
This is particularly puzzling considering that the initial compressive growth stress
initially increases with Al-fraction, as discussed above. Theoretically the additional
compressive stress available should delay the transition into tensile growth. The second
central question in this composition region is why this should be so.

Very little literature exists for growth of AlxGa1-xN on SiC, and most of that is for very
low Al-fractions (x < 0.20) grown directly on SiC. One might assume that sufficiently
low Al-fraction samples close to the “Ga-rich” regime might initiate growth with the
same four mechanisms active. However, the total contribution to the stress evolution by
each individual mechanism might easily change with the Al-content of the epilayer. In
addition, it is not possible to dismiss the dislocation inclination mechanism as a potential
factor in the stress evolution in this regime, where significant tensile growth stresses do
develop for sufficiently thick films. The first and easiest contribution to the stress
evolution is the changing epitaxial mismatch with the AlN buffer layer, which was
already discussed above. Clearly as the Al-content increases, the compressive mismatch
will decrease until eventually the bulk lattice parameter of the AlxGa1-xN epilayer
approaches the lattice parameter of the top surface of the buffer layer. For the “centering
ring” data series the top surface of the AlN buffer layer was in all cases under a tensile
growth stress, leading to an in-plane lattice parameter of the growth surface that was
larger than unstrained bulk AlN.

However, this is not necessarily the case in all

situations, as will be discussed in greater detail in Chapter 6. For the particular case in
which the AlN buffer layer terminates under a tensile growth stress, it is possible for an
AlxGa1-xN epilayer with x < 1 to be lattice matched to the buffer layer. This particular
case will be discussed in greater detail in section 5.3.3 under the “Al-rich” behavior.

5.3.2.1 Critical Thickness for Misfit Dislocation Formation

No literature reports exist with specific evidence for the formation of a misfit
dislocation network at the interface between AlxGa1-xN islands and AlN grown on SiC.
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The growth process on sapphire is sufficiently different from that on SiC that any
literature reporting on the growth of AlxGa1-xN on sapphire may not directly apply due to
the nature of the buffer layer. The closest analog to this series of experiments for growth
on sapphire was the sample reported previously in the dislocation inclination discussion
in section 5.3.1.3 that was prepared by Follstaedt et al 103. In that work for deposition of
AlxGa1-xN (x = 0.61 – 0.64) on 1.85 µm thick AlN, they concluded that misfit
dislocations accounted for 27% of the relaxation of the epitaxial misfit strain, and were
able to directly image misfit dislocation at the AlN / AlxGa1-xN interface by crosssectional TEM. It is therefore assumed that such a network will form in this case.
However, the critical thickness for the formation of the misfit dislocations depends on the
epitaxial strain as well as the material parameters of the AlxGa1-xN layer, which vary
slightly with composition. Thus, it is necessary to calculate the predicted form of the
critical thickness as a function of Al-fraction for the samples in the “centering ring” series
of data, which is plotted in Fig. 5.18. It can be seen that the critical thicknesses for
samples with Al-fraction below x = 0.40 are roughly of the same order of magnitude.

Fig. 5.18: Plot of the critical thickness for misfit dislocation formation as calculated
using the model by Fischer et al. as outlined in section 5.3.1.2.
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Beyond x = 0.40, the calculated critical thickness rapidly increases until it is a substantial
fraction of the final film thickness, which for this series is 1000 nm. This is to be
expected since the epitaxial mismatch continuously decreases as x increases. However,
this still does not answer the question of why ζ takes on a ‘U’ shaped behavior in this
study.

5.3.2.2 AFM Study of Al0.44Ga0.56N Growth Interruption Series
Heikman et al. studied the selective area growth of GaN and Al0.10Ga0.90N by MOCVD
on sapphire substrates 137. They clearly demonstrated that the lateral growth rate of GaN
is ~2X that of Al0.10Ga0.90N which is related to the low mobility of the adsorbed Alspecies. This is due to the larger Al-N bond energy of 2.88 eV versus 2.2 eV for Ga-N 23.
Since the adatom diffusion length is exponentially dependent on the activation energy for
surface diffusion, and this in turn is related to the bond energy, the relatively small
increase in bond energy leads to a nearly 2 fold decrease in the diffusion length. This
will clearly affect the nucleation and growth of AlxGa1-xN islands, with increasing Alcontent films tending to nucleate a higher density of smaller diameter grains, which will
have a substantial impact on the magnitude of coalescence stress.

A series of AFM samples were prepared with varying thicknesses of Al0.44G0.56N
grown on AlN buffer layers nominally identical to those used in the GaN AFM growth
interruption series. The samples in this series were grown on a different substrate from
the GaN series. The specifications are: n-type conductivity with resistivity of 0.121 Ω-cm,
nominally 246 µm thick and substrate misorientation of 0.06º Fig. 5.19 presents the tip
height images of the series, with nominal thicknesses of 10nm, 20nm, 50nm, 200nm and
1 µm. Fig. 5.19a depicts the height image over a 5 × 5 µm scan area with a 15 nm height
scale of the surface of a nominally 10 nm thick (26 seconds of TMA + TMG exposure)
Al0.44G0.56N film on an AlN buffer layer. As before, it is assumed that this image is a
close representation of the AlN buffer layer. The pit density of this layer is ~70 / µm2,
which is close to the value of ~60 / µm2 reported for the GaN series. Again, several
features 6-10 nm taller than the surrounding surface are highlighted by arrows in the
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figure. As suggested before, these may simply represent nucleation points of AlN on the
AlN surface, or they may represent the initial stages of Al0.44G0.56N nucleation. Images
over smaller scan areas do not reveal any surface features corresponding to those
observed in the nominally 10 nm thick GaN sample (Fig. 5.15d). The RMS roughness
over the 5 × 5 µm image is 3.40 nm. Approximately 98% of the data points within the
height image lie within a height range of 17.6 nm. Fig. 5.20a shows the stress×thickness
versus thickness plot for the µm thick sample, while Fig. 5.20b shows the mean stress
versus thickness for 1 µm sample, along with the means stress at the end of growth for
the thinner samples in this series.

In comparison, Fig. 5.19b, a 5 × 5 µm scan area with a 15 nm height scale, of a
nominally 20 nm thick (51 second growth time) Al0.44G0.56N film shows remarkably little
change from the previous image. This is in significant contrast to the behavior observed
for the GaN series. The RMS roughness over the 5 × 5 image area is 1.98 nm, a 42%
decrease from the previous image. Approximately 98% of the data points within the
height image lie within a height range of 10.6 nm. The pit density is estimated to be
approximately 55 / µm2, a slight decrease from the previous image, which is likely to
contribute to the decrease in the RMS roughness as well. Several features resembling
potential Al0.44G0.56N nuclei are highlighted by arrows in the figure.
The image in Fig. 5.19c of a nominally 50 nm thick (128 second growth time)
Al0.44G0.56N film again closely resembles the previous two images. The RMS roughness
over the 5 × 5 µm scan area is 3.90 nm, while the 98% bearing height is 27.9 nm, with an
estimated pit density of ~13 / µm2. However, a number of regions in the image are
becoming defined as generally circular feature, often centered on a pit or cluster of pits in
the film. One such easily distinguishable feature is circled for clarity.

The morphology

of this surface contrasts sharply with that observed for the nominally 50 nm thick GaN
film, in which 2.9 +/- 0.5 µm islands were clearly identifiable. In comparison, the circled
feature in this image is 0.68 µm × 0.52 µm. In addition, several of the pits appear to have
very tall projections arising from the bottom of the pit. The tall features are entirely
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Fig. 5.19: AFM height images of a series of Al0.44G0.56N films of varying thickness on
AlN (a) 10 nm equivalent thickness, which is taken as the morphology of the AlN buffer
layer. (b) 20 nm. (c) 50 nm. (d) 200 nm. (e) 1 µm. The square boxes in (d)-(e) represents
the area covered in the images of (a)-(c). Note the height scale for (d) is 2X and (e) is
4X that of the other images, which is 15 nm. (f) Secondary electron SEM image of the
cross section of sample in (e) showing two of the surface pits.
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surrounded by the depression in the growth surface, and are not apparently attached to the
edge of a pit. Three such features are marked by arrows in the figure.

Fig. 5.19d presents the image of a nominally 200 nm thick (513 seconds of growth
time) Al0.44G0.56N film. The RMS roughness over the 5 × 5 µm scan area represented by
the square in the center of the image is 12.3 nm, but over the entire 20 × 20 µm image is
5.3 nm. The 98% bearing height over the full 20 × 20 µm image is 35.5 nm, with an
estimated pit density of ~5.8 / µm2. The mound features are now more clearly defined
than they were in the previous image, but no evidence of individual grain coalescence as
such exists. The surface morphology of this sample again contrasts sharply with that
observed for the nominally 200 nm thick GaN film, in which 6.1 +/- 1.9 µm islands were
clearly identifiable. In comparison, average of 11 features in this image yields an average
diameter of 1.69 +/- 0.40 µm. The mound feature circled in the image is taller and more
pronounced than the others in the image, and appears to be taking on a hexagonal outline.
The top surface of the feature is approximately 11 nm above the surrounding area, and
the approximate diameter is 1.21 µm. As with other similar features, there is a cluster of
three pits contained within the outline of the feature. Several of the other clusters of pits
are decorated by a tall feature on the edge of the pits, as in Fig. 5.19b. Three of these
features are marked by arrows in the image. It could be reasonably assumed that these
features would in time grow laterally to resemble the circled feature.

Finally, Fig. 5.19e represents the surface morphology of the 1 µm thick Al0.44G0.56N
film. The surface roughness over the 20 × 20 µm image is 13.7 nm, with approximately
92% of the surface lying within a height range of 26 nm. This latter figure was chosen
due to the large surface coverage of ~8% representing the deep pits. Including the pits,
the 98% height range is ~77 nm. A smaller 5 × 5 µm scan represented by the square in
the middle of the image revealed that the outlines of the pits were described by regular
hexagons.

The density of the pits in the image has decrease to < 1 / µm2, but the

remaining pits tend to be either very shallow or very deep. Presumably the shallowest
pits would be eliminated with further growth, but it is not clear whether the deepest pits
are in the process of closing, or are actually increasing in depth and area. Several 120º
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angles are visible in the image, suggesting that the largest features are starting to take on
partially hexagonal outlines, versus the generally circular outlines observed for the GaN
200 nm thick sample. Recall that by 1 µm GaN thickness, the circular features had
completely disappeared and were replaced by long-range, irregular outlines, and all
surface pits had been completely closed. As noted by Strunk et al. 76, pits may act as the
“antiparticle” of three dimensional islands and allow elastic relaxation of compressive
stress through deformation of the sidewalls. However, no mathematical models have
been developed to treat this source of relaxation in detail, and so at this time it is simply
noted that the presence of the pits play a role in the “morphological evolution”
mechanism.

From the secondary electron SEM image shown in Fig. 5.19f, the two pits imaged are
not seen to penetrate to the interface with the SiC substrate. However, this sample for
this image was marked with a diamond scribe on the back side then cleaved. It could
simply be the case that the cleavage plane did not go through the deepest part of the pits.
A detailed analysis would require repeated polishing steps with SEM images taken in
between to fully reveal the structure of the pits. Alternatively, a suitably prepared TEM
cross-section could also serve to accurately determine the sidewall angle and the fraction
of the total film thickness to which the pits penetrate.

In the absence of such data, an attempt will be made to use the information available to
determine whether the pits penetrate all of the way to the AlN interface. The sidewall
angles of the two pits in the SEM image are asymmetric, with the left-hand sidewalls
measured as approximately 46º, and the right-hand sidewalls as approximately 54º. For
the particular geometry of the AFM used for these measurements, the accuracy of the
sidewall angle determination on the right of a pit is only limited by the accuracy of the
AFM calibration, while sidewalls on the left of a pit are limited by the tip geometry.
Likewise, the depth measurements of the pits in the AFM images are limited by the
physical geometries of the tip, and it is assumed that the AFM measurements
underestimate the pit depths. However, AFM measurements have the advantage of
selecting the direction of the measurement to make sure that the actual angle measured is
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taken perpendicular to a face of the hexagonal pit, and not at the junction of two facets.
Measurements of the sidewall angle from the 5 × 5 µm scan represented by the square in
the middle of Fig. 5.19e again yielded a bimodal distribution of angles, with the lower
angle range measuring approximately 40-44º and the high angle range measuring 51-53º,
all taken from the right side of the pits. This is generally in good agreement with SEM
image measurements. The measurement of the top-surface opening of the pits by AFM is
accurate to within 5%, and this can be combined with the measured sidewall angles to
predict a maximum pit depth for the largest pit, assuming the sidewall angles are size
independent. The largest pits are approximately 670 nm across, which would correspond
to a pit depth of ~400nm, which is close to the depth of the pits observed in the SEM
image. Thus, it is not expected that the apex of any of the surface pits penetrates
completely to the film / substrate interface.

This series is significant for three reasons.

The first reason concerns the grain

coalescence stress model. As can be determined from Fig. 5.20a, the initial incremental
stress for this sample was -3.20 GPa determined by a quadratic fit to the first 229 data
points (R2 =0.97), with the growth stress transitioning into tension at approximately 460
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Fig. 5.20: (a) Stress×Thickness versus Thickness plot for the thickest sample in the
growth interruption series. (b) Mean Stress versus Thickness for the same sample, along
with the final values of the mean stress for the thinner samples.
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nm (-190 nm / +310 nm) of Al0.44Ga0.56N growth and a well defined final tensile growth
stress of +0.38 GPa (linear fit to last 283 data points, R2 = 0.43). The AlN buffer layer
started under a compressive stress and ended at approximately zero growth stress , with a
mean stress of -0.06 GPa. The epitaxial mismatch for this system is -1.31% (-6.41 GPa),
corresponding to ζ = 0.50, and critical thickness for misfit dislocation formation
predicted by the method outlined previously of 11.3 nm. In contrast to the situation
observed for the GaN on AlN sample, the reflectivity as monitored by the MOSS system
did not initially decrease, but rather reached the maximum value during the first full
period, after which the reflectivity gradually diminished. This is consistent with the
morphology evolution observed by the growth interruption series, which actually
suggests that the initial growth stage of Al0.44Ga0.56N on AlN more closely resembles a
two-dimensional model. This suggests that the tensile stress present in the AlN, which
affects the mean stress at the start of AlxGa1-xN growth, is partially transferred to the
AlxGa1-xN in the form of the corrected epitaxial mismatch stress. The evolution of the
surface morphology is consistent with a low-mobility system in that the pits in the AlN
buffer layer are not immediately overgrown, as in the GaN series.

As discussed

previously, from bond energy consideration one would expect a pronounced tendency
toward three-dimensional nucleation and growth, especially considering the defect
density of the AlN growth surface.

However no well-defined grain nucleation or

coalescence step could be observed at any point during this growth series. Rather, the
majority of the pits in the AlN surface are gradually closed, with a remainder that
apparently tend to remain stable and actually expand as the film increases in thickness.
Several features that resembled nuclei were indicated in the images by arrows, but none
of them tended to grow laterally at a sufficient rate to overgrow the surrounding surface.
Rather, the nuclei often formed on the edge of the pit defects, and any subsequent islands
that formed eventually enclosed one or more of these pits within the outer bounds of the
island.

Initial grain coalescence apparently will not play a role in this regime.

Subsequent morphological evolution as outlined by Sheldon et al. could still contribute to
the tensile stress, particularly as material is added inside the pits and the sidewalls “pull”
closed to form a continuous surface. It is extremely difficult to make any attempt at a
quantitative estimate of the contribution of morphological evolution to the overall stress
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evolution in this composition regime due to the dearth of literature references to compare
with.

The second reason this interrupted growth series is significant is related to elastic
strain relaxation. Strunk et al. have claimed that elastic deformation of the sidewalls of
pits in an otherwise continuous film under biaxial strain can act to relax a portion of that
strain

76

.

This mechanism was outlined in section 2.4.2 under the category of

“morphological evolution”. The process is predicted to be the equivalent of elastic
deformation of the sidewalls of strained islands of material, which is well known to act as
a relaxation mechanism. It was noted that from this consideration the pit in the growth
surface could be considered the “antiparticle” of the 3-D island. However, no model has
been developed to allow for an estimation of the strain relaxed by this mechanism, so it
cannot be considered explicitly here. It is only noted that a higher density of pits should
allow for a greater degree of stress relaxation. From the series of AFM images presented,
the pit density decreases with increasing film thickness, which would indicate that this
mechanism, if operative, would play the greatest role early in the growth.

The final important point to note is that it has been predicted by Jahnen et al. that pits
which reach the interface with the underlying layer are capable of acting as nucleation
points for misfit dislocations in the film interface that are then capable of gliding and
relieving epitaxial strain
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. This observation was made for the heteroepitaxial system

InxGa1-xN grown on GaN, in which the epitaxial misfit strain is also compressive in the
InxGa1-xN film. A key difference between these two systems is the bond strength, which
for In-N is only 1.93 eV, hence surface diffusion at a particular temperature is much
higher for InN. However, the equilibrium partial pressure of nitrogen needed to stabilize
the growth of InN is also much higher than for AlN or GaN, and thus the growth
temperature is typically limited to temperatures below 600 ºC
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. Thus the kinetics and

thermodynamics of the two systems are quite different. It is thus interesting to note the
similarity of behavior, in spite of the differences.

However, since the pits in the

Al0.44Ga0.56N film are not expected to reach the interface, this relaxation mechanism is
not likely to be active. Einfeldt et al.
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had claimed that dislocations can form at the
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bottom of surface pits and undulations, citing the above work by Jahnen et al. Thus it
may be possible for dislocations to form in the bulk of the layer causing relaxation.
There is certainly a sufficient density of pits present from the start of growth to act as
nucleation sites. The question only remains whether dislocations nucleate at the tip of the
pits which can then relieve mismatch strain. Extensive TEM analysis would be required
to answer that question, which is beyond the scope of this work.

5.3.2.3 Dislocation Effective Climb Model

Though it was difficult to thoroughly analyze the previous samples by TEM, a single
cross-sectional TEM sample was analyzed from a sample grown under the “crescent
opening” configuration. The AlN buffer layer was grown at similar rates (~0.36 µm/hr)
and was also ~80 nm thick. The Al0.44Ga0.56N was grown at a rate of 2.63 µm / hr with a
total thickness of ~2.78 µm. Both layers were grown at a nominal substrate temperature
of 1100 ºC. Fig. 5.21 shows the cross-sectional TEM image taken under weak-beam dark
field conditions with g = [11 2 0] which is sensitive to dislocations with an edge
component, including pure edge and mixed dislocations.

Fig. 5.22a shows the

stress×thickness versus thickness plot for this sample, while Fig. 5.22b plots the mean
stress as a function of film thickness for the AlN and Al0.44Ga0.56N thin film layers. A
very high density of defects in the AlN buffer layer is visible in the TEM cross-section
image. A large portion of the threading dislocations present in the AlN layer are stopped
at the interface and do not propagate into the overlying Al0.44Ga0.56N film. However, a
large number of dislocations still do manage to propagate into the Al0.44Ga0.56N film. As
can be observed in the TEM micrograph, these dislocations become significantly inclined
with respect to the growth direction.

Since the sample was imaged in the [1 1 00]

orientation, dislocations tilting toward this direction appear not to be inclined. The
average inclination angle measured at the interface with the AlN is 18.2 +/- 3.9º. As
discussed in section 2.4.1, the relaxation due to inclination of misfit dislocations was
given by equation 2.17, in which the relaxation increases linearly with film thickness.
This can be compared to the mean stress plotted in Fig. 5.22b, which demonstrates again
that the curve does not follow a linear dependence. However, as can be seen in the TEM
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Fig. 5.21: 1120 Weak-Beam Dark-Field TEM cross-section image of a 2.78 µm thick
Al0.44Ga0.56N film grown at a rate of 2.63 µm/hr on ~80 nm AlN buffer grown at a rate
of 0.36 µm/hr. Both layers were deposited at nominally 1100 ºC. Note the dislocation
bending that occurs at the AlN / Al0.44Ga0.56N interface.

cross section image near the SiC interface, the dislocations do not stay inclined at a
constant angle with respect to the growth direction.

This directly contradicts the

assumptions that were made to generate Eq. 2.17, and is in contrast to the direct TEM
observations by both Cantu et al.
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for a 200 nm thick layer and by Follstaedt et al.
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for a 1.5 µm thick film, for which the dislocations were found to remain straight. It is
notable that for the former report the coherency misfit strain was -0.32% while in the
latter report it was -1.048%, compared to -1.48% for this sample.

Instead, the

dislocations reach a steady-state inclination angle of 1.8 +/- 1.5º near the sample surface.
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Fig. 5.22: (a) Stress×Thickness versus Thickness plot for the TEM sample shown in
Fig. 5.21. (b) Mean Stess versus Thickness plot for the same sample. The solid black
line represents the linear fit over the thickness range 1.87 – 2.87 µm.

The steady state inclination would correspond to relaxation as a function of thickness of
the form ε avg = X × h f . Again, the actual form of the mean stress versus film thickness
curve is not linear, but does approach linear behavior for the last 1 µm of film grown.
The linear fit to the mean stress vs. thickness curve over the range 1.87 – 2.87 µm is

⎛ GPa ⎞
⎟⎟ × h f (µm) − 2.201(GPa ) . Converting the slope of the line to
⎝ µm ⎠

σ mean (GPa ) = 0.5278⎜⎜

⎛ 0.001075 ⎞
⎟⎟ × h f − 0.004481 is obtained.
strain / µm, the value of ε avg = ⎜⎜
⎝ µm ⎠

Thus,

dislocation inclination plays a definite role in the relaxation of compressive stress in the
“AlxGa1-xN” behavioral regime, but the exact form of the applicable equation is still in
question due to the discrepancy between the literature reports for dislocation behavior in
compressively strained layers, and that actually measured in this sample.

In addition to the information available on the dislocation behavior, several surface
features can be seen which are presumed to correspond to the hexagonal pits and islands
observed in the AFM images of the growth interruption series. Again, extensive TEM
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would be required to accurately determine the sidewall angle and penetration depth of the
pit features, but from this image the estimated sidewall angles for the large pit are 38º and
47º for the left and right sidewalls, respectively. Clearly the pit does not penetrate to the
Al0.44Ga0.56N / AlN interface. The diffraction conditions for this image would not be
sensitive to misfit dislocations, so the question raised above cannot be addressed here.
The dislocations at the bottoms of the pits appear to be pure threading edge or mixed type
dislocations. No pure screw dislocations were observed in the areas imaged.

5.3.2.4 Summary of “AlxGa1-xN” Behavioral Regime
The “AlxGa1-xN” behavioral regime is distinct from the “Ga-Rich” regime in that the
initial compressive growth stress in the former case eventually changes to a distinctly
tensile growth mode for sufficient film thickness, while in the former case, no such
transition has been observed. This is qualitatively explained in terms of the five stress
generation and relaxation mechanisms outlined in section 5.3.1.6.

As the Al-fraction of the AlxGa1-xN epilayer increases, the coherency stress
continuously decreases. It was pointed out that the strain present in the AlN buffer layer
must be accounted for in the calculation of this term. For the “Ga-Rich” regime it was
postulated that a misfit dislocation network formed at the interface between the Ga-rich
islands and the AlN buffer layer prior to initial grain contact. The equilibrium critical
thickness for misfit dislocation formation was calculated for the samples in this series,
and the trend follows the predicted form: as the Al-fraction of the epilayer increases and
the misfit decreases the critical thickness for dislocation formation monotonously
increases. It was noted that eventually the critical thickness would exceed the thickness
at which the film became continuous, and formation of the misfit dislocations in the
interface would become difficult. The fraction of the coherency stress that was relaxed
during the first stage of growth was found to be dependent on the composition of the
AlxGa1-xN epilayer, as expected. However, the form of the dependence remains difficult
to explain. For low Al-composition films close to the “Ga-Rich” regime the fraction of
stress relaxed is relatively high, approximately 75 – 80%, similar to the values measured

132

for the Ga-rich samples. Compositions in the middle of the “AlxGa1-xN” regime (x ≈ 0.40
– 0.45) the fraction decreased to a minimum of 50 – 60%, depending on the conditions
under which the sample was prepared. The fraction of the stress relaxed then increases
again increasing Al-composition.

It is assumed that this behavior is explained by the superposition of two effects. As
noted above, the formation of the misfit dislocation network is expected to occur in
isolated islands, and the thickness at which the network will form increases as the Alfraction is increased. Eventually a composition will be reached at which the island
contact occurs prior to the formation of the misfit dislocation network. It is also assumed
that the formation of misfit dislocation is hindered after the epitaxial film has become
substantially continuous. Presumably this explains the first half of the trend. As the Alfraction of the epilayer is further increased, the epitaxial mismatch stress decreases,
requiring fewer misfit dislocations to relieve the strain. As noted by Jahnen et al. 138, any
surface defect which penetrates to the film substrate interface can act as a nucleation
point for misfit dislocations. From the AlxGa1-xN AFM growth interruption study, it was
shown that a high density of pits remain in the AlxGa1-xN film initially. Some of these
defects may be sufficiently deep to act as nucleation points for misfit dislocation
formation even after the film has nominally coalesced past the critical thickness for
dislocation formation. For the composition studied in the AFM series, the equilibrium
critical thickness was predicted to be ~11 nm, which roughly corresponds to the thinnest
sample grown.

It was noted in the AFM growth interruption study that no distinct grain contact step
was easily identified. Rather, the morphology of the AlxGa1-xN surface closely resembled
that of the AlN buffer layer, with a high density of surface pits. The majority of the pits
gradually closed as the film increased in thickness, with a small fraction that apparently
remained stable and actually expanded as the film increased in thickness. However,
analysis by several methods indicated that the largest pits in the 1 µm thick sample did
not extend all of the way to the AlN interface.
implications.

This study has several important

First, in the absence of a well-defined grain contact step, the grain
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coalescence mechanism is likely to play a small role in this regime. However, tensile
stress may still be generated through subsequent morphological evolution of the film
structure as the numerous small pits are closed. Second, as noted above, the presence of
the pits during the initial growth stages may facilitate the introduction of misfit
dislocations at the AlN buffer layer interface. Third, the presence of the pits in a
compressively strained epilayer was postulated by Strunk et al. to act as an elastic strain
relaxation mechanism through the deformation of the sidewalls of the pits
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. This

potentially may be relevant during the early stages of film growth, and should be
considered as part of the component of compressive stress relaxed by morphological
evolution. Note that the pit density was shown to decrease by two orders of magnitude
over the range of thicknesses explored in the AFM growth interruption series, so that
elastic relaxation is likely to play a very small role in the stress evolution at the end of
growth for which the growth stress is actually tensile.

The study of a thick Al0.44G0.56N sample by cross-section TEM revealed a high density
of dislocations in the AlN buffer layer. The majority of these dislocations were stopped
at the interface with the Al0.44G0.56N epilayer, but a significant density of threading
dislocations did propagate into the epilayer. These dislocations were shown to become
inclined with respect to the growth direction, consistent with the literature reports by
Cantu et al.
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and Follstaedt et al.
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for samples grown on sapphire substrates with

thick “buffer” layers. However, in contrast to the prediction by Romanov and Speck 62,
the inclination angle did not remain constant, but gradually decreased with increasing
thickness before reaching a final steady state inclination angle.

This observation

invalidates the expression for the strain relief derived in the previously cited reference for
the early stages of growth in this film, but the model should still apply for the late stages
of growth when the dislocations do remain at a fixed inclination angle. The plot of the
mean stress versus film thickness for this sample (Fig. 5.22b) demonstrates that the last 1
µm of Al0.44G0.56N growth does tend to follow the predicted linear relaxation with film
thickness, suggesting that this mechanism is likely responsible for the tensile stress
generation during the late stages of growth.
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Finally, introduction of “misfit dislocations” throughout the bulk of the Al0.44G0.56N
film, as suggested by Einfeldt et al. 97, is not entirely ruled out. It is noted that the term
“misfit dislocation” generally applies only to dislocations lying in the plane of the film /
substrate interface (in this case the Al0.44G0.56N / AlN interface).

However, any

dislocation introduced into the film that has a non-zero edge component of the Burgers
vector projected onto the film / substrate interface is capable of relieving strain in the film,
and so the mechanism may indeed be valid. It is noted that in contrast to GaN studied in
the previous section, the Al0.44G0.56N film retained a much higher density of features
which could act as nucleation sites for such dislocations, if the mechanism is indeed valid.

Thus, the growth stress evolution in this compositions regime consists of the
superposition of contributions from five different mechanisms: compressive epitaxial
mismatch between the AlxGa1-xN layer and the underlying strained AlN buffer layer,
which decreases with increasing Al-fraction; introduction of a misfit dislocation array at
the interface between the isolated GaN islands and the AlN buffer layer once the critical
thickness has been surpassed, which is hindered in fully coalesced films but potentially
possible if surface defects reach the interface; tensile stress of an unknown magnitude
due to morphological evolution and pit closure which occurs over a range of film
thicknesses; dislocation “effective climb” through the inclination of threading
dislocations which then propagate at an angle to the normal to the growth direction, and
which angle subsequently evolves with film thickness before reaching a steady-state
value; introduction of dislocations throughout the volume of the strained AlxGa1-xN layer
at the bottom of surface irregularities in the fully continuous film.

5.3.3 “Al-Rich” Regime

The “Al-rich” regime differs from “AlxGa1-xN”-type behavior in that the initial
incremental growth stress is nearly zero, or even tensile in some cases. This is the case
for the Al0.78Ga0.22N sample depicted in Fig. 5.12c. This sample was grown at 3.1 µm /
hr on a 98 nm thick AlN buffer layer. Again the AlN followed the same trend as
previously reported, with a final tensile incremental stress of +2.1 GPa (linear fit to the
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last 55 data points, R2 = 0.95) and a tensile mean stress of +1.3 GPa. In this case, the
Al0.78Ga0.22N initial incremental growth stress is tensile with a magnitude of +0.83 GPa
(linear fit to the first 100 data points, R2 = 0.95). Even accounting for the tensile strain in
the AlN buffer layer, the epitaxial mismatch is -0.11%, corresponding to a compress
stress of -0.57 GPa. For this sample, the initial incremental stress is more positive
(tensile) than would be predicted based upon epitaxial consideration. This is a strong
indication that epitaxial mismatch is not the only stress generation mechanism active
within the AlxGa1-xN / AlN / SiC system.
5.3.3.1 Epitaxial Misfit Stress and Misfit Dislocation Formation

To aid discussion the plot of the stress×thickness versus thickness curve for the
Al0.78G0.22N sample from the “centering ring” series is reproduced in Fig. 5.23a, along
with the plot of the mean stress versus film thickness in Fig. 5.23b. As the Al-fraction of
the AlxGa1-xN epilayer approaches x = 1, the growth system approaches the special case
of homoepitaxy. Since the strain energy in the film depends on the square of the misfit in
the film, as the epitaxial misfit strain becomes “small” the strain energy drastically
decreases. Under such conditions it is possible for the heteroepitaxial layer to grow
commensurately strained to the substrate lattice parameter without the introduction of
misfit dislocations at the interface. It is notable that the value of the epitaxial misfit strain
(-0.11%) for this sample is below the empirically reported value of 0.5% for which
commensurate growth becomes energetically feasible for appreciably thick films 72. As
was previously calculated, the equilibrium critical thickness for misfit dislocations in this
sample as outlined previously is 186 nm. It is not expected that misfit dislocations could
form at the film / buffer layer interface due to the barriers to dislocation nucleation and
glide discussed previously.

The estimate of the epitaxial misfit stress used for the

calculation of the critical thickness includes the strain present at the top surface of the
AlN buffer layer due to the tensile growth present at the surface. With such a small
magnitude of the epitaxial mismatch, it is conceivably possible that the Al0.78G0.22N
epilayer could grow pseudomorphically on the AlN.

If this was the case, and no

relaxation was to occur, the Al0.78G0.22N initial incremental growth stress should be
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Fig. 5.23: (a) Stress×Thickness versus Thickness curve for 0.72 µm thick Al0.78Ga0.22N
sample on AlN, reproduced from Fig. 5.12c. (b) Plot of the mean stress versus film
thickness for the same sample.

exactly equal to the calculated coherency stress, which was -0.57 GPa. Examining the
Fig. 5.23a one can immediately see that this is not the case. The actual initial incremental
stress is +0.83 GPa, which remains approximately constant during the duration of the
Al0.78G0.22N growth segment to within the error in the measurement. It should be noted
that the no direct measured lattice parameters are available for this material system at the
growth temperature, and so calculated lattice parameters were used. In addition, room
temperature biaxial moduli were used to convert between stress and strain. Given these
likely errors in calculation, and the very small value of the epitaxial misfit for this case, it
seems likely that the measured tensile growth stress is in fact due to the stress present in
the AlN buffer layer. Certainly in the case of sufficiently “Al-rich” films the growth
mode should switch to coherent heteroepitaxy in which the stress in the AlN buffer layer
would serve as a template for further growth. The Al-fraction at which this behavior
dominates could be dependent on the structure of the AlN buffer layer at the start of
growth. The structural properties and stress evolution of AlN grown on SiC is discussed
in more detail in Chapter 6.
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5.3.3.2 Al0.69G0.31N AFM Growth Interruption Series
A series of interrupted growth experiments was conducted as before for the “Ga-rich”
and “AlxGa1-xN” behavioral regimes to examine the morphological evolution of this
regime. Nominal layer thicknesses of 10 nm, 20 nm, 50 nm, 200 nm and 1 µm were
prepared on nominally 258 µm thick 4H-SiC substrates with resistivity = 0.13 Ω-cm and
a miscut angle of 0.11º. Both the Al0.69G0.31N film and the AlN buffer layer were grown
at 1125 ºC, with the AlN deposited at a rate of 0.23 µm / hr and the Al0.69G0.31N at a rate
of 1.95 µm / hr. The AFM height images of the series of samples are presented in Fig.
5.24a – 5.24e. For comparison, the AFM height image of the Al0.78Ga0.22N sample is
shown in Fig. 5.24f.

The most striking feature of the nominally 10 nm thick (18 second growth time)
Al0.69G0.31N film represented in Fig. 5.24a is the high density of surface pits in this
sample. The analysis software encounters difficulty analyzing a 2 × 2 µm image to
determine the pit density, but the lower bound estimate is 100 / µm2.

The RMS

roughness over the 5 × 5 µm scan area represented by the image is 6.14 nm, with
approximately 98% of the surface lying within a height range of 28.6 nm. Presumably
this image is representative of the AlN buff layer morphology. The linear feature in the
lower right corner of the image is assumed to be associated with a scratch on the SiC
surface. Numerous small diameter features are observed in the image associated with the
edges of pits in the surface, similar to the observations for the nominally 10 nm thick
Al0.44G0.56N film. As discussed in that section, it is not clear whether these features were
present on the AlN buffer layer prior to growth or whether they represent nucleation of
Al0.69Ga0.31N islands.
No significant difference is noted between the nominally 10 nm thick and the 20 nm
thick (36 second growth time) sample shown in Fig. 5.24b.

The general surface

morphology appears identical. The pit density is likewise estimated to exceed 100 / µm2.
The RMS roughness over the 5 × 5 µm scan area is 5.68 nm with approximately 98% of
the lying within a height range of 26.5 nm. Again, numerous small diameter features
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Fig. 5.24: AFM height images of a series of Al0.69G0.31N films of varying thickness on
AlN (a) 10 nm equivalent thickness, which is taken as the morphology of the AlN buffer
layer. (b) 20 nm. (c) 50 nm. (d) 200 nm. (e) 1 µm. The square box in (e) represents the
area covered in the images of (a)-(d). Note the height scale for (e) is 3X that of the other
images, which is 30 nm. (f) 5 × 5 µm AFM height image of Al0.78G0.22N sample
discussed in text. Height scale is 200 nm.
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exist near the boundaries of pits in the surface. Overall, the relative similarity between
the 10 nm and 20 nm thick samples suggests that growth in this composition range does
initiate nominally two-dimensional. No evidence exists for the formation of small threedimensional clusters on otherwise flat regions of the sample. This may simply be a
consequence of the high degree of pit-type defects on the surface which theoretically
could act as nucleation sites.

The image of the nominally 50 nm thick (90 second growth time) Al0.69Ga0.31N film
represented in Fig. 5.24c generally resembles the previous two images. Little change in
the pit density is noted, with a lower bound estimate of 90 / µm2. The RMS roughness
over the 5 × 5 µm image is 6.76 nm, with 98% of the surface lying within a height range
of 31.4 nm. Several asperities rising from the bottom of pit features were evident in the
smaller 2 × 2 µm scan (not shown), which are barely visible in the 5 × 5 µm image. No
significant lateral growth is evident from this image, suggesting that growth is primarily
along the ‘c’ axis direction. This is consistent with the literature reports for low lateral
growth rates of Al-containing alloys, as discussed previously in section 5.3.2.2 137.

A slight change in the surface morphology is finally evident in the image of the 200
nm thick sample in Fig. 5.24d. The lower bound estimate of the pit density is 30 / µm2,
with an RMS roughness over the 5 × 5 µm scan area of 6.88 nm and 98% of the surface
lying within a height range of 43 nm. Larger area features are beginning to develop that
resemble those seen in the 50 nm thick Al0.44Ga0.56N film.
The image in Fig. 5.24e of the µm thick sample demonstrates that the morphological
evolution in this composition range occurs much slower than in the Al0.44Ga0.56N film. A
high density of pits remain visible in the 20 × 20 µm image (note the height scale is 3X
that of the previous four images). The estimated pit density taken from the 5 × 5 µm scan
represented by the square in the middle of the image is ~ 6 / µm2. The many of the pits in
this image have developed regular hexagonal outlines, with large fraction of the pits
merging together. The RMS roughness of the 5 × 5 µm box area is 37.8 nm, largely due
to the presence of the deep pits in the image. Over the full 20 × 20 µm area covered by
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the image is 18.1 nm. Approximately 98% of the image area lies within a height range of
81 nm.

The morphology of the sample shown by the image in Fig. 5.24f of the 700 nm thick
Al0.78Ga0.22N sample discussed at the start of this section clearly differs from that of the
Al0.69Ga0.31N series. The RMS roughness over this 5 × 5 µm image is ~38 nm, which is
comparable to the thickest sample from the Al0.69Ga0.31N growth interruption series.
However, surface consists of network of ridges with faceted sidewalls and deep pits in
between. The 98% bearing height for this image is ~166 nm, which is reflected by the
200 nm height scale for the image.

Fig. 5.25a depicts the stress×thickness versus thickness plot for the nominally 1 µm
thick Al0.69G0.31N sample, while Fig. 5.25b depicts the plot of the mean stress versus film
thickness for the same sample. Compared to the corresponding plots in Fig. 5.AlGaN, it
is clear that this sample starts under a compressive incremental growth stress. The
epitaxial misfit calculated for this sample is -0.61%, corresponding to an epitaxial
mismatch stress of -3.06 GPa. The magnitude of the initial stress determined from a
quadratic fit is -0.70 GPa, corresponding to ζ = 0.77.

The growth stress rapidly

transitions into tension at thickness of approximately 0.11 µm before reaching a steadystate final incremental stress of +0.59 GPa. Unlike the thickest sample from the “AlxGa1xN”

growth interruption series, the mean stress in this sample actually crosses from

compressive to tensile. Thus, the Al0.69G0.31N AFM series appears to belong to the
“AlxGa1-xN” behavioral regime, according to the definition outlined in section 3.2. Thus
the transition between “AlxGa1-xN” type behavior and “Al-rich” behavior appear to occur
for an Al-fraction between 0.69 and 0.78.

5.3.3.3 Summary of the “Al-Rich” Regime

The measured initial growth stress in the “Al-rich” regime was tensile, even though
the calculated epitaxial misfit stress for this composition was compressive. It seems
likely that the discrepancy is due to errors in the calculated epitaxial misfit stress
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Fig. 5.25: (a) Stress×Thickness versus film Thickness for the nominally 1 µm thick
Al0.69G0.31N growth interruption sample. (b) Means Stress versus film Thickness for the
same sample.

stemming from potential errors in the growth temperature lattice parameters and the use
of room temperature biaxial moduli. The fact that the stress is tensile from the start of
growth and doesn’t evolve appreciably with thickness suggests that the mechanism
responsible for the tensile growth must be active at the very earliest stages, but that no
additional tensile stress is generated subsequently. This also implies that no significant
stress relaxation mechanism is active in this sample during growth, including misfit
dislocation formation. It was previously noted that the dislocation inclination model
failed to relieve tensile growth stress 103, and this mechanism is therefore eliminated as a
possible candidate for the tensile stress generation. The thickest Al0.69Ga0.31N sample
was shown to posses essentially “AlxGa1-xN” type growth behavior. The final surface
morphology of the thickest Al0.69Ga0.31N sample was significantly different from that of
the Al0.78Ga0.22N sample. The microstructures of the AlxGa1-xN epilayers with high Alfraction are likely to be greatly dependent on the structure of the AlN buffer layer on
which they nucleate, as is the stress evolution in this composition range.

5.4 Summary and Conclusions
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An attempt was made to explain the stress evolution observed in AlxGa1-xN epitaxial
films deposited on high-temperature grown AlN buffer layers on SiC substrates. It was
found that the stress evolution generally fell into three distinct categories. The so-called
“Ga-rich” regime was typified by an initial compressive growth stress that gradually
relaxed with increasing film thickness until late stage growth was essentially stress-free.
The so-called “AlxGa1-xN” regime, represented by Al0.40Ga0.60N growth, was typified by
an initial compressive growth stress that was observed to transition into a well-defined
tensile growth stress. The final behavior was termed the “Al-rich” regime, typified by an
Al0.78Ga0.22N sample, for which the stress was tensile from the start of film growth, in
spite of a predicted compressive epitaxial misfit with the strained AlN buffer layer.

Five distinct mechanisms were considered in each of the regimes. The first and easiest
to calculate is the coherency stress between the AlxGa1-xN layer and the underlying
strained AlN buffer layer. The second mechanism considered was the introduction of a
misfit dislocation array at the interface between isolated AlxGa1-xN islands and the
strained AlN buffer layer once the critical thickness had been surpassed. The third
mechanism considered was dislocation “effective climb” through the inclination of
threading dislocations which then propagate at an angle to the normal to the growth
direction, and which angle subsequently evolves with film thickness before reaching a
steady-state value.

The fourth mechanism considered was the introduction of

dislocations throughout the volume of the strained AlxGa1-xN layer at the bottom of
surface irregularities in the fully continuous film.

The fifth and final mechanism

considered was morphological evolution of the film microstructure. Here ‘morphological
evolution’ is a complex term defined as the combination of four distinct but related
processes: initial island contact, which may occur over a range of film thicknesses and
can actively generate tensile stress; subsequent changes in the ratio of the grain boundary
height to film thickness ratio between islands which have previously contacted, which
can also generate tensile stress; elastic deformation of the sidewalls of pits in the surface,
which is expected to only act to relax a pre-existing stress, and not actively generate
compressive or tensile stresses; and the overgrowth and closure of pits which are present
in the AlN buffer layer, which may occur over a range of film thicknesses.
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Each of the five mechanisms were qualitatively evaluated to determine whether the
mechanism possessed the correct form to explain the measured trends in stress evolution
as seen across a wide composition range. The epitaxial misfit stress is largest for GaN
and continuously decreases as the Al-fraction is increased. Due to the strain present in
the AlN buffer layer, the epitaxial misfit strain for very high Al-content films could
actually be tensile, though this was not the case for any of the samples measured.

The equilibrium critical thickness for misfit dislocation formation was based on the
model by Fischer et al.
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thickness for GaN on AlN

as applied by Kim et al. to the calculation of the critical
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.

The equilibrium critical thickness depends on the

coherency strain energy in the film, as well as the material properties of the film. The
critical thickness was determined to increase sharply for Al-fraction beyond ~0.40. The
formation of a network of misfit dislocation at the interface between a continuous AlxGa1xN

film and the AlN interface is considered unlikely, due to the lack of available low-

energy slip systems in the wurtzite crystal structure for (0002 ) oriented films. Thus, if
the critical thickness is larger than the thickness at which the film becomes largely
continuous, the formation of the misfit dislocation network is expected to be hindered.
The presence of defects in the film which reach the AlxGa1-xN / AlN interface may serve
to act as nucleation sites for misfit dislocations, as determined by Jahnen et al.

138

. The

presence of pits observed by AFM, SEM and TEM in higher Al-fraction films may thus
serve assist misfit dislocation formation during the early stages of growth when the
bottoms of the pits are near the interface.

The dislocation effective climb model proposed by Romanov and Speck
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was

considered across the composition regime. It was determined that the final shape of the
mean stress versus thickness plot measured by MOSS for the “Ga-rich” regime did not
qualitatively match the functional form predicted by the model. However, direct TEM
evidence of dislocation inclination was obtained for a sample in the “AlxGa1-xN”
behavioral regime.

This model assumes that the dislocations remain linear as they

propagate upwards through the film, and thus the strain relaxation was predicted to
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follow a linear form. This was the case in two independent literature reports confirming
the operation of this mechanism 102,103. In contrast, the projected inclination angle of the
dislocations in the sample studied were measured to decrease from 18.2 +/- 3.9º near the
AlN interface to 1.8 +/- 1.5º near the sample top surface. The mean stress versus film
thickness measured for this sample trended toward a linear dependence on film thickness
near the sample surface. This suggests the dislocation inclination model is operative in
the “AlxGa1-xN” behavioral regime, but that the form of the relaxation derived by
Romanov and Speck does not apply until later in the growth. The relaxation by this
mechanism should be greatest near the AlN interface, and decrease with increasing film
thickness. It is noted that this mechanism is capable of driving the growth stress to
transition from compression into tension. However, Follstaedt et al. reported that this
mechanism was not observed to be operative in specimens under tensile growth stress 103.
This indicates that the mechanism is not likely to be active in the “Al-rich” regime for
which the growth initiates in tension.

Based on the reference by Jahnen et al.
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, Einfeldt et al. suggested that dislocations

could be introduced throughout the bulk of a growing film at the bottom surfaces of “pits
and undulations” in the growth surface. This mechanism is difficult to prove or disprove
without extensive TEM investigations, which is beyond the scope of this work. However,
it is potentially possible that this mechanism remains active throughout the entire
composition range studied, as there was a sufficient density of such features present on
the growth surface of all samples.

The final mechanism considered was the morphological evolution of the AlxGa1-xN
film with increasing film thickness. To study this effect, three sets of samples were
prepared: one set from each behavioral regime, with growth stopped at intervals and
studied post-growth by AFM. The results were correlated with in situ MOSS stress
measurements to attempt to determine the role this complex mechanism plays in the
overall stress evolution. The “Ga-rich” series showed clearly that three-dimensional
islands nucleate and coalescence to form a continuous film.

The film completely

overgrew the pits in the AlN buffer layer, resulting in a smooth surface morphology with
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low roughness for a 1 µm thick film.

No such clear trend toward nucleation and

coalescence were evident for the two studies containing higher Al-fractions. In contrast,
the pits in the AlN buffer layer were observed to propagate with the growth surface. The
fraction of the pits closed during growth is a function of the Al-composition of the
AlxGa1-xN film. This is in reasonable agreement with the literature reports that Alcontaining alloys have significantly lower lateral growth rates than GaN
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.

The

presence of the pits in the AlxGa1-xN film may potentially lead to elastic relaxation of the
top surface of the film due to mechanical deformation of the sidewalls, or they may
contribute to the tensile stress generated as material is added and the pits are closed. The
consequence of the low Al-adatom mobility is readily observed for the highest Al-content
film studied, Al0.78Ga0.22N. The tensile growth stress measured from the start of growth
is best explained by coherent heteroepitaxial growth on the strained AlN buffer layer.

Due to the complex nature of stress evolution in the nitrides, a quantitative model
explaining all of the observations across the entire composition range studied is difficult
to develop. It is noted here that the qualitative description of the behavior based on three
“regimes” is purely for convenience. The real situation is more likely to involve a
continuum behavior, in which each of the various mechanisms discussed increases or
decreases activity as a function of Al-fraction.

Finally, it was noted that the nucleation and growth of Al-rich AlxGa1-xN films is
likely to be strongly influenced by the nature of the AlN buffer layer. As the reactor
geometry went through various iterations, the stress evolution within the AlN buffer layer
itself changed.

It was also noted that the growth interruption studies were not as

conclusive as desired, due to the presence of a high density of pits within the AlN buffer
layer. Since no in situ stress studies for growth of AlN on SiC by MOCVD have been
reported to date, the next topic selected for investigation was the detailed study of the
growth of AlN on SiC.
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Chapter 6
AlN Buffer Layer Studies

6.1 Introduction

It was mentioned in the concluding remarks of Chapter 5 that the stress evolution in
the AlN buffer layer apparently plays a significant role in the subsequent epitaxial growth
of AlxGa1-xN. Specifically, AlN buffer layers of the same nominal thickness grown under
different reactor geometries exhibited a wide range of final incremental growth stress,
from +2.1 GPa to nominally relaxed growth. In addition, a high density of pit-type
defects was measured by AFM in the AlN buffer layers on which the growth interruption
samples were grown. It was noted that the morphology of the high Al-fraction samples
tended to mimic the surface morphology of the underlying AlN. Thus, the pits present in
the AlN tended to propagate upwards through the AlxGa1-xN film. A fraction of the pits
were closed during subsequent growth, with a small remainder that actually increased in
top diameter with increasing film thickness. Due to the presence of the pits in the AlN
surface, it was difficult to distinguish a well-defined nucleation event for the mid- and
high Al-fraction nucleation series.

Due to the reasons discussed above, it was decided to attempt to develop a more
suitable AlN buffer layer than previously employed. The research was intended to find
the conditions to promote AlN lateral growth and suppress pit formation and propagation.
It was also deemed important to better understand the conditions that influence the stress
evolution of the AlN buffer layer, since the final growth stress directly impacts the
epitaxial mismatch stress with the AlxGa1-xN epilayer.

6.2 AlN Development Work

6.2.1 Growth Temperature Optimization
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Since it has been established that the lateral growth rate of Al-containing species is
much lower than GaN 137, it is common practice to grow AlN at temperatures 50-100 ºC
higher than GaN.

The actual surface temperature of the sample is expected to be

different from the thermocouple reading that is used for control. A calibration of the
actual substrate surface temperature using a Mikron M77 two color pyrometer was
performed before any growth experiments were conducted. As a calibration sample, the
rough ground back surface of a 500 µm thick Si wafer was carbon coated until the
surface appeared uniform matt gray. It was assumed that the emissivity of this surface
was sufficiently close to unity that the two color pyrometer could accurately compensate
for the absorption of infrared radiation by the fused quartz optical window.

The

pyrometer reading was charted against the thermocouple reading for this configuration
using representative hydrogen gas flows and reactor pressure used for typical growth
experiments for thermocouple readings from ~550 ºC to 1181 ºC. The reading followed
the form Tpyrometer = 0.9301×Tthermocouple + 37 ºC. The same experiment was conducted
without any substrate present in the substrate holder pocket. Reportedly, the emissivity
of the polycrystalline SiC coating is close to unity, so that the two color pyrometer was
able to compensate for the window absorption. The temperature was found to follow the
trend Tpyrometer = 1.0136×Tthermocouple + 7 ºC. Thus there is at least a 62 ºC temperature
gradient across the 500 µm thick Si substrate used for the first temperature calibration.
Note that the actual temperature of the susceptor with the substrate in place may be
higher than that which was measured for the bare pocket with gas flow in the reactor due
to the cooling effect of the impinging hydrogen gas jet. In addition, the SiC substrates
employed for the growth experiments were nominally 250 µm thick, and the thermal
conductivity of SiC is approximately 3X that of Si, so the surface temperature of a SiC
substrate may be significantly higher than that of the Si sample used. In general, this
simply demonstrates that the surface temperature of the substrate is closely related to the
thermocouple reading which is reported. Uncoated SiC substrates were not used since
they are transparent to infrared radiation and the pyrometer reading would be the
convolution of the susceptor temperature and the substrate temperature. SiC was not
used in the experiment with a carbon coated substrate due to the relatively high cost of
SiC.
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Four representative ~95 nm thick AlN samples were grown at different temperatures
but otherwise nominally similar growth conditions on 4H-SiC substrates from the same
wafer.

The AFM height images of the four samples are shown in Fig. 6.1 a-d,

corresponding to thermocouple temperatures of 1050, 1100, 1125 and 1150 ºC,
respectively. The change in surface morphology of the AlN top surface with the growth
temperature is clearly evident from the AFM height images. Note that the growth rates
for the samples are not identical, with the growth rate of the 1050 ºC sample
approximately 2.5X that of the 1100 and 1125 ºC samples, and the 1150 ºC sample was
deposited at a rate ~11X that of the middle two samples. It is expected that the surface

(a)

(b)

(c)

(d)

Fig. 6.1: AFM Height images of four nominally 95 nm thick AlN samples grown at
thermocouple temperatures of (a) 1050 ºC, 0.53 µm/hr (b) 1100 ºC, 0.22 µm/hr (c) 1125
ºC, 0.20 µm/hr (d) 1150 ºC, 2.36 µm/hr.
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morphology is also affected by growth rate, and this factor should be taken into
consideration when comparing these samples. The same fluxes of reactant species were
used for all four growth experiments, but the group-III carrier flow rate was 0.1 slpm
higher for the 1050 ºC and 1150 ºC samples than for the other two. However, the clear
difference in surface morphology between images (b) and (c) should be directly
attributable to the difference in growth temperature. The RMS roughness of image (b) is
5.85 nm, while that of image (c) is 1.77 nm. In addition, the estimated minimum pit
density decreased from ~100 / µm2 to ~ 50 / µm2. The RMS roughness for both images
(a) and (d) is ~4.83 nm, with both surfaces characterized by a high density of ~70 – 80
nm diameter features.

The “best” growth temperature is therefore assumed to be

nominally 1125 ºC. Depending on the choice of calibration curve, this corresponds to an
estimated surface temperature between 1088 and 1152 ºC.

The similarity of the stress×thickness versus thickness curves presented in Fig. 6.2 is
interesting. In spite of the difference in final AlN morphology, all of the samples start
under a compressive growth stress that only varies between -2.2 GPa (linear fit to the first
18 data points, R2 =0.89) and -2.6 GPa (linear fit to the first 126 data points, R2 =0.57)
across the temperature range. The low value is associated with the fast-growth 1150 ºC
sample for which there are very few data points to fit, and it is therefore subject to
measurement error. The high value is for the slowest growth rate AlN at 1125 ºC. All
four sample transition from compressive into tensile growth at approximately 40 – 50 nm
of film thickness. The final growth stress shows the greatest range of variation, with
extreme values of +0.3 (linear fit to the last 354 data points, R2 =0.14) and +1.4 GPa
(linear fit to the last 114 data points, R2 =0.76). Visually the slopes do appear to be
slightly different, but the actual numerical value of the final incremental tensile stress is
unreliable due to the relatively low signal to noise ratio for these samples. In general the
lower growth rate samples appear to have the lower final incremental tensile stress. The
samples correspond to the well-defined continuous surfaces that contain distinctly
defined pits. The highest growth rate samples were characterized by distinct grains,
which in turn appear to lead to higher tensile growth stress. As mentioned in Chapter 5,
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Fig. 6.2: Stress×Thickness vs. Thickness plots for the four AlN samples grown on at
different temperatures. The values of the stress×thickness curves are offset for clarity.
the stress evolution and morphology of the AlN buffer layer likely affect the growth
stress in Al-rich AlxGa1-xN epilayers.

6.2.2 AlN Nucleation and Substrate Effects

It has been noted in the literature that the linear features observed in the AlN are
correlated with surface scratches in SiC substrate prior to growth.

To verify this

statement, two SiC samples were characterized by AFM before and after deposition of a
nominally 90 nm thick AlN film at 1125 ºC under the “slow growth” conditions. The
first SiC sample was the standard “Epi Ready” diamond mechanically polished surface
on the Si-face as received from the vendor, shown in Fig. 6.3a. As can be seen from the
image, the surface is characterized by an apparently random distribution of linear
scratches of varying depth, with an RMS roughness value over the 5 × 5 µm image area
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of 9.81 Å. The second sample, pictured in Fig. 6.3b, was a substrate taken from the same
4H-SiC wafer that was subsequently put through a chemical mechanical polish (CMP)
finishing step. As is readily apparent from the image, the surface is highly planar with a
regular arrangement of terrace ledges that are roughly straight and parallel. The average
spacing between the terrace ledges in this image is approximately 161 nm. The RMS
roughness over the 5 × 5 µm image is 0.97 Å, an order of magnitude lower than the “Epi
Ready” mechanically polished surface. Fig. 6.3c and 6.3d represent the height images of
93 and 91 nm, respectively, of AlN deposited on comparable substrates. As previously
observed for similar AlN buffer layers, the image in Fig. 6.3c contains linear features and
a nearly random distribution of pits in the surface, as evidenced by a featureless twodimensional isotropic power spectral density. The RMS roughness over the 5 × 5 µm
scan area was 1.96 nm with an estimated pit density greater than 30 / µm2. In comparison,
the AlN surface represented by the image in Fig. 6.3d does not show any deep trenchtype linear features, but rather a partially ordered array of pits with a density of
approximately 25 / µm2. The RMS roughness over the 5 × 5 µm image is 1.77 nm.
Analysis of the two-dimensional isotropic power spectral density shows a peak in the
frequency spectrum for this image at 3.57 cycles / µm (0.28 µm / cycle), which roughly
corresponds to the peaks in the frequency spectrum of a line analysis taken perpendicular
to the apparent direction of the rows of pits.

The above discussion suggests that the pits in the AlN surface are closely tied to the
nucleation conditions of the AlN on the SiC surface. To examine this in more detail, two
additional samples of AlN were grown for 30 seconds (~2 nm equivalent thickness) on
each of the SiC surface finishes. The resulting 2 × 2 µm AFM images are shown in Fig.
6.3e (“Epi Ready” finish) and Fig. 6.3f (CMP finish). The surfaces are both clearly
covered by a nearly continuous coating of nuclei. The shape of the features is suggestive
of a tip artifact. It is likely that the nuclei are essentially hemispherical in shape. The
largest particle features in image (f) are approximately 5 nm tall. The smaller, closely
packed nuclei are too close together to distinctly resolve. In addition, the particles on the
“Epi Ready” surface finish are essentially randomly distributed across the surface.
However, along some of the terrace ledges of the CMP finished surface, there are narrow
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(a)

(b)

(c)

(d)

(e)

(f)

Fig. 6.3: AFM height images of (a) Bare 4H-SiC diamond mechanically polished
surface. (b) Bare 4H-SiC CMP finished surface. (c) 93 nm AlN grown on sample in (a).
(d) 91 nm AlN grown on sample in (b). (e) ~2 nm AlN (30 sec. growth) on “Epi Ready”
surface. (f) ~2 nm AlN (30 sec. growth) on CMP finished surface.
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voids, where multiple nuclei have lined up with the front surface of a ledge. If the
bottom of one of these trenches corresponds to the SiC surface, then the bottom layer of
nuclei consists of grains that are approximately 1.3 nm tall. These “ordered” defects in
the otherwise randomly distributed nuclei on the SiC surface may be the origin of the pits
observed in the thicker AlN buffer layers. The presence of gaps in the surface coverage
of the “Epi Ready” SiC finish by AlN nuclei may be masked by the relatively nonuniform surface morphology. Likewise, not all gaps between nuclei occur along terrace
ledges on the CMP finished surface, which could account for that fact that not all pits in
the ~90 nm thick AlN samples are perfectly correlated.

The stress×thickness versus thickness curves for the two ~90 nm thick AlN films on
SiC substrates with two different surface finishes are plotted in Fig. 6.4. The upper curve
corresponds to the sample depicted in Fig. 6.3c, while the data for the lower curve were
taken during deposition of the sample depicted in Fig. 6.3d.

Though the surface

morphology was generally similar for the two samples, the stress evolution was clearly
different. The initial incremental stress as determined by a linear fit to the first 97 and
122 data points for the Epi Ready and CMP finished substrates, respectively. The initial
incremental stress was -2.7 GPa (R2 = 0.66) for the AlN on the Epi Ready SiC substrate
finish and -3.3 GPa (R2 = 0.73) on the CMP finished substrate. In addition, the stress at
the end of the ~90 nm of film growth was slightly tensile for the former sample
(nominally +0.2 GPa for a linear fit over the last 173 data points, R2 = 0.03), but
remained compressive for latter sample (-0.7 GPa for a linear fit to the last 239 data
points, R2 = 0.30). This suggests that the tensile stress generating mechanism is not as
active for the AlN grown on the CMP finished surface.

Considering the previous

discussions, it seems likely that the difference in arrangement of the nuclei on the
surfaces of the SiC substrates is responsible for the difference, with perhaps a slight
increase in the average grain size at contact for the CMP finished surface. This would
lead to lower tensile contact stress and a lower grain boundary density, which would also
decrease the tensile stress generated during subsequent grain boundary evolution.
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Fig. 6.4: Stress×Thickness vs. Thickness plots for the two AlN samples grown on
different SiC surface finishes, as indicated. The values of the stress×thickness curves
are offset for clarity.
To further investigate the evolution of the pits within the AlN, an additional three
samples of AlN ~1 nm, ~10nm and ~50 nm thick were grown on “Epi Ready” SiC
surfaces. Placed in context with the previously discussed ~2 nm and ~90 nm thick
samples, the AFM height images are pictured in Fig. 6.3a-f. In Fig. 6.5a the surface after
15 seconds of growth resembles the bare “Epi Ready” SiC surface pictured in Fig. 6.3a
with the addition of a number of asperities on the surface. Again, the shapes of the
asperities are expected to be associated with AFM tip artifacts, and thus not represent the
true shape of the nuclei. In Fig. 6.5b, the density of the nuclei on the SiC surface has
increased substantially for 30 seconds of growth time, with the entire SiC surface
essentially covered by nuclei at this stage. By ~10 nm equivalent thickness (144 seconds
of growth time), the nuclei have become well-defined and a few of the grains are
beginning to coalesce into larger extended grains. The grain analysis of the full 2 × 2 µm
image is somewhat hindered by the presence of the scratch features in the image, so
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analysis was performed on the 500 × 500 nm scan shown in Fig. 6.5d, represented by the
square in the center of the image in (c). The two-dimensional isotropic power spectral
density displayed a peak corresponding to 42 nm, suggesting this is close to the average
lateral grain size, including the convolution of the tip diameter. A separate scan of
nominally 10 nm diameter gold nanoparticles dispersed on a sapphire substrate taken
prior to this AFM scan indicates the tip is asymmetric with radii of ~30 × 60 nm in the
minor and major axes, respectively. The major axis is inclined approximately 30º from
the fast scan (horizontal) axis. In general, the grains observed in image (d) do not closely
resemble the tip shape, and shapes observed in the image are sufficiently different from
one another that it is possible to conclude that the observed shapes are dominated by the
real shapes of the nuclei. The image in Fig. 6.5e of a nominally 50 nm thick AlN film
clearly depicts the partially coalesced network of AlN nuclei, with arrays of pits in the
surface and a few asperities that stand well above the surrounding surface. In particular,
one such feature is highlighted by an arrow in the image, and appears to be completely
surrounded by “pits”, or is growing out of the center of a large pit. Bearing analysis of
the surface indicates that distribution of heights within the image is weighted slightly
toward the high features, with slightly greater than 50% of the image area covered by pits.
Finally, as seen in Fig. 6.5f for the 93 nm thick sample discussed previously, the surface
is characterized by a generally smooth morphology punctuated by deep pits in the surface.
At this scan size the terraces on the surface are visible, as are two crack-like narrow
trench features which terminate at pit sidewalls. Several more pits have what appear to
be the beginnings of these features protruding from one edge. Using the section analysis
tool, the apparent depth of these narrow crack-like trenches are < 2 nm, however this
measurement may again be limited by the tip geometry. These may be tensile stress
cracks which initiate and terminate at pit sidewalls, however this seems unlikely since the
final incremental growth stress for this specimen is close to zero and the CTE stress
between AlN and SiC is very small over this temperature range.
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(a)

(b)

(c)

(d)

(e)

(f)

Fig. 6.5: 2 x 2 µm AFM height images of AlN growth interruption series on “Epi
Ready” SiC substrates. (a) ~1 nm (15 sec.), 5 nm height scale. (b) ~2 nm (30 sec.), 5
nm height scale. (c) ~10 nm (144 sec.), 10 nm height scale. (d) 0.5 x 0.5 µm scan area
from the center of the image in (c), same height scale. (e) ~50 nm (720 sec.), 15 nm
height scale. (f) 93 nm (1469 sec.), 7.5 nm height scale.
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6.3 AlN Buffer Layer V/III Series Morphology Studies

It has been reported in the literature that the quality of AlN grown on sapphire depends
on the V/III ratio during deposition, with morphology and crystal quality improving at
low V/III ratios 139. It was initially expected that the same would hold true for growth of
AlN on SiC, and that this change would significantly impact the stress evolution during
subsequent AlxGa1-xN growth. Thus, a series of samples were prepared varying the V/III
ratio from 750 to 10,600 during growth of the AlN buffer layer segment only. The
AlxGa1-xN epilayer composition was maintained at x ≅ 0.44 (εm ≈ -1.3% at 1100 ºC for
bulk parameters), and film growth was continued beyond the transition point until a
tensile incremental stress was observed. The composition x ≅ 0.44 was chosen since this
is approximately the location of the maximum initial incremental stress, and x ≅ 0.44 is
the highest practical composition for which PL analysis was possible with the existing
266 nm laser.

6.3.1 Stress×Thickness Data

Fig. 6.6 presents the stress-thickness versus thickness curves for the four samples
described above. From this figure it is clear that the lowest two V/III ratio samples
behave quite similarly, while the higher V/III ratio samples evolve quite differently.
Qualitatively, the AlN growth segments appear to be substantially different, particularly
for the highest three V/III ratio samples. In addition, as is evident from the Al0.44Ga0.56N
portions of the stress×thickness versus thickness curves in Fig. 6.6, the compressive
initial incremental growth stress increased substantially as the V/III ratio of the buffer
layer was increased.

Likewise, the thickness at which the growth stress in the

Al0.44Ga0.56N layer transitioned from compressive to tensile increased monotonically with
the buffer layer V/III ratio. As stated above, all samples were grown sufficiently thick to
enable the measurement of the final tensile growth stress.
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Fig. 6.6: Stress×Thickness vs. Thickness plots for the four Al0.44Ga0.56N samples grown
on AlN buffer layers with the indicated V/III ratios. The values of the stress×thickness
curves are offset by 0.25 GPa×µm for clarity.

Note from the values in Table 6.1 that the AlN growth rates are similar for the first
two samples, but are progressively lower for the latter two. This could potentially be
related to the change in the AlN final incremental growth stress measured, as listed in
Table 6.V-III. It is well known that the growth rates of III-V nitrides achieved by
MOCVD are closely coupled with the ratio of NH3 to the group-III precursor at the
surface, which is dramatically influenced by gas-phase pre-reactions that occur within
this system

29,117

. It is possible that increasing the NH3 flow into the reactor merely

decreased the available active Al-containing species at the growth surface through
parasitic reactions. This would explain the decrease in growth rate of the AlN with
increasing V/III ratio. An attempt was made to hold the growth rate constant by adjusting
the flux of the TMA simultaneously with the NH3 to achieve the appropriate V/III ratio
and growth rate. However, this was not possible to achieve within the limits of the mass
flow controllers installed on the system. Alternatively, the increased supply of active
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Table 6.1: Summary of the stress data for the four samples depicted in Fig. 6.6. The
coherency stress is for Al0.44Ga0.56N / strained AlN using calculated growth temperature
lattice parameters. FIS stands for ‘Final Incremental Stress’, IIS stands for ‘Initial
Incremental Stress’ and TP stands for the ‘Transition Point’.
AlN
NH3/TMA
Ratio

AlN Growth
Rate (µm/hr)

750

1.75

2040

3270

10,600

1.73

1.37

0.37

AlN FIS
(GPa), (R2)

1.9, (0.43)

2.1, (0.72)

0.5, (0.13)

-0.9, (.04)

Coherency
Stress (GPa)

Al0.44Ga0.56N
IIS (GPa),
(R2)

-4.57

-1.94 +/-

0.46

0.42

+0.28/-0.18

-2.14 +/-

0.53

0.21

+0.22/-0.17

-4.00 +/-

0.88

0.12

+0.40/-0.29

-8.70 +/-

1.70

0.12

+0.65/-0.73

-4.4

-5.98

-7.28

Al0.44Ga0.56
N TP (µm)

Al0.44Ga0.56N
FIS (GPa),
(R2)

0.38, (0.68)

0.38, (0.77)

0.28, (0.77)

0.28, (0.70)

nitrogen to the surface at higher V/III ratios could stabilize the growth surface. The
effects of V/III ratio on the morphology of AlN will be discussed below.

As listed in Table 6.1, the calculated coherency stress does indeed depend on the value
of AlN final incremental stress, even though the AlxGa1-xN Al-fraction is constant for all
four samples. However, though the measured initial incremental stress does follow the
trend toward increasing compressive stress with the AlN buffer layer V/III ratio, the
correlation is not perfect. This could partially be due to the difficulty in measuring the
final incremental stress in the AlN layer due to the lack of available data points,
particularly for high growth rates, which would lead to errors in the predicted coherency
stress. As discussed previously in Chapter 5, there could also be errors associated with
using the calculated growth temperature lattice parameter, and also from using the room
temperature value of the biaxial modulus. The latter two sources of error may explain
why the measured initial incremental stress exceeds the predicted coherency stress. Since
the only mechanisms covered in Chapter 2.3.5, aside from heteroepitaxy, which are
capable of generating a compressive growth stress are not considered to be active during
the MOCVD growth of AlxGa1-xN, it seems likely that the discrepancy is due to a
160

combination of the errors discussed above. Fig. 6.7 is a plot of the measured initial
incremental stress during Al0.44Ga0.56N growth as a function of V/III ratio during AlN
buffer layer growth. For comparison the figure also includes the plot of the calculated
coherency stress and the fraction of the stress relaxed during the first stage of growth.
Note that for the 10,600 V/III ratio sample, the value of ζ is negative, since the measured
stress is larger than the predicted stress. It is of note that the value of ζ continuously
decreases with the V/III ratio, even for the lowest two samples for which the growth rate
and final incremental stress of the AlN were nearly identical.

6.3.2 Stress Evolution Mechanisms

To help explain the trend in stress evolution with V/III ratio, the effect of V/III ratio on
the structural properties of the AlN buffer layer was investigated post-growth using AFM
and XRD measurements. Two nominally 100 nm thick AlN buffer layers were grown on

Fig. 6.7: Plot of the measured Al0.44Ga0.56N initial incremental growth stress and the
calculated coherency stress for relaxed Al0.44Ga0.56N grown strained AlN at 1100 ºC,
along with the relaxation ratio, ζ, plotted against the AlN buffer layer V/III ratio.
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(b)

(a)

Fig. 6.8: 5 × 5 µm AFM height images of ~100 nm thick AlN buffer layers. Z scale is
15 nm. (a) 750 V/III ratio, Rq = 3.16 nm over a 5 × 5 µm area (b) 10,600 V/III ratio Rq
= 1.94 nm over a 5 × 5 µm area.

SiC using V/III ratios of 750 (2.02 µm/hr growth rate) and 10,600 (0.40 µm/hr growth
rate), the equivalent buffer layers for the two extremes presented in section 6.3.1.
Contrary to the results reported for AlN growth on sapphire, the lower V/III ratio and
higher growth rate sample (Fig. 6.8a.) had a smaller grain size, rougher surface (Rq =
3.14nm over the 5 × 5 µm area), and exhibited a broad XRD (0002) rocking curve
(FWHM = 0.427º). The higher V/III ratio and lower growth rate AlN buffer layer (Fig.
6.8b.) had a much larger grain size (no distinct grains visible), smoother surface (Rq =
1.94 nm over the 5 × 5 µm area), and showed a much narrower (0002) rocking curve
(FWHM = 0.076 º). This leads one to conclude that the major difference between the two
AlN buffer layers is the crystal quality and defect density, with the high V/III sample
possessing preferable properties for heteroepitaxial growth.

It is suggestive that the general surface morphology shown in Fig. 6.8a and 6.8b
resemble those of Fig. 6.1a and 6.1c, respectively, though the two sets of samples were
prepared under different reactor configurations (the former using the “centering ring”
configuration and the latter under the “crescent opening” configuration). This suggests
that the V/III ratio is another variable that can be optimized along with growth
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temperature to give the best AlN crystal quality and lowest defect density. This also
proves that changes in the morphology of the AlN buffer layer impact the magnitude of
the initial incremental stress and the transition point in the AlxGa1-xN epilayer, for a fixed
value of the Al-fraction.

It was previously established that the ~1.9 GPa final tensile incremental stress in the
AlN buffer layer for the 750 V/III ratio sample directly resulted in a lower coherency
strain than for the 10,600 V/III sample, with a final compressive stress of approximately 0.9 GPa. This in itself is a significant factor in explaining the effect of buffer layer V/III
ratio on stress evolution.

The second mechanism discussed was the formation of misfit dislocations near the
interface with the AlN buffer layer. For the 750 V/III sample, the lower value of the
epitaxial misfit strain leads to a predicted equilibrium critical thickness of ~21.4 nm,
while for the 10,600 V/III ratio sample the critical thickness is just 13.0 nm. At first
glance it seems more likely that misfit dislocations could form in the latter case.
However, the trend in the critical thickness is the direct opposite of the trend observed for
the value of the relaxation ratio, ζ. In addition, this is counter to the evidence of
increased initial incremental stress with V/III ratio of the AlN buffer layer. This may
suggest that misfit dislocations do not play a large role in the overall stress relaxation
process in these samples.

Based on the discussions in Chapter 5, section 5.2.2, it is expected that the
significantly different starting AlN surface morphologies and defect densities will
directly impact the growth of the AlxGa1-xN epilayer. In particular, if the AlxGa1-xN
epilayer propagates the grain structure of the AlN buffer layer, then the 750 V/III AlN
buffer layer is expected to result in a substantially decreased AlxGa1-xN grain size at the
start of growth, with a correspondingly higher dislocation density.

This in turn is

expected to contribute strongly to the resulting stress evolution, as discussed below.
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The fourth mechanism discussed was the dislocation effective climb model. The
particular cross-sectional TEM sample used for analysis in Chapter 5.2.3 was the same
10,600 V/III sample from the AlN V/III ratio series. The 750 V/III sample was also
analyzed by cross-section TEM to examine the dislocation density and the inclination
angle for this sample. Fig. 6.9 presents the multi-beam bright-field cross-sectional TEM
images of both samples at the same magnification. Note that due to the difference in total
sample thickness, the image in Fig. 6.9b does not represent the full sample thickness, but
only the region near the SiC / AlN / Al0.44Ga0.56N interface. It is evident upon inspection
of the two images that the dislocation density in Fig. 6.9a is much higher than in Fig. 6.9b.
Particularly, the AlN buffer layer in the first image is sufficiently defective to be contrastfree, suggesting an extremely high dislocation density. Though still highly defective,
individual dislocations are visible in the AlN buffer layer shown in Fig. 6.9b, suggesting
a higher crystal quality.

This correlates with the AFM and XRD characterization

discussed previously for the corresponding AlN-only buffer layer samples. As previously
noted for the 10,600 V/III ratio sample, the majority of the dislocations in the AlN buffer
layer are terminated at the interface with the Al0.44Ga0.56N, but the remainder that do
propagate into the Al0.44Ga0.56N layer become inclined by an average angle of 18.2 +/3.9º with respect to the AlN interface normal near the interface. It was mentioned
previously that the dislocations do not remain inclined at a constant angle, but tend to
bend back toward the substrate normal as the film increases in thickness. This is more
easily observed from the higher magnification image in Fig. 6.9a. As stated previously, a
central feature of the dislocation effective climb model was the statement that inclined
dislocations remain straight as they propagate through the film, leading directly to the
prediction of linear relaxation with film thickness. In view of the current evidence, the
dislocation effect climb model may need to be revised to account for subsequent
dislocation evolution.

The dislocation density propagating into the Al0.44Ga0.56N epilayer from the 750 V/III
ratio AlN buffer layer is so high that contrast due to individual dislocations near the
interface is difficult to detect. Thus, it is not possible to determine the inclination angle
near the interface. Even within 200 nm of the surface the dislocation density is still
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Fig. 6.9: On 1-100 zone axis multi-beam diffraction bright-field TEM cross-section images of samples (a) 1.21 µm Al0.44Ga0.56N
on 750 V/III ratio AlN buffer layer (b) 2.79 µm Al0.44Ga0.56N on 10,600 V/III ratio AlN buffer layer. Note that the image in (b)
was taken at the same magnification as the image in (a), so the full sample thickness is not visible.
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remarkably high for this specimen. Though it is not possible to directly measure the
dislocation inclination angle from the image, even a small angle of inclination could lead
to significant compressive stress relaxation / tensile stress generation due to the extremely
high density of dislocations. In comparison, the final tensile growth stress for the 10,600
V/III sample is approximately +0.28 GPa (linear fit to the last 643 data points, R2 = 0.70)
versus +0.38 GPa (linear fit to the last 317 data points, R2 = 0.68) for the 750 V/III
sample. These measurements are subject to uncertainty due to diffractive beam steering
noise in the curvature measurements late in the growth. Since previous TEM analysis of
the 10,600 V/III sample demonstrated that the final tensile growth stress is likely tied to
the dislocation effective climb model, this latest observation suggests that the dislocation
effective climb model also is active for the 750 V/III buffer sample.

The fifth mechanism considered for the stress evolution in the “Al0.44Ga0.56N”
behavioral regime was the introduction of dislocations throughout the volume of the
Al0.44Ga0.56N film that nucleated at the bottom of “pits and undulations” in the surface.
Due to the fact that this series of samples was prepared under a different reactor geometry
from the “AlxGa1-xN” interrupted growth series, the surface morphology of the final films
was also different. The 60 × 60 µm AFM height images of both surfaces are shown in

(b)

(a)

Fig. 6.10: 60 × 60 µm tapping mode height images of: (a) 1.21 µm thick Al0.44Ga0.56N
film on 750 V/III ratio AlN buffer layer, 15 nm height scale (b) 2.79 µm thick
Al0.44Ga0.56N film on 10,600 V/III ratio AlN buffer layer, 60 nm height scale.
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Fig. 6.10. The deep hexagonal pits are largely absent from the surfaces, which are
instead characterized by mounds with large width / height ratios between 100 and 500.
Thus, the smallest features visible in the images are of the order of 1 µm in lateral
dimension, but only 2 – 5 nm tall. As with thick GaN samples under compression,
dislocations may be introduced at the bottom of the grooves corresponding to the grain
boundaries during the compressive segment of growth. However, this mechanism is
assumed to make minor contributions to the stress evolution relative to the dislocation
effective climb model.

To summarize, the growth conditions of the AlN buffer layer appear to play a strong
role in determining the structure and stress evolution of the Al0.44Ga0.56N epilayer by
changing the AlN grain size at coalescence and the resulting tensile coalescence stress.
Specifically, conditions leading to small grain size in the AlN produce a larger tensile
stress at the end of the buffer layer growth, which reduces the compressive epitaxial
misfit with the Al0.44Ga0.56N epilayer, resulting in a smaller initial incremental growth
stress.

The smaller grain size also leads to a higher dislocation density in the

Al0.44Ga0.56N epilayer, which appears to introduce a larger compressive stress relaxation /
tensile stress generation through the dislocation effective climb mechanism. Thus, great
care should be taken in optimizing the AlN growth conditions to maximize the grain size
at coalescence in order to produce the best AlxGa1-xN epilayer growth. This becomes
increasingly important as the Al-fraction of the AlxGa1-xN epilayer increases.

6.3.3 AlN Morphology Development Efforts
As mentioned in the introduction, the presence of the pit-type defects on the AlN
surface potentially may have obscured the observation of a nucleation and coalescence
step for growth of AlxGa1-xN (x = 0.44, 0.69) on AlN. To address this issue, several
attempts were made to develop low pit-density AlN films. These were based on the
concept of “Migration-Enhance” MOCVD, in which the injection of one or both of the
precursors is periodically interrupted to allow surface adatoms to migrate to equilibrium
positions prior to burial within the growing film

167

140,141

. By temporally separating the

TMA and NH3 flows, the possibility also exists to eliminate or minimize gas-phase prereactions and deliver a higher effective Al-flux to the surface while the TMA is switched
in. This could also alter the Al-containing species that reach the growth surface, which
may ultimately increase the carbon content of the film, since it is known that –CH3 units
are shed during gas phase elimination and condensation reactions 29,32,117,142.

Since it is not possible to switch large flow rates of NH3 into and out of the reactor
without a substantial risk of blowing the substrate out of the susceptor pocket during
growth, all experiments were conducted with very low NH3 flow rates, for which a 200
sccm mass flow controller was installed. Two samples at the limits of achievable V/III
ratio were prepared on Epi Ready surface finish SiC substrates from the same wafer. The
AFM tapping mode height images for the two samples, along with a plot of the
stress×thickness versus thickness curves are presented in Fig. 6.11a-c. As can be seen
from the AFM images, the two surfaces are characterized by completely different grain
structure.

The high V/III sample (Fig. 6.11a) demonstrates the typical surface

morphology observed earlier for ~90 – 100 nm thick AlN layers grown under similar
conditions. Since this film is nearly twice the thickness, the surface roughness increased
proportionately to 4.71 nm with a pit density on the order of 35 / µm2, and 98% of the
surface lying within a height range of 24.6 nm. In comparison, the surface morphology
of the ultra-low V/III ratio AlN sample is characterized by a high density of irregular
grains. The surface roughness is 21.6 nm RMS over the 5 × 5 µm scan area, with typical
grain dimensions of the order of 40 – 200 nm in the plane. 98% of the data points within
the image lie within a 104 nm height range.

In looking at the stress×thickness versus thickness curves plotted in Fig. 6.11c, the
stress evolution for the two samples are completely different as well. The 16,300 V/III
samples follows the typical compressive to tensile stress evolution trend discussed
previously for AlN grown on Epi Ready surface finish 4H-SiC.

The measured

compressive initial incremental stress was -2.71 GPa (linear fit to the first 74 data points,
R2 = 0.83), with a transition into tensile growth at ~ 53 +/- 25 nm film thickness. The
final tensile stress determined from the last 215 data points was +1.45 GPa (R2 = 0.88).
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(a)

(b)

(c)
Fig. 6.11: 5 × 5 µm tapping mode height images of: (a) 199 nm thick AlN film at 16,300
V/III ratio, 30 nm height scale (b) 185 nm thick AlN film at 42 V/III ratio, 90 nm height
scale. (c) Stress×thickness versus thickness plot for sample in (a) and a 230 nm thick
sample comparable to (b).

In contrast, the AlN grown at a 42 V/III ratio appears to grow largely stress-free. The
only appreciable deviation from zero stress×thickness occurs at the very end of growth,
and the deviation is within the noise level of the measurement. This result is extremely
puzzling considering the measured surface morphology. The contribution from grain
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coalescence should be very large indeed, and at least a tensile growth stress should be
expected. The absence of an initial compressive growth stress suggests the grains may
not be epitaxially oriented. The XRD characterization of the 16,300 V/III sample was
consistent with previous AlN measurements, with an AlN (0002) around 2θ = 36.11º, and
an ω rocking curve FWHM of 0.242º. The θ-2θ scan of the 42 V/III sample did not
contain any peaks characteristic of (0002) epitaxially oriented AlN.

Multiple samples were prepared using precursor flow rates adjusted to give an average
V/III ratio of 42 for each sample, but with various combinations of pulsing schemes. The
pulse duration was set at 15 seconds. The AFM height images of nominally 90 nm thick
AlN samples prepared using these schemes are presented in Fig. 6.12a-f. The reference
sample prepared using standard MOCVD growth at 42 V/III ratio is pictured in Fig. 6.12a.
The sample pictured in Fig. 6.12b was prepared by switching the NH3 flow into the
reactor for 15 seconds, followed by 15 seconds of a replacement flow of H2 makeup gas.
This scheme was repeated for the duration of the deposition, with the TMA switched into
the reactor continuously. As is visible in the image, there is no appreciable improvement
in the surface morphology of the AlN. For the sample pictured in Fig. 6.12c, both
reactants were switched into the reactor for 15 seconds, followed by 15 seconds of
makeup H2 gas. Again, this sequence was repeated until the desired thickness was
deposited. The structure appears to the eye to consist of smaller grains with lower overall
roughness, though a detailed analysis was not performed. The trend is continued by the
sample prepared by alternating 15 second pulses of NH3 and TMA, pictured in Fig. 6.12d.
This is interesting, in that it is directly opposite to the intended effect of promoting lateral
grain growth. The fourth pulsing scheme tested was switching the TMA into the reactor
for 15 second intervals separated by 15 seconds, with the NH3 switched into the reactor
continuously. The AlN surface grown by this method, pictured in Fig. 6.12e, appears to
generally resemble the standard MOCVD sample and the sample prepared by pulsing the
NH3 only. As a test of whether the pulsing scheme was effective under other conditions,
a fifth sample was prepared using the fourth pulsing scheme, but an NH3 flow that gave a
V/III ratio of 16,300 when the TMA was switched into the reactor. The resulting sample
is depicted in Fig. 6.12f, which generally resembles the typical 90 nm thick AlN samples
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(a)

(b)
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Fig. 6.12: 5 x 5 µm AFM height images of ~90 nm thick AlN films grown using pulsed
reactant flows on “Epi Ready” SiC substrates. (a) Standard conditions, no pulse. (b)
NH3 pulsed, TMA always in. (c) Both pulsed, in at same time. (d) Both pulsed,
switched in alternately. (e) TMA pulsed, NH3 always in. (f) Same as (e), but V/III ratio
was 16,300 while the TMA was switched in. All images are on a 60 nm height scale.
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prepared at the same V/III ratio and temperature on Epi Ready 4H-SiC substrates. In
general, the pulsed precursor method did not lead to the desired increased lateral growth
rates and lower defect density for the conditions used. It is possible that pulse duration,
pulse separation and overlap, reactant flow rates, reactor pressure and substrate
temperature could be optimized to improve on this technique. However, given the initial
results, this line of effort was discontinued.

6.4 Summary and Conclusions

The main theme through this chapter was the attempt to understand the morphological
and stress evolution of AlN on SiC, and the effect these variables have on subsequent
AlxGa1-xN growth. The effect of growth temperature on the morphology and stress
evolution of 90 nm thick AlN samples grown on the diamond mechanically polished Siface of 4H-SiC substrates was investigated. It was found that the substrate temperature
strongly influenced the growth rate of the AlN. Therefore it was not possible to directly
compare across the entire temperature region from 1050 to 1150 ºC explored. However,
the samples grown at 1100 and 1125 ºC were sufficiently close in growth rate to
determine that the higher growth temperature yielded a ~3 fold decrease in the RMS
roughness of the 90 nm thick AlN films, and a two-fold decrease in the surface pit
density. It was concluded that the stress evolution in AlN was largely unaffected by the
growth temperature. All four samples displayed a similar compressive to tensile growth
transition at approximately the same thickness, with magnitudes of the initial
compressive and final tensile growth stresses very close to each other.

It was noted in section 6.2 that the surface finish of the 4H-SiC did influence the
nucleation of AlN on the surface, which subsequently impacted the morphological and
stress evolution of the AlN.

Specifically, it was determined that the AlN nuclei were

slightly less randomly oriented, which in turn led to linear gaps between multiple grains
that eventually grew into a recognizable linear pattern of pits on the top surface of the
AlN. Overall, the roughness and pit density remained comparable for AlN films of the
same thickness grown under comparable growth conditions.
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However, the stress

evolution was markedly different. In addition to a larger initial compressive growth
stress of -3.3 GPa on the CMP finished surface versus -2.7 GPa on the as-received vendor
“Epi Ready” diamond mechanical finish, the final growth stress at the end of ~90 nm of
growth was compressive with a magnitude of -0.7 GPa for the former sample versus
nominally +0.2 GPa for the latter sample. This suggests that the well-ordered array of
terraces measured by AFM on the CMP finished substrate allow the AlN nuclei to form
in a fashion that reduces the effects of the various compressive stress relaxation / tensile
stress generation mechanisms. It was speculated that the increased surface order of the
CMP finished SiC promotes increased lateral diffusion and lateral grain growth, leading
to larger grain sizes at coalescence which in turn would lead to lower tensile grain contact
stress. This observation led to additional AlN nucleation studies carried out on the “Epi
Ready” substrates. It was confirmed that AlN does indeed nucleate as three dimensional
islands that subsequently coalesce to form a nearly-continuous film with characteristic
pit-type defects previously described.

A series of experiments exploring the effects of the ratio of NH3 to TMA (V/III ratio)
employed during the AlN growth was carried out. The impact of the changing AlN
growth conditions was assessed by measuring the changes in stress evolution of an
Al0.44Ga0.56N film grown under constant conditions. Contrary to literature reports for
growth on sapphire, the quality of the AlN and the subsequent Al0.44Ga0.56N stress
evolution improved as the V/III ratio was increased. Cross-sectional TEM analysis
confirmed that the dislocation density was much lower in the Al0.44Ga0.56N sample grown
on the highest V/III ratio sample compared to the lowest V/III ratio sample.

A

quantitative analysis of the dislocation density and bending was complicated by the
extremely high density of dislocations in the latter sample, making identification of
individual dislocations difficult. It was noted that the growth rate of the AlN buffer layer
decreased for high V/III ratio buffer layer sample, in spite of an attempt to compensate
for this effect by increasing the flux of both reactants.

The structural quality of

equivalent AlN buffer layers to those used in the TEM samples were assessed by AFM
and XRD. It was found that the high V/III ratio AlN was characterized by a well-defined
continuous surface with an array of pit-type defects, versus a random distribution of small
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diameter grains for the low V/III sample. The high V/III sample was characterized by
~60% lower RMS roughness and ~5.6 X narrower rocking curve FWHM than the low
V/III AlN sample. This difference in structural quality of the AlN resulted in higher
tensile growth stress for the low V/III ratio buffer layer, which in turn reduced the initial
compressive stress in the Al0.44Ga0.56N epilayer. The high density of dislocations in the
low V/III ratio AlN buffer layer sample also tended to propagate into the Al0.44Ga0.56N
epilayer, resulting in a larger final tensile growth stress due to dislocation inclination.

As a final attempt to improve the structural quality of the AlN buffer layers, a series of
experiments using pulsed precursor flows was conducted. Due to the limitations of the
reactor / sample geometry, only low V/III ratio conditions were achievable for most
pulsing sequences attempted.

Though the literature reports indicate that “migration

enhanced MOCVD” produces better surface morphology and optical properties in IIInitrides grown on sapphire and SiC, no improvement in the lateral growth of AlN was
noticed within the limits of this technique explored. It was noted that a potentially
lengthy optimization process might be needed to achieve the end result, but was not
promising based on the observations reported here.

Given the limitations on AlN buffer layer development, another method of decreasing
the tensile growth stresses and delaying the transition point in high Al-content AlxGa1-xN
was sought. One such technique reported in the literature for growth of GaN on Si (111)
was the compositionally graded AlxGa1-xN buffer layer 143,144. The AlN buffer layer on Si
(111) was reported to initiate growth in tension due to epitaxial misfit 107,145, in contrast to
the situation for AlN growth on SiC.

It was therefore anticipated that growing a

compositionally graded buffer layer on SiC could prevent the transition to tensile growth
in the thick AlN buffer layers, and in turn this compressive strain could be transferred to
the growing AlxGa1-xN epilayer.
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Chapter 7
Compositionally Graded Buffer Layer Study

7.1 Introduction

It was previously established in the literature that compositionally graded buffer layers
can effectively offset tensile growth stresses and induce a compressive growth stress
143,144

. It was further established that the majority of dislocation annihilation occurred

during the compressive growth regions of the graded buffer layer and the overlying
epilayer

144

. Since high Al-fraction AlxGa1-xN is heavily influenced by the strain state

and surface morphology of the buffer layer, it would be advantageous to grow a lowdefect density buffer layer under compression. The fact that AlN on SiC initially grows
in compression but rapidly transitions to tensile growth within 100 nm suggests that the
compositionally graded buffer layer may be one way to extend the compressive growth
region in the buffer layer, hopefully leading to lower dislocation density and lower tensile
growth stress in AlxGa1-xN epilayers of all compositions. Therefore it was decided that
the effectiveness of compositionally graded buffer layers would be investigated across
the three behavioral regimes discussed in Chapter 5.

7.2 Compositionally Graded Buffer Layer Study

7.2.1 GaN Epilayer

For this series of experiments, the substrates were single side polished 6H-SiC from
Intrinsic Semiconductor Corporation, with the Si-face CMP finished as was previously
discussed. The buffer layer was graded from AlN at the SiC interface, to GaN at the end
of the grade. The growth temperature was maintained at the optimum for GaN growth
due to the complexities of extracting stress data during non-isothermal growth. The
fluxes of TMA and TMG were calibrated to yield growth rates for AlN and GaN on
Si(111) to match the previously reported value of ~1.4 µm / hr used for growth of
compositionally graded buffer layers on Si(111). The setpoints of the MFCs were varied
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linearly over the calculated growth duration needed to deposit the required buffer layer
thickness. The first 15 seconds (~5 – 7 nm) of buffer layer was grown with only TMA
switched into the reactor due to the nonlinear behavior of the TMG MFC at very low
flow rates. After 15 seconds elapsed, the TMG was switched into the reactor at the
minimum controllable flow rate and graded up to the final value, while the TMA MFC
was simultaneously graded down to zero. At the end of the grade, the TMA flow (0 sccm)
was switched out of the reactor and the growth of GaN was continued uninterrupted.

The stress×thickness versus thickness curves for three different thicknesses of graded
buffer layer are compared with a standard 80 nm thick slow-growth AlN buffer layer in
Fig. 7.1a. Fig. 7.1b compares the mean stress versus film thickness for the same four
samples. As can be seen from the stress×thickness curves in Fig. 7.1a, all of the buffer
layers are under a compressive incremental growth stress prior to the growth of GaN.
Likewise, all GaN films initiate growth under a compressive incremental stress, which
increases from a magnitude of -1.6 GPa (linear fit to the first 66 data points, R2 = 0.76)
for growth on the AlN buffer layer to -3.4 GPa (linear fit to the first 65 data points, R2 =
0.90) for the thickest graded buffer layer. The magnitude of the GaN initial compressive
growth stress increases monotonically with the thickness of the graded buffer layer. This
had the desired effect of increasing the mean compressive stress in the entire structure at
the end of 1.5 µm of GaN growth, as shown by the mean stress versus thickness curves in
Fig. 7.1b. While in practice this may have the positive effect of reducing the cracking in
the GaN layer at room temperature, it simultaneously has the detrimental effect of
substantially increasing the wafer bow during growth, which can lead to temperature and
growth rate variation across the substrate.

To examine the linearity of the compositional grade, a cross-sectional sample from the
550 nm thick graded buffer layer was prepared for analysis by TEM. High-angle annular
dark-field (HAADF) scanning transmission electron microscopy (STEM) and X-ray
energy dispersive spectrometry (XEDS) were used to analyze the aluminum and gallium
content from the SiC interface through the thickness of the buffer layer to the GaN
epilayer. The corresponding STEM image is depicted in Fig. 7.2a, while the XEDS line
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Fig. 7.1: (a) Stress×Thickness versus Thickness plot for ~1.5 µm GaN grown on four
different buffer layers. From top to bottom: 80 nm thick slow-growth AlN, ~120 nm thick
graded AlxGa1-xN, ~290 nm thick graded AlxGa1-xN and ~560 nm thick graded AlxGa1-xN.
The black vertical lines crossing the individual curves mark the start of the GaN layer
growth. (b) Mean Stress versus Thickness plot for the same four samples.

scan profile is plotted in Fig. 7.2b. As is evident from the XEDS line scan, the grading
profile is essentially linear from the time the TMG MFC is switched into the reactor until
very close to the end of the grade, at which time the composition becomes slightly
gallium-enriched. This suggests that the TMA mass flow controller or the TMA flux
from the bubbler at very low flow rates may not follow the linear input for the setpoint.
It is interesting to note that the stress evolution in the thickest two graded buffer layers is
actually quite complex. The compressive incremental growth stress starts out with a
relatively large value before relaxing in the middle portion of the grade, which
corresponds to approximately the 80-50% Al-fraction range. As the grade progresses
towards the Ga-rich end the incremental stress again increases. This behavior is most
clearly seen in the mean stress curves in Fig. 7.1b, for which there is a local maximum in
the curve (minimum in the mean compressive stress) near the middle of the graded buffer
layer. This is clearly not due to the grading profile in the buffer layer, as determined by
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Fig. 7.2: (a) HAADF STEM image near the SiC interface with the ~560 nm thick
compositionally graded buffer layer. (b) XEDS line profile corresponding to the region
in the STEM image directly above. STEM image was collected along 1-100 the GaN
zone axis.
the XEDS line profile, which would cause the incremental stress to continually increase
throughout the profile. This is likely the result of a combination of the stress generation
and relaxation mechanisms discussed in Chapter 5, but for the specific case in which the
epitaxial mismatch stress is continuously changing throughout the growth. The complex
shape is therefore a question of which mechanisms are dominant in each portion of the
graded buffer.

It is not possible to determine from the specimens prepared to what degree each of the
mechanisms is operative. Additional TEM imaging of the 560 µm graded buffer layer
178

sample was performed, and the 11 2 0 Weak-Beam Dark Field (WBDF) image is
presented in Fig. 7.3a. As can be seen in Fig. 7.3a, the dislocation density near the
interface with the SiC substrate is extremely high, and the dislocation line directions
appear to be essentially normal to the interface.

However, the dislocation density

decreases as the grade progresses and individual dislocations become distinguishable.
The dislocation line directions tend to become increasingly inclined within the buffer
layer as the thickness (Ga-content) increases. Many of the dislocations that originated at
the interface were eliminated by the end of the graded buffer layer, yet a significant
density remained. Upon initiation of the GaN epilayer growth the dislocation density
decreased dramatically, within tens of nanometers of the end of the grade.

The

dislocations that propagated into the GaN were inclined with respect to the interface
normal by an average angle of 29.9 +/- 6.5º near the buffer layer. At the top surface of
the GaN the average inclination angle is 19.4 +/- 5.3º, for the few dislocations that are
visible. It is interesting to note that two pure screw dislocations were detected in the
corresponding 0002 WBDF (not shown), which is unusual for GaN, for which pure screw
dislocations normally represent 0.1-1% of the total threading dislocation density

37

. In

addition, no pure edge dislocations were identified in the area imaged, which is also
highly atypical for GaN growth for which pure edge dislocations often dominate 36. For
AlN grown on SiC a similar observation was attributed to the use of CMP finished
substrates 38.

In comparison, the 11 2 0 WBDF cross-section TEM image of the ~120 nm thick
compositionally graded buffer layer (pictured in Fig. 7.3b) reveals a very high dislocation
density near the SiC interface, which does not noticeably decrease by the end of the grade.
Again, a majority of the dislocations within the graded buffer layer are stopped near the
transition to GaN epilayer growth. The average projected dislocation inclination angle
near the interface is 37.2 +/- 10.1º. This value is roughly comparable to that found for the
560 nm thick graded buffer layer. Several dislocations clearly bend and travel parallel to
the interface for a distance, before again becoming inclined with respect to the growth
direction. Since these dislocations have an edge component, these segments will act as
“misfit dislocation” segments to relieve the in-plane compressive stress. By looking at
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Fig. 7.3: 11-20 WBDF TEM cross-section images of (a) ~1.5 µm GaN on ~560 nm graded AlN-GaN buffer layer (b) ~1.5 µm
GaN on ~120 nm graded AlN-GaN buffer layer.
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the image it is clear that the dislocations within the first 500 nm of the structure are
rapidly evolving. After approximately 500 nm of total thickness, the dislocation structure
largely reaches a steady-state with an average projected inclination angle near the top
surface of 21.0 +/- 11.9º. In this region of the sample the standard dislocation effective
climb model appears applicable and likely explains the gradual relaxation of the
compressive incremental growth stress. It is interesting to note in Fig. 7.1b that the mean
compressive stress in the sample with the ~120 nm thick graded buffer layer decreases
much more rapidly than in the sample with the ~560 nm thick graded layer. It seems
likely that the difference in dislocation activity is responsible. Thus for GaN films, it
appears that the compositionally graded buffer layers are effective at increasing the mean
compressive stress and at decreasing the overall dislocation density in the GaN epilayer.

7.2.2 Al0.50Ga0.50N Epilayer
A set of samples similar to the ones described in the previous section was prepared
with a nominally 1.5 µm thick Al0.50Ga0.50N epilayer. Again, a reference sample with a
~80 nm thick slow-growth AlN buffer layer was prepared, along with two
compositionally graded buffer layers nominally 270 nm and 520 nm thick. As before,
only the TMA was switched into the reactor for the first 15 seconds of graded buffer
layer growth, after which the TMG was switched in at the minimum controllable flow
rate.

Both setpoints were subsequently linearly ramped to the final values, which

nominally corresponded to half of the grade used for GaN films.

The stress×thickness versus thickness curves for all three samples are plotted in Fig.
7.4a, while the mean stress versus thickness curves are plotted in Fig. 7.4b. In contrast to
the observations for GaN films in section 7.2.1, it is immediately obvious from Fig. 7.4a
that all three Al0.50Ga0.50N epilayers have a well-defined thickness at which they
transition from compressive to tensile growth.

In addition, the magnitude of the

incremental growth stress at the start of the Al0.50Ga0.50N epilayer decreases with
increasing buffer layer thickness, which is also opposite to the trend observed for GaN
epilayers. The maximum compressive stress was -3.2 GPa (linear fit to the first 61 data
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Fig. 7.4: (a) Stress×Thickness versus Thickness plot for ~1.5 µm Al0.50Ga0.50N grown on
three different buffer layers. From top to bottom: 80 nm thick slow-growth AlN, ~270
nm thick graded AlxGa1-xN and ~520 nm thick graded AlxGa1-xN. The black vertical lines
crossing the individual curves mark the start of the Al0.50Ga0.50N layer growth. (b) Mean
Stress versus Thickness plot for the same three samples.
points, R2 = 0.96) on the AlN buffer layer, which decreased to -0.6 GPa (linear fit to the
first 68 data points, R2 = 0.36) on the 520 nm thick graded buffer layer. The shape of the
stress×thickness versus thickness curve that was measured for the 560 nm thick AlN-GaN
graded buffer layer is replicated in the 520 nm thick AlN-Al0.50Ga0.50N buffer layer.
Thus, the incremental stress in the buffer layer is greatest at the start of growth and
gradually decreases to a minimum in the middle of the buffer layer before finally
increasing in magnitude toward the Al0.50Ga0.50N-end of the grade. However, as observed
in Fig. 7.4b, the magnitude of the mean stress in the 520 nm thick buffer layer does not
recover as was seen for the AlN-GaN 560 nm thick graded buffer layer. In this sample,
the mean stress continuously decreases as the sample thickness increases. The pattern in
the 270 nm thick AlN- Al0.50Ga0.50N graded buffer layer more closely resembles the 290
nm thick AlN-GaN graded buffer layer. However, ultimately, all three samples with
equivalent ~1.5 µm thick Al0.50Ga0.50N epilayers end at approximately the same mean
stress, which is nearly zero. If the samples were grown slightly thicker, then all three
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structures would have ended with overall tensile mean stress, which is not promising for
the development of low-defect device structures.

To examine the dislocation density and evolution, a cross-section sample from the 520
nm thick graded buffer layers sample was prepared for TEM analysis. The 112 0 WBDF
image is shown in Fig. 7.5.

In comparison to the previous samples, this image

demonstrates that the dislocation density in the thick graded buffer layer remains high
and a large fraction of the dislocations propagate into the Al0.50Ga0.50N epilayer. Visually
it is possible to tell that some dislocations become inclined near or within the buffer layer,
but it is difficult to obtain a measurement of the inclination angle due to the extremely
high density. The average inclination angle near the top surface is 3.6 +/- 2.6º. Even

500 nm

g

Fig. 7.5: 1120 WBDF TEM cross-section image of ~1.5 µm of Al0.50Ga0.50N on ~520
nm graded AlN-Al0.50Ga0.50N buffer layer.
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though this value is very low, the extremely high density of dislocations present
throughout the sample could lead to a large contribution to the tensile stress evolution
from the dislocation effective climb mechanism. As discussed in Chapter 5.3.2 on the
stress evolution in the “AlxGa1-xN” behavioral regime, this mechanism along with
morphological evolution likely explain the eventual transition into tensile growth stress.

7.2.3 Al0.70Ga0.70N Epilayer
Another set of samples similar to the ones described in the previous section was
prepared with a nominally 0.5 µm thick Al0.70Ga0.30N epilayer.

Again, a reference

sample with a ~80 nm thick slow-growth AlN buffer layer was prepared, along with two
compositionally graded buffer layers. The first was nominally 260 nm thick, while the
second was ~80-90 nm thick but prepared under slow-growth conditions. As before, only
the TMA was switched into the reactor for the first 15 seconds of graded buffer layer
growth, after which the TMG was switched in at the minimum controllable flow rate.
Again, the setpoints for both precursor MFCs were subsequently linearly ramped to the
final values, which nominally corresponded to 25% of the grade used for AlN-GaN
buffer layers.

The stress×thickness versus thickness curves for all three samples are plotted in Fig.
7.6a, while the mean stress versus thickness curves are plotted in Fig. 7.6b. One can see
from Fig. 7.6a and 7.6b that both Al0.70Ga0.30N epilayers grown on compositionally
graded buffer layers end under much larger tensile incremental growth stress (and
therefore less compressive mean stress) than the epilayer grown on the ~80 nm slowgrowth AlN buffer layer. This contrasts sharply with the observations for both GaN and
Al0.50Ga0.50N films in sections 7.2.1 and 7.2.2 for which the graded buffer layers induced
greater compressive stress or were at least comparable to the AlN buffer layer. In fact, in
this series the Al0.70Ga0.30N grown on the AlN buffer layer appears to just start
transitioning to tensile growth near the final thickness, compared to the samples on
graded buffers which transition much sooner.

The 0.5 µm epilayer thickness was

specifically chosen to prevent the Al0.70Ga0.30N on the 260 nm thick graded buffer layer
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Fig. 7.6: (a) Stress×Thickness versus Thickness plot for ~0.5 µm Al0.70Ga0.30N grown on
three different buffer layers. From top to bottom: 80 nm thick slow-growth AlN, ~80-90
nm thick slow-growth graded AlxGa1-xN and ~260 nm thick graded AlxGa1-xN. The black
vertical lines crossing the individual curves mark the start of the Al0.50Ga0.50N layer
growth. (b) Mean Stress versus Thickness plot for the same three samples.

from transitioning into mean tensile stress, and growth was stopped when the curvature
reached the starting value from the 1100 ºC hold. Otherwise, if the growth had been
continued, a comparable 1.5 µm thick sample at this composition would likely have
undergone relaxation through film cracking during growth, which would have
complicated the subsequent analysis of the film.

Note that the optimum conditions for AlN buffer layer growth were found to be at very
low growth rates (~0.20 to 0.25 µm / hr). Since the average Al-fraction of the buffer
layer in this series is very close to that of AlN, it was thought that perhaps the growth rate
of the graded buffer layer (~1.54 µm / hr) was too high, and was the cause of the poor
performance. Hence, a second graded buffer layer sample was prepared with an average
growth buffer layer growth rate of ~0.27 µm / hr, while the Al0.70Ga0.30N epilayer growth
rate was maintained at 1.46 µm / hr. However, the transition between the two growth
rates did require a 30 second growth interruption between the buffer layer and the
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epilayer growth segments, similar to the practice employed for the ~80 nm AlN buffer
layer growth. The stress evolution of this sample is “unique”. However, the reduced
growth rate did not improve upon the final mean stress achieved using the 260 nm thick
graded buffer layer. Overall, the use of graded buffer layers in the very high Al-fraction
regime appears to actually be detrimental from stress evolution considerations.

To further examine why the graded buffer layers were ineffective for this composition
range, the Al0.70Ga0.30N on 260 nm thick graded buffer sample was prepared for TEM
cross-section analysis. The 11 2 0 WBDF TEM cross-section image is shown in Fig. 7.7.
As previously observed for the Al0.50Ga0.50N epilayer in Fig. 7.5, the dislocation density
in this sample is also very high near the SiC interface. Very little dislocation reduction is
evident within the graded buffer layer itself, and a large number of dislocations propagate
into the Al0.70Ga0.30N epilayer. Again, some inclination of dislocations within the graded
buffer layer and / or the epilayer near the buffer layer is visually perceptible, but the
density of is so high that measurement of the angle is difficult. Near the top surface the
average projected dislocation angle is 3.1 +/- 1.5º, which is quite similar to the value
found previously for the top surface of the Al0.50Ga0.50N epilayer.

Note that the

Al0.50Ga0.50N sample buffer layer was twice as thick and the epilayer was three times as
thick as the Al0.70Ga0.30N sample pictured in Fig. 7.7.
In general, the analysis discussed previously in section 7.2.2 appears to apply here as
well. Though the inclination angle is very low, the dislocation density is extremely high,
and hence the dislocation effective climb model may account for a significant portion of
the tensile stress generated. A more detailed study of the morphological evolution would
be required to comment on the relative role of that mechanism in the overall stress
evolution, but it is likely that contribution is significant, as discussed in Chapter 5.3.3. In
addition, the compressive epitaxial mismatch stress available to offset the tensile stress
substantially decreases as the Al-fraction of the epilayer increases. The sum of these
three mechanisms likely explains why compositionally graded buffer layers are
detrimental in this composition regime.
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Fig. 7.7: 11 20 WBDF TEM cross-section image of ~0.5 µm of Al0.70Ga0.30N on ~260
nm graded AlN-Al0.70Ga0.30N buffer layer.

7.3 Summary and Conclusions

This chapter explored the stress evolution of epilayers grown on compositionally
graded buffer layers from three different epilayer composition ranges: GaN, Al0.50Ga0.50N
and Al0.70Ga0.30N epilayers. In all cases the performance of the graded buffer layer was
compared against that of a standard ~80 nm thick slow-growth AlN buffer layer. The
intention of this series of experiments was to determine whether the compositionally
graded buffer layers induced additional mean compressive stress in the total structure
after the growth of a fixed thickness of epilayer. Multiple graded buffer layer thicknesses
were explored in each composition regime.
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For AlN-GaN graded buffer layers with GaN epilayers it was found that increasing the
thickness of the graded buffer layer increased the compressive incremental growth stress
at the start of the epilayer growth, and also increased the final mean compressive stress in
the structure, as anticipated. This was correlated with decreased dislocation density at the
end of the buffer segment for the thickest graded buffer layer, as determined by crosssection TEM analysis. Many of the dislocations that remained in the graded buffer layer
were inclined with respect to the growth direction, and the majority of the dislocations
terminated at the end of the buffer layer segment and did not propagate into the GaN
epilayer. It is noted that no growth interruption was made between the buffer layer and
the epilayer. Of the dislocations that did propagate into the GaN epilayer, the average
inclination angle was 29.9 +/- 6.5º near the interface which subsequently decreased to
19.4 +/- 5.3º near the GaN top surface. This suggests that the dislocation effective climb
mechanism may be active in this system, leading to compressive stress relaxation / tensile
stress generation. However, the dislocation density is sufficiently low that relatively little
activity is likely in spite of the large inclination angle, and the samples remain under
compressive growth stress throughout the thickness grown. Thus, the graded buffer
layers had the intended effect for GaN films grown on SiC. However, it was noted that
while the increased compressive stress would effectively manage sample cracking for
thick layers, it also had the negative impact of increasing the wafer bow during growth.
Sufficiently large substrate curvature during growth can lead to temperature and growth
rate non-uniformity across the wafer.

Al0.50Ga0.50N epilayers grown on AlN- Al0.50Ga0.50N graded buffer layers behaved
differently than the GaN epilayers and buffer layers described above. First, all of the
Al0.50Ga0.50N films transitioned from initial compressive growth into final tensile growth,
as is typical of the “AlxGa1-xN” behavioral regime. The mean stress at the end of growth
for the AlN buffer layer reference sample and both graded buffer layer samples was
approximately the same. In this regime, the thickness of the graded buffer layer made
little difference. Cross-sectional TEM analysis of the thickest graded buffer layer sample
revealed that the high density of dislocations near the SiC interface did not significantly
decrease as near the Al0.50Ga0.50N interface, and the majority of these dislocations
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propagated into the epilayer. The density of dislocations was too high to estimate the
inclination angle near the buffer-epilayer interface, but the angle near the top surface was
3.6 +/- 2.6º. Though the inclination angle is small compared to that found for the GaN
sample, the density is very high and so it is possible that the dislocation effective climb
model plays an important role in the stress evolution in this regime. This conclusion was
also mentioned in Chapter 5 in section 5.3.2, along with the importance of morphological
evolution within the samples. However, additional experiments would be required to
ascertain more precisely the role of morphological evolution in the graded buffer layer
samples. Considering the general failure to achieve the stated goal of increasing the
compressive stress and / or reducing the dislocation density, it was decided not to pursue
this avenue further.

Three Al0.70Ga0.30N epilayers were grown on different buffer layers.

Again, the

reference AlN buffer layer was employed along with two different graded buffer layers of
different overall thickness and grown at different rates. In this compositional regime, the
standard AlN buffer layer performed the best, with the graded buffer layers introducing
substantial tensile growth stress leading to much less compressive mean stress at the end
of the structure growth. It was determined that the poor performance of the graded buffer
layer was not due to the growth rate. This was inferred from the observation that the
structure grown using a graded buffer layer of nominally the same thickness and growth
rate as the AlN reference buffer layer was at approximately the same mean stress at the
end of growth as the previously grown graded buffer layer.

Cross-sectional TEM

analysis of the thicker, high growth rate graded buffer layer sample again demonstrated a
similar trend to that reported for the Al0.50Ga0.50N sample. The very high dislocation
density near the SiC interface tended to propagate upwards through the buffer layer and
into the epilayer. Little dislocation inclination was detected in the buffer layer region,
and again the dislocation density was too high to easily allow a determination of the
inclination angle within the buffer layer or the epilayer, near the interface. The average
projected dislocation inclination angle within the top portion of the Al0.70Ga0.30N epilayer
was 3.1 +/- 1.5º. Again, though the magnitude of the angle is small, the very high density
of dislocations could easily lead to a high rate of compressive stress relaxation / tensile
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stress generation due to the dislocation effective climb mechanism. As with the “Al-rich”
behavioral regime, it is expected that morphological evolution plays a substantial role in
the stress evolution in these samples, but a more detailed analysis would be required to
determine the precise role. Again, given the poor performance of the graded buffer layers
in this regime, it was decided not to continue with more detailed research.

Overall, the study of graded buffer layers confirms that the evolution of dislocations
within the structure of the buffer layer and the epilayer plays a considerable role in the
stress evolution of the structure. The stated goal of reducing the tensile growth stress or
the dislocation density in Al-rich AlxGa1-xN films was not achieved. However, the
concept of the graded buffer layer was proven effective for Ga-rich epilayers. The
potential exists for optimization of the graded buffer layers through the use of other
means to induce dislocation bending, such as switching from a linearly graded buffer
layer to a step-graded structure. It is possible that the higher incremental stress levels
achievable through step changes in the composition may induce sufficient compressive
stress to cause the dislocations to become inclined with respect to the growth direction,
which in turn would promote dislocation interaction and annihilation. In this latter case
the bending of the dislocations would still likely produce a tensile stress, defeating the
first stated purpose for the use of graded buffer layers.
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Chapter 8
Thesis Summary and Future Work

8.1 Summary

AlxGa1-xN is a wide band gap compound semiconductor material with the desirable
properties of high chemical and thermal stability as well as a direct band gap. This
makes AlxGa1-xN uniquely suitable for fabrication of deep-ultraviolet (UV)
optoelectronic devices. However, to fabricate devices that are active at various UV
wavelengths a range of AlxGa1-xN compositions must be deposited, often within the same
device structure. Empirical observations have shown that the tendency to crack increases
with the aluminum content of the alloy, though the reason for this hasn’t been clear.
Traditionally the stress evolution in nitride thin films has been attributed simply to the
combination of epitaxial misfit stresses and coefficient of thermal expansion mismatch
between the film and substrate, possibly with the inclusion of relaxation mechanisms. In
the case of growth on SiC substrates, the compressive epitaxial (CTE) mismatch with the
substrate decreases as the Al-fraction of the film increases. It is often assumed that this
compressive growth stress eventually relaxes completely, leaving the top surface of the
film stress-free at the growth temperature. This would point to the CTE mismatch as the
main contributor to room temperature stress, which for the nitrides on SiC leads to a
tensile stress. However the CTE mismatch is largest between GaN and SiC, indicating
that Al-rich AlxGa1-xN films should be less prone to cracking than GaN, opposite to the
observed trend.

In Chapter 5, the changes in the pattern of stress evolution as the Al-fraction of the
AlxGa1-xN thin films was varied from the so called “Ga-rich” regime through the
“AlxGa1-xN” regime and into the “Al-rich” regime were investigated.

In situ

measurements have demonstrated that the stress evolution is considerably more complex
than has been assumed to date.

Gallium-rich alloys were observed to follow the

previously reported pattern, initially growing in compression which evolved with film
thickness such that the surface became largely stress-free at growth temperature after
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growth of approximately 3 µm of GaN.

However, as the Al-fraction increased,

eventually a composition was reached at which the growth stress changed from initially
compressive and became tensile toward the end of growth.

This behavior was

characteristic of the “AlxGa1-xN” regime. As the Al-fraction was increased, the thickness
at which the growth stress transitioned into tension decreased. When the Al-fraction was
increased sufficiently high, the behavior changed to “Al-rich”.

Even though a

compressive epitaxial misfit between the AlxGa1-xN epilayer and the strained AlN buffer
layer was calculated at the growth temperature, the AlxGa1-xN growth stress was actually
tensile from the start of growth.

Five distinct stress generation or relaxation mechanisms were considered in each of
the behavioral regimes. The first was the epitaxial misfit stress between the AlxGa1-xN
layer and the underlying strained AlN buffer layer. The second mechanism was the
introduction of a misfit dislocation array at the interface between isolated AlxGa1-xN
islands and the strained AlN buffer layer once the critical thickness had been surpassed.
The third mechanism considered was dislocation “effective climb” through the
inclination of threading dislocations which then propagate at an angle to the normal to the
growth direction, and which angle subsequently evolved with film thickness before
reaching a steady-state value. The fourth mechanism considered was the introduction of
dislocations throughout the volume of the strained AlxGa1-xN layer at the bottom of
surface irregularities in the fully continuous film.

The fifth and final mechanism

considered was morphological evolution of the film microstructure. Here ‘morphological
evolution’ is a complex term defined as the combination of four distinct but related
processes: initial island contact, subsequent changes in the ratio of the grain boundary
height to film thickness ratio between islands that have previously contacted, elastic
deformation of the sidewalls of pits in the surface, and the overgrowth and closure of the
pits which are present in the AlN buffer layer. The behavior across the composition
range studied was qualitatively described by assessing which of these five mechanisms
were likely to be active, and approximately to what relative degree.
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The strain in the AlN buffer layer played a significant role in determining the epitaxial
misfit stress in the AlxGa1-xN epilayer in Chapter 5, thus a more detailed study of the
buffer layer was undertaken in Chapter 6. The goal of the study discussed in Chapter 6
was to determine the role of the AlN buffer layer in the stress evolution of the AlxGa1-xN
epilayer, and also to attempt to develop a “better” quality buffer layer. First the effect of
growth temperature on the morphology and stress evolution of ~90 nm thick AlN layers
on 4H-SiC with standard “Epi Ready” mechanically polished Si-surface. Next the effect
of the SiC surface finish on the AlN nucleation and coalescence was evaluated to
determine the source of the pits in the AlN surface.

The third part of the study

investigated the effect of changing the ratio of NH3 to the Al-precursor (V/III ratio)
during the AlN buffer layer growth on the subsequent AlxGa1-xN stress evolution.
Increasing V/III ratio was found to decrease the growth rate, improve the crystalline
quality of the AlN as assessed by x-ray diffraction rocking curves and decrease the
surface roughness of the buffer layer. This in turn was found to significantly increase the
initial compressive growth stress in the overlying AlxGa1-xN thin film and delay the
eventual transition into tensile growth. Cross-section transmission electron microscopy
analysis revealed that the dislocation density and angle with respect to the growth
direction were strongly tied to the growth conditions of the AlN buffer layer, suggesting
that optimization of the buffer layer could provide a means to effectively manage the
stress in the AlxGa1-xN thin films. The final portion of Chapter 6 briefly covered the
attempts to use interrupted precursor flows to improve the morphological evolution of the
AlN, which was found in the end to be detrimental.

Chapter 7 incorporated the results of the previous two chapters to look at the
effectiveness of compositionally graded buffer layers. Previous reports for growth of
GaN on Si (111) substrates indicated that changing from a monolithic AlN buffer layer to
a compositionally graded AlxGa1-xN (x from 1 to 0) layer could effectively alter the
tendency of GaN on that substrate to transition to tensile growth and crack

143,144

. The

effectiveness of the compositionally graded AlxGa1-xN (x from 1 to composition of
epilayer) buffer layer was assessed for different thicknesses of buffer layer and for three
different epilayer compositions, one from each behavioral regime. As was discussed in
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Chapter 6, AlN on SiC was determined to grow initially in compression on SiC, so the
dislocation reduction was expected to occur in all samples, regardless of whether the
compositional grade went completely from x = 1 to i = 0 or stopped at some intermediate
value.

In situ MOSS measurements and post-growth cross-section TEM analysis

demonstrated that this was not the case. The grade from x =1 to x = 0 was effective in
reducing the dislocation density in the GaN epilayer, and in introducing additional
compressive mean stress at the end of the structure growth. The graded buffer from x = 1
to x ≈ 0.5 did not significantly improve upon the standard AlN buffer layer for the
Al0.50Ga0.50N epilayers investigated.

The final mean stress in all structures was

approximately the same, and the TEM cross-section sample of the thickest graded buffer
layer sample revealed a much smaller fraction of dislocation reduction induced by the
graded buffer layer. The graded buffer from x = 1 to x ≈ 0.7 did not perform as well as
the standard AlN buffer layer for the Al0.70Ga0.30N epilayers investigated.

The

Al0.70Ga0.30N epilayers on the graded buffer layers ended under a larger tensile growth
stress than the Al0.70Ga0.30N epilayer of the standard buffer AlN buffer layer. In addition,
as for the Al0.50Ga0.50N TEM sample, the dislocation reduction was found to be minimal
using graded buffer layers in this regime.

Though much has been learned through the experiments detailed in Chapters 5-7, there
is still a great deal more to be learned about the mechanisms driving stress evolution
during AlxGa1-xN growth by MOCVD on SiC substrates. Several attempts were made to
optimize the process to increase the crack-free film thickness achievable and reduce the
dislocation density, which is directly related to the thickness of the epilayer grown.
Several additional suggestions for future work in this field are made in the following
section.

8.2 Future Work

8.2.1 Preliminary SiH4 Doping Study
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To fabricate useful optoelectronic devices, some portion of the device must be
intentionally doped to introduce charge carriers. For the group-III nitrides, silicon is the
preferred n-type dopant, and as such, is of primary interest for initial doping experiments.
One initial experiment with intentional silicon doping of an Al0.28Ga0.72N sample was
conducted to investigate the effect of SiH4 introduction on stress evolution and
dislocation behavior. A standard ~85 nm thick slow-growth AlN buffer layer was grown
at nominally 1100 ºC on the CMP-finished Si-face of a 6H-SiC substrate. This was
followed by growth of ~200 nm of nominally undoped Al0.28Ga0.72N, after which SiH4
was switched into the reactor at a group-III / Si ratio of 2000 without any growth
interruption. An equivalent thickness of Si-doped Al0.28Ga0.72N was then grown.
The stress×thickness versus thickness curve for this sample is plotted in Fig. 8.1a. As
was previously determined in Chapter 6, the AlN buffer layer grows under a compressive
stress.

As determined for “AlxGa1-xN”-type behavior in Chapter 5, the nominally

undoped Al0.28Ga0.72N grows initially in compression due to epitaxial mismatch with the
strained AlN buffer layer. The growth stress begins to relax within the ~200 nm of
undoped Al0.28Ga0.72N grown. As previously discussed in Chapter 5, there are a variety
of mechanisms at work within the “AlxGa1-xN” behavioral regime which account for the
relaxation of the compressive growth stress, one of which is the dislocation effective
climb model first proposed by Romanov and Speck 62 to explain the results presented by
Cantu et al.
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. In that report, Si-doped Al0.49Ga0.51N was grown on thick, nominally-

undoped Al0.62Ga0.38N layers on sapphire.

Threading dislocations with an edge

component were observed to bend at the interface between the two layers, and the angle
of inclination was found to increase with the Si-doping level. This led the authors to
conclude that the presence of silicon was an essential aspect of the mechanism through
the roughening effect associated with Si-doping. The AFM tapping mode height image
of the top surface of the Si-doped Al0.28Ga0.72N structure pictured in Fig. 8.1b does indeed
demonstrate a different morphology from that previously observed for “AlxGa1-xN“-type
behavior.
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Fig. 8.1: (a) Stress×Thickness versus Thickness plot of Si-doped Al0.28Ga0.72N sample.
(b) 2 × 2 µm AFM tapping mode height image of the surface of the doped sample, on a
7.5 nm z-scale. (c) 0002 WBDF cross-section TEM image of the same sample. (d) 1120
WBDF cross-section TEM image of the same region as (c). The arrows in each figure
denote the point were SiH4 was added during growth.
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However, the MOSS measurements shown in Fig. 8.1a indicate that the stress
relaxation was already underway before silicon was introduced into the reactor. Two
weak-beam dark-field cross-section TEM images for 0002 and 11 2 0 diffraction
conditions are shown in Fig. 8.1c and Fig. 8.1d. The average projected dislocation angle
with respect to the growth direction determined from the image in Fig. 8.1d in the top 100
nm of nominally undoped Al0.28Ga0.72N is 8.1 +/- 5.7º. This suggests that dislocation
inclination is possible in the absence of intentional Si-doping. A substantial dislocation
inclination angle was also measured from the TEM analysis in Chapter 6 of the
Al0.44Ga0.56N sample grown on the high V/III ratio AlN buffer layer on SiC. It is notable
that no intentional Si-doping was introduced in that sample.

A similar result was

reported by Follstaedt et al., who reported that dislocations within AlxGa1-xN (x = 0.61 –
0.64) grown on a thick AlN layer on sapphire bent at the interface between the epilayer
and buffer layer, 120 nm before the Si-dopant was introduced 103.

Referring to Figs. 8.1a and 8.1d, it is evident that the growth stress discontinuously
changes from compression (-0.5 GPa, linear fit to the last 100 data points in the
nominally undoped region, R2 = 0.63) to tension (+0.6 GPa, linear fit to the first 100 data
points in the Si-doped region, R2 = 0.69) upon introduction of silane, which is
accompanied by a statistically significant increase in the projected dislocation inclination
angle to 17.0 +/- 4.9º. Note that growth was not interrupted to switch in the SiH4, and the
precursor flow rates were not changed, implying that the Al-compositions of the
nominally undoped and intentionally Si-doped AlxGa1-xN layers should be identical.
Thus, the change in the growth stress and the projected dislocation inclination angle are
both directly attributable to the introduction of SiH4 alone. It is hypothesized that the
change in the dislocation angle is the cause of the increased tensile stress generated
through the dislocation effective climb mechanism.

This is the first observation

combining direct in situ measurements of growth stress during Si-doping of AlxGa1-xN
with post-growth TEM analysis of the dislocation microstructure. The detailed study of
this effect remains for future work.

8.2.2 Suggested Areas of Future Research
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Based on the results of Chapters 5-7 and the preliminary experiment presented in
section 8.2.1, several additional experimental series are suggested to further clarify the
origins of growth stresses in AlxGa1-xN on SiC and to improve the quality of material for
future optoelectronic device fabrication.

The preliminary experiment employed a relatively high SiH4 flow rate intended to
verify the effect of SiH4 doping. Further experiments are suggested to determine the
effect of a range of meaningful Si-doping levels on stress evolution and dislocation
microstructure for a fixed composition of AlxGa1-xN.

Additional electrical

characterization of the resulting materials to determine the actual electron concentration
and mobility achieved would also be advisable. The former can be determined from
capacitance-voltage measurements (CV) or from Hall-effect transport measurements,
which can also simultaneously determine the mobility of the charge carrier.

The

equipment for both measurement techniques is readily available at this University.

As previously mentioned, fabrication of optoelectronic devices operating in the UV to
the deep-UV requires the use of multiple different compositions of AlxGa1-xN, many of
the layers with doping. It is therefore suggested that a second series of experiments
similar to the one in section 8.2.1 be conducted with a fixed Si-doping level exploring the
effects over varying AlxGa1-xN Al-fraction.

For this series, a nominally undoped

reference sample of the same composition and total structure thickness should be grown
for each composition explored. At the minimum, one sample should be prepared for each
of the three behavioral regimes discussed in Chapter 5.

Another potentially interesting area of research is the use of a surfactant during growth
to potentially alter the growth mode. If a surfactant can be successfully identified then it
is possible that one or more of the stress generation and / or relaxation mechanisms could
be fundamentally altered. In particular, an increase in the island size at coalescence could
decrease both the tensile stress generated and the dislocations formed at the grain
boundaries. This could be combined with Si-doping experiments to attempt to minimize
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the tensile stress generated by doping. Several literature reports have suggested that
indium can act as a surfactant for GaN and AlxGa1-xN under suitable growth conditions
38,146-149

. Reportedly co-doping with indium and silicon improves the n-type electrical

activity as well

150

. Many of the reports indicate that the growth temperature must be

optimized as well as the In-doping levels. The choice nitrogen or hydrogen as carrier gas
in the reactor also influences the final outcome. This proposed study could be very
involved as multiple parameters could be investigated and optimized, with a variety of
characterization techniques required to support the efforts.

As a final suggestion for future work, it is recognized that the majority of
optoelectronic devices require both electron and hole carriers to function. Magnesium is
typically the p-type dopant of choice in the group-III nitride system. A study by Terao et
al. based on in situ MOSS stress measurements of

AlxGa1-xN (x < 0.20) / GaN

heterostructures on sapphire indicated that Mg-doping decreases the critical thickness for
cracking, similar to the effect of Si-doping 60. The increase in stress was attributed to a
solid solution hardening effect in which the biaxial modulus of the doped epilayer
increased, and not the value of the strain itself. A further investigation for AlxGa1-xN
layers grown on SiC would be beneficial. Specifically, it would be interesting to look for
a similar doping-induced dislocation bending correlated with any changes in growth
stress. A similar series of studies to those proposed above for Si-doping would be
desirable. The MOCVD equipment used to carry out the research in this thesis is
currently equipped with the necessary hardware to add a liquid bubbler Mg-source.
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