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ABSTRACT
Nd:YAG transparent ceramics have the potential to replace Czochralski grown single
crystals in high power laser applications. However, after more than 20 years of development,
there has been only limited application of these potentially revolutionary materials. In order to
improve the processing and properties of Nd:YAG transparent ceramics and facilitate increased
adoption, this dissertation explores the effects of sintering aids on defects, densification and
single crystal conversion (SCC) of Nd:YAG ceramics.
To explore the role of SiO2 doping in densification and microstructure development of
Nd:YAG transparent ceramics, 1 at% Nd:YAG powders were doped with 0.035-0.28 wt% SiO2
and vacuum sintered between 1484oC and 1750oC. 29Si magic-angle spinning nuclear magnetic
resonance showed that Si4+ substitutes onto tetrahedrally coordinated Al3+ sites at sintering
temperatures > 1600oC. High resolution transmission electron microscopy showed no grain
boundary second phases for all silica levels in samples sintered at 1600-1750oC. Coarsening was
limited by a solute drag mechanism as suggested by cubic grain growth kinetics and TEM energy
dispersive x-ray spectroscopy observations of increased Nd3+ concentration near grain
boundaries. Increasing SiO2 content increased both densification and grain growth rate and led
to increasingly coarsening-dominated sintering trajectories. The average grain size could be
controlled (2.8 μm – 18 μm) in highly transparent ceramics using a combination of SiO2 content,
sintering temperature, and sintering time.
B2O3-SiO2 was shown to act as a transient liquid phase sintering aid that reduces the
sintering temperature of Nd:YAG ceramics to 1600oC. 1 at% Nd:YAG ceramics were doped
with 0.34-1.35 mol% B2O3-SiO2 and sintered between 1100oC and 1700oC. Dilatometric
measurements showed that B2O3-SiO2 additions increase the densification rate during
intermediate stage sintering relative to SiO2 doped samples. B3+ content is reduced to < 5 ppm in
the samples at temperatures above 1500oC, as determined by mass spectrometry. For B2O3-SiO2
doped samples, final stage densification and grain growth follow a more densifying sintering
trajectory than SiO2 doped 1 at% Nd:YAG ceramics because B2O3-SiO2 doping reduces SiO2
content during final stage densification. The increased densification kinetics during intermediate
iii

stage sintering lead to highly transparent (84% in-line transmission at 400 nm) Nd:YAG
ceramics when sintered at 1600oC in either vacuum or flowing O2.
Optical absorption spectroscopy and electron spin resonance were used to study the
effects of SiO2 doping on color center formation in Nd:YAG transparent ceramics. The primary
color centers in sintered samples were F and F+-centers as evidenced by optical absorption in the
250 nm to 400 nm wavelength range and the presence of an electron spin resonance line at g =
1.9977. Annealing in air at 1600oC for 10 h eliminated/reduced the number of color centers in
the sample. The color center induced optical absorption was similar in the 280 nm to 400 nm
wavelength range between 0.035 wt% and 0.28 wt% SiO2 doped 1 at% Nd:YAG. This indicates
that SiO2 doping has little or no effect on color center formation during sintering. Instead, color
center formation was shown to be controlled by oxidation and reduction of variable valence
impurity ions, primarily Fe2+/3+. After irradiating samples with ultraviolet light, optical
absorption increased in the 250 nm to 800 nm wavelength range. Optical absorption in this
range was associated with the formation of aggregate F-centers such as F2 and F2+ centers. After
ultraviolet irradiation, two overlapping electron spin resonance lines were observed at g = 1.9987
and g = 2.0232 that are consistent with F+- and Oh- center formation. SiO2 content did not affect
irradiation induced color center formation, as shown by similar optical absorption and electron
spin resonance spin counts in 0.035 and 0.28 wt% SiO2 doped 1 at% Nd:YAG transparent
ceramics.
Two different SCC methods have been demonstrated for Nd:YAG ceramics. The solid state
method utilizes SiO2 to increase grain boundary mobility at the seed crystal/polycrystal interface
leading to crystals up to 5 mm x 5 mm x 460 μm. Exaggerated grain growth in highly SiO2
doped 1 at% Nd:YAG ceramics was found to depend on both SiO2 content and temperature.
Surface doping 1 at% Nd:YAG ceramics with 1 wt% SiO2 led to extended crystal growth up to
1.5 mm at 1600oC.
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Chapter 1
Introduction

1.1 Motivation
In 1960, Maiman1 demonstrated the first laser (light amplification by stimulated emission
of radiation) using flashlamp pumped, naturally occurring ruby as the gain material. In the
intervening 50 years, five Nobel prizes have been awarded for work on or enabled by the laser.
Further, lasers have revolutionized everything from consumer electronics to scientific research
(National Ignition Facility (NIF), light detection and ranging (LIDAR), femtosecond material
processing, Raman spectroscopy), medical practice (arterial plaque elimination, laser-assisted in
situ keratomileusis (LASIK), dental drilling, etc.), and national defense (laser rangefinder and
target identification, tactical high energy laser (THEL), airborne laser (ABL)).
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Solid state lasers are of particular importance for industrial and scientific uses due to their
unique ability to be tailored to specific applications2. The variety of gain materials and laser
system designs possible with solid state lasers lead to an unparalleled range of operational
parameters compared to other types of laser systems. For example, solid state lasers cover the
entire wavelength range from UV to mid-wave infrared, can be pulsed or continuous wave (cw),
pulse duration can vary from μs to ps, peak power ranges from mW to PW, and beam quality is
frequently diffraction limited at lower output powers2.
One specific application where solid state lasers have a clear advantage over other types
of lasers is high repetition rate, high power (> 10 kW) systems where the primary applications
are science and national defense (countering rockets, artillery and mortars)3. Recent high energy
laser programs like the Joint High Power Solid State Laser (JHPSSL) have concentrated on solid
state laser designs based on Nd3xY3-3xAl5O12 (Nd:YAG) gain media because they may achieve
the desired output powers (100-400 kW) with dramatically improved size, weight, and safety
relative to chemical laser systems3,4.
Two types of solid state gain media exist: glass and crystalline materials. Glass gain
materials can be produced on meter size scales with diffraction limited beam quality and have
wider emission linewidths than crystals due to the heterogeneous crystal field inherent to
amorphous materials. This combination of properties makes glass gain media suitable for low
repetition rate, high energy, short pulse applications like the NIF and other inertial fusion
confinement programs5. The low thermo-mechanical properties of glass laser gain media relative
to crystalline materials, however, make them unsuitable for high average power, high repetition
2

rate systems and thus crystalline gain media are the materials of choice for defense applications
like the JHPSSL.3
Nd:YAG is by far the most common crystalline solid state laser gain material, and its
high thermo-mechanical and optical properties make it highly suitable for high power laser
applications. Nd:YAG is commercially produced as single crystals by the Czochralski process
where crystals are grown at 1980oC and require 4-8 weeks to produce meter scale boules. Laser
gain media are then fabricated by cutting and machining pieces from the boule. Optical defects
and heterogeneities inherent to the Czochralski growth process limit the maximum useable size
of Nd:YAG single crystals to 10-20 cm size scales6. The maximum output power of a solid state
laser is described by:2
𝑃𝑜𝑢𝑡 = 𝐶

12𝜍 1−𝜗 𝐾 𝑤𝑙
𝛼𝐸

𝑡

(1.1)

where Pout is the maximum output power, C is a constant describing the efficiency of the laser
system, σ is the fracture strength, ϑ is the poison’s ratio, K is thermal shock resistance, α is
thermal expansion coefficient, E is Young’s modulus, w is the slab width, l is the slab length and
t is the slab thickness. Clearly, the maximum output power is limited by both the size and
thermo-mechanical properties of the gain medium. Laser systems like the JHPSSL require slabs
with linear dimensions approaching 1 m to achieve 100-400 kW output powers, thus Czochralski
grown single crystals may not be suitable for extremely high power laser systems
In 1995, Ikesue et al.7 demonstrated that transparent Nd:YAG ceramics could be
produced using ceramic fabrication techniques like dry pressing and sintering. These materials
had laser slope efficiency and threshold similar to Czochralski grown single crystals. Because
ceramic fabrication processes routinely produce materials with linear dimensions over 1 m,
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ceramic laser materials may be able to meet the size requirements for current and future high
energy laser applications like the JHPSSL8,9. Ceramic processing also allows for relatively easy
manufacture of complex shapes and composite laser designs that may further enhance
performance. To this end, both the National Research Council and Air Force Office of Scientific
Research Advisory Panel have identified ceramic laser gain materials as critical to the future of
high energy laser system3,10.
Since Ikesue’s pioneering work, research on transparent ceramics has seen a tremendous
increase in terms of both publications and government support for both high power lasers and
other applications (high temperature windows, scintillators, etc.). However, there are several
outstanding scientific issues relating to the processing of transparent ceramics that, if properly
addressed, could lead to improved processing and performance.
SiO2 doping is critical to sintering highly transparent Nd:YAG ceramics7,11-14, but there is
disagreement within the literature as to the precise mechanism by which SiO2 enhances
densification and enables sintering to transparency. Ikesue and Kamata15 argue that Si4+
substitutes into Nd:YAG grains aiding phase formation and Nd3+ incorporation into the YAG
structure while others12,16-18 argue that SiO2 exists as part of a liquid phase that enhances
diffusion by liquid phase mechanisms during both intermediate and final stage densification. In
order to understand the role of SiO2 doping in transparent Nd:YAG sintering, it is necessary to
identify its bonding environment during sintering and firmly establish the physical mechanisms
that make SiO2 doping critical to sintering transparent Nd:YAG ceramics. Further, SiO2 has been
identified as the cause of optical defects including second phase particles18,19 and color centers20
in Nd:YAG ceramics and single crystals. In particular, it is important to identify whether SiO2
4

doping plays any role in color center formation because color centers have been shown to limit
both laser11 and scintillator21 performance in YAG ceramics.
By decreasing the average grain size in Nd:YAG transparent ceramics, fracture strength22
and maximum output power (Eq. 1.1) may be increased. While both fine grained23 (< 5 μm) and
coarse grained7 (> 5 μm) Nd:YAG transparent ceramics have been demonstrated in the literature,
there has been no comprehensive study of the links between processing parameters and
microstructure development leading to fine grained, highly transparent Nd:YAG ceramics. To
maximize laser performance for high output power applications, it is therefore critical to link
processing parameters like green forming, sintering aid chemistry, sintering aid content, and
sintering temperature with microstructure development.
Because non-cubic crystal systems exhibit optical birefringence, transparent
polycrystalline materials are primarily limited to materials with cubic crystal structures.
However, there is a wide range of important non-cubic optical materials currently produced as
single crystals by melt growth techniques, including YVO4, YAlO3, and Al2O3, that could benefit
from the increased scalability of ceramic processing methods. For this reason, developing a
processing method that retains the benefits of ceramic processing while eliminating the problems
of optical birefringence may lead to a new suite of high performance optical materials that is not
limited by crystal structure.

1.2 Scientific Approach
The purpose of this thesis is to provide a detailed study of ceramic processing and sintering
science that will lead to improved transparent ceramics with a specific focus on the role sintering
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aids play in defect formation, densification, and microstructure. Because of its technological
relevance, Nd:YAG is chosen as the model system for this work, but the results and conclusions
will be focused on developing understanding that is applicable to other transparent ceramic
systems as well.
To clarify the Si4+ bonding environment in Nd:YAG ceramics, a combination of
transmission electron microscopy (TEM) and nuclear magnetic resonance (NMR) will be used.
These results will be compared to atomistic modeling in the literature to determine the local
bonding environment and defect mechanisms associated with SiO2 doping. The role of SiO2
doping on color center formation during both sintering and ultraviolet (UV) light irradiation will
be probed using optical absorption spectroscopy and electron spin resonance (ESR).
The effects of processing parameters on densification and microstructure development
will be investigated using sintering studies and microstructural analysis. Specific areas that will
be addressed regarding the role of processing on microstructure development are:


The effect of SiO2 content on densification and microstructure development



The relative effects of tape casting and dry pressing on densification and microstructure
development



Use of B2O3-SiO2 as a transient liquid phase sintering aid and its effects on densification
and microstructure



The effect of powder source on densification and microstructure development
To develop a process that is applicable to non-cubic systems, single crystal conversion

(SCC), the process where grain growth is utilized to grow single crystals in polycrystalline
materials, will be utilized to produce Nd:YAG single crystals. A top seeded SCC approach will
be used where a single crystal seed is diffusion bonded to dense, polycrystalline Nd:YAG
6

ceramics. Both solid state and liquid phase SCC processes will be developed. For the solid state
process, the growing crystal is produced by controlling grain boundary mobility of the growing
crystal and the polycrystalline matrix material. In the case of the liquid phase process,
exaggerated grain growth based on the well known size advantage effect observed in systems
with faceted grain boundaries will be used to nucleate and grow an SCC crystal from the single
crystal seed.

1.3 Organization of the Thesis
Chapter 2 is a literature review that will identify the current state of knowledge surrounding
Nd:YAG transparent ceramics. Fundamental issues relating to processing and performance will
be identified for further study with special emphasis placed on the role of SiO2 doping on
sintering, microstructure, and defect formation.
Chapter 3 is a detailed study of microstructure development during sintering of SiO2
doped 1 at% Nd:YAG transparent ceramics. The local chemical environment surrounding Si4+ is
determined using nuclear magnetic resonance and transmission electron microscopy.
Densification and grain growth are studied as a function of SiO2 content and links between
composition and microstructural development are established. This data is used to produce both
fine grained (< 5 μm) and coarse grained (> 5 μm) transparent Nd:YAG ceramics. Observations
of final stage densification are compared to sintering models and used to verify sintering models
that predict that pores large relative to the average grain size shrink. Finally, links between
green forming method and microstructural development are established.
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Chapter 4 explores the use of B2O3-SiO2 as a transient liquid phase sintering aid for
Nd:YAG ceramics. B2O3-SiO2 is shown to increase sintering kinetics and reduce the sintering
temperature required to achieve transparency in Nd:YAG ceramics. A liquid phase mechanism
is proposed to explain the effects of B2O3-SiO2 doping on sintering. Final stage densification and
microstructure development are studied as a function of dopant chemistry and concentration. The
lowered sintering temperature achieved by B2O3-SiO2 doping is used to demonstrate that
transparent ceramics can be sintered in flowing O2 at temperatures < 1600oC, dramatically
simplifying the furnacing required to sinter Nd:YAG transparent ceramics.
Chapter 5 identifies point defects that reduce transparency in Nd:YAG ceramics. Electron
spin resonance, optical absorption spectroscopy, and electron energy loss spectroscopy are used
to identify types of point defects present in the samples as a function of processing parameters,
powder purity, and SiO2 content. Strategies to mitigate or eliminate point defects both during
sintering and in post-sintering heat treatments are discussed. Samples are irradiated with a UV
laser in order to determine whether SiO2 doping affects irradiation induced color center
formation.
Chapter 6 describes methods for producing transparent Nd:YAG single crystals by grain
growth. A solid state mechanisms is used to grow 8 at% Nd:YAG single crystals up to 0.5 mm
thick without an Nd3+ gradient. Exaggerated grain growth is studied as a function of SiO2
content in 1 at% Nd:YAG ceramics, and this data is used to establish growth conditions for
single crystal conversion of Nd:YAG ceramics. Single crystals up to 1.6 mm thick are grown,
but a segregation coefficient for Nd3+ is shown to exist between the growing crystal and the
liquid phase.
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Chapter 2
Background

2.1 Transparent Ceramics versus Single Crystals
The need for materials that combine optical transparency, high strength, scratch
resistance, and thermal stability has driven development of oxide materials for window, dome,
transparent armor, and laser applications. Currently, most oxides used for optical applications
are produced as single crystals by melt growth techniques like the Czochralski process.
Czochralski grown crystals offer high optical quality (< 0.01 mm-1 optical loss) but require long
processing times and high temperatures compared to ceramic processing techniques. For
example, Nd:YAG single crystals are grown at over 1980oC for 4-8 weeks whereas ceramic
processing can produce similar materials at temperatures < 1750oC in a matter of days1. Further,
melt grown crystals must be machined from large boules after growth and strain in the core
region of Czochralski grown crystals limits the useable portion to only 40 vol%. Finally, ceramic
processing allows direct production of composite architectures (Figure 2.1) that may improve
thermal management, efficiency, and beam quality in laser systems1,2,3. Some architectures, like
12

Figure 2.1: Illustration of proposed composite architectures for ceramic laser materials [1]
the ―layer‖ architecture, may be produced by diffusion bonding multiple single crystals, while
others, such as a cylindrical, wave guide, and clad core, are not currently possible by melt growth
techniques.
Because of the different processing routes, melt grown crystals and ceramics have
different characteristic defects. In Czochralski grown crystals, thermally induced stresses during
growth and cool down cause defects including dislocations, striations, internal facets, and stress
induced birefringence; all of which limit optical performance (Figure 2.2)4.

Figure 2.2: Cross polar image of a 1 at% Nd:YAG boule showing striations [4]
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Stresses may also develop in the crystal if the optically active ion has a different ionic
radius than the host ion it is replacing. In Nd:YAG for example, the ionic radius of Nd3+ is
0.1109 nm, while the ionic radius of Y3+ is 0.1019 nm5. These stresses cause the host ion (Y3+) to
be preferentially incorporated in the crystal during growth relative to the optically active ion. As
a result, the optically active ion concentration in the melt becomes higher than the growing
crystal. The concentration difference between the melt (Cm) and crystal (Cc) is used to determine
the effective segregation coefficient (keff):
𝑘𝑒𝑓𝑓 = 𝐶𝑐 /𝐶𝑚

(6.1)

For Nd:YAG, keff = 0.26. The result is that the active ion concentration increases along the
growth direction of the boule, as shown in Figure 2.3.

Figure 2.3: Concentration profile of Nd3+ in a Czochralski grown 1 at% Nd:YAG boule [6]
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Ceramic laser materials have different characteristic defects than single crystals. Figure
2.4 shows a schematic of a ceramic microstructure. There are six common defects in transparent
ceramics: clean grain boundaries, residual porosity, grain boundaries with second phases, grainto-grain birefringence, second phase particles, and surface scattering7. Of these, the most
important to optical properties is residual porosity. Using Al2O3 as a model system, Peelen and
Metselaar8 and Apetz and van Bruggen9 both showed that light scattering from clean grain
boundaries and grain-to-grain birefringence are negligible compared to scattering from pores in
ceramics with densities < 99.9%. Using Nd:YAG as a model system, Ikesue et al. 10 found that
the ceramics must be sintered to at least 99.985% ρth to achieve similar transparency to single
crystals. Thus, a critical condition for achieving transparency in ceramics is sintering to full
density i.e., eliminating all of the residual porosity in the material.
Because each grain is randomly oriented, optically birefringent materials exhibit
refraction and scattering as light crosses grain boundaries and enters a new grain with different

Figure 2.4: Schematic of light scattering mechanisms in a ceramic materials. 1. Clean grain
boundaries, 2. Residual Porosity, 3. Grain boundaries with second phases, 4. Birefringence, 5.
Second phase particles, and 6. Surface flaws [1]
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refractive index. For this reason, highly transparent ceramics in birefringent material systems
can only be produced by reducing the average grain size to less than 10%-50% of the wavelength
range of interest9. For optical applications, this means reducing grain size to < 200 nm.
However, most transparent ceramics (including YAG) reported in the literature are optically
isotropic (i.e., have cubic crystal systems) and birefringence does not exist between individual
grains. Thus, light transmission in isotropic materials is independent of grain size.
Grain boundaries may also scatter light if they are relatively thick (>10 nm) and their
refractive index is sufficiently different than the grain interiors. The grain boundary thickness for
most solid state sintered ceramic materials with clean grain boundaries is < 1 nm (i.e. << λ in the
optical region), thus clean have no effect on light transmission in the optical range11. However,
impurities commonly segregate to grain boundaries forming second phases that may result in
light scattering. For example, Ikesue et al.1 reported that cooling Nd:YAG ceramics at <
10oC/min after sintering resulted in second phase formation along grain boundaries reducing the
optical transmission of the ceramics. Considering the above arguments, there are three
conditions for producing optically transparent ceramics:


The material must be > 99.985% dense



Second phases must not be present in the microstructure



The material system must be optically isotropic or the average grain size must be
< 200 nm
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2.2 Transparent Ceramics in the Literature
Coble12 of General Electric (GE) was the first to demonstrate that polycrystalline materials,
even those exhibiting birefringence, can have substantial light transmission at optical frequencies
by eliminating all porosity during sintering. He reported transparent ceramics wherein MgO
doped Al2O3 was sintered to full density and had an in-line transmission of 40-50% between 400
and 600 nm12. However, it is known that the optical transmission of non-cubic, birefringent
polycrystalline materials is limited by refraction at grain boundaries and is the primary cause of
their translucency when the ceramic is fully dense. Thus, the quest for truly transparent
polycrystalline materials has focused attention on sintering cubic crystal structure ceramics (e.g.,
MgO, MgAl2O4).
In 1966, Anderson13 of GE patented a process for sintering 90% Y2O3 - 10% ThO2 that
had > 70% in-line transmission at optical frequencies. This material, called Yttralox, was
proposed for use in lamp envelopes, high temperature windows, and high temperature lenses, but
commercialization was limited because these ceramics required sintering temperatures of 20002200oC13. This material represented a significant technological advance because a sintered
polycrystalline material had > 70% transmission. Benecke et al. 14 reported hot pressing MgO
between 775oC and 975oC and annealing to transparency at 1300oC, and successfully
demonstrated that transparent ceramics could be produced at substantially lower temperatures
than Yttralox. After 1970 many patents were issued for sintering and hot pressing MgAl2O4,
MgO, and Y2O3 to 70-80% in-line transmission, and interest in these and other materials (e.g.
ALON, PLZT, BeO, Al2O3, ZnS, ZnSe) resulted in successful commercial products such as lamp
envelopes, windows, domes, and lenses.
17

Recently, Krell et al.15 produced fully dense, polycrystalline Al2O3 with an in-line
transmission >70% at 645 nm by reducing the average grain size to 600 nm, which was similar to
the optical wavelengths (400-600 nm). At that grain size, Apetz and van Bruggen9 showed that
geometric optics break down and only Raleigh-Ganz-Debye scattering occurs at grain
boundaries, mitigating the effects of birefringence. For the first time, a nearly transparent
polycrystalline ceramic with non-cubic crystal structure was produced. Table 2.1 lists some of
the other ceramics used for optical applications and their respective theoretical transmissions,
which depend on their refractive indices, at 1064 nm.16
Table 2.1: Optical properties of selected transparent ceramics [16]

In 1972, Greskovich and Chernoch10 reported the first laser gain in a polycrystalline
ceramic. The optical absorption spectra and fluorescence lifetime of 1% Nd2O3 89% Y2O3 10%
ThO2 (or Nd3+ doped Yttralox) sintered to full density were similar to state of the art Nd:YAG
single crystals and Nd:glass laser gain media17. The slope efficiency of their ceramics was
0.098% while Nd:glass tested in the same configuration had a slope efficiency of 0.44%. Their
report was an important proof of concept; sufficiently well processed polycrystalline materials
could exhibit laser gain. However, these materials were not commercialized due to their low
efficiency.
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In 1984, de With and van Dijk18 reported the sintering of Y3Al5O12 (yttrium aluminum
garnet, or YAG) to translucency starting with either mixed oxides (solid state reaction) or coprecipitated powders using SiO2 and MgO as sintering aids. In 1995, Ikesue et al.19 reported
using SiO2 to sinter 0.9 at% Nd:YAG ceramics to sufficient transparency to achieve a laser slope
efficiency similar to Czochralski grown single crystals. Concurrent with the report of Ikesue,
Yagi et al. 20 of Konoshima Chemical Inc. and colleagues at the Institute for Laser Science
(Tokyo, Japan) developed high quality YAG laser materials. Recently, there have been many
reports of sintering YAG based systems and several sesquioxide materials (e.g. Y2O3, Sc2O3) to
transparency.

2.1 YAG and Nd:YAG
Y3Al5O12 has a cubic crystal structure (space group Ia3d or 𝑂10 ) with 160 atoms (8
formula units) per unit cell and lattice constant = 1.2001 nm. Y3+ (0.1019 nm)5 occupies
dodecahedrally coordinated 24(c) sites. Al3+ occupies two crystallographically distinct sites:
octahedrally coordinated 16(a) sites (0.0535 nm)5 and tetrahedrally coordinated 24(d) sites
(0.039 nm)5. O2- occupies the 96(h) sites that make up the vertices between the cation polyhedra.
Each O2- is shared between two Y3+ dodecahedra, one Al3+ tetrahedron, and one Al3+ octahedron.
The coordination of each cation site is shown schematically in Figure 2.521.
YAG is unique because of the range of elements that can substitute into the structure.
The dodecahedrally coordinated 24(c) site can accommodate the entire Lanthanide series (CeLu) many of which are important optically active ions for laser applications4,22. For example,
Nd3+ (0.1109 nm) substitutes for Y3+ onto the 24(c) site. The two Al3+ sites in the structure allow
19

Figure 2.5: Schematic representation of atomic coordinations YAG. (A) Y3+, (B) Al3+
tetrahedral site, and (C) Al3+ octahedral site [21]
substitution by lighter/smaller elements including Sc3+, Fe2+/3+, and Ga3+. For laser applications,
substitutions on the Al3+ sites may be used to increase thermal conductivity for high power laser
applications or generate heterogeneous line broadening for short pulse applications23.
Selected physical properties of YAG ceramics and single crystals are reported in Table
2.2. The combination of high strength and high thermal conductivity make YAG an excellent
laser host material. YAG is an ideal candidate for transparent ceramic development because it
has a cubic crystal structure and is therefore optically isotropic.
Because the refractive index does not depend on crystallographic orientation, light is not
scattered as it transmits across grain boundaries in the microstructure unless second phases are
present. Further, the optical isotropy also implies that light transmission is not affected by grain
size in YAG and nanograined (< 500 nm), fine grained (< 5 μm), and coarse grained (> 5 μm)
ceramic YAG are all capable of achieving 100% theoretical transmission.
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Table 2.2: Selected Physical Properties of YAG [24]
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Figure 2.6 shows the phase diagram for the Y2O3-Al2O3 system25. Three ternary phases
exist, YAP, YAM, and YAG. The garnet phase in Figure 2.6 is shown as a line compound, but
there is a small region of solid solubility where excess Y+3 or Al+3 does not lead to second phase
formation. Both atomistic modeling26 and x-ray diffraction27 show that non-stoichiometry is
compensated by anti-site defects (YAl or AlY) in YAG, and the phase region is wider for Y+3
excess than Al excess. Patel et al. 27 used x-ray diffraction to determine that the limits of the
YAG phase field were 0.2-0.5 at% excess Al and up to 1.0 at% Y3+ excess. YAG’s relatively
narrow single phase field means that deviations in stoichiometry may result in second phase
formation. As noted above, a primary requirement of transparent ceramics is that they do not
have second phase particles in the microstructure, and thus precise control of stoichiometry is
critical to producing transparent YAG ceramics.

Figure 2.6: Phase diagram for the Al2O3-Y2O3 system. G is garnet, M is monoclinic, and P is
perovskite [25]
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2.3 YAG Ceramic Processing
The fabrication process for transparent ceramics can be divided into three steps: powder
synthesis, green forming, and densification. This section provides a concise review of the
current state of knowledge for each of these steps.
2.3.1 Powder Source
There are two powder routes commonly used to produce transparent YAG ceramics: solid
state reaction (SSR) and chemically derived powders. In the SSR process, Al2O3 and Y2O3 (and
Nd2O3, Er2O3, etc.) are mixed, green formed, and sintered. Phase formation occurs during
sintering. Because Y3+ diffusion is much slower than Al3+ diffusion28 (Figure 2.7), phase
formation occurs by Al3+ diffusion into Y2O3 particles24. The generalized series of reactions
during phase formation of SSR compacts is:19,24
𝑌2 𝑂3 +

1
𝐴𝑙 𝑂 → 𝑌𝐴𝑀 900 − 1100𝑜 𝐶
2 2 3

𝑌𝐴𝑀 + 𝐴𝑙2 𝑂3 → 𝑌𝐴𝑃 1100 − 1250𝑜 𝐶
1
𝑌𝐴𝑃 + 𝐴𝑙2 𝑂3 → 𝑌𝐴𝐺 (1400 − 1600𝑜 𝐶)
3
It is important to note that this reaction sequence is caused by the kinetics of the system.
Calcination studies of co-precipitated YAG showed that the garnet phase can be directly
nucleated at temperatures lower than 1000oC if the cations are mixed at the molecular scale.29
Progression through the YAM→YAP→YAG phase sequence is entirely driven by the kinetics of
interdiffusion between Y3+ and Al3+, and each of these reactions occurs concurrently during
phase formation.
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Figure 2.7: Lattice (volume) diffusion rate for each component in YAG. [28]
Kochawattana24 found that particle size has a strong influence on phase formation kinetics.
Reducing particle size increases phase formation kinetics by reducing diffusion distances in the
system. The Y2O3 particle size was most critical to phase formation kinetics, but decreasing
Al2O3 particle size accelerated phase formation as well. Also, Kochawattana24 found that the
ratio of the particle sizes could affect phase formation kinetics. Particle size ratios that
maximized particle contact area increased reaction kinetics by reducing diffusion distances.
Because YAM, YAP and YAG all have different densities, phase formation results in
volumetric change as shown below:24

24

𝑌2 𝑂3 +

1
𝐴𝑙 𝑂 → 𝑌𝐴𝑀
2 2 3

𝑌𝐴𝑀 + 𝐴𝑙2 𝑂3 → 𝑌𝐴𝑃
𝑌𝐴𝑃 +

1
𝐴𝑙 𝑂 → 𝑌𝐴𝐺
3 2 3

+ 6 𝑣𝑜𝑙%
− 17.4 𝑣𝑜𝑙%
+ 11.5 𝑣𝑜𝑙%

Dilatometric studies of SSR synthesized YAG show that the phase formation induced
volumetric expansion in the YAP→YAG transition is large enough to affect shrinkage data, and
Ikesue et al.19 found that powder source affects the magnitude of the measured linear expansion
of sintering compacts. Densification and transparency were limited for powder systems with
relatively large expansions. If the expansion was minimized, highly transparent samples
resulted. Ikesue et al. 30 hypothesized that the size of the Y2O3 particle was critical and must be
below 60 nm, but later studies have found that larger Y2O3 particles can produce highly
transparent YAG ceramics. It is unclear at this time how particle characteristics affect
volumetric expansion during phase formation.
The SSR approach has several advantages over chemical co-precipitation. High quality
Y2O3 and Al2O3 source powders can be purchased with a wide variety of particle characteristics
from many different vendors obviating the need to synthesize powder internally (there are
currently no commercial vendors of Nd:YAG powders). Also, SSR powders may be
compositionally adjusted after batching to adjust stoichiometry or optically active ion
concentration. The major disadvantage of SSR powders is maintaining stoichiometry during
batching. As discussed above, YAG has a narrow phase field and small variations in
stoichiometry result in light scattering second phases. During batching, it is therefore critical to
account for H2O and other volatile species that may adsorb on particle surfaces. Humidity and
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other atmospheric conditions affect the hydration state of the powder surfaces which forces
researchers to either perform weight loss measurements before every batch or keep the powder in
controlled atmospheric conditions.
Because Y2O3 and Al2O3 powders have different densities and may have different
average particle sizes, it is possible that they will separate during green forming. In practice,
however, no particle segregation was ever observed during dry pressing, slip casting or tape
casting as part of this thesis.
Chemically derived YAG is an alternative to the SSR process. Chemically derived
powders are synthesized by a wet chemical process (co-precipitation, sol-gel, citrate gel,
combustion synthesis etc.) and calcined to form the YAG phase prior to green forming. While
there are many reports of YAG synthesis by a wide variety of chemical techniques, only
chemical co-precipitation has yielded highly transparent, highly efficient Nd:YAG ceramic laser
materials20,31,32. The relative success of co-precipitation versus other chemical methods is not
likely due to any inherent physical advantage of co-precipitation, rather it is due to the relative
level of development of aqueous chemical methods versus newer techniques like sol-gel,
combustion synthesis, and spray pyrolysis.
To successfully obtain YAG powders by co-precipitation, it is critical to produce an
amorphous precursor with homogeneous distribution of cations33,34. During calcination,
chemically homogeneous, amorphous precipitates directly form the YAG phase as low as 900oC
resulting in highly sinterable, phase pure powders. Precipitates that are not well mixed or
crystallize during synthesis result in mixed phase precipitates and are more difficult to sinter to
transparency29.
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Using NH4OH as a precipitant, Apte35 showed that a normal strike precipitation results in
separate precipitation of aluminum and yttrium hydroxides as the pH of the solution increases.
Using a reverse strike process, the pH could be held constant resulting in chemically
homogeneous, amorphous precipitates. The precipitation was performed at pH 9 to ensure that
all Y3+ was removed from solution, while preventing Al3+ from forming 𝛾-AlOOH, which occurs
at pH 9.2.
Li et al. 29 compared powders synthesized using NH4OH or ammonium hydrogen
carbonate (AHC) as the precipitant. They found that using NH4OH resulted in hard,
agglomerated precipitates that could not be sintered to transparency. They then used AHC as a
precipitant for a reverse strike process that yielded well mixed, amorphous precipitates that were
calcined and sintered to highly transparent ceramics. Konoshima Chemical Inc., the only
commercial supplier of transparent YAG ceramics, also uses the AHC process20. During the
AHC process, rapid addition of the mixed salt solution to the precipitation caused the solution
pH to drift and resulted in poorly mixed precipitates.
2.3.2 Green Forming
Much of research on YAG and Nd:YAG ceramics has used dry pressing followed by cold
isostatic pressing (CIP) as the green forming method. However, colloidal processing is better
suited for producing high green density, homogeneous green bodies, especially for nanoscale
powders (Figure 2.8)36. Recently, there have been reports of slip casting20,37, tape casting2, and
pressure casting38 YAG ceramics in both aqueous and solvent based colloidal systems leading to
highly transparent materials. Lee et al. 39 found that dry pressing led to a small population of
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large pores (>5 μm) that were not present in tape cast samples. However, the dry pressed and
tape cast samples in that study used different powder sources and thus direct comparisons
between dry forming and tape casting were not possible. To date, there has been no systematic
study of the effects of dry forming on densification and microstructure development in
transparent Nd:YAG ceramics. This subject will be explored in Chapter 3 using tape casting as
the colloidal forming method.

Figure 2.8: Effect of forming method on green density as a function of particle size. [36]
2.3.3 Densification
The first report of sintering transparent YAG ceramics was by De With and van Dijk.18 The
powder source was spray dried Y2O3 and aluminum sulfate that was subsequently calcined at
1300oC for 6 h to obtain the garnet phase. The powders were doped with either 0.15 wt% SiO2
(added as tetraethoxysilane, or TEOS) or 0.05 wt% MgO as sintering aids. Dry pressed and
CIPed samples were sintered to ~100% density using a two step sintering profile (1450C for 8 h
followed by 1850C for 4 h in vacuum). MgO doped samples had in-line transmission <50% at
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a wavelength of 5 μm, but silica doped samples had 50-80% transmission at 5 μm. In addition to
being transparent in the infrared region, the SiO2 doped samples exhibited enough light
transmission at optical wavelengths so that text could be read through 1 mm thick samples
(Figure 2.9). Subsequent to this work, there are no reports of sintering transparent YAG
ceramics without SiO2.

Figure 2.9: Text is easily read through a 1 mm thick 0.15 wt% SiO2 doped YAG sample sintered
at 1450C for 8 h followed by 1850C for 4 h. [18]
In 1995, Ikesue et al.40 reported the first highly transparent 1 at% Nd:YAG ceramics with
laser efficiency similar to Czochralski grown single crystals. The ceramics were made by the
SSR process, doped with 0.14 wt% SiO2 (as TEOS), and sintered at 1750oC for up to 50 h in
vacuum. The resulting ceramics had grain sizes up to 50 μm. Scanning electron microscopy
(SEM) with energy dispersive x-ray analysis (EDS) showed that Nd3+ content was constant
across grains and at grain boundaries and transmission electron microscopy (TEM) showed that
the grain boundaries were clean and free of second phases.
Lu et al. 20 (with Konoshima Chemical Inc.) reported sintering highly transparent, highly
efficient Nd:YAG laser ceramics from co-precipitated powders. 1 at% Nd:YAG powders were
synthesized by the AHC method and calcined at 1200oC to form the YAG phase. While SiO2
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was not reported in the original article, later reports indicate that samples were doped with
several hundred ppm SiO241. The Nd:YAG powders were slip cast and sintered to transparency at
1750oC for 5-20 h. The resulting ceramics had ≈ 1 ppm residual porosity and 10 μm average
grain size. Subsequently, the Konoshima Chemical group has refined their process to produce
highly transparent ceramics with 2-3 μm average grain size, but the details have not been
reported.
2.3.4 The role of SiO2 in YAG and Nd:YAG sintering
While de With and van Dijk18 considered SiO2 to be a sintering aid in the YAG system,
Ikesue and Kamata42 found that SiO2 additions were critical to achieving complete phase
formation in Nd:YAG. Using scanning electron microscopy SEM with EDS, Ikesue and Kamata
found that > 2.4 at% Nd:YAG ceramics contained (Nd,Y)AlO3 perovskite phases after sintering
if SiO2 was not added. The number of second phase particles observed in the microstructure
decreased with increasing SiO2 content, and transparent samples could be sintered with up to 7.2
at% Nd:YAG if the SiO2 content was 0.72 wt%. Grain size also increased with increasing SiO2
content, but it was unclear whether the mechanism was increased boundary mobility or
eliminating second phase particle drag. To explain these findings, Ikesue and Kamata
hypothesized that the size difference between Nd3+ and Y3+ limited Nd3+ incorporation into the
YAG lattice in highly doped (> 2.4 at% Nd3+) Nd:YAG ceramics. Based on size arguments, the
authors proposed that Si4+ (0.026 nm) would substitute onto an Al3+ (0.039 nm) site in the YAG
lattice. They then suggest, Si4+ substitution onto the Al+3 sites compensates for the strain from
Nd3+ substitution onto Y3+ sites that because Si4+ is smaller than Al3+. This would then allow
higher Nd3+ concentrations in ceramics with higher SiO2 contents
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All other research on SiO2 doping in YAG and Nd:YAG ceramics has concentrated on
the role of SiO2 as a sintering aid, rather than a phase formation aid. Maitre et al.43 used thermal
analysis and microstructural characterization to determine that SiO2 results in a liquid phase with
1 at% Nd:YAG during intermediate stage sintering. Differential thermal analysis (DTA) showed
an endothermic reaction in SiO2 doped 1 at% Nd:YAG at 1390oC that was not present in
undoped Nd:YAG samples. The temperature of the endothermic peak was consistent with the
liquidus temperature predicted by thermodynamic modeling of the YAG-SiO2 system25. This
observation was supported by dilatometric data showing that the densification rate for SiO2
doped Nd:YAG samples increased at 1390oC relative to pure Nd:YAG ceramics. Maitre et al.
used SEM EDS to determine the chemical composition of second phase particles in the ceramic
microstructure, and the compositions were consistent with ternary phases in the Al2O3-Y2O3SiO2 phase diagram. However, these phases are not observed in transparent Nd:YAG ceramics
and may not be representative of the phase equilibria and microstructure in transparent samples.
Kochawattana et al.16 also studied the effects of SiO2 doping on intermediate and final
stage densification in YAG ceramics to differentiate the effects of SiO2 doping and Nd3+ doping.
Using SSR powders, YAG ceramics were sintered with SiO2 contents of 0 and 0.14 wt%
between 1484oC and 1850oC. The ceramics containing SiO2 had both higher density and larger
average grain size for all sintering conditions. Because the YAG-SiO2 phase diagram shows a
stable liquid phase present in 0.14wt% SiO2 doped YAG ceramics, Kochawattana et al. proposed
that SiO2 produced a liquid phase during sintering that enhanced both densification and grain
growth kinetics.
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Boulesteix et al.44 performed a similar sintering analysis of 1 at% Nd:YAG by doping
SSR powders with 0, 0.05 and 0.3 wt% SiO2. They showed that densification kinetics increased
with increasing SiO2 content. The activation energies of densification determined for 0, 0.05 and
0.3 wt% SiO2 doped samples sintered between 1724 and 1818oC were 595, 1145, and 945
kJ/mol, respectively. The activation energy for densification for 0 wt% SiO2 doped 1 at%
Nd:YAG was consistent with values determined for solid state rare earth ion diffusion in YAG
ceramics. The authors concluded that 0 wt% SiO2 doped Nd:YAG ceramics sinter by a solid state
mechanism controlled by rare earth diffusion. The activation energy of densification in the silica
doped samples were similar to the activation energy for dissolution of rare earths in aluminoborosilicate glasses45. For this reason, Boulesteix et al. concluded that densification in SiO2
doped ceramics is controlled by dissolution of Y3+ and Nd3+ into a liquid phase. This conclusion
is supported by an SEM image showing contact flattening in a 0.3 wt% SiO2 doped 1 at%
Nd:YAG sample sintered at 1525oC (Figure 2.10).

Figure 2.10: Contact flattening observed between YAG particles in 0.3 wt% SiO2 doped 1 at%
Nd:YAG. The sample was sintered at 1527oC for 15 min. [44]
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The effect of SiO2 doping on Nd3+ diffusion was studied in a subsequent paper by
Boulesteix et al.46 YAG ceramics with 0, 0.05, and 0.3 wt% SiO2 were sintered to 100% density.
Samples were coated with a 50-80 nm thick layer of sol-gel derived Nd2O3 and heated at 14001600oC for 2-145 h. The concentration profile of Nd3+ that had diffused into the YAG lattice
was determined by secondary ion mass spectroscopy, and diffusion profiles were used to
determine both lattice and grain boundary diffusion coefficients. Increasing SiO2 content
increased both lattice and grain boundary diffusion, but grain boundary diffusion was enhanced
more than lattice diffusion (Figure 2.11). The activation energy for Nd3+ lattice and grain
boundary diffusion was not strongly affected by silica content. In fact, the activation energy of
diffusion for 0 wt% silica doped YAG samples was similar to that of 0.05 and 0.3 wt% SiO2
doped samples.
Boulesteix et al. 46 also studied grain growth kinetics in 0, 0.05, and 0.3 wt% SiO2 doped
1 at% Nd:YAG. They found that increasing silica content decreased average grain size, which is
counter to observations by both Kochawattana et al.16 and Ikesue and Kamata.42 However, silica
rich second phase particles were observed by transmission electron microscopy at triple lines in
the microstructure which may have retarded grain growth in the SiO2 doped samples. Grain
boundaries observed by TEM had no amorphous phase present but were described by the authors
as highly perturbed. Grain growth kinetics fit to a grain growth exponent of 3, which is
consistent with grain growth limited by diffusion through a liquid phase. Using the grain growth
kinetics and observations of silica rich second phases at triple points, Boulesteix et al. concluded
that SiO2 forms a liquid phase with YAG and Nd:YAG and liquid phase diffusion controls
coarsening in SiO2 doped YAG and Nd:YAG ceramics.
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Figure 2.11: Diffusion coefficient and activation energy of diffusion for Nd3+ in SiO2 doped
YAG ceramics. [46]
While it is clear from SEM observations44, thermal analysis43, and thermodynamic
modeling25 that SiO2 forms a liquid phase with YAG at 1390oC, the hypothesis that this liquid
phase persists in the microstructure and controls final stage sintering at temperatures > 1600oC
has one critically important flaw: high resolution TEM of grain boundaries in transparent
Nd:YAG ceramics shows no evidence of liquid phase in multiple, independent studies (Figure
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2.12).1,39 If liquid phase diffusion is controlling both densification and grain growth, an
amorphous phase should be observed along grain boundaries, but no such phase has ever been
observed in transparent Nd:YAG or YAG ceramics. Clearly, the state of knowledge regarding
the role of SiO2 in YAG and Nd:YAG ceramics is incomplete.

Figure 2.12: High resolution TEM image of a grain boundary in 0.4 wt% SiO2 doped 1 at%
Nd:YAG. No amorphous phase is observed along the grain boundary. [39]

2.3.5 Pressure Assisted densification
While sintering has been shown to produce high optical quality YAG and Nd:YAG
ceramics, pressure assisted densification has also been demonstrated. The driving force (written
as a pressure, P) for densification of an isolated pore in a ceramic microstructure can be written:
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𝑃=

2𝛾𝑠𝑣
𝑟

(6.1)

where 𝛾sv is the surface energy and r is the pore radius. For example, a 1 μm radius pore in YAG,
which has an average surface energy of 2 J/m2, will have a densification pressure of 4 MPa. By
using a hot isostatic press (HIP), pressures over 200 MPa can be applied to a sample. This
represents a 50 fold increase in driving force for densification and allows densification at lower
temperatures than sintering alone. While applying an external pressure dramatically increases
driving force for densification, it has no effect on the driving force for grain growth. Therefore,
by lowering the effective densification temperature for a material without increasing the driving
force for grain growth, pressure assisted densification is well suited for attaining fine grained,
fully dense materials and has been used for a variety of transparent ceramics47,39,48.
While there are multiple studies that use HIP to achieve transparency in Nd:YAG
ceramics, only two studies discuss the effects of processing parameters on densification and
microstructure. Ikesue and Kamata48 used the SSR approach and sintered 0.028-0.28 wt% SiO2
doped 1 at% Nd:YAG ceramics at 1600oC for 3 h followed by HIP at 1500-1700oC at 9.8-196
MPa. After HIPing, samples were sintered at 1750oC for 20 h. Ikesue and Kamata found that
pores developed along grain boundaries during the post-HIP sintering step and that the number
density of pores was greater near the sample surface (Figure 2.13).The authors concluded that Ar
gas had diffused into the samples during HIP, and the subsequent heat treatment caused the
pressurized Ar gas in the grain boundaries to nucleate pores.
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Figure 2.13: SEM micrographs from fracture surfaces of 0.14 wt% SiO2 doped 1 at% Nd:YAG
HIPed at 1700oC and re-sintered at 1750oC for 20 h. (a) near sample surface (b) sample center
[48]
Lee et al.39 studied a sinter-HIP process for Nd:YAG ceramics with the goal of reducing
grain size and silica content. Tape cast and dry pressed SSR powders were doped with 0.02-0.14
wt% SiO2 and sintered in vacuum to ~ 98% density at 1600-1700oC. Samples were HIPed at
1675-1750oC with 100-200 MPa applied pressure. All samples were translucent or transparent
after HIP. Lee et al. found that increasing SiO2 increased grain size, and that samples at the
lowest SiO2 content, 0.02 wt%, could be sinter/HIPed to transparency with an average grain size
of 2 μm. However, the samples had a visibly dark coloration after HIP, as shown in Figure 2.14.
Darkened samples were subsequently heat treated in air at 1300oC for 10 h. This heat treatment
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removed the dark color, but the samples decreased in transparency due to the appearance of light
scattering sites. Lee et al. proposed that the scattering was due to either formation of SiO2 rich
second phases, or pores resulting from Ar incorporation into the microstructure during HIP.
From this work, it is clear that highly transparent Nd:YAG ceramics can be produced by a
sinter/HIP process, but post-HIP heat treatments are unlikely to yield highly transparent
materials. For this reason, it is important to determine the darkening mechanism during HIP so
that darkening can be mitigated, obviating the need for a post-HIP heat treatment.

Figure 2.14: Tape cast 1 at% Nd:YAG ceramics HIPed at 1675oC at 100 MPa for 8 h. Darker
samples show the as-HIPed appearance and lighter samples have been heat treated in air at
1300oC for 12 h. [39]

2.3.6 Summary of YAG and Nd:YAG Processing
YAG and Nd:YAG transparent ceramics are produced by two different methods: SSR and
chemically derived YAG/Nd:YAG powders. Both synthesis methods can lead to highly
transparent Nd:YAG ceramics, and there is no evidence that either method is inherently superior
for producing highly transparent ceramics. Both dry pressing and colloidal methods have been
used to green form YAG and Nd:YAG transparent ceramics, but there has been no direct study
of the effects of green forming method on microstructure development or optical properties. All
reports of sintering Nd:YAG ceramics use SiO2 as a sintering aid. SiO2 has two different effects
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on Nd:YAG sintering: 1. SiO2 facilitates Nd3+ incorporation into the YAG lattice and 2. it acts as
a liquid phase sintering aid during intermediate stage sintering. While it is clear that a liquid
phase forms around 1400oC in SiO2 doped YAG and Nd:YAG ceramics, hypotheses that the
liquid phase persists through final stage densification are undermined by the presence of clean
grain boundaries after sintering. Pressure assisted densification (HIP) has yielded highly
transparent Nd:YAG ceramics, but post-HIP heat treatments lead to the formation of light
scattering defects.

2.4 Nd:YAG Laser Performance
The quality and performance of a laser system, shown schematically in Figure 2.15, can be
measured by comparing the power input from the pump to the amount of power output from the
laser system. In many cases, the relationship between input power (Pin) and output power (Pout)
is linear and can be described by:49
𝑃𝑜𝑢 𝑡 = 𝜑(𝑃𝑖𝑛 − 𝑃𝑡 )

(2.2)

where Pth is the threshold power and υ is the slope efficiency. High quality laser systems exhibit
by low threshold and high slope efficiency. Pth is the minimum input power required to detect
laser output from the system, and υ is the slope of the Pin versus Pout line. υ and Pth can be
described by system parameters according to:49
𝜑=
𝑃𝑡 =

−𝑙𝑛 𝑅
𝜂
𝛿 − 𝑙𝑛 𝑅
𝛿 − 𝑙𝑛 𝑅 𝐴𝜗𝐿
2
𝜂𝜍𝜗 𝜏𝑓
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(2.3)

(2.4)

Figure 2.15. Schematic of a simple laser cavity. R is the reflectivity of the mirror.
where R is the reflectivity of the output coupler mirror, δ is the optical loss in the laser cavity, A
is the cross sectional area of the gain medium, h is Planck’s constant, ϑL is the laser frequency,
η is the system efficiency, σϑ is the stimulated emission cross section, and τf is the fluorescence
lifetime. υ is largely determined by the laser system efficiency, η, which encompasses
everything from choice of pump system to quality of the overall system design. Pth is also a
function of η, but it is also partially determined by spectroscopic properties of the gain medium,
τf and σϑ.
Both υ and Pth are also affected by δ . From Eq. (2.3) and (2.4), it is clear that increasing
δ decreases efficiency while increasing threshold. This relationship provides a means for
determining relative values of δ between specific gain material samples. Assuming η, τf, and σϑ
can be held constant between samples, higher slope efficiency and lower Pth in comparative tests
indicate lower δ for a specific sample of gain material. In fact, the optical quality of the gain
medium is commonly tested using Pin versus Pout measurements which are frequently performed
to compare ceramic Nd:YAG with state of the art Czochralski grown crystals.
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2.4.1 Spectral Properties of Nd:YAG Ceramics
The preceding analysis shows that three variables strongly affect the laser performance of
a laser gain material: τf, σϑ, and δ. τf and σϑ are affected primarily by the concentration and
distribution of the optically active ion in the host material. Detailed spectroscopic studies have
been performed on Nd:YAG ceramics and single crystals to determined whether the ceramic’s
polycrystalline microstructure has any affect on τf and σϑ.
Sekita et al.50 first compared the spectroscopic properties of 1 at% Nd:YAG ceramics
with single crystals in 1990. Co-precipitated powders were doped with 0.0005 wt% SiO2 and
sintered at 1700oC for 3 h. Porosity was < 100 ppm and grain size was 10 μm. Emission and
absorption spectra over the wavelength range 400-1080 nm were similar to single crystals. The
fluorescence lifetime for the laser transition at 1064 nm (4F3/2 -> 4I11/2) was 219 μs, which is
slightly lower than values commonly observed in single crystals (230-280 μs). σϑ was calculated
from the absorption and emission spectra and found to be 4.9x10-19 cm2 which is within the range
reported for single crystals (2.7x10-19 - 8.8x10-19 cm2)50. Porosity present in the samples
prevented laser oscillation.
Lupei et al.51 studied low temperature absorption spectra in SSR derived 1-8.2 at%
Nd:YAG. High resolution, low temperature spectroscopy showed that spectral satellites were
evident in Nd:YAG ceramics and single crystals, as shown in Figure 2.16. Spectral satellites
occur when the crystal field surrounding an optically active ion is perturbed. In the case of
Nd:YAG, spectral satellites result if Nd3+ ions are located within a few coordination shells of
each other in the lattice because the larger Nd3+ ionic radius produces a stress in the crystal
compared to Y3+52. Therefore, the relative intensity of spectral satellites compared to the primary
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Figure 2.16: Spectral satellites observed in 1 and 6 at% Nd:YAG. N denotes the primary
transition. M1, M2, and T are spectral satellites resulting from Nd-Nd interactions. [51]
absorption line provides a measure of the level of Nd3+ clustering in the material. In 1 at%
Nd:YAG ceramics and Czochralski grown crystals, the relative intensity of the spectral satellites
was consistent with statistically random Nd3+ distributions. Increasing Nd3+ concentration in the
ceramics caused the relative intensity of the spectral satellites to increase (Figure 2.16). The
relative intensity of these samples was also consistent with a random distribution of Nd3+ ions
indicating that Nd3+ clustering does not occur in Nd:YAG ceramics. No laser testing was
performed on the samples.
Kumar et al.53 investigated fluorescence lifetime in co-precipitated 0.6-4 at% Nd:YAG
ceramics. Fluorescence lifetime was found to be generally consistent with single crystals, but
both the fluorescence and non-radiative decay rates were slightly higher for ceramic materials
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(Figure 2.17). Kumar et al. speculated that the small discrepancy may be a consequence of grain
boundaries in the ceramics. Laser efficiency and threshold were found to be nearly identical for
1 at% Nd:YAG ceramics and 0.9 at% Nd:YAG single crystals at mW power levels (Figure 2.17).

Figure 2.17: Left: Decay rate vs. Nd3+ concentration for Nd:YAG ceramics and single crystals.
Right: Laser performance of Nd:YAG ceramics and single crystals. The slope efficiency and
threshold of the two materials are nearly identical. [53]

Merkle et al.54 also studied fluorescence lifetime as a function of Nd3+ concentration
in co-precipitated Nd:YAG ceramics. Fluorescence decay rates for low Nd3+ content
samples (< 4 at%) were consistent with cross relaxation between isolated ions which is
consistent with a random distribution of Nd3+ ions in the microstructure. Higher
concentration (> 4 at%) Nd:YAG ceramics had decay curves indicative of Nd3+ clustering,
and Merkle et al. suggested performing site selective spectroscopy on Nd:YAG ceramics to
determined the nature of the clustering.
Site selective spectroscopy on Nd:YAG ceramics using confocal scanning optical
microscopy was performed by Ramirez et al.55 The ceramics were 1-5.2 at% Nd:YAG made
from SSR powders and had 5-30 μm average grain sizes. The spatial resolution of the technique
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was 400 nm laterally and 700 nm in the axial direction. In 1 at% Nd:YAG ceramics, the total
integrated fluorescence was greater inside grains than at grain boundaries, and the relative
intensity of spectral satellites strongly increased at grain boundaries. Both of these observations
indicate higher Nd3+ concentration at grain boundaries which was calculated to be 0.1 at% higher
than grain interiors. The relative segregation increased with increasing Nd3+ content and doping
becomes highly non-uniform at Nd3+ concentrations >2.3 at%, which is consistent with
observations of clustering at high Nd3+ contents by Merkle et al.54 Interpreting both the bulk
spectroscopic measurements by Merkle et al.54 and site selective spectroscopy by Ramirez et
al.55 suggesting that the volume affected by grain boundaries is large enough to influence the
bulk fluorescence spectra of the material.

Figure 2.18: A. Lateral fluorescence image of 1 at% Nd:YAG. Contrast corresponds to the total
integrated fluorescence intensity. B. Fluorescent emmission line in 1 at% Nd:YAG cermics.
Blue line is a grain interior, red line is grain boundary, and green line is subtracted intensity.
Spectral satellites indicitive of Nd-Nd interactions are present at grain boundaries. [55]
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In summary, the spectral properties of 1 at% Nd:YAG ceramics are nearly identical to
Czochralski grown single crystals as evidenced by similar absorption spectra, emission spectra,
τf, and σϑ. At higher Nd3+ concentrations, spectral properties degrade due to Nd3+ clustering.
Spatially resolved spectroscopy indicates that Nd3+ content is 0.1% higher at grain boundaries in
1 at% Nd:YAG, and this observation may account for minor increases in both fluorescence and
non-radiative decay rates in ceramics relative to single crystals. Despite the differences in
fluorescence and non-radiative decay rates , Nd:YAG ceramics can exhibit similar or superior
slope efficiency and lasing threshold to Czochralski grown single crystals.
2.4.2 Optical Quality and Scattering in Nd:YAG Transparent Ceramics
Because the spectral properties of 1 at% Nd:YAG ceramics are nearly identical to
Czochralski grown crystals, performance differences between the two materials may stem from
differences in optical quality of the resonator cavity, δ. δ describes the amount of light lost as a
result of optical heterogeneities in the resonator optics and gain media of a laser system and can
be written:
𝛿 = 𝛿𝑂 + 2𝛾𝑥

(2.5)

where δO is the loss due to optical components in the resonator, 𝛾 is the light loss per unit length
in the gain medium, and x is the length of the gain medium. 𝛾 is a measure of the optical quality
of the gain medium and can be defined in terms of in-line light transmission:
𝐼
= %𝑇 = 1 − 𝑅 2 𝑒𝑥𝑝(−𝛾𝑥)
𝐼0
𝛾 = −𝑙𝑛

%𝑇
1−𝑅
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2

𝑥

(2.6)

(2.7)

where I is the transmitted light intensity, I0 is the incident light intensity, %T is the measured inline transmission, R is the surface reflectivity of the sample, and x is the sample length. 𝛾 is a
linear combination of all absorption and loss mechanisms in the material and can be
written:
𝛾 = 𝛾𝑝𝑜𝑟𝑒𝑠 + 𝛾𝑠𝑒𝑐𝑜𝑛𝑑

𝑝𝑎𝑠𝑒𝑠

+ 𝛾𝑏𝑖𝑟𝑒𝑓𝑟𝑖𝑛𝑔𝑒𝑛𝑐𝑒 + ⋯ + 𝛾𝑛 + 𝛾𝑛+1

(2.8)

where the loss from each mechanism is linearly proportional to the number density of
scattering sites in the material and the scattering strength of the defect:
𝛾𝑛 = 𝑁𝑛 𝛼𝑛

(2.9)

where Nn is the number of scattering sites per unit length and α is the scattering strength of
each scattering site. Thus, the total optical loss in a material is a summation of the optical
loss from every scattering site present in the microstructure. In Nd:YAG single crystals, the
total optical loss is frequently < 0.02 mm-1 where the primary loss mechanism is stress
induced birefringence 4. Nd:YAG ceramics have been produced with 𝛾 < 0.02 mm-1, but
small variations in porosity lead to large sample-to-sample variability10,11,56.
For Nd:YAG, surface reflection (R) limits in-line transmission to ~ 84% in the 400-1100
nm wavelength range and 84% in-line transmission is referred to as the maximum theoretical
transmission in Nd:YAG ceramics. Any decrease in transmission below 84% in Nd:YAG is a
result of intrinsic absorptions or scattering from optical heterogeneities (such as those detailed in
Figure 2.4) in the crystal. Therefore, in-line transmission measurements are one method for
determining the optical quality of a sample material and will be used throughout this
thesis.
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2.5 Summary
Transparent ceramics offer substantial advantages versus single crystals for many optical
applications including increased scalability, the ability to produce composite architectures, lower
processing temperature, and decreased processing time. The single most important factor in
producing transparent ceramics is sintering to full density because residual porosity is the
primary optical defect in transparent ceramics.
Nd:YAG transparent ceramics with laser properties similar to Czochralski grown single
crystals have been produced by both sintering and pressure assisted densification. Nd:YAG
ceramics are produced by two different powder routes: solid state reaction (SSR) and chemical
co-precipitation. For both powder routes, transparency is only achieved when SiO2 is doped into
the system. SiO2 doping has been shown to aid phase formation and increase Nd3+ diffusion in
SSR powders, but there is some disagreement in the literature about whether SiO2 acts as a liquid
phase sintering aid during final stage densification. After sintering and/or HIPing, Nd:YAG
ceramics may visibly darken, but the darkening mechanism has not been explored.
The spectroscopic properties of Nd:YAG ceramics are similar to Czochralski grown
single crystals, but site selective spectroscopy shows that grain boundaries may be responsible
for decreased fluorescence lifetime and stimulated emission cross section in Nd:YAG ceramics.
The primary difference between Nd:YAG ceramics and single crystals is optical loss, where
small variations in porosity (10’s of ppm) lead to large changes in optical loss.
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Chapter 3
Effect of SiO2 on Densification and Microstructure
Development in Nd:YAG Transparent Ceramics

3.1 Introduction
Coble1 first demonstrated that polycrystalline ceramics could be sintered to a visually
translucent/transparent state. Peelan and Metselaar2 showed that the primary scattering sites in
translucent alumina were pores and highly transparent ceramics could only be achieved by
eliminating residual porosity. Since then, a variety of transparent materials including Yttralox
(90%Y2O3-10%ThO2),3 MgAl2O4,4 and AlON5 have been successfully produced by sintering to
exceptionally high densities (i.e., > 99.9%) and thus reducing/eliminating light scattering from
residual porosity. In many cases, pressure assisted densification (hot pressing (HP) and/or hot
isostatic pressing (HIP)) is used to eliminate the final few pores in transparent ceramics, but
contamination and cost concerns inherent to HP and HIP make pressureless sintering the
preferred process when possible. While there are many studies about final stage densification
and microstructure evolution in transparent ceramics, few studies have concentrated on sintering
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and microstructure development at the exceptionally high densities required for transparent
ceramics (>99.9%).
Transparent Nd:YAG ceramics are fabricated by sintering Y2O3, Al2O3, and Nd2O3
powders (solid state reaction, or SSR) or solution-derived Nd:YAG powders. Ikesue et al. 6
showed that doping an SSR system with 0.14 wt% SiO2 was critical to achieving transparency
and enabled laser slope efficiencies similar to Czochralski grown crystals. All subsequent
literature reports about sintering transparent Nd:YAG ceramics (both SSR and YAG powder
approaches) use SiO2 as a sintering aid.
Fine-grained (1 - 5 μm) ceramic laser host materials are desirable for high power
applications because they have higher strength and thus can perform at higher maximum output
powers than coarse-grained (>10 μm) ceramics. Finer grain sizes also improve laser
performance by mitigating thermally induced optical birefringence effects between grains, thus
enabling temporally stable laser output14.
Grain sizes between 10 and 50 µm are common to SSR synthesized Nd:YAG as a result
of the > 1725oC sintering temperature required to achieve full density6,10,11. In 2002, Lu et al.15
reported highly transparent, laser quality Nd:YAG by sintering co-precipitated powders. These
ceramics (available through Konoshima Chemical Inc.) are ≈ 2 μm grain size and demonstrate
lasing efficiency and output power similar to single crystals8. Recently, Lee et al.16
demonstrated fine-grained (2-3 μm), transparent Nd:YAG densified by a sinter-hot isostatic press
(HIP) process between 1600 and 1750oC. By the HIP approach, Lee et al. showed that silica
content could be reduced to 0.04 wt% while still producing ceramics with in-line transmission >
82% at 1064 nm (the lasing wavelength in Nd:YAG).
54

Thermodynamic modeling of the SiO2-Y2O3-Al2O3 system shows that SiO2 forms a
liquid phase with YAG at temperatures > 1400oC17. However, SiO2 solid solution in the YAG
lattice was not included in the thermodynamic model17. Boulesteix et al.18 used densification
kinetics and scanning electron microscopy (SEM) observations to determine that a liquid phase
does develop in 0.3 wt% SiO2 doped YAG ceramics sintered between 1400 and 1550oC.
However, high resolution transmission electron microscopy (HRTEM) images of grain
boundaries in transparent YAG and Nd:YAG samples sintered between 1675 and 1750oC and
cooled at > 20oC/min revealed no evidence of an amorphous phase at grain boundaries or triple
lines16,19.
Several defect mechanisms have been proposed for SiO2 solubility in YAG. Based on
atomistic modeling, Kuklja20 predicted that the most likely defect mechanism for Si+4 (0.026 nm)
solubility in YAG is:
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𝑥
∙
𝑆𝑖𝑂2 + 𝐴𝑙𝐴𝑙
+ 𝑌𝑌𝑥 → 𝑆𝑖𝐴𝑙
+ 𝑉𝑌′′′ + 𝑌3 𝐴𝑙5 𝑂12

(3.1)

where the preferred substitutional site is the tetrahedrally coordinated 24(d) site. This seems
logical due to the similar ionic radii of tetrahedrally coordinated Si4+ (0.026 nm) and the 24(d)
tetrahedral Al3+ sites (0.039nm) in YAG.
Despite the clear importance of microstructure on laser performance, there are no
comprehensive studies about the effects of SiO2 doping on microstructure evolution in highly
dense Nd:YAG. In this chapter, we determine the local chemical environment surrounding Si4+
in SiO2 doped 1 at% Nd:YAG ceramics and discuss how SiO2 doping controls densification and
grain growth between 1600 and 1750oC. Further, we demonstrate how changes in sintering
trajectory are effected by changing SiO2 content and how this information can be used to obtain
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either coarse grained (>10 µm) or fine grained (< 3 µm) highly transparent Nd:YAG ceramics.

3.2 Experimental Procedure
3.2.1 Powder Synthesis and Green Forming
Nd:YAG powders were synthesized by reverse strike co-precipitation of 1.5 M aqueous
solutions of Al(NO3)3·9H2O (98+%, Sigma-Aldrich, St. Louis, MO), YCl3, and Nd(NO3)3·nH2O
(99.9%, Alfa Aesar, Ward Hill, MA). 1.5 M YCl3 was prepared by dissolving Y2O3 powder
(99.99%, Yarmouth Inc.) in HCl (J.T. Baker, Phillipsburg, NJ). The salt solution was added
dropwise to a rapidly stirring aqueous solution of 0.45 M (NH4)2SO4. The precipitation pH was
maintained at 9.2 with NH4OH. After aging for 1 h, the precipitate was repeatedly washed and
centrifuged with 0.05 M (NH4)2SO4 and a final wash was performed using ethanol. The washed
precipitate was dried for 16 h at 80oC and crushed in a mortar and pestle. The co-precipitated
powder was calcined at 1150oC for 2 h to form the garnet phase and subsequently calcined at
1250oC for 12 h to increase the average particle size to 200 nm (Figure 3.1). Each powder
particle is composed of two to three 80 nm crystallites.
The Nd:YAG powders were mixed with different amounts of tetraethoxysilane (TEOS,
99.9999%, Alfa Aesar, Ward Hill, MA) to obtain 0.035, 0.07, 0.14, and 0.28 wt% SiO2 doped 1
at % Nd:YAG. Powder batches were ball milled in anhydrous ethanol (reagent grade, J.T.
Baker, Phillipsburg, NJ) for 16 h using high purity Al2O3 balls (99.9%, 5 mm diameter, Nikkato
Corp., Sakai, Japan). The volume ratio of powder:media:alcohol was 1:4:8. The milled
suspensions were dried in an oven and ground in an alumina mortar. Samples denoted as ―dry
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pressed‖ were uniaxially pressed in a 4 mm die at 20 MPa followed by cold isostatic pressing
(CIP) at 200 MPa. Samples denoted as ―tape cast‖ were tape cast according to the process
detailed elsewhere.16 Organics were removed by heating at 0.2oC/min to 600oC and held 12 h in
air. After burnout, samples were CIPed at 200 MPa.
3.2.2 Sintering
Samples were sintered in a pure YAG embedding powder that had been calcined in air at
1600oC for 40 h. The embedding powder contained no SiO2. Sintering occurred between 1484
and 1750oC for up to 60 h in a tungsten mesh heated vacuum furnace (M60, Centorr Vacuum
Industries, Nashua, NH) under 5 × 10−3 Torr. The heating and cooling rates were 10oC/min and
20oC/min, respectively.
3.2.3 Microstructural and Optical Characterization
Sintered density up to 99.9% was measured using the Archimedes method. Sintered
densities over 99.9% were obtained by image analysis. For SEM imaging (XL20, Philips,
Eindhoven, Netherlands), the samples were ground with a diamond wheel and then polished
sequentially on silk pads with 6, 1, and 0.25 μm diamond slurries. The polished specimens were
thermally etched between 1300–1550oC for 0.25-10 h. Grain sizes and pore sizes of the sintered
samples were obtained by the linear intercept method (at least 200 counts) where the average
intercept length was multiplied by 1.56 to calculate the average grain size. In-line optical
transmission on sintered samples annealed in air for 10 h at 1600oC was measured with a
spectrophotometer with integrating sphere (Lambda 950, Perkin-Elmer, Wellesley, MA).
3.2.4 Nuclear Magnetic Resonance (NMR)
NMR was used to determine the coordination and bonding environment of Si4+ in
sintered Nd:YAG ceramics. Co-precipitated 1 at% Nd:YAG powders were mixed with 0.14
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wt% and 0.28 wt%

29

Si enriched SiO2 (SiO2, 96.74% 29Si, Cambridge Isotobe Laboratories,

Andover, MA). Samples were milled, dry pressed, CIPed, and sintered at 1600oC for 2 h
according to the procedure described above. The Nd:YAG samples were probed using 29Si magic
angle spinning (MAS) NMR. These experiments were carried out in a 7.0 T magnetic field with
a Tecmag Discovery NMR spectrometer (Tecmag Inc., Houston, TX) operating at a 29Si
irradiation/detection frequency of 59.081 MHz. The spectrometer was interfaced to a 7.5 mm
double resonance NMR probe that was run with MAS rates of 3 kHz. A spectral width of 40
kHz was covered with the acquisition of 2048 complex data points. For each spectrum, a total of
4,220 scans was acquired. The pulse length for irradiation of 29Si was 7 μs, providing
approximately 90 degrees of spin nutation, and the recycle delay between pulses was 60 s.
3.2.5 TEM
To observe grain boundary structure and the spatial distributions of Nd3+ and Si in the
microstructure, high resolution transmission electron microscopy (HRTEM) was performed on
tape cast 1 at% Nd:YAG ceramics doped with 0.14 and 0.28 wt% SiO2 sintered at 1700oC and
1750oC for 8 h. A JEOL EM-2010F Field-Emission TEM/STEM (JEOL Ltd., Tokyo, Japan)
equipped with an energy dispersive x-ray spectroscopy (EDS) detector (Oxford) and Gatan
Enfina electron energy loss spectrometer (EELS) was used for TEM characterization. The
samples were polished to 0.5 µm surface roughness using diamond impregnated polymer films
followed by argon ion milling on a liquid nitrogen cooling stage. HRTEM phase contrast images
were taken along the [111] direction for one of two adjacent grains with the other grain showing
clear lattice fringes.
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Figure 3.1: FESEM micrograph of 1 at% Nd:YAG powder used in this study. The powder was
calcined at 1150oC for 2 h and 1250oC for 10 h.

3.3 Results and Discussion
3.3.1 SiO2 in Nd:YAG Ceramics
In this section, we investigate the coordination and distribution of Si4+ in < 0.28 wt%
SiO2 doped 1 at% Nd:YAG ceramics between 1600 and 1750oC to inform our discussions about
the effects of SiO2 on sintering and microstructure evolution.
Figure 3.2 shows the NMR spectrum obtained from 0.28 wt% SiO2 doped 1 at%
Nd:YAG sintered at 1600oC for 2 h. The chemical shift (δ) is determined by subtracting the
precession frequency of a sample (ωsample) from the procession frequency of a standard (ωstandard)
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according to:
𝛿=

𝜔 𝑠𝑎𝑚𝑝𝑙𝑒 −𝜔 𝑠𝑡𝑎𝑛𝑑𝑎𝑟𝑑
𝜔 𝑚𝑎𝑔𝑛𝑒𝑡

(3.2)

where 𝜔𝑚𝑎𝑔𝑛𝑒𝑡 is the operating frequency of the NMR magnet. The precession frequency (ω) of
a nucleus is given by:
𝜔 = 𝜁𝐵

(3.3)

where ζ is the gyromagnetic ratio of a proton and B is the effective magnetic field at the
nucleaus. During an NMR experiment, an external magnetic field (Bo) is applied to the sample
and 𝜔 is measured. The effective magnetic field at the nucleus, B, is affected by both Bo, and
local contributions to the magnetic fields by electrons that respond to the applied magnetic field
by generating a secondary field that opposing the applied magnetic field. Electrons from both the
atom being probed and electrons bound to atoms within a few coordination shells of the probed
atom reduce the effective magnetic field observed at the nucleus. Therefore, 𝜔 is affected by the
electron density and coordination of the probed atom as well as the electronegativity and electron
density of nearby atoms. Nuclei with a high surrounding electron density are more shielded from
the applied magnetic field and have less negative chemical shift relative to less shielded nuclei.
Therefore, atoms with lower coordination number and lower electronegativity ligands have less
negative chemical shift than atoms with higher coordination numbers and higher
electronegativity ligands. For this reason, 𝛿 of a specific nucleus is characteristic of particular
coordinations and ligands.
Two overlapping peaks are observed in Figure 3.2 with full width at half maxima
(FWHM) of 5 and 3 ppm are observed. A FWHM of 3-5 ppm is consistent with crystalline order
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(amorphous phases frequently have FWHM > 20 ppm), indicating that SiO2 is primarily
coordinated in highly crystalline environments. The -80 to -85 ppm chemical shift is consistent
with tetrahedrally coordinated Si4+.21 Octahedrally coordinated Si4+ results in chemical shifts
between -180 and -220 ppm21, but no peaks were observed in this range. It is therefore clear that
the majority of Si4+ occupies the tetrahedrally coordinated Al3+ 24(d) site as opposed to
octahedrally coordinated Al3+ 16(a) sites in the YAG structure. This result confirms predictions
from atomistic modeling20 that Si4+ preferentially occupies tetrahedral sites in YAG.

Figure 3.2: NMR spectrum of dry pressed 1 at% Nd:YAG doped with 0.28 wt% 29Si enriched
SiO2 sintered at 1600oC for 2 h.
The two distinct 29Si4+ peaks observed in Figure 3.2 may be explained by cationic
substitutions in the second coordination shell of the 29Si4+. Fyfe et al.21 observed similar
chemical shifts in tetrahedrally coordinated 29Si4+ when ionic substitutions occurred in the
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second coordination shell surrounding the 29Si4+ tetrahedral. The second coordination shell of
each Al3+ 24(d) site in YAG consists of eight Y3+ 24(c) sites and four octahedrally coordinated
Al3+ 16(a) sites. In Nd:YAG, second coordination shell substitutions could occur by Nd3+
occupying a 24(c) site, or by antisite defects (Y3+ occupying 16(a) and 24(d) sites or Al3+
occupying 24(c) sites) which are known to occur in YAG ceramics and single crystals20,22.
Figure 3.3 is an HRTEM micrograph of a grain boundary in 0.28 wt% SiO2 doped
Nd:YAG sintered at 1700oC for 8 h. Lattice fringes extending to the boundary of each grain.
Grain boundaries and triple lines show no signs of crystalline second phases or amorphous
phases in this sample or any other sample in this study. Electron energy loss spectroscopy
(EELS) was also used to detect Si. The k ionization edge for Si at 1839 eV was detected at grain
centers, grain boundaries, and triple lines indicating that Si4+ substitutes into the YAG lattice and
is also present at grain boundaries and triple points. This observation provides further evidence
that Si4+ enters into a solid solution with the Nd:YAG lattice during sintering.
0.28 wt% SiO2 doping corresponds to 0.5% of the available Al3+ sites in the YAG
structure. Because SiO2 was added to stoichiometric Nd:YAG powder, 0.28 wt% SiO2 doping
leads to 0.5 at% Al3+ cation excess over the stoichiometric composition. Atomistic modeling
predicts that non-stoichiometry is accommodated by anti-site defects in YAG20. The precise limit
of stoichiometric variation in YAG ceramics is not known, but Patel et al. 22 found that Al3+
excess may be limited to 0.2 at% by comparing lattice constant measurements from x-ray data
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Figure 3.3: A. HRTEM image of a grain boundary in tape cast 0.28 wt% SiO2 doped 1 at%
Nd:YAG sintered at 1700oC for 8 h. No amorphous phase is observed at the grain boundary.
B. EELS showing that the Si k edge is present at both grain boundaries and grain interiors
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with atomistic simulations of defect mechanisms. However, no evidence of second phases was
found up to 0.62 at% excess Al3+ in that study. Further, the YAG ceramics in Patel et al. were
doped with 0.14 wt% SiO2, but Si4+ content was not considered when determining sample
stoichiometry. After accounting for Si4+ in the sample stoichiometry, the Al3+ excess limit in
SiO2 doped YAG ceramics is at least 0.45 at%. Clearly, further work is required to determine the
precise limits of non-stoichiometry in SiO2 doped YAG ceramics. In the present study, no second
phases were observed by SEM or TEM in any sample, thus it is likely that Al3+ excess caused by
Si4+ doping does not result in second phase formation up to at least 0.28 wt% SiO2.
Given that the chemical shift and relatively narrow FWHM observed in Figure 3.2, the
fact that Si is detected at grain interiors by EELS, and that grain boundaries observed by
HRTEM (Figure 3.3) show no evidence of an amorphous phase, we conclude that Si4+ primarily
exists as solute ions located at tetrahedrally coordinated 24(d) sites in the YAG crystal structure
for < 0.28 wt% SiO2 doped 1 at% Nd:YAG ceramics sintered between 1600 and 1750oC.
3.3.2 Densification
Figure 3.4 shows relative density during final stage densification as a function of
temperature and Figure 3.5 shows relative density vs. time for tape cast 1 at% Nd:YAG ceramics
doped with 0.035-0.28 wt% SiO2. Increasing silica content increases density at all temperatures
and times. The 0.28 wt% SiO2 doped samples densify to over 99.9% relative density at short
times (2 h for all temperatures > 1600oC) and low temperatures (1600oC for 8 h) while samples
doped with less SiO2 achieve > 99.9% density at longer times (8 – 20 h) and/or higher
temperatures (1750oC). Figure 3.5 shows that all samples sinter to over 99.9% density after 20 h
at 1600oC. While all samples had measured densities over 99.9% after sintering at 1600oC for
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Figure 3.4: Relative density vs. temperature for tape cast 1 at% Nd:YAG samples doped with
0.035, 0.07, 0.14, and 0.28 wt% SiO2. Holding time was 2 h.

Figure 3.5: Relative density vs. sintering time at 1600oC for tape cast 1 at% Nd:YAG samples
doped with 0.035, 0.07, 0.14, and 0.28 wt% SiO2.
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20 h, only the 0.28 wt% SiO2 doped 1 at% Nd:YAG samples were highly transparent (> 80% inline transmission at 1064 nm).
To explain the increasing densification rate as a result of increasing SiO2 content, we
examine the effect of Si4+ substitution on Y3+ and Nd3+ diffusion. Y3+ and rare earth ion (Nd3+,
Er3+, Yb3+, etc.) diffusion is reported to be the rate limiting factor for both grain boundary and
lattice diffusion in YAG ceramics23,24. This implies that increasing Y3+ and Nd3+ ion diffusion
rates should also lead to faster densification kinetics. Ionic diffusion in ceramics typically occurs
by a vacancy mechanism and the self diffusion coefficient can be written:
𝐷 = 𝐷𝑜 𝑒𝑥𝑝

−𝐸𝑗
𝑘𝐵 𝑇

(3.4)

where D is the diffusion constant, Ej is the activation energy to jump to an adjacent vacancy, kB is
Boltzmann’s constant, T is temperature, and Do is:
𝐷𝑜 = 𝑓𝑎2 𝜈𝑋𝑣

(3.5)

where f is the correlation factor, a is the nearest neighbor jump distance, ν is the jump frequency,
and Xv is the site fraction of vacancies on the appropriate sublattice. According to Eq. (3.1), Xv
should increase on the Y3+/Nd3+ sublattice with increasing SiO2 content. According to Eqs. (3.4)
and (3.5), increasing Xv will in turn cause both DY3+ and DNd3+ to increase with increasing SiO2
content. Diffusion experiments on Nd2O3 coated YAG ceramics confirm that Nd3+ lattice and
grain boundary diffusion constants increase with increasing silica content.24 Thus, by creating
vacancies on the Y3+/Nd3+ sublattice (Eq. (3.1)), and thereby increasing diffusion rates for both
Y3+ and Nd3+, SiO2 doping increases densification kinetics in Nd:YAG ceramics.
Figure 3.6 shows representative microstructures of 0.035 wt% SiO2 doped Nd:YAG
sintered for 2 h (5A), 4 h (5B) and 20 h (5C and 5D) at 1600oC. The isolated pores in the images
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are typical of final stage densification in SiO2 doped Nd:YAG ceramics. Pores are similar in size
to grains and are separated by large defect-free regions, i.e., regions where there are no pores or
second phases present at grain boundaries and triple points. In samples with densities > 99.9%,
these defect-free regions (shown in Figure 3.6D) were observed to be > 900 μm2.

Figure 3.6: SEM micrographs of tape cast 1 at% Nd:YAG ceramics doped with 0.035 wt% SiO2
sintered at 1600oC for 2 h (A) and 8 h (B) and 20 h (C and D)

It is important to note the qualitative difference between the microstructures observed in
Figure 3.6D and the classic picture of final stage sintering first proposed by Coble25. In the
Coble’s model, final stage sintering is characterized by small isolated pores located on grain
boundaries and triple lines. In SiO2 doped Nd:YAG ceramics, the last pores remaining in the
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microstructure at densities > 99.9% are large relative to the grain size (Dp/G > 1, where Dp is the
pore diameter and G is the average grain diameter). Observations of large pores in fine grained
ceramics are frequently explained by pore stability,26 but sintering models that take into account
non-ideal microstructures (i.e. grain size distributions) and direct experimental observations
show that large pores (Dp/G > 1) are thermodynamically unstable during sintering27-29,
Slamovich and Lange modeled densification controlled by the shrinkage of a large pore (Dp/G >
1) in a fine-grained matrix:27
𝑑𝜌
𝑑𝑡

=

0.91𝜋𝐷𝑔𝑏 𝛿 𝑏 Ω𝛾

[1− 1−2𝑆1 2 ]1 2

𝑘𝐵 𝑇

𝑆1

4/3

1−𝜌

4𝑚 /3

𝜌
4𝜋 1/3 𝑁𝑉 𝑜 1−𝜌 𝑜
1
3
(1−𝜌)1/3 [1− 1−𝜌 3 ]

(3.7)

where Dgb is the grain boundary diffusion constant, δb is grain boundary thickness, Ω is molar
volume, ρ is density, ρo is the starting density (at final stage densification), NVo is the initial
number density of pores, and m is determined by the sintering mechanism. S1 is a geometric
constant relating pore size (Rp) and grain size (d):

𝑆1 = 0.5 1 −

1+2 𝑑 2𝑅𝑝
𝑑
)
2𝑅 𝑝

1+(

(3.8)

According to Equations (3.7) and (3.8), larger pores require longer times/higher sintering
temperatures to remove than smaller pores. Rather than a thermodynamic limit to pore removal
based on pore coordination number, slow diffusion kinetics ultimately limit large pore removal2729

. In order to sinter to the exceptionally high densities (>99.995%) required for high efficiency

laser materials, we must consider final stage sintering characterized by a small number of large
pores separated by multigrain distances, rather than small pores distributed along grain
boundaries and triple lines.
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Since large pores like those observed in Figure 3.6 usually result from green forming
defects, we investigated the role of green forming on microstructural development and
densification. Dry pressed and tape cast samples doped with 0.14 wt% SiO2 were sintered
between 1484 and 1750oC for 1-8 h. The average green densities of tape cast and dry pressed
samples were 48.3% and 44.7%, respectively. Figure 3.7 shows that tape cast samples have
smaller average grain size at the same density as dry pressed samples. Because dry pressed
samples have a small population of larger pores that are not found in tape cast samples,16 dry
pressed materials require longer sintering times and higher sintering temperatures to achieve
comparable densities to tape cast samples. The longer sintering times and higher sintering
temperatures required in dry pressed samples lead to larger average grain sizes at identical
sintered densities compared to tape cast samples. Clearly, the grain size-density trajectory is
affected by the green forming process, and as demonstrated in Figure 3.7, colloidal methods like
tape casting are better suited than dry pressing to achieving fine grained transparent ceramics by
pressureless densification. Also, because all samples in this study sintered to > 99.9% density at
1600oC and densification was only limited by a small number of large pores, refining green
forming procedures to increase green density and particle packing homogeneity would eliminate
these large pores thus enabling sintering of transparent Nd:YAG in low silica content (i.e., < 0.14
wt%) ceramics at 1600oC.
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Figure 3.7: Sintering trajectory for tape cast and dry pressed 0.14 wt% SiO2 doped Nd:YAG
ceramics sintered between 1550oC and 1750oC for 2-8 h

3.3.3 Grain Growth
Figure 3.8 shows the effects of temperature on grain growth for 0.035-0.28 wt% SiO2
doped 1 at% Nd:YAG. Increasing silica content increases grain size under all conditions. The
0.035 wt% silica content samples maintain grain sizes below 3 μm even at sintering conditions
up to 1750oC for 8 h. To determine the grain growth exponent (n) and rate constant (k), kinetic
data was plotted according to Equation (3.9):
𝐺 𝑛 − 𝐺𝑜𝑛 = 𝑘𝑡

(3.9)

where G is the average grain size, Go is taken to be the grain size at 2 h hold time for each
temperature, and t is time. Grain growth data was fit to n values of 2, 3, and 4. n=3 provided the
best fit for all temperatures and compositions (linear regression R2 parameters ranged from 0.93
to 0.99). Boulesteix et al.11 and Kochawattana et al.24 also found that grain growth kinetics fit a
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Figure 3.8: Grain size as a function of temperature between 1484oC and 1750oC for tape cast 1
at% Nd:YAG ceramics doped with 0.035, 0.07, 0.14, and 0.28 wt% SiO2. Sintering time was 2 h
at each temperature.

Figure 3.9: G3-Go3 vs. sintering time at 1600oC for tape cast 1 at% Nd:YAG ceramics containing
0.035 and 0.14wt% SiO2. Measured density for all samples was > 99%.
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cubic rate law for temperatures between 1525 and 1850oC. Figure 3.9 shows grain growth
kinetics for tape cast 0.035 and 0.14 wt% SiO2 doped 1 at% Nd:YAG sintered at 1600oC for 2-60
plotted according to Eq. (3.9) with n=3. The measured density of each sample was > 99% dense,
thus pore drag is unlikely to have affected the growth kinetics.
As shown in Figure 3.6, the vast majority of grain boundaries do not intersect pores.
Therefore, it is likely that grain growth for samples sintered at > 1600oC is controlled by grain
boundary mobility rather than pore drag. In boundary controlled systems, grain growth
exponents equal to 3 are explained by either diffusion controlled growth in liquid phase
containing systems or by solute drag mechanisms in solid state systems30. As shown above, no
liquid phase is observed in < 0.28 wt% SiO2 doped 1 at% Nd:YAG ceramics sintered between
1600 and 1750oC, and thus we conclude that the cubic grain growth kinetics observed in Figure
3.9 are due to solute drag.
As noted above, Y3+ and rare earth ion diffusion limit mass transport in YAG ceramics.
Because Nd3+ has both a larger ionic radius and a greater atomic mass than Y3+, it is expected to
have a slower diffusion rate than Y3+. Therefore, the ion in Nd:YAG most likely to result in
solute drag during grain growth is Nd3+.
During solute drag limited grain growth, the concentration of the slow-diffusing solute
atoms is higher at or near grain boundaries than the grain interiors. If Nd3+ causes solute drag in
the Nd:YAG system, we should find higher Nd3+ concentrations near grain boundaries. Figure
3.10 shows the Gibbsian interfacial excess (Γ) of Nd3+ at grain boundaries as determined by
TEM EDS analysis of relative Nd3+ content between grain boundaries and grain interiors where
Γ is calculated according to Equation (3.10):31
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Γ = 𝑁𝑌

𝐶𝑁𝑑 𝐺𝐵
𝐶𝑌

−

𝐶𝑁𝑑 𝐺𝐼
𝐶𝑌

𝑤

(3.10)

where NY is the number density of Y3+ lattice sites, CNd is Nd3+ concentration, CY is Y3+
concentration, w is the width of the analysis area (33 nm) and GB and GI refer to measurements
taken at the grain boundary and grain interior, respectively. The average interfacial excess for 10

Figure 3.10: Interfacial excess of Nd3+ at grain boundaries in 0.14 wt% SiO2 doped 1 at %
Nd:YAG sintered at 1700oC for 8 h.
boundaries was 0.789 Nd3+/nm2. This correlates to an absolute concentration of 1.25 at% Nd3+ at
grain boundaries which is 25% more than the as-batched composition. Optical techniques have
also shown Nd3+ segregation at grain boundaries. Ramirez et al. used confocal scanning optical
microscopy (CSOM) and also showed that Nd3+ concentration increased at grain boundaries by
10% relative to grain interiors in 0.14 wt% SiO2 doped 1 at% Nd:YAG. The lower spatial
resolution of CSOM (< 0.5 μm x 0.5 μm x 2-3 μm) relative to TEM may account for the
differences in grain boundary concentration observed by the two techniques. A similar analysis
was not performed for Si4+ because the Y Lα peak overlaps with the Si Kα peak.
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Grain growth constants (k) were calculated according to Eq. 3.9 for 0.035, 0.07, 0.14, and
0.28 wt% SiO2 doped 1 at% Nd:YAG samples sintered at 1600, 1650, 1700, and 1750oC for 2-8
h. Figure 3.11 and Figure 3.12 show that k increases as a function of SiO2 doping for samples
sintered for 2-8 h at 1700oC and all sintering temperatures used in this study. Cahn showed that
boundary mobility (Mb) in a solute drag limited system should vary with grain boundary
diffusivity of the solute atoms (Db) according to:32
𝑀𝑏 = 𝑘

𝛺

1

𝐵 𝑇𝛿 𝑔𝑏

𝐷𝑎

+

4𝑁𝑣 𝛺𝑄𝐶∞ −1
𝐷𝑏

(3.11)

where Ω is molar volume, δgb is the grain boundary thickness, Da is the diffusivity of the solvent
ions, Nv is the solvent atom concentration, Q is the partition coefficient, and C∞ is the solute atom
concentration in the grain center. As shown above, increasing SiO2 content increases both Y3+
and Nd3+ diffusivity in YAG which increases both Da and Db in Eq. (3.11). Because increasing
Mb increases k as well, this analysis provides a plausible explanation that is consistent with a
solute drag hypothesis for the increasing grain growth rate as a function of SiO2 content.
The activation energy for grain growth between 1600oC and 1750oC was calculated using
the Arrhenius equation:
𝑙𝑛 𝑘 =

−𝐸𝑎
𝑘𝐵 𝑇

+𝐶

(3.12)

where k is the rate constant in Eq. (3.6), Ea is the activation energy, and C is a constant. Figure
3.12 shows the Arrhenius plots for each silica content. The calculated activation energies for
grain growth of 0.035, 0.07, 0.14, and 0.28 wt% SiO2 doped samples were 960, 1210, 1130 and
1160 kJ/mol, respectively. These values are consistent with the activation energy for grain
growth in SSR ceramics sintered between 1700 and 1850oC by Kochawattana et al.11
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Figure 3.11: Grain growth rate constant, k, versus SiO2 content for tape cast 1 at%
Nd:YAG ceramics doped with 0.035, 0.07, 0.14, and 0.28 wt% SiO2 sintered at 1700oC for 2-8 h.

Figure 3.12: Arrhenius plot of ln k versus 1/T for tape cast 0.035, 0.07, 0.14, and 0.28 wt% SiO2
doped 1 at% Nd:YAG sintered between 1600 and 1750oC for 2-8 h.
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3.3.4 Microstructural Control and Sintering Trajectory
Along with green forming, understanding the links between sintering temperature, silica
content, densification rate, and grain growth rate is key to controlling microstructure evolution in
transparent Nd:YAG. Figure 3.13 shows grain size as a function of density for tape cast 0.035
and 0.14 wt% SiO2 doped 1 at% Nd:YAG sintered at 1600oC for 8-60 h. Figures 3.4 and 3.8
show that increasing SiO2 content increases both densification and coarsening, and Figure 3.13
shows that the sintering trajectory begins to follow a more coarsening path in samples with
increasing SiO2 content. While increasing SiO2 content leads to higher densities at lower
sintering temperatures and shorter times, comparable densities in samples with lower SiO2
content have smaller average grain size.

Figure 3.13: Sintering trajectory for tape cast 1 at% Nd:YAG ceramics containing 0.035 and 0.14
wt% SiO2 sintered at 1600oC for 8 –60 h.
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Figure 3.14 shows the in-line transmission for tape cast 1 at% Nd:YAG samples doped
with 0.035 and 0.28 wt% SiO2. At 0.28 wt% silica content, highly transparent ceramics with an
18 µm average grain size were achieved by sintering at 1600oC for 8 h. In the case of 0.035 wt%
SiO2, highly transparent ceramics with 2.8 µm average grain size were achieved after sintering at
1750oC for 8 h. These samples clearly illustrate the relationships between SiO2 content, sintering
kinetics, and sintering trajectory. The faster densification kinetics in the 0.28 wt% SiO2 doped
sample lead to transparency at a relatively low temperature (1600oC), but the more coarsening
sintering trajectory leads to a relatively large average grain size (18 µm). Lower SiO2 content in
0.035 wt% SiO2 samples leads to slower densification kinetics requiring higher sintering
temperatures and longer times to achieve transparency. However, the more densifying sintering
trajectory leads to finer grained transparent materials.

Figure 3.14: In-line transmission for tape cast 0.0.35 wt% SiO2 Nd:YAG sintered at
1750oC for 8 h and 0.28 wt% SiO2 Nd:YAG sintered at 1600oC for 8 h. Grain sizes were 2.8 and
18 μm and sample thicknesses were 1.3 mm and 1.1 mm, respectively.
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A possible explanation for the more coarsening sintering trajectory observed in samples
with higher SiO2 contents centers on the relative effects of Si4+ doping on grain boundary (Dgb)
and lattice diffusion (Dl) . Boulesteix et al.24 showed the Nd3+ grain boundary diffusion increased
by up to 2 times more than volume diffusion between 0 and 0.3 wt% SiO2 doped Nd:YAG
ceramics. To understand why increasing grain boundary diffusion should increase coarsening at
a greater rate than densification, we consider common models for densification and grain growth.
Herring showed that densification rate can be described by:33
𝑑𝜌
𝑑𝑡

= 𝐹(𝜌)

3𝜋Ω𝛾

𝐷𝑔𝑏 𝛿 𝑏

𝑘𝐵 𝑇

𝐺4

𝐷

+ 𝐺 3𝑙

(3.13)

where Dgb is the grain boundary diffusion coefficient and F(ρ) is a microstructurally dependent
function of density. Cahn showed that grain growth rate in solute drag limited systems is
inversely proportional to G2 according to:31
𝑑𝐺
𝑑𝑡

∝

𝐷𝑔𝑏
𝐺2

(3.14)

(Because Eq. (3.11) is grain growth rate, it is the partial first derivative with respect to time of
Eq. (3.6) and is thus consistent with the cubic rate law determined using Eq. (3.6)). Eqs. (3.10)
and (3.11) show that for the same grain size, increasing Dgb increases grain growth rate faster
than densification rate. For example, assuming a 2 µm average grain size and a 10% increase in
Dgb, densification rate increases by 0.63% while the grain growth rate increases by 2.5%.
Therefore, increased SiO2 doping in Nd:YAG ceramics leads to a more coarsening sintering
trajectory by preferentially increasing Dgb over Dl, and increasing dG/dt faster than dρ/dt.
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3.4 Conclusions
Both densification and grain growth in 1 at% Nd:YAG increase with increasing SiO2
content. SiO2 contents up to 0.28 wt% form a complete solid solution with Nd:YAG at
temperatures between 1600 and 1750oC, as evidenced by clean grain boundaries, the detection of
Si at grain interiors, and narrow NMR peaks. TEM EDS analysis showed that Nd3+ concentration
is higher at grain boundaries than the grain interiors by 25%. Nd3+ grain boundary segregation
and cubic grain growth kinetics indicate that coarsening in Nd:YAG ceramics is controlled by a
solute drag mechanism. Because densification is limited by small numbers of large pores,
colloidal processing leads to lower sintering times and temperatures as well as decreased grain
size at the same density as dry pressed samples. As silica content increases, the sintering
trajectory in Nd:YAG ceramics occurs along an increasingly coarsening path. Higher silica
content samples densify at lower temperatures and times than lower silica content samples, but
lower silica content samples may achieve full density and transparency at smaller grain sizes.
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Chapter 4

Low Temperature Transient Liquid Phase Sintering of
B2O3-SiO2 doped Nd:YAG Transparent Ceramics

4.1 Introduction

Because Nd3xY3-3xAl5O12 (Nd:YAG) has a cubic crystal structure, it is possible to
produce highly transparent polycrystalline Nd:YAG by sintering to > 99.99% density. Ikesue et
al.1 first reported highly efficient laser gain in transparent Nd:YAG ceramics by sintering a
powder mixture of Al2O3, Y2O3, and Nd2O3 at 1750oC for 8 h. They found that the addition of
0.14 wt% (1.35 mol%) SiO2 was critical to sintering Nd:YAG to transparency and proposed that
SiO2 plays a critical role in incorporating Nd3+ into the YAG lattice. Yagi et al.2 produced
transparent Nd:YAG ceramics using co-precipitated Nd:YAG powders doped with several
hundred ppm SiO2 and sintered at 1700oC for 20 h.
There have been a few efforts to reduce SiO2 content in transparent Nd:YAG ceramics.
Lee et al.3 recently showed that SiO2 doping could be substantially reduced to 0.04 wt%, but not
eliminated entirely, by hot isostatic pressing Nd:YAG ceramics sintered to closed porosity. In
Chapter 3, we demonstrated that samples with only 0.035 wt% SiO2 content could be sintered to
transparency, but require sintering temperatures up to 1750oC to eliminate small numbers of
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large pores that are a consequence of green forming. There have been no reports of sintering
highly transparent Nd:YAG ceramics without SiO2 doping.
Thermodynamic modeling of the SiO2-YAG and SiO2-Nd:YAG systems predict that
silica rich liquid phases form as low as 1390oC4. Boulesteix et al.5 observed a liquid phase at
particle necks by scanning electron microscopy (SEM) of SiO2 doped Nd:YAG ceramics sintered
at 1527oC for 15 min. In 0.3 wt% SiO2 doped 1 at% Nd:YAG, differential thermal analysis
showed an endothermic peak at 1390oC that is consistent with liquid phase formation5. A similar
peak was not observed in Nd:YAG samples without SiO2 doping. Using a combination of
nuclear magnetic resonance and transmission electron microscopy, Chapter 3 showed that
Si4+substitutes into the YAG crystal structure on tetrahedrally coordinated Al3+ sites and no
liquid phase remains in 0.035-0.28 wt% SiO2 doped 1 at% Nd:YAG at temperatures between
1600 and 1750oC. It is apparent that SiO2 acts as a transient liquid phase sintering aid during
YAG sintering: a liquid phase forms at 1390oC and affects intermediate stage densification
followed by Si4+ substitution into the YAG structure leading to solid state sintering during final
stage densification.
While SiO2 doping is clearly critical to achieving transparency in Nd:YAG ceramics,
SiO2 has also been shown to cause optical defects in Nd:YAG ceramics. Boulesteix et al.5
identified SiO2 rich amorphous phases at triple lines in 0.3 wt% SiO2 doped Nd:YAG ceramics,
and Ikesue et al.6 found that SiO2 rich phases may precipitate at grain boundaries if cooling rates
after sintering are < 20oC/min. In single crystal Nd:YAG, Si4+ has been shown to cause point
defects and optical absorptions that decrease laser performance (a process commonly known as
solarization). Yagi et al.2 found that solarization in Nd:YAG ceramics was substantially higher
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than that of Czochralski grown crystals. Trace element analysis indicated that the ceramic
material had lower concentrations of all impurity ions except Si4+ than the Czochralski grown
single crystals used in the study,2 implying that Si+4 may be responsible for increased
solarization in Nd:YAG ceramics compared to single crystals.
To successfully process transparent ceramics, any sintering aid must either not affect the
optical properties of the host material or be eliminated during processing. These constraints
dramatically limit the number of sintering aids available for optical ceramics. To decrease Si4+
content in Nd:YAG ceramics, we consider adding a sintering aid that interacts with the known
liquid phase densification mechanisms during intermediate stage sintering of SiO2 doped
Nd:YAG, but which is then eliminated from the system. In other ceramic systems where SiO2
acts as a liquid phase sintering aid, such as cordierite, co-doping with B2O3 has been shown to
increase densification rates and lower sintering temperatures. Further, B2O3 is known to
vaporize from borosilicate glass melts, so it may act as a fugitive liquid phase sintering aid
during Nd:YAG sintering7,8.
In this chapter, we report the synthesis of transparent Nd:YAG ceramics using B2O3-SiO2
as a transient liquid phase sintering aid. By changing the ratio of B2O3 to SiO2 and total dopant
concentration, we investigate the effects of B2O3-SiO2 doping on sintering kinetics and
microstructure when sintered in vacuum and O2. The resulting ceramics sinter to transparency as
low as 1600oC, more than 100oC lower than any other report in systems with < 0.14 wt% SiO2.
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4.2 Experimental Procedure
To investigate how B2O3 affects the sintering of Nd:YAG, solid state reaction (SSR) and
co-precipitated powders formed by dry pressing and tape casting were used for sintering. To
prepare the 1 at% Nd:YAG ceramics by the SSR process, α-Al2O3 powder (AKP50, >99.99%,
100-300 nm, Sumitomo Chemical Co., Tokyo, Japan), Y2O3 (BB, >99.999%, 50 nm, Shinetsu
Co., Tokyo, Japan), and Nd2O3 (>99.99%, 200 nm, Alfa Aesar, Ward Hill, MA) powders were
used. Co-precipitated powders were also synthesized by the process described in Chapter 3.
Samples were doped according to the compositions in Table 4.1 using tetraethylorthosilicate
(99.999+%, Alfa Aesar, Ward Hill, MA) and trimethyl borate (99.999+%, Alfa Aesar, Ward
Hill, MA) as the SiO2 and B2O3 sources, respectively. The B3+:Si4+ atomic ratio was varied
between 0.5 and 2 while maintaining the total dopant content at 1.35 mol%, which is equivalent
to 0.14 wt% SiO2 doping. To investigate the role of dopant content on sintering kinetics, the
B3+:Si4+ ratio was held constant at 0.5 while the total dopant content was varied from 0.34 to
1.35 mol%. We introduce a descriptive nomenclature to facilitate discussion. Samples doped
with SiO2 are denoted ―S‖ while samples doped with borosilicate are denoted ―B‖. Undoped
samples are labeled ―U.‖ The mol% dopant follows ―S‖ or ―B‖. For borosilicate doped samples,
the B3+:Si4+ molar ratio follows the dopant content. For example, 1.35 mol% SiO2 doped
samples are denoted S1.35, while the samples labeled B1.35-0.5 are 1.35 mol% borosilicate
doped with B3+:Si4+=0.5.
Samples were green formed by dry pressing and tape casting processes described
elsewhere.3 Green densities were 45% for dry pressed samples and 48% for tape cast samples.
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Initial and intermediate stage sintering were studied using both SSR and co-precipitated dry
pressed samples fired in a thermo-mechanical analyzer (TMA) (TMA-50, Shimadzu Inc., Japan)
at 10oC/min to 1400oC and held for 1 h in air. For final stage densification, tape cast samples
were sintered in vacuum between 1400 and 1750°C for 2-20 h in a tungsten mesh heated furnace
(M60, Centorr Vacuum Industries, Nashua, MA). A set of tape cast samples were also sintered in
flowing O2 (0.3 slpm flow rate) in a high purity Al2O3 tube furnace (CM Furnaces Inc.,
Bloomfield, NJ) between 1500 and 1600oC for 2-20 h. Density was measured by the Archimedes
method.
Microstructures were observed using both optical and scanning electron microscopy
(Model XL20, Hitachi Inc., Tokyo Japan). Grain size and pore size were determined using the
linear intercept method. B3+ content were determined by laser ablation inductively coupled mass
spectrometry (LA-ICPMS) using a Thermo Fisher Scientific Xseries 2 mass spectrometer
(ThermoFisher Inc., Waltham, MA). Prior to LA-ICPMS, at least 200 μm of each sample surface
were removed using 15 μm diamond grit to eliminate surface effects. In-line transmission was
measured using a Beckman-Coulter DU-800 spectrophotometer (Beckman Coulter, Brea CA).
Fluorescence spectroscopy was performed on a Witec alpha300 S (Witec Inc., Ulm, Germany)
confocal scanning optical microscope with 514 nm excitation from a tunable Ar laser.
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Table 4.1: Sample Compositions
4+

3+

3+

4+

Sample Name Dopant mol% Si mol% B mol% B :Si
U
0
0
0
0
S1.35
1.35
1.35
0.00
0.00
B1.35-0.5
1.35
0.90
0.45
0.50
B1.35-1.0
1.35
0.68
0.68
1.00
B1.35-2.0
1.35
0.45
0.90
2.00
B0.68-0.5
0.68
0.45
0.23
0.50
B0.34-0.5
0.34
0.23
0.11
0.50

4.3 Results
4.3.1 Initial and Intermediate Stage Sintering

Figure 4.1 shows differential thermal analysis of SSR 1 at% Nd:YAG samples U, S1.35,
and B1.35-0.5. From 275oC to 475oC, all samples show an exothermic reaction that is consistent
with volatilization of organic species from the particle surfaces. A clear exothermic peak begins
at 1265oC, reaching its maximum at 1325oC. This exotherm can be attributed to the perovskite to
garnet phase transition1,5,9,10. Compared to the peak from the undoped sample, the SiO2 and
B2O3-SiO2 samples have a lower, broader peak suggesting that SiO2 and B2O3-SiO2 doping
affects the phase transition. No endothermic peak associated with liquid phase formation is
observed in the SiO2 and B2O3-SiO2. This is likely due to the low doping levels used in this
study (1.35 mol%), as previous studies by Maitre et al.10 only observed an endothermic peak
associated with melting in samples with twice the SiO2 doping levels used in this study.
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Figure 4.1: Differential thermal analysis of SSR 1 at% Nd:YAG powders heated at
10oC/min to 1500oC.

Figure 4.2 shows uniaxial shrinkage versus time for SSR 1 at% Nd:YAG samples (U,
S1.35, and B1.35-0.5) heated in a TMA at 10oC/min and held at 1400oC for 1 h. Shrinkage
begins at 1100oC for each sample. At 1320oC, the shrinkage data shows an inflection in all three
samples. The temperature of the inflection corresponds to the perovskite to garnet phase
transition. This phase transition results in an 11.5 vol% expansion, therefore, it is likely that
densification by sintering continues to occur in this temperature range, but the volumetric
expansion associated with the phase transition reduces the total shrinkage measured by the TMA.
Thus, the inflection in the shrinkage data does not indicate changing densification mechanisms
but reflects a competition between sintering related shrinkage and phase transition related
expansion.
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Figure 4.2: Linear shrinkage of SSR 1 at% Nd:YAG powders heated in a TMA at
10oC/min to 1400oC and held for 1 h.

Assuming densification is isotropic, the relative linear shrinkage rate (dL/Ldt) can be
related to the relative densification rate (dρ/ρodt) by Equation (4.1):
𝑑𝐿

𝑑𝜌

3 𝐿𝑑𝑡 = 𝜌

𝑜 𝑑𝑡

(4.1)

Figure 4.3 shows dρ/(ρodt) assuming isotropic shrinkage. The densification rate reaches a
maximum for each sample at ~1200oC. (4.21x10-4 s-1, 5.00x10-4 s-1, and 4.18x10-4 s-1 for samples
U, S1.35, and B1.35-0.5). At the maximum densification rate, the linear shrinkage for samples U,
S1.35, and B1.35-0.5 were 7.5%, 7.2%, and 7.3%, respectively, which correspond to relative
densities of 67.5%, and 66.7%, and 66.9%, respectively. Because all sample densities lie
between the theoretical limits for random close packing (62%) and ordered close packing (74%)
of monodisperse spheres, it is likely that particle rearrangement is the primary mechanism that
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leads to the maximum densification rate in both samples. Further, doping with SiO2 and B2O3SiO2 appears to have little effect on particle rearrangement.
For all samples, the densification rate decreases from its primary maximum at 1200oC
reaching a minimum at 1330oC, as shown in Figure 4.3. The decreased densification rate
between 1200oC and 1330oC is likely due to two factors. First, particle rearrangement stops once
the particles reach their maximum packing density leading to significantly reduced densification
rates. Second, the perovskite to garnet phase transition occurs in this temperature range and the
associated volumetric expansion decreases the observed densification rate. When the phase
transition is complete, the densification rate increases to a secondary maximum at 1400oC.

Figure 4.3: Shrinkage rate versus time for SSR 1 at% Nd:YAG ceramics heated in a TMA at
10oC/min to 1400oC and held for 1 h.
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During the isothermal hold at 1400oC, the densification rate steadily decreases due to the
increasing diffusion distance as pores are eliminated and the inter-pore spacing increases. At the
end of the isothermal hold, the densification rates for the U, S1.35, and B1.35-0.5 samples are
3.27x10-6 s-1, 1.10x10-5 s-1, and 1.6x10-5 s-1, respectively. At the end of the 1 h hold at 1400oC,
the densification rate between the borosilicate and silica doped samples is similar, but the
densification rate of the undoped sample is nearly one order of magnitude lower than the doped
samples.
Linear shrinkage and densification rate are greatest for the borosilicate doped sample
(B1.35-0.5) between 1330 and 1400oC, i.e. the temperature range where a liquid phase promotes
densification. The linear dimensional change in the silica doped sample is 12.9% while the total
linear shrinkage in the borosilicate doped sample is 14.4%. According to Eq. 4.1, this correlates
to relative densities of 83.7 and 88.2%, respectively. For the undoped sample, linear shrinkage at
the end of the 1400oC hold is 9.7% which corresponds to 74.1% density.
4.3.2 Final Stage Densification and Microstructure in SSR Derived 1 at% Nd:YAG
Ceramics

Figure 4.5 shows the relative density versus temperature of tape cast, SSR 1 at%
Nd:YAG samples sintered for 2 h between 1500oC and 1700oC. The samples are doped at a
level of 1.35 mol% with B3+:Si4+ atomic ratios of 0, 0.5, 1 and 2 (samples S1.35, B1.35-0.5,
B1.35-1.0 and B1.35-2.0). Figure 4.4 shows sintering kinetics for samples with the same
compositions at 1550oC. For all temperatures and times, B2O3-SiO2 samples sintered to greater
densities than samples doped with SiO2 alone. Below 1650oC sintered density was highest in
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Figure 4.4: Relative density vs. sintering time at 1550oC for SiO2 and B2O3-SiO2 doped 1 at%
Nd:YAG ceramics with varying B3+:Si4+ ratio. Holding time was 2 h at each temperature.

Figure 4.5: Relative density vs. temperature for SiO2 and B2O3-SiO2 doped 1 at% Nd:YAG
ceramics with varying B3+:Si4+ ratio . Holding time was 2 h at each temperature.
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samples with B3+:Si4+ = 0.5 and decreased with increasing B3+:Si4+ atomic ratio. Figure 4.6
shows sintered density as a function of temperature for 1 at% Nd:YAG SSR samples with 0.341.35 mol% B2O3-SiO2 with B3+:Si4+ = 0.5 (samples B0.34-0.5B1.35-0.5, B0.68-0.5, and B1.350.5). As B2O3-SiO2 dopant content increases, sintered density increases at all temperatures. By
1700oC, all samples are over 99.9% dense and visibly transparent.
SEM micrographs of samples with 0.34 mol% B2O3-SiO2 and B3+:Si4+ = 0.5 sintered
between 1550oC and 1700oC are shown in Figure 4.7. These images are representative of final
stage densification in B2O3-SiO2 doped 1 at% Nd:YAG ceramics. Note that some pores are
larger than the average grain size but shrink with increasing temperature and time. For example,
the average grain size in Figure 4.7 B is 840 nm while the average pore size is 2.3 μm. The
densification behavior observed in Figure 4.7 is similar to that observed in SiO2 doped, coprecipitated 1 at% Nd:YAG samples where densification was also limited by a small population
of pores similar to or larger than the average grain size, as shown in Chapter 3.

Figure 4.6: Relative density vs. sintering temperature for SiO2 and B2O3-SiO2 doped 1 at%
Nd:YAG ceramics with varying dopant content. Holding time was 2 h at each temperature.
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Figure 4.7: SEM images of SSR 1 at% Nd:YAG ceramics doped with 0.34 wt% B2O3-SiO2 with
B3+:Si4+ = 0.5 (B0.34-0.5) sintered at A) 1550oC for 2 h, B) 1600oC for 2 h, C) 1600oC for 8 h,
and D) 1700oC for 8 h.

Figure 4.8 shows grain size as a function of temperature for samples doped with 1.35
wt% SiO2 or B2O3-SiO2 sintered between 1500oC and 1700oC for 2h. When B3+:Si4+ = 0.5, the
grain size is similar to the silica doped samples, but increasing the B3+:Si4+ ratio decreases grain
size at all sintering conditions. At lower sintering temperatures, SiO2 doped samples have a
smaller average grain size than B2O3-SiO2 doped samples, but by 1700oC, the SiO2 doped sample
has the largest average grain size. Average grain size as a function of temperature for samples
with 0.34-1.35 mol% B2O3-SiO2 is shown in Figure 4.9, and increasing B2O3-SiO2 content
increases grain size at all temperatures.
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Figure 4.8: Average grain size vs. temperature for SiO2 and B2O3-SiO2 doped 1 at% Nd:YAG
ceramics with varying B3+:Si4+ ratio. Holding time was 2 h at each temperature.

Figure 4.9: Average grain size vs. temperature for SiO2 and B2O3-SiO2 doped 1 at% Nd:YAG
ceramics with varying dopant content. Holding time was 2 h at each temperature.
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SEM micrographs of samples sintered at 1700oC for 2 h are shown in Figure 4.10. All
samples are pore-free and the microstructures are qualitatively consistent, i.e., grain shapes are
similar in all samples regardless of additive amount or composition. Like SiO2 doped samples,
no second phases are observed at triple points or grain boundaries.

Figure 4.10: SEM images of SiO2 and B2O3-SiO2 SSR 1 at% Nd:YAG ceramics sintered at
1700oC for 2 h. A) B1.35-0.5, B) B1.35-1, C) B1.35-2, D) S1.35, E) B0.68-0.5, and F) B0.34-0.5
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4.3.3 Mass Spectrometry of Sintered Borosilicate Doped Nd:YAG Ceramics
Mass spectrometry was used to determine Si4+ and B3+ content as a function of sintering
temperature and time for samples with B3+/Si4+ = 0.5. In green samples, the B3+ content was 83
μg/g. Figure 4.11 shows B3+ content determined by ICP-MS in samples sintered in air with a
ramp rate of 5oC/minute to between 1100oC and 1500oC with no hold time. B3+ content was
consistent with the green body composition (~80 μg/g) at temperatures up to 1300oC. At
1400oC, B3+ content begins to decline and at 1600oC B3+ content was < 5 ppm showing that B3+
vaporizes during sintering.

Figure 4.11: B3+ concentration vs. temperature for SSR 1 at% Nd:YAG ceramics (B1.35-0.5).
Heating rate was 5oC/min with no hold time at each temperature.
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4.3.4 Nd3+ Doping
Figure 4.12 shows density as a function of sintering time at 1550oC for pure YAG and 1
at% Nd:YAG SSR powders doped with 1.35 mol% SiO2-B2O3 with B3+/Si4+ = 0.5 (B1.35-0.5).
Pure YAG samples have higher density than Nd3+ doped samples at all times. Because Nd3+ has
a larger ionic radius and greater atomic mass than Y3+, it is known to diffuse at a slower rate than
Y3+ resulting in slower densification kinetics for 1 at% Nd:YAG relative to YAG.11,12

Figure 4.12: Relative density vs. temperature for SSR YAG and 1 at% Nd:YAG ceramics
(B1.35-0.5). Holding time was 2 h at each temperature.
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4.3.5 Effect of Powder Source

To compare the role of powder synthesis route on densification and microstructure
development, co-precipitated 1 at% Nd:YAG samples were sintered with 1.35 mol% B2O3- SiO2
where the B3+:Si4+ ratio was 0.5 (B1.35-0.5). Figure 4.13 shows density as a function of
temperature and Figure 4.14 shows grain size as a function of temperature for co-precipitated
and SSR samples. The average particle size of the co-precipitated powders was 200 nm and the
average particle size of the SSR powder was 160 nm. The primary difference between the two
types of starting powders is that SSR powders undergo phase formation between 1100 and
1484oC. Based on the data in Figure 4.13 and Figure 4.14, the phase formation process has little
effect on densification and grain growth kinetics for the powders used in this study.

Figure 4.13: Relative density vs. temperature for SSR and co-precipitated 1 at% Nd:YAG
ceramics (B1.35-0.5). Holding time was 2 h at each temperature.
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Figure 4.14: Average grain size vs. temperature for SSR and co-precipitated 1 at% Nd:YAG
ceramics (B1.35-0.5). Holding time was 2 h at each temperature.

4.3.6 Optical Properties

In-line transmittance for SSR 1 at% Nd:YAG doped with 1.35 mol% SiO2 and B2O3-SiO2
(S1.35 and B1.35-0.5) is shown in Figure 4.15. The SiO2 doped sample was sintered at 1700oC
for 8 h while the B2O3-SiO2 was sintered at 1600oC for 10 h with grain sizes of 20 μm and 7 μm
respectively. Both samples demonstrate in-line transmission approaching the theoretical limit
(84%) from 400 nm to 1100 nm. Figure 4.16 shows the fluorescence spectra for the same
samples excited with a 514 nm laser. The fluorescence peaks result from crystal field splitting of
the f-orbitals in Nd3+ and they may be affected by altering the coordination of Nd3+ in YAG. No
fluorescence peaks shifted in the B2O3-SiO2 doped sample relative to the SiO2 doped sample,
indicating that B2O3-SiO2 doping has no effect on Nd3+ substitution or coordination into the
YAG lattice.
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Figure 4.15: In-line transmission of SSR 1 at% Nd:YAG ceramics B1.35-0.5 and S1.35 sintered
at 1600oC and 1700oC, respectively, for 8 h. Sample thicknesses were 1 mm.

Figure 4.16: Stimulated fluorescence of SSR 1 at% Nd:YAG ceramics B1.35-0.5 and S1.35
sintered at 1600oC and 1700oC, respectively, for 8 h. Excitation wavelength was 514 nm.
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4.4 Discussion
The dilatometric data in Figure 4.2 and Figure 4.3 shows that the key kinetic differences
between SiO2 and B2O3-SiO2 doped samples occur between 1330oC and 1400oC. In this
temperature range, the densification rate of B2O3-SiO2 doped samples exceeds that of SiO2 doped
samples. According to Figure 4.3, the densification rates of the two samples approach the same
value during the hold at 1400oC. During final stage densification between 1500 and 1700oC, the
relative density of B2O3-SiO2 doped Nd:YAG ceramics exceeds that of SiO2 doped Nd:YAG
ceramics, but the densification rates are nearly identical. Further, mass spectrometry showed that
B3+ is not present in samples sintered > 1600oC or after 4 h at 1500oC. Clearly, the key kinetic
contribution of B2O3-SiO2 doping occurs during the brief period of liquid phase sintering
between 1330oC and 1400oC when the relative density is 67%-88%.
In this temperature range, densification occurs by a solution precipitation mechanism
because a liquid phase has formed and particle rearrangement has already occurred. Kwon and
Messing derived an equation to describe densification in diffusion limited densification in liquid
phase sintering systems:13
𝑑𝜌
𝜌 𝑜 𝑑𝑡

=

24𝜋𝐸(𝜌)𝐷𝑙𝑖𝑞 𝛿 𝑙𝑖𝑞 𝛾 𝑙𝑣 𝐶𝑙 Ω
𝛽 𝑐2 𝑘 𝐵 𝑇𝑟 4

(4.2)

where E(ρ) is a density dependent function, Dliq is the liquid phase diffusion constant, δliq is the
thickness of the liquid phase layer, γlv is liquid-vapor interfacial energy, Ω is molar volume, βc is
the fractional contact area between the particles, kB is Boltzmann's constant, T is temperature,
and r is the average particle radius. Note that the densification rate is proportional to Dliq.
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In borosilicate and alumino-borosilicate glasses and melts, B3+ is known to be both III
and IV-fold coordinated, with the relative concentration of each coordination dependent on melt
chemistry and applied pressure.14 In the III-fold coordination, B3+ creates non-bridging oxygen
which decreases both melting temperature and viscosity while increasing free volume versus
non-B3+ containing glasses. According the Stokes-Einstein equation:
𝑘𝑇

𝐷𝑙𝑖𝑞 = 6𝜂𝑟

(4.3)

where Dliq is the diffusion constant for an ion diffusion in a liquid, k is Boltzmann’s constant, T
is temperature, η is viscosity and r is the atomic radius of the diffusing ion. Diffusion in a liquid
is inversely proportional to the viscosity of the melt. Therefore, it is proposed that B3+ increases
densification by decreasing the liquid viscosity during sintering, which subsequently increases
Dliq and the associated densification kinetics by a liquid phase sintering mechanism.
At higher sintering temperatures (> 1500oC), B3+ evaporation results in reduced sintering
and grain growth kinetics to levels associated with silica doping alone. In samples with 1.35
mol% B2O3-SiO2 doping, increasing B3+:Si4+ ratio leads to decreased silica content after B3+
vaporizes. In Chapter 3, densification and grain growth were shown to be critically dependent
on SiO2 content and increasing SiO2 content in Nd:YAG ceramics from 1600-1750oC increased
both densification and coarsening. Therefore, the decreased density and grain size observed in
Figure 4.5 and Figure 4.4 for samples with lower B3+/Si4+ ratios is explained by the fact that the
effective silica content is lower. Similarly, samples with lower total dopant content but identical
B3+/Si4+ ratios (B0.68-0.5 and B0.34-0.5) have lower sintering and grain growth kinetics because
their silica contents are lower after B3+ vaporization.
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The relationships between SiO2 content and microstructure are clearly observed in the
sintering trajectory shown in Figure 4.17 for samples S1.35, B1.35-0.5 and B0.34-0.5. The
samples with the highest SiO2 content, S1.35, have a more coarsening sintering trajectory than
the other two compositions. The sintering trajectory for the B1.35-0.5 samples is similar to the
S1.35 samples up to 98.5% density, after which they show significantly decreased coarsening
versus the S1.35 sample. This behavior can be explained by B3+ evaporation. As the samples
sinter to 98% density (which occurs around 1550oC for a 10oC/min ramp with no hold time), B3+
is still present in the system leading to relatively faster densification and grain growth kinetics.
At temperatures > 1600oC and corresponding densities > 98%, B3+ has vaporized from the
system and densification and coarsening kinetics are controlled by the remaining SiO2 content.
Because the SiO2 content at this point is lower for the B1.35-0.5 samples than the S1.35 samples,
the B1.35-0.5 samples sinter along a more densifying trajectory, as described in Chapter 3. The
B0.34-0.5 samples have the lowest SiO2 content and therefore the least coarsening sintering
trajectory of any sample. As shown in Figure 4.15, 1.35 mol% B2O3-SiO2 (B3+:Si4+ = 0.5)
sintered to transparency at 1600oC for 8 h, which is more than 100oC below the sintering
temperature required to achieve transparency in 1.35 mol% SiO2 doped Nd:YAG ceramics.
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Figure 4.17: Sintering trajectory of SSR 1 at% Nd:YAG samples sintered between 1500oC and
1700oC for 2-8 h.

4.4.1 Sintering Transparent B2O3-SiO2 doped Nd:YAG Ceramics in Flowing O2
The ability to sinter highly transparent Nd:YAG ceramics at < 1600oC has important
practical implications. For example, most reports of sintering transparent Nd:YAG ceramics use
expensive refractory metal vacuum furnaces to achieve the high temperatures ( > 1700oC)
required for sintering transparent ceramics and to avoid entrapped gases which can limit pore
elimination. By lowering the sintering temperature to < 1600oC, it becomes possible to sinter in
less expensive tube and box furnaces. To examine whether the lowered sintering temperature
using B2O3-SiO2 as a sintering aid enables transparent ceramic sintering in simpler furnaces,
B1.35-0.5 samples were sintered in an Al2O3 tube furnace at 1600oC for 20 h in a flowing O2
atmosphere. Figure 4.18 shows the in-line transmission for B1.35-0.5 samples sintered at 1600oC
for 20 h in both vacuum (refractory metal furnace) and flowing O2 (Al2O3 tube furnace). Both
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samples are highly transparent with in-line transmission approaching 84% from 400 nm to 1100
nm. From 250 nm to 425 nm, the transmission in the O2 sintered sample is 2% lower that the
vacuum sintered sample which may be caused by a small population of nanoscale pores present
in the O2 sintered sample. Fracture surfaces did not show a statistically significant higher
number of these pores in the O2 sintered sample, but light scattering studies may provide a better
measure of pore numbers and pore size distributions in the future. While the in-line transmission
of the O2 sintered sample is less than the vacuum sintered sample from 250 nm to 400 nm, this
proof of concept shows that borosilicate doped Nd:YAG ceramics do not require expensive
refractory metal furnaces to sinter to transparency. An image of samples sintered in flowing O2
(top) and vacuum (bottom) is shown in Figure 4.19.

Figure 4.18: In-line transmission of SSR 1 at% Nd:YAG ceramics B1.35-0.5 sintered at 1600oC
for 20 h in flowing O2 and vacuum. Sample thicknesses were 0.6 mm and 1 mm for the O2
sintered and vacuum sintered samples, respectively.
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Figure 4.19: Image of B1.35-0.5 doped 1 at% Nd:YAG samples sintered at 1600oC for 20 h in
flowing O2 (top) and vacuum (bottom). To demonstrate their transparency, the samples are not
in contact with the text below.

4.5 Conclusions
0.34-1.34 wt% B2O3-SiO2 doping was shown to be a fugitive liquid phase sintering aid in
Nd:YAG ceramics. TMA showed that initial and intermediate stage densification kinetics were
enhanced for B2O3-SiO2 doped versus SiO2 doped samples leading to a 100oC reduction in
sintering temperature. ICP-MS determined that B3+ begins to vaporize at 1300oC and is reduced
to trace levels (< 5 ppm) by 1600oC. Because B3+ evaporates, it does not affect in-line
transmission and fluorescence spectra. A explanation for the enhanced densification was
proposed based on B3+ forming non-bridging oxygen and enhancing liquid phase diffusion
during the brief period of liquid phase sintering between 1330oC and 1400oC in Nd:YAG
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ceramics. Due to the reduced sintering temperature borosilicate doped samples could be sintered
to transparency in a simple alumina tube furnace rather than a refractory metal vacuum furnace.
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Chapter 5

The Effects of SiO2 doping on Color Centers and
Solarization in Transparent Nd:YAG Ceramics

5.1 Introduction
Studies about the sintering of transparent ceramics largely concentrate on pores and
second phases as the primary optical defects in the material. Indeed, light scattering models and
laser experiments show that, when pores or second phases are present at levels greater than a few
ppm (volume), they cause virtually all light scattering and optical loss in transparent ceramics1-3.
However, other optical defects, such as color centers, become important loss mechanisms in
optical materials where light scattering defects are sufficiently mitigated4. This is, in fact, the
case for Czochralski grown Nd:YAG single crystals where color centers have been shown to
decrease laser performance4,5.
The term ―color center‖ refers to crystal defects that alter light absorption and
luminescence, frequently causing a visual coloration in otherwise colorless crystals. Color
centers cover a vast range of defects that range from substitutional impurity ions to electrons
trapped at anionic vacancies (F-centers), holes trapped at cation vacancies (V-centers), and
excitons. In Czochralski grown Nd:YAG single crystals, F-centers have been shown to absorb
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both the pump radiation and laser radiation resulting in decreased efficiency and increased
heating4,6. For this reason, methods to mitigate color center formation during crystal growth
and/or using post growth heat treatments are critical to achieving high efficiency, low threshold
Nd:YAG laser gain media.7
5.1.1 Color Centers in YAG Single Crystals
Color centers in YAG and Y3Ga5O12 (YGaG) single crystals were first identified by Bass
and Paladino8 who observed an absorption band from 300 nm to 600 nm in YAG and YGaG
single crystals after irradiation by a Xe flashlamp. Samples exposed to radiation that passed
through an ultraviolet (UV) filter showed substantially less absorption than samples exposed to
the entire wavelength range emitted by the Xe flashlamp, suggesting that UV irradiation was
primarily responsible for the increased absorption. Today, the term ―solarization‖ is used to
describe the optical absorption increase associated with UV irradiation.
Zeidler9, showed that laser efficiency and gain coefficient increased in Nd:YAG single
crystal lasers when UV light was filtered from the pump radiation. These observations showed
that the increased absorption from 300 nm to 600 nm induced by solarization had measureable
deleterious effects on laser performance.
Using optical absorption spectroscopy, thermoluminescence, and electron spin resonance
(ESR), Mori10 identified the structure and causes of thermally induced and UV irradiation
induced color center defects in YAG single crystals. Mori observed that single crystals heated in
vacuum at 1150oC for 3 h were visibly dark and had increased optical absorption in the
wavelength range 250 nm to 1000 nm. ESR of vacuum heat treated samples showed a strong
resonance at g=1.995+0.002. Visible discoloration, optical absorption, and the ESR line at g =
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1.995+0.002 were eliminated in samples after heating in flowing oxygen between 679oC and
757oC. Measurements of the extent of de-coloration as a function of temperature and time
showed an Arrhenius dependence, and Mori suggested that de-coloration was dependent on O2diffusion into the YAG crystals during oxidative heat treatments. From this data, Mori proposed
that the primary thermally induced color centers in YAG single crystals were electrons trapped at
anion vacancies (F-centers), and the ESR signal at 1.995 was attributed to F+-centers in the
crystal.
Mori10 also investigated UV induced absorption in YAG single crystals by exposing them
to Xe flashlamp pumping. UV irradiation increased optical absorption in the wavelength range
from 250 nm to 1000 nm. ESR showed two different, overlapping lines with g=2.027 and
g=1.995. Mori proposed that UV induced absorption was caused when O2- ions were ionized by
radiation with energy higher than the band gap was absorbed by the crystal. Electrons released
from the ionized O2- become trapped at pre-existing oxygen vacancies (VO′′) in the crystal,
forming F and F+-centers. The holes produced during ionization are trapped between neighboring
O2- ions in the crystal lattice forming Oh -centers. Mori attributed the g=1.995 ESR line present
after UV irradiation to F+-centers. The ESR line at g=2.027 was attributed to Oh-centers.
Akhmadullin et al.11 later used ESR, optical absorption, and thermoluminescence to confirm that
UV irradiation causes Oh-center formation in YAG single crystals, and that the ESR line at 2.027
results from the Oh-center. Akhmadullin et al. also showed that both F-centers and Oh-centers
could be eliminated by annealing UV irradiated crystals in air at 427oC.
Because Fe2+/3+ is a common impurity in YAG single crystals, Mori10 also studied the
effect of Fe doping on color center formation. ESR indicated that Fe was present in all samples,
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and a strong optical absorption band at 255 nm observed after oxidation was attributed to charge
transfer between O2- ligands and Fe3+. Mori proposed that Fe3+ could be ionized during UV
irradiation and that the freed electrons would be trapped at VO′′ and form F and F+-centers. This
observation has an important ramification: since the energy of valence Fe2+/3+ electrons lies in
the band gap, photons with energy less than the band gap energy can promote electrons to the
conduction band. In this case, ionization does not form a corresponding Oh-center because the
valence electron energy of Fe2+/3+ ions lies in the YAG band gap rather than the valence band.
The basic model proposed by Mori, where photo-promoted electrons become trapped at
VO′′ and form F-centers, is the generally accepted explanation for UV irradiation induced
absorption and color center formation in YAG. Phillipps and Vater6 later revised the model to
account for the fact that color center formation was observed in high purity crystals illuminated
with UV radiation that was lower energy than the band gap. They proposed that 2-photon
absorption could promote electrons from the YAG valence band to the conduction band without
the assistance of electron donors at higher energies in the YAG band gap, as long as the
illuminating radiation had energy greater than half the band energy. In the case that impurity ions
have valence electron energies in the band gap, they act as electron donors that promote electrons
to the conduction band at lower energies than the YAG band gap energy. A schematic of the
model for YAG single crystals is shown in Figure 5.1.
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Figure 5.1: Model for color center formation in YAG single crystals. [6]

It is important to note that the key to the color center formation model in Figure 5.1 is
that VO′′ exists in the crystal. Kuklja12 modeled point defects in YAG ceramics and the results
for intrinsic point defects are summarized in Table 5.1. The high enthalpies of formation
observed in Table 5.1 suggest that intrinsic defects leading VO′′ are highly unlikely in YAG.
Table 5.1: Enthalpies of formation of intrinsic defects in YAG [12]
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In a series of papers that represent a single body of work13-19, the electronic transport and
optical properties in Ce:YAG, Ni:YAG, Zr:YAG and Ni,Zr:YAG were studied as a function of
temperature and atmosphere. Ionic conductivity measurements showed that oxygen diffusivity
was largely determined by the concentration of aliovalent ionic substitutions in the crystals.
According to the defect reaction (in this case for a divalent impurity):
𝑀2+

𝑌𝐴𝐺

1
′
𝑀𝐴𝑙
+ 𝑉𝑂∙∙
2

(2.1)

aliovalent substitutions create 𝑉𝑂∙∙ which in turn increase oxygen diffusivity. The temperature
dependence of oxygen diffusivity indicated that intrinsic Shottkey and Frenkel formation had
almost no effect on diffusivity13,14,17. This is in good agreement with the atomistic modeling by
Kuklja which showed that these intrinsic defects are highly energetically unfavorable, even at
high temperatures12,20. In YAG crystals doped with aliovalent ions, ionic conduction and oxygen
diffusivity were largely independent of oxygen partial pressure (PO2).
In the case that variable valence ions were intentionally doped into the crystal, oxygen
vacancy concentration, [𝑉𝑂∙∙ ], and ionic conductivity were determined by the oxidation state of the
impurity ions13-19. Generalized oxidation and reduction reactions for a variable valence ion (Mn)
are:
𝑅𝑒𝑑𝑢𝑐𝑡𝑖𝑜𝑛
𝑛
𝑀𝑀

+𝑂𝑂
𝑂𝑥𝑖𝑑𝑎𝑡𝑖𝑜𝑛

1
1
𝑛 −1.
𝑀𝑀
+ 𝑉𝑂∙∙ + 𝑂2 (𝑔)
2
2

(2.2)

From Eq. (5.2), it is clear that the oxidation state of the variable valence ions is controlled by
PO2, i.e., increasing PO2 drives the reaction toward oxidation while decreasing PO2 results in
reduction. In YAG single crystals, [𝑉𝑂∙∙ ] was increased by reducing the variable valence ions
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under low PO2 conditions, and oxygen diffusivity showed a corresponding increase13,15,17,19.
Annealing in high PO2 atmosphere caused variable valence ions to be oxidized, decreasing [𝑉𝑂∙∙ ]
and ionic conductivity.13,15,17,19 It is important to note that the effects PO2 on [𝑉𝑂∙∙ ] are only a result
of the presence of variable valence ion impurities (like Fe2+/3+) ; there is no evidence to suggest
that Nd3+, Y3+, or Al3+ may be reduced in YAG. Therefore, the dependence of [𝑉𝑂∙∙ ] on PO2 in
YAG is considered an extrinsic defect because it is enabled only by the presence of variable
valence ion impurities rather than redox reactions involving Nd3+, Y3+, or Al3+. Intrinsic defects
such as Shottkey and Frenkel pairs were found to have little effect on [𝑉𝑂∙∙ ] and ionic diffusivity
in YAG single crystals doped with variable valence ions13-19.
From the literature review, it is clear that impurity ions are integral to color center
formation in YAG single crystals. Impurities control [𝑉𝑂∙∙ ] in the crystals13 and are a source of
free electrons that may become trapped at VO′′ forming F-centers. When the impurity ions are
variable valence ions, [𝑉𝑂∙∙ ] may be affected by temperature and atmosphere. Further, many
impurity ions have valence electron energies that lie in the YAG band gap leading to color center
formation at lower energies than those predicted by assuming that electrons must be promoted
from the YAG valence band to the conduction band. Indeed, there is broad agreement in the
literature that contamination with aliovalent metal impurity ions like Fe, Si, Ca, Ni, Mg, and Cu,
lead to significantly increased absorption and color center density in YAG single crystals4,5,6,10,19.
5.1.2 Color centers in Transparent Ceramics
Compared to single crystals, there are relatively few studies of point defects in
transparent ceramics. Brecher et al.21 performed a detailed study of high temperature optical
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absorption in La2O3 doped Y2O3. UV and infrared (IR) absorption were found to be strongly
dependent on both temperature and PO2. A phenomenological model based on thermally induced
point defects was used to describe the data. Formation of intrinsic and extrinsic point defects as a
function temperature and PO2 was shown to correlate well with the observed optical absorption
behavior. Up to 80% of the temperature dependent absorption was found to be caused by
extrinsic defects such as aliovalent substitutions of impurity ions in the Y2O3 lattice.
Brock et al.22 investigated point defects in UV irradiated MgO doped polycrystalline
alumina (PCA) and undoped single crystal Al2O3 (sapphire). After sintering, absorption
increased for the PCA samples in the 200 nm to 300 nm wavelength range that is commonly
associated with F and F+ centers. After irradiation, absorption increased in the 200 nm to 300 nm
range and additional absorption was observed from 300 nm to 800 nm, as shown in Figure 5.2.
Optical absorption in the 300 nm to 800 nm range was attributed to F-center aggregates (defects
where two or more F centers are nearest neighbors called F2, F3, Fn type centers) formed during
UV irradiation. The types of defects observed in PCA samples were identical to sapphire, except
for an additional FA –center identified in PCA and associated with MgO doping that was not
present in the single crystal. The work suggests that polycrystalline materials are largely similar
to single crystals in terms of color center formation, and that aggregate F-centers form during
UV irradiation that lead to optical absorptions extending to longer wavelengths.
In transparent YAG ceramics, Haneda et al.23 used secondary ion mass spectroscopy to
study O2- diffusion, and thereby [𝑉𝑂∙∙ ], in as-sintered and annealed YAG ceramics. Lattice
diffusion was found to be two orders of magnitude higher in as-sintered samples than oxygen
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Figure 5.2: Absorbance associated with color centers in MgO doped polycrystalline alumina
(PCA) both after sintering and after irradiating with a 248 nm laser. Laser irradiation induces Faggregate centers (F2, F2+, and F22+) that lead to increased absorption from 300 nm to 800 nm.

annealed samples. Annealing was found to have no effect on grain boundary diffusivity. Haneda
et al. proposed a model for cation non-stoichiometry that leads to oxygen vacancy formation:23
𝑌2 𝑂3 → 2𝑌𝑌𝑥 +
𝐴𝑙2 𝑂3 →

10 ′′′
𝑉 + 3𝑂𝑜𝑥 + 5𝑉𝑂∙∙
3 𝐴𝑙

6 ′′′
9
𝑥
𝑉𝑌 + 2𝐴𝑙𝐴𝑙
+ 3𝑂𝑜𝑥 + 𝑉𝑂∙∙
5
5

(2.3)

(2.4)

To explain the effect of annealing on oxygen diffusivity, Haneda et al. proposed that during the
air anneal, non-stoichiometric defects are annihilated at grain boundaries and sample surfaces
leading to decreased [𝑉𝑂∙∙ ]. As noted in Chapter 2, both x-ray diffraction25 studies and atomistic
modeling12 show that non-stoichiometry in YAG is accommodated by anti-site defects rather
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than defect mechanisms that leading to increased 𝑉𝑂∙∙ , such as Eqs. (5.3) and (5.4). Further, there
is no experimental evidence to suggest that grain boundaries and particle surfaces have any effect
on non-stoichiometric defect populations in YAG ceramics.
Zych et al.26 used optical absorption to determine that hot pressed Ce:YAG ceramics
contained substantially higher concentrations of point defects and color centers than Czochralski
grown Ce:YAG single crystals. The specific types of color centers observed were not
characterized and no defect source was attributed. As shown in Figure 5.3, fluorescence spectra
in the 300 nm to 500 nm wavelength range were identical between the ceramic and single crystal
indicating that the quantum efficiency of Ce electronic transitions is identical between ceramics
and single crystals. Zych et al. also note that Figure 5.3 suggests that the presence of grain
boundaries has no effect on the luminescent properties of Ce in YAG ceramics. Ceramics,
however, had substantially lower luminescence from 180 nm to 300 nm than single crystals. The
authors proposed that high energy carriers associated with energy transfer and luminescence
between 180 nm and 300 nm were trapped at color centers present in the ceramics, limiting light
yield. This is a particularly important observation because transparent ceramic scintillators have
produced consistently lower light yields than comparable single crystals, and grain boundaries
have been cited as a possible cause of the decreased performance27-30. Instead, it appears that
color centers and point defects may be the primary source of decreased performance in ceramic
scintillators.
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Figure 5.3: Fluorescence spectra of Ce:YAG (a) single crystal, (b) 40 μm average grain size
ceramic, and (c) 10 μm average grain size ceramic. Luminescence at wavelengths > 300 nm is
nearly identical between the samples, but short wavelength luminescence (< 300 nm) associated
with energy transfer by high energy charge carriers is depressed in ceramic samples relative to
the single crystal. [26]
Yagi et al.31 compared laser efficiency in flashlamp pumped 1 at% Nd:YAG ceramics
and single crystals. The ceramic materials had increased optical absorption from 250-400 nm
relative to the single crystal. After flashlamp pumping, absorption increased in the 250 nm to
700 nm wavelength range. The authors stated that (ICP) analysis showed that ceramics had lower
impurity concentrations than the single crystal, but the data was not provided. Yagi et al.
attributed the increased absorption in ceramics to SiO2 doping, which is required to achieve
transparency.
Lee et al.32 showed that 1 at% Nd:YAG ceramics were visibly dark after HIPing and that
subsequent annealing in air removes the dark coloration. They proposed that the reducing
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conditions in the HIP cause VO∙∙ to form causing the discoloration. Yanagatani and Yagi33 also
observed discoloration in YAG ceramics after HIP and report that the coloration can be removed
by post-HIP anneals in O2. The color change was attributed to reduction of the optically active
ions in the YAG ceramics.
Many studies have found that optical absorptions consistent with color centers
deleteriously affect properties in YAG transparent ceramics, but there has been no specific study
about identifying and mitigating color centers in YAG ceramics27,30,33-37. Also, Si4+ has been
identified as a color center source in YAG single crystals and ceramics,10,6 but SiO2 doping is
critical to achieving transparency in Nd:YAG ceramics. Further, the defect mechanism proposed
for Si4+ substitution in the YAG lattice:
5 𝑥
1
1
1
∙
𝑆𝑖𝑂2 + 𝐴𝑙𝐴𝑙
+ 𝑌𝑌𝑥 → 𝑆𝑖𝐴𝑙
+ 𝑉𝑌′′′ + 𝑌3 𝐴𝑙5 𝑂12
6
2
3
6

(2.5)

is inconsistent with oxygen vacancy formation, and should therefore have little effect on
formation of F-centers, which are the predominant color center in YAG single crystals.
Considering the fact that color centers deleteriously affect performance in the two
primary applications of YAG ceramics (lasers and scintillators) and color center density appears
to be higher in transparent ceramics than single crystals, it is critical to identify the structure and
causes of color centers in YAG ceramics so that they can be avoided and/or eliminated. In this
work, the primary color centers formed both during sintering and UV irradiation are identified in
Nd:YAG transparent ceramics, and the relative contributions of background impurity ions and
SiO2 doping to color center formation are evaluated.
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5.2 Experimental Procedure
Two different powders were synthesized for this study. Standard purity (SP) YAG and 1
at% Nd:YAG powders were synthesized by reverse strike co-precipitation of 1.5 M aqueous
solutions of Al(NO3)3·9H2O (98+%, Sigma-Aldrich, St. Louis, MO), YCl3, and, in the case of 1
at% Nd:YAG, Nd(NO3)3·nH2O (99.9%, Alfa Aesar, Ward Hill, MA). 1.5 M YCl3 was prepared
by dissolving Y2O3 powder (99.99%, Yarmouth Inc.) in HCl (J.T. Baker, Phillipsburg, NJ). A
high purity (HP) 1 at% Nd:YAG powder was also synthesized by replacing the standard Al3+
source with Al(NO3)3·9H2O (99.9% Sigma-Aldrich, St. Louis, MO). The salt solution was added
dropwise to a rapidly stirring aqueous solution of 0.45 M (NH4)2SO4. The precipitation pH was
maintained at 9.2 with NH4OH. After aging for 1 h, the precipitate was repeatedly washed and
centrifuged with 0.05 M (NH4)2SO4 and a final wash was performed using 200 proof ethanol.
The washed precipitate was dried for 16 h at 80oC and crushed in a mortar and pestle. The coprecipitated powder was calcined at 1150oC for 2 h to form the garnet phase and subsequently
calcined at 1250oC for 12 h to increase the average particle size to 200 nm.
The Nd:YAG powders were mixed with different amounts of tetraethoxysilane (TEOS,
99.9999%, Alfa Aesar, Ward Hill, MA) to obtain 0.035, 0.14, and 0.28 wt% SiO2 doped 1 at %
Nd:YAG. Powder batches were ball milled in anhydrous ethanol (reagent grade, J.T. Baker,
Phillipsburg, NJ) for 16 h using high purity Al2O3 milling media (99.9%, 5 mm diameter,
Nikkato Corp., Sakai, Japan). The volume ratio of powder:media:alcohol was 1:4:8. The milled
suspensions were dried in an oven and ground in an alumina mortar. Samples were tape cast
according to the process detailed elsewhere.32 Organics were removed by heating at 0.2oC/min to
600oC and held 12 h in air. After burnout, samples were CIPed at 200 MPa.
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Samples were sintered in a pure YAG embedding powder that had been calcined in air at
1600oC for 40 h. The embedding powder contained no SiO2. The samples were sintered at
1750oC for 8 h in a tungsten mesh heated vacuum furnace (M60, Centorr Vacuum Industries,
Nashua, NH) under 5 × 10−3 Torr. The heating and cooling rates were 10oC/min and 20oC/min,
respectively. Trace element analysis was performed on sintered samples using inductively
coupled plasma atomic emission spectroscopy (ICP-AES, Perkin-Elmer Optima 5300DV)
To study the effects of SiO2 doping on solarization, samples were irradiated with a
pulsed KrF gas laser with a wavelength of 248 nm. The exposure was at 20 Hz for 10 mins per
sample. Optical measurements were made within 1 h of exposure, after 18 h, and after 1 month.
In-line optical transmission on sintered samples, samples annealed in air for 10 h at
1600oC, and solarized samples was measured with a spectrophotometer with integrating sphere
(Lambda 950, Perkin-Elmer, Wellesley, MA). ESR measurements were performed on 0.14 and
0.035 wt% SiO2 doped 1 at% Nd:YAG samples utilizing a Bruker X-band spectrometer with a
300 series bridge, a TE104 double cavity and a weak pitch standard.

5.3 Results and Discussion
5.3.1 Color Centers in Sintered Nd:YAG Ceramics
Figure 5.4 shows in-line transmission of as-sintered and air annealed 0.28 wt% SiO2
doped 1 at% Nd:YAG ceramics from 250-1100 nm. The in-line transmission of the annealed
sample exceeds that of the as sintered sample from 280 nm to 400 nm. Absorption in this
wavelength range is commonly attributed to F-centers in YAG single crystals10,11,38. There was
no measureable density difference between the annealed sample and the as sintered sample.
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Figure 5.5 shows the absorption coefficient, α, of the same samples from 250 nm to 500
nm. From 290 nm to 400 nm, α of the air annealed sample is less than the as-sintered sample.
As noted previously, absorption in the 300 nm to 400 nm range is attributed to color centers in
YAG and Nd:YAG single crystals.
The air annealed sample shows a strong absorption peak at 256 nm that is not present in
the as-sintered sample. This absorption has been attributed to the presence of Fe3+ in YAG and
Nd:YAG single crystals10,38. ICP-AES results confirm that 62 ppm Fe is found in samples made
with the standard purity powder. Fe2+ does not contribute to the 256 nm absorption which
suggests that after sintering in the reducing vacuum atmosphere, a large fraction of the Fe present

Figure 5.4: In-line transmission of 0.28 wt% doped 1 at% Nd:YAG ceramic. The sample was
sintered at 1750oC for 8 h and then annealed in air at 1600oC for 10 h.
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Figure 5.5: Optical absorption of 0.28 wt% SiO2 doped 1 at% Nd:YAG. The sample was
sintered at 1750o C for 8 h and then annealed in air at 1600oC for 10 h.
in the sample is reduced to Fe2+. After annealing in air, Fe2+ is oxidized to Fe3+ resulting in the
strong absorption band at 256 nm. These observation support the hypothesis that decreased
absorption from 280 nm to 400 nm after the air anneal is associated with the oxidative
atmosphere rather than densification.
Figure 5.6 shows color center induced absorption (αcc) determined by the absorption
difference between as sintered (αa-s) and annealed (αa) samples for 0.035 and 0.28 wt% SiO2
doped 1 at% Nd:YAG ceramics:
𝛼𝑐𝑐 = 𝛼𝑎 − 𝛼𝑎−𝑠

(2.6)

At wavelengths greater than 400 nm, αcc is nearly zero in both samples. In the wavelength range
known to be affected by color center formation, 280 nm to 400 nm, the as-sintered samples have
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greater absorption than the annealed samples and there is virtually no absorption difference
between 0.035 and 0.28 wt% SiO2 doped samples. The similar values for αcc between the 0.035
and 0.28 wt% SiO2 doped samples suggests that increasing SiO2 does not affect color center
formation during sintering. From 250-280 nm, the 0.28 wt% SiO2 doped sample has greater
absorption than the 0.035 wt% sample. The 20% difference in absorption at 256 nm between the
0.035 and 0.28 wt% SiO2 doped samples was consistent with the sample to sample variation in
Fe content as determined by ICP-AES.

Figure 5.6: Color center induced absorption for 0.035 and 0.28 wt% SiO2 doped 1 at% Nd:YAG.
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Figure 5.7 and Figure 5.8 show the ESR spectra for 0.14 wt% SiO2 doped 1 at% Nd:YAG
ceramics. In the simplest cases, the ESR resonance condition is given by:

hν=gβΗo

(2.7)

where h is Planck’s constant, β is the Bohr magneton, ν is the frequency of the microwave
radiation and Ho is the applied magnetic field at resonance.17 The g value can be described as a
second rank tensor and therefore depends on the relationship between magnetic field vector and
the orientation of the defect under observation. In the case of polycrystalline materials, each
grain has a random orientation and the g value is an average over all possible orientations.
Variations in g occur because the applied magnetic field, Ho, is affected by spin orbit coupling
and other magnetic effects in materials. Therefore the effective magnetic field, H, felt by the
electron is not the applied magnetic field, Ho, and measures of g reflect the difference between H
and Ho at the electron being measured. Increasing g corresponds to increasing spin orbit
coupling for that electron and g is a characteristic of the molecule or defect being probed.
In Figures 5.7 and 5.8, a strong line is present in the as-sintered sample at 3470 G. The g
value for this line was calculated to be 1.9977 which is consistent with the ESR line attributed to
F+-center defects in YAG single crystals by Mori10 and in Fe:YAG single crystals by Chen et
al.10,38 This ESR line is completely eliminated in the annealed sample suggesting that number of
F+-centers is reduced to below the ESR detection limit of 1010 spins per Gauss of linewidth.
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Figure 5.7: ESR spectra of 0.14 wt% SiO2 doped 1 at% Nd:YAG ceramics. The sample was
sintered at 1750oC for 8 h and then annealed in air at 1600oC for 10 h. The scans on the right
were taken with spectrometer settings optimized for the g = 1.9977 peak. The g = 1.9977 peak is
observed in the as sintered samples, but it is not present in the annealed samples. The second
integral of the spectrum is quantitatively related to the paramagnetic defect density of the
sample. In this case (and all the following ESR figures) the derivative of the ESR spectrum is
displayed

Figure 5.8: ESR spectra from 0.14 wt% SiO2 doped 1 at% Nd:YAG ceramics. The sample was
sintered at 1750o C for 8 h and then annealed in air at 1600oC for 10 h. The traces were taken
with identical spectrometer settings. Note that the g = 2.29 and g = 2.39 lines are only observed
in the annealed sample.
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After annealing in air, two broad lines that are not present in the as-sintered samples
appear at g= 2.3 and g = 2.4, as shown in Figure 5.8. Chen et al.38 observed similar ESR lines
after annealing Fe:YAG single crystals in oxidative conditions and attributed them to Fe3+
substitution onto octahedrally and tetrahedrally coordinated Al3+ sites in the YAG lattice.
However, it is unclear as to how they determined the peak assignment. g =2.3 and g =2.4 ESR
lines have also been attributed to Fe3+ in zeolites39. Considering that the g =2.3 and g =2.4 peaks
appear after oxidation and both optical absorption and ICP-AES confirm the presence of Fe2+/3+
in the samples, it is plausible that Fe3+ is the cause of the g = 2.3 and 2.4 peaks. However, more
work is required to make a positive assignment
It is important to note that the lines observed in Figure 5.8. are substantially broader than
those observed by Chen et al.38 They38 noted that the Fe3+ ESR lines observed in Fe:YAG were
highly sensitive to crystallographic orientation. Because the Nd:YAG ceramics are
polycrystalline, the ESR lines observed in Figure 5.8 are an average over all possible orientations
in the crystal. Therefore, by summing over the varying g values as a function of each grain
orientation in the polycrystal, comparatively broad lines result from the ceramic material relative
to single crystals.
Figure 5.9 shows electron energy loss spectroscopy of 0.14 wt% SiO2 doped 1 at%
Nd:YAG ceramics as sintered and after annealing in air at 1600oC for 10 h. The intensity of the
O K edge is higher relative to the Y M23 edge for the air annealed sample than for the assintered sample indicating that the oxygen concentration in the annealed sample is higher relative
to the yttrium concentration than in the as sintered sample.
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Putting together the optical absorption, ESR, and EELS data reveals a clear picture of
discoloration and color center formation during sintering of Nd:YAG transparent ceramics.
During sintering, the vacuum atmosphere reduces variable valence ions, in this case largely Fe,
resulting in high [VO∙∙ ]. EELS data confirms that the relative oxygen concentration in sintered
Nd:YAG ceramics is lower than in air annealed samples, supporting the hypothesis that [VO∙∙ ] is

Figure 5.9: Electron energy loss spectroscopy of as sintered (blue) and air annealed (purple) 0.14
wt% SiO2 doped 1 at% Nd:YAG ceramics.
increased after vacuum sintering. ESR data also supports this hypothesis by showing that Fe3+ is
entirely reduced to Fe2+ during sintering, and defect models of reduction show that this leads to
VO∙∙ formation. Free electrons released during reduction become trapped at positively charged VO∙∙
forming F-centers, as indicated by ESR spectra showing a line at g =1.997. During oxygen
annealing, variable valence ions are oxidized, eliminating both VO∙∙ and electrons located at VO∙∙ .
This is supported by the appearance of the optical absorption peak at 256 nm associated with
Fe3+ and the complete disappearance of the g =1.997 ESR line.
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The SiO2 concentration in the samples appears to have no effect on color center
formation, as evidenced by identical color center induced absorption (αcc) in the wavelength
range 280 nm to 400 nm between 0.035 and 0.28 wt% SiO2 doped 1 at% Nd:YAG ceramics.
Instead, color center formation during sintering is almost entirely controlled by variable valence
ion impurities present in the samples. To test this hypothesis, an ultrapure 1 at% Nd:YAG
powder was sintered at 1750oC for 8 h and showed substantially decreased concentrations of
paramagnetic defects, as evidenced by the relative lack of ESR lines observed in the high purity
sample after sintering (Figure 5.10). The Fe content in the high purity powder was 20 ppm as
determined by ICP-AES.

Figure 5.10: ESR spectra of as-sintered standard (top), and high purity (bottom) 0.14 wt% SiO2
doped 1 at% Nd:YAG ceramics sintered at 1750oC for 8 h. The scans were taken at identical
spectrometer settings.
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5.3.2 Solarization in Nd:YAG ceramics
Figure 5.11 shows the absorption coefficient, α, of 0.28 wt% SiO2 doped 1 at% Nd:YAG
ceramics as sintered and after UV exposure. UV laser exposure causes increased α versus the as
sintered samples from 250 nm to 700 nm. As noted previously, color centers in the as sintered
sample only result in absorption from 250-400 nm. The increased absorption range observed in
the UV irradiated samples suggests that UV exposure creates color centers that are not present
after sintering. Previous reports indicate that F-aggregate centers form during UV irradiation of
oxide materials and that F-aggregate centers lead to absorption extending toward the infrared
region, as shown in Figure 5.26,10,22. The absorption observed in Figure 5.11 is consistent with
these observations.

Figure 5.11: Absorption spectrum of 0.28 wt% SiO2 doped 1 at% Nd:YAG ceramics as sintered,
and after irradiation with a 248 nm excimer laser.
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After the initial UV irradiation, samples were annealed in air at 1600oC for 10 h and reirradiated with the UV laser, as shown in Figure 5.12. Annealing after irradiation reduces α
versus the UV irradiated sample from 280 nm to 700 nm. After the air anneal, α was reduced to
the same levels observed in samples that had been annealed after sintering. After the second UV
irradiation, absorption from 280 nm to 375 nm is nearly identical to the absorption observed in

Figure 5.12: Absorption spectrum of 0.28 wt% SiO2 doped 1 at% Nd:YAG ceramics.
Absorption spectra were taken after UV irradiation of an as sintered sample, after air annealing
of the irradiated sample, and after a second UV irradiation following the air anneal.
the sample after the initial UV exposure. However, α is substantially increased from 375 nm to
700 nm relative to the initial irradiation. UV irradiation also decreases the magnitude of the 256
nm absorption vs. the annealed sample, indicating that UV irradiation ionizes some of the Fe3+ in
the sample. However, the 256 nm peak is still clearly evident after the second UV irradiation
showing that Fe3+ is not completely removed from the system during UV irradiation.
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To explore the possibility that other centers form during UV exposure, ESR was
performed on UV exposed 0.14 and 0.035 wt% SiO2 doped 1 at% Nd:YAG samples, as shown in
Figure 5.13 for the 0.035 wt% SiO2 doped sample. Note the inflection at the center of the g =
1.9977 line in the UV irradiated sample that does not exist in the as sintered samples. This
inflection may suggest that at least two overlapping lines exist. g values for the two lines were
calculated to be 2.0232 and 1.9987. These results are in excellent agreement with ESR studies of
UV exposed YAG single crystals.10,11 Mori10 found that the single ESR line attributed to F+
centers at g=1.995 in as-grown YAG single crystals became a superposition of multiple, higher g
value lines after UV radiation. The higher g-value lines were identified as Oh- hole centers that
result from promoting electrons from the valence band to the conduction band during UV
irradiation. The UV irradiation used for this study is 248 nm and is equivalent to 5 eV. Because
the band gap in YAG is 6.8 eV, a 2-photon absorption process must be responsible for promoting
electrons from the valence band to conduction band, as shown in the model by Phillipps and
Vater.6
The spin densities calculated from the ESR signals were 7.3x1016 spins/cm3 and
2.86x1016 spins/cm3 for the 0.035 and 0.14 wt% SiO2 doped samples, respectively. These values
are 3 orders of magnitude higher than spin densities observed after sintering which correlates
well with the absorption coefficient increase following UV irradiation. Further, the spin densities
for 0.035 and 0.14 wt% SiO2 doped samples are similar, suggesting that SiO2 doping does not
affect solarization. This is supported by Figure 5.14, which shows the UV induced absorption
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Figure 5.13: ESR spectra of 0.035 wt% SiO2 doped 1 at% Nd:YAG as sintered, after UV
irradiation, and after annealing in air at 1600oC for 10 h. The scans were taken with identical
spectrometer settings.
(αUV) for 0.035 and 0.28 wt% SiO2 doped 1 at% Nd:YAG where αUV is the absorption
coefficient difference between the UV irradiated (αirradiated) and as sintered (αa-s):
𝛼𝑈𝑉 = 𝛼𝑖𝑟𝑟𝑎𝑑𝑖𝑎𝑡𝑒𝑑 − 𝛼𝑎−𝑠

(2.8)

The absorption increase for both samples is virtually identical, supporting the conclusion that
there is no link between UV induced absorption and SiO2 content.
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Figure 5.14: UV induced absorption in 0.035 (red) and 0.28 wt% (blue) SiO2 doped 1 at%
Nd:YAG ceramics.

5.4 Conclusions
Color center formation during sintering and UV irradiation was studied in transparent
Nd:YAG ceramics. Optical absorption and ESR showed that F-centers exist after sintering, and
may be removed by annealing in oxidative conditions. These results suggest that color center
formation during sintering is controlled by the concentration of variable valence ion impurities
that are reduced during sintering in the vacuum environment. In this case, Fe2+/3+ was the
primary variable valence impurity identified in the samples. The level of absorption caused by
color center formation was identical between 0.035 and 0.28 wt% SiO2 doped 1 at% Nd:YAG
ceramics indicating that SiO2 doping has little effect on color center formation during sintering.
Absorption increased from 250 nm to 700 nm in samples irradiated with a 248 nm UV laser.
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ESR spectra showed that Oh—centers form during UV irradiation. The absorption increase from
400-700nm is indicative of F-aggregate center formation and consistent with previous results in
YAG single crystals. The level of additional absorption caused by UV irradiation was identical
between 0.035 and 0.28 wt% SiO2 doped samples showing that SiO2 doping does not affect UV
induced absorption.
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Chapter 6
Single Crystal Conversion of Nd:YAG Ceramics

6.1 Introduction
Nd:YAG ceramics have been shown to operate with efficiency and threshold comparable
to Czochralski grown single crystals.1-3 At high output powers, the performance of ceramic
materials exceeds that of single crystals2, which is most likely due to decreased scattering from
stress induced birefringence and other defects inherent to Czochralski grown single crystals that
are not observed in ceramics. However, bulk spectroscopic measurements show that Nd:YAG
ceramic materials have lower fluorescence lifetime and increased non-radiative decay rates than
single crystals.1 Site selective spectroscopy showed that Nd3+ content increased at grain
boundaries by 10% relative to grain interiors in 1 at% Nd:YAG ceramics4. This decreased
fluorescence intensity affects up to 20 vol% of the ceramic (shown in Figure 6.1), and may result
in a 5% decrease in fluorescence lifetime in the affected regions. Therefore, the optical
performance of ceramic laser materials may be further improved by developing a processing
technique that maintains the advantages of ceramic processing while eliminating grain
boundaries.
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Figure 6.1: Spatial reconstruction of the volume optically affected by grain boundaries in 1 at%
Nd:YAG. The image was obtained by confocal scanning optical microscopy. [4]

Also, there are a wide variety of promising laser materials with non-cubic crystal
structures that may not be able to be produced in polycrystalline form with sufficient optical
quality for laser applications. Therefore, developing a single crystal growth process with all of
the advantages of ceramic processing would allow substantially increased performance in these
important optical materials.
In order to produce compositionally homogeneous single crystals that are either difficult
or impossible to grow by melt methods, a single crystal growth method based on grain growth in
ceramics has been developed.5 This single crystal growth technique has been given several
names including Single Crystal Conversion (SCC), Solid State Conversion (SSC), Seeded
Polycrystal Conversion (SPC), and Templated Grain Growth (TGG). The SCC process involves
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nucleating a single, rapidly growing grain that consumes the polycrystalline matrix to produce a
single crystal by grain growth. The condition in which a single grain grows rapidly in a fine
grained matrix is commonly observed in ceramic materials and is termed exaggerated grain
growth (EGG) or abnormal grain growth (AGG). Therefore, the key to the SCC process is
understanding and controlling EGG. A schematic depicting the SCC process is shown in Figure
6.2.

Figure 6.2: Schematic depicting the SSC process. [6]

6.2 EGG in Ceramic Systems

EGG is a complex topic that has only recently begun to be adequately explained by a
combination of experiment and theory. The ceramic processing literature is filled with examples
and conditions that lead to or prevent EGG in specific systems, but few of these articles present
any theoretical underpinning to explain the results. However, recent developments have shed
substantial light on the problem of EGG, and it is now possible to predictably apply EGG in
ceramic systems for advanced ceramic processes like SCC.
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Because mass transport mechanisms and grain growth kinetics are profoundly different
between solid state and liquid phase containing systems, models of grain growth and EGG must
be discussed separately for the two types of systems. Further, SCC methods to grow single
crystals in Nd:YAG ceramics utilizing both solid state and liquid phase mechanisms will be
demonstrated in this chapter. For these reasons, we briefly review EGG in solid state systems
followed by a review of EGG in liquid phase containing systems.
6.2.1 EGG in Solid State Systems

The first analytical model to directly address EGG in ceramic systems was derived by
Hillert7. Hillert modeled grain growth in single phase ceramic systems with isotropic surface
energy using a mean field approach and found that grain growth could be described by:
𝑑𝐺 2
𝐺
= 8𝛼𝑀𝑏 𝛾𝑔𝑏
−1
𝑑𝑡
𝐺𝑎𝑣𝑒

(6.1)

where G is the grain diameter, α is a dimensionless constant, and Gave is the average grain
diameter. Mb is a physical property of a specific grain boundary defined by:
𝑀𝑏 =

𝑣
𝐹

(6.2)

where ν is the boundary velocity and F is the driving force for grain growth of an individual
grain with effective diameter G defined by:
𝐹 = 2𝛾𝑔𝑏

1
1
+
𝜌1 𝜌2
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(6.3)

where 𝜌1 and 𝜌2 are the two principal radii of curvature of the boundary. Because the
coordination number of a grain is determined by its size relative to the average grain size of the
matrix, large grains are predicted to grow faster compared to smaller grains.
Under steady state conditions, Hillert’s model predicts that large grains grow in a
coarsening microstructure, but they grow at a slower rate than the average grain. The model
predicts that the maximum growth rate relative to the average grain is achieved at G = 2Gave and
decreases as grain size increases relative to the average. Thus, Eq. (6.1) predicts that simply
placing a large grain in a polycrystalline matrix does not necessarily result in rapid growth
compared to the average and therefore does not result in EGG.
Hillert7 also modeled grain growth in the presence of second phase particles that reduce
grain boundary mobility. The model predicts that, in the case that second phase particles stop
normal grain growth, a single large grain placed in the matrix may grow rapidly compared to the
average grain resulting in EGG. The reason for the rapid growth of a large grain in this instance
is that the model predicts a certain critical size where the pinning force of the second phase
particles becomes less effective for larger grains. In other words, the model predicts that a
sufficiently large grain has a higher Mb than the smaller grains in the system. Thus, Hillert
predicts that EGG may occur by a size advantage in systems where normal grain growth is
restricted by second phase particles.
To determine whether exaggerated grain growth could be caused by simply placing a
large grain in a fine grained microstructure, Srolovitz et al.8 used Monte Carlo methods to
simulate normal and abnormal grain growth. When a grain with 5 times the average grain radius
was placed in a microstructure, the large grain did not grow rapidly compared to the normal
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grains. Instead, the normal grains grew at a faster rate than the large grain. Next, 2% of the
grains in the simulation were given greater Mb than the rest of the grains in the simulation. In this
case, the grains with higher mobility consumed the normal grains and produced microstructures
characteristic of EGG.
To determine whether a size advantage existed for grains with higher mobility
boundaries, a single large grain with higher mobility than the average grain was placed in a
coarsening matrix. Srolovitz et al. found that there was no difference in the growth rates when
the large grains were 5, 10, and 20 times larger than the average grain size. Thus, these
simulations showed that incorporating a large grain into a coarsening matrix does not result in
EGG. Instead, EGG only occurs when a small number of grains have a greater Mb than the
average. In response to this work, Thompson et al. derived an expression for the growth rate of a
large grain relative to the growth rate of a fine grained matrix with isotropic 𝛾gb and Mb:9
𝑀𝑏 𝛾𝑔𝑏
𝑑 𝐺
𝐺
=−
−2
𝑑𝑡 𝐺𝑎𝑣𝑒
8𝐺𝐺𝑎𝑣𝑒 𝐺𝑎𝑣𝑒

2

(6.4)

This equation is in quantitative agreement with the model derived by Hillert. Grains with G >
2Gave always have a negative growth rate relative to the fine grained matrix, i.e., grains near the
average grain size have a faster growth rate than large grains. Therefore, Eq. (6.4) supports both
Hillert’s mean field model and the simulation results, i.e., the presence of large grains in a
microstructure does not, on its own, result in EGG. Instead, EGG is predicted to result from a
small population of grains with greater Mb than the average grain in the microstructure.
Recently, Dillon et al. 10 experimentally confirmed that exaggerated grains have higher
mobilities than normal grains. Using Al2O3 doped with Nd2O3, SiO2, MgO, or CaO as a model
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system, they compared high resolution TEM (HRTEM) images of grain boundaries with
experimentally determined grain boundary mobilities. They found that six distinct grain
boundary phases (called ―complexions‖ and numbered I-VI in order of increasing Mb) existed in
alumina and each complexion has a characteristic mobility. The types of complexions observed
in a microstructure were dependent on dopant chemistry, dopant content, and sintering
temperature. In samples that exhibited EGG, focused ion beam (FIB) was used to extract grain
boundaries from both exaggerated grains and normal grains. HRTEM observation revealed that
the exaggerated grain boundaries were characterized by higher mobility complexions than grain
boundaries from normal grains, as shown in Figure 6.3.

Figure 6.3: Schematic showing grain boundaries traced with colors that indicate the complexion
type observed at each boundary. Exaggerated grains were bounded by complexions with higher
mobility (Complexion IV) than the normal grains (Complexion I). [10]

From this discussion, it is clear that simply introducing a large grain into a solid state
system will not result in EGG. Thus, diffusion bonding a single crystal seed to the top of an
Nd:YAG ceramic will not result in successful SCC crystal growth. Instead, the fundamental
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requirement for EGG in solid state systems is establishing a mobility difference between the
exaggerated grains and the normal grains in the system. Because grain boundary mobility is
affected by dopant chemistry and concentration, it is possible to nucleate exaggerated grains at
specific locations by locally doping samples with materials that lead to higher mobility
boundaries. For example, EGG can be induced at the surface of high purity Al2O3 by placing
CaO, which forms a high mobility intergranular film, at the sample surface.11
As determined in Chapter 3, the grain growth constant, k (which is analogous to Mb in
systems with cubic grain growth kinetics), increases with increasing SiO2 content. As shown in
Figure 3.11, k increased from 1 x 10-18 m3/s to 1.5 x 10-16 m3/s for 0.025 and 0.28 wt% SiO2
doped 1 at% Nd:YAG ceramics. Therefore, it may be possible to produce an SCC crystal by
doping the surface of an Nd:YAG ceramic with SiO2.
6.2.2 EGG in Liquid Phase Containing Ceramic Systems
Theories about EGG in liquid phase containing systems are largely based on atomic
structure at liquid-solid interfaces. In liquid phase containing ceramic systems, grain boundaries
are either faceted or unfaceted, as shown in Figure 6.4. Understanding the kinetic differences
between the two boundary structures is critical because EGG has been observed in faceted
systems only12-14.
Faceted boundaries are characterized by angular grains, and the solid-liquid interfaces are
either singular or viscinal with high degrees of atomic order12,14. Unfaceted boundaries are
curved with rounded grain edges and atomically disordered solid-liquid interfaces17. Because
interfaces in unfaceted systems are atomically disordered, there is no nucleation energy barrier to
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Figure 6.4:Unfaceted (left) and faceted (right) grain boundaries

the detachment and attachment of atoms from the interface. Grain growth for these systems is
limited by atomic diffusion through the liquid according to:15
𝑑𝐺
3𝛾𝑠𝑙 Ω2
1
1 1−𝜙
=
−
𝑑𝑡 2𝐺𝑎𝑣𝑒 𝑘𝐵 𝑇 𝐺𝑎𝑣𝑒 𝐺
𝜙

(6.5)

where 𝛾sl is the solid-liquid surface energy, Ω is the atomic volume, and ϕ volume fraction of
liquid phase in the system. Because the driving force for grain growth (ΔGG) in a liquid phase
containing system is:12
𝛥𝐺𝐺 = 2𝛾𝑠𝑙 Ω
Eq. (6.6) shows that

𝑑𝐺
𝑑𝑡

1
𝐺𝑎𝑣𝑒

−

1
𝐺

(6.6)

is linearly proportional to the driving force for grain growth. Also,

𝑑𝐺
𝑑𝑡

decreases with increasing liquid phase content in the system.
In faceted systems, there is a significant nucleation barrier to atomic attachment and
detachment from particle surfaces, and grain growth is therefore controlled by interfacial
reactions. In the case where nucleation on the particle surface limits growth:16,17
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𝑑𝐺
𝛥𝐺𝐺
∝ 𝐴1
𝑑𝑡
𝑇

𝛽

𝑒𝑥𝑝 −

𝛥𝐺𝑐
𝛥𝐺𝐺

(6.7)

where A1 is a constant, β is ½ for mononucleation or 5/6 for polynucleation, and 𝛥𝐺𝑐 is the
critical driving force for grain growth equal to the free energy required to form a nucleus on the
particle surface. Assuming that the nucleus is disk shaped:13
𝜋𝜍 2
𝛥𝐺𝑐 = 𝐴2
𝑘𝑇

(6.8)

where A2 is a constant, σ is the step free energy, and h is the step height. Eq. (6.7) shows that,
unlike unfaceted systems,

𝑑𝐺
𝑑𝑡

in faceted systems is not linearly proportional to 𝛥𝐺𝐺 .

Figure 6.5 shows a schematic that depicts the relationship between

𝑑𝐺
𝑑𝑡

and 𝛥𝐺𝐺 for

faceted and unfaceted systems. For faceted systems, grains with 𝛥𝐺𝐺 < 𝛥𝐺𝑐 have a relatively
slow growth rate and are not strongly affected by 𝛥𝐺𝐺 . Grains with 𝛥𝐺𝐺 > 𝛥𝐺𝑐 grow rapidly and
𝑑𝐺
𝑑𝑡

becomes equal to the diffusion limited case (Eq. (6.5))12,13,17. Therefore, exaggerated grain

growth can occur in a faceted system if the average grains have 𝛥𝐺𝐺 < 𝛥𝐺𝑐 while a few grains
have 𝛥𝐺𝐺 > 𝛥𝐺𝑐 . Eq. (6.6) shows that 𝛥𝐺𝐺 for an individual grain is affected by the size
difference between that grain and the average grain size in the material. Therefore, a grain that is
sufficiently larger than the average grain size, such that 𝛥𝐺𝐺 > 𝛥𝐺𝑐 , will exhibit EGG.
Therefore, Eqs. (6.6) and (6.7) predict that, unlike solid state systems, placing a grain
substantially larger than the average grain size in a faceted liquid phase system may result in
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Figure 6.5: Schematic representation of grain growth rate vs. driving force for faceted systems.

EGG. This size effect is confirmed experimentally by seeding experiments in BaTiO318, WCCo17, and PMN-PT20.
Eq. (6.8) shows that 𝛥𝐺𝑐 is affected by both T and σ, and this effect is depicted
schematically in Figure 6.5. By increasing T, 𝛥𝐺𝑐 is decreased leading to more grains in the
microstructure with 𝛥𝐺𝐺 > 𝛥𝐺𝑐 . Therefore, increasing temperature should increase the
nucleation density of exaggerated grains in faceted systems. This is, in fact, observed in a wide
variety of ceramic systems12-14,17,21. σ can be affected by changing temperature, liquid phase
chemistry, and sintering atmosphere. Again, by decreasing σ, and thus 𝛥𝐺𝑐 as well, the required
driving force for exaggerated grain growth is also decreased leading to increased nucleation
density of EGG. Alternatively, EGG may be suppressed by increasing σ and 𝛥𝐺𝑐 such that no
grain in the microstructure has 𝛥𝐺𝐺 > 𝛥𝐺𝑐 .
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It is also important to note the effect of liquid phase content, ϕ, on the growth rate of an
exaggerated grain. As previously noted, grains with 𝛥𝐺𝐺 > 𝛥𝐺𝑐 grow at the rate predicted by the
diffusion limited case, Eq. (6.5). Eq. (6.5) shows that as ϕ increases,

𝑑𝐺
𝑑𝑡

decreases; therefore, the

growth rates of exaggerated grains are maximized at low ϕ. This relationship is shown
schematically in Figure 6.6.

Figure 6.6: Effect of liquid volume fraction on grain growth rate for diffusion limited and faceted
systems.

From this analysis, the conditions for EGG in liquid phase containing systems are clear.
EGG can only occur in faceted systems where the vast majority of grains have a driving force for
grain growth below 𝛥𝐺𝑐 . EGG may be induced in a faceted system by placing a grain sufficiently
large relative to the average grain size in the matrix. The nucleation density of exaggerated
grains can be controlled by adjusting 𝛥𝐺𝑐 with temperature and liquid phase chemistry.
153

6.2.3 Literature Survey of SCC

The above discussion provides the conditions necessary for SCC: a single exaggerated
grain is nucleated by introducing dopants leading to localized high mobility grain boundaries in
solid state systems or by introducing seed crystals into faceted liquid phase systems. For
example, a localized, high mobility intergranular film was produced at the surface of a
polycrystalline Al2O3 tube by placing CaO at the sample surface11. This high mobility boundary
resulted in a single exaggerated grain that converted up to 3 mm of the Al2O3 tube to single
crystal. Although local chemical gradients can cause EGG leading to SCC, there is no control
over the orientation of the grown crystal. In many applications, the crystallographic orientation
is important, and producing a randomly oriented crystal is not desirable.
By using single crystal seeds, crystals of a controlled orientation can be nucleated by an
epitaxial process. Li et al.22 embedded a PMN-PT single crystal in PMN-PT powder during
green forming. The growing crystals were nucleated during densification and grown during
subsequent thermal treatments. Khan et al.23,24 used the same process to grow single crystals in
PMN-PT and showed, using electron backscattered diffraction, that the crystal grew epitaxially
from the seed. Recently, Fisher et al.25 used an embedded seed approach to grow single crystals
of (K0.5Na0.5)NbO3. Embedded seed processes offer single step processing (densification and
crystal growth take place in a single thermal treatment) and controlled crystal orientation, but
constrained sintering around the embedded seeds inevitably leads to porous grown crystals, as
shown in Figure 6.7. Therefore, the embedded seed process is not well suited to producing
optical quality single crystals where porosity acts as a source of light scattering.
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Figure 6.7: Single crystals of KNN grown by the embedded seed method. The porosity inherent
to this process makes it unsuitable for optical crystals. [25]

Matsuzawa et al. patented a top seeded approach in (Mnx Zn(1−x ))Fe2O4 and Y3Fe5O12
where single crystal seeds were diffusion bonded to dense, polycrystalline matrix materials.5,26,27
Subsequent heat treatments were then used to grow single crystals into the matrix materials.
Rehrig et al.18 also utilized a homoepitaxial process in ZrO doped BaTiO3 by diffusion bonding a
Bridgman grown single crystal to a dense polycrystalline matrix. Rehrig et al. also showed that
the growth kinetics and grown crystal morphology depended on seed crystal orientation.
Recently, Ikesue and Aung3 demonstrated that top seeded SCC Nd:YAG single crystals are more
efficient laser hosts than similar Czochralski or ceramic materials. 1 at% Nd:YAG ceramics
were doped with 500 ppm SiO2 and sintered at 1550oC for 3 h. Samples were then diffusion
bonded to <111> or <110> oriented YAG single crystals and grown up to 3 mm between 1700
and 1840oC. Growth kinetics and growth mechanisms were not reported.
While SSC of Nd:YAG has been demonstrated by Ikesue and Aung3, few details about
the process are available. In this Chapter, the kinetics of solid state and liquid phase SCC in
Nd:YAG ceramics are investigated. Microstructures and growth kinetics are used to interpret
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growth mechanisms as well as mechanisms leading to termination of crystal growth. Optical
measurements of crystals grown by the liquid phase SCC process are presented.
6.3 Experimental Procedure

Two different methods for producing Nd:YAG single crystals by the SCC process were
investigated: a solid state process based on increasing the mobility of the growing crystal relative
to the matrix material, and a liquid phase process where an exaggerated grain is nucleated by a
combination of localized doping and seeding. In order to produce dense, polycrystalline
Nd:YAG samples for conversion, stoichiometric amounts of Al2O3 (AKP-50 from Sumitomo
Chemical Co., Japan), Y2O3 (Grade BB Shinetsu, Japan), and Nd2O3 (Nippon Yttria Company,
Japan) were ball milled for 24 hours in ethanol using high purity alumina milling media (99.9%,
5 mm diameter, Nikkato Corp., Sakai, Japan). Compositions ranged between 1 and 8 at%
Nd:YAG. 0.03-0.28 wt% SiO2 was added prior to ball milling using tetraethylorthosilicate
(TEOS, 99.9999%, Alfa Aesar, Ward Hill, MA) as the SiO2 source.
The powders were compacted via cold isostatic press (200 MPa) into 0.635 cm diameter
disks or tape cast by the procedure described previously. Green parts were sintered in a
refractory metal vacuum furnace (M60, Centorr Vacuum Industries, Nashua, NH) between 1500
and 1850oC for 0-60 h at a pressure of 10-3 torr. Each sample was ground and polished to a 6 µm
finish. Sintered samples were nominally 1 cm x 1cm x 5 mm.
For the solid state process, a TEOS based sol was spun coat onto the sample surface at
2000 rpm. The thickness of the SiO2 layer after heating to 1000oC to remove organics was 400600 nm, as determined by surface profilometry. Samples were then diffusion bonded to the
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<111> surface of a Czochralski grown 1 at% Nd:YAG single crystal (VLOC Inc., Port Richey,
FL) that was also polished to a 6 μm finish. Diffusion bonding was performed in air between
1400oC and 1600 for 1-5 h. Solid state samples were then grown in a refractory metal vacuum
furnace (M60, Centorr Vacuum Industries, Nashua, NH) between 1600oC and 1875oC for 1-60 h.
For the liquid phase process, 0.28 wt% SiO2 doped 1 at% Nd:YAG ceramics were
sintered to 99.5% density at 1550oC for 5 h. The average grain size after sintering was 3 μm.
0.5, 1, 2.5 and 5 wt% SiO2 was deposited on the sample surface by dripping a suspension of
ethanol and SiO2 particles onto the sample surface. The amount of SiO2 deposited on the sample
surface was calculated as a fraction of the sample weight. For example, a 5 g sample surface
doped with 1 wt% SiO2 had 0.05 g of SiO2 on the surface prior to diffusion bonding. The
samples were then placed in contact with a polished <111> oriented Czochralski grown 1 at%
Nd:YAG single crystal. The samples were then fired at 1500-1750oC in air for 2-60 h.
Grown samples were sectioned, polished, thermally etched (1200-1525oC for 0.3-10 h),
and their microstructures were observed on a FEI Quanta 200 environmental SEM (FEI Co.,
Tokyo, Japan) and energy dispersive spectroscopy (EDS) was obtained using an Inca X-Site
spectrometer (Oxford Instruments, Abingdon, UK).
6.4 Results and Discussion
6.4.1 Solid State Single Crystal Conversion

Figure 6.8 A-C are micrographs that are characteristic of the solid state SCC process in
Nd:YAG ceramics. The samples shown are 5 at% Nd:YAG doped with 0.14 wt% SiO2 and
sintered to 99.5% density at 1600oC for 2 h. For a 5 mm thick polycrystalline sample and 600
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nm thick SiO2 layer, the SiO2 surface doping was 0.1 wt% of the ceramic sample. In Chapter 3,
we showed doping 1 at% Nd:YAG ceramics with up to 0.28 wt% SiO2 did not result in liquid
phase formation, and microstructures show no signs of a liquid phase. Figure 6.8 A shows the
sample after diffusion bonding the seed crystal to the dense, polycrystalline matrix. The single
crystal is in intimate contact with the polycrystalline matrix and the bond line between the seed
crystal and the polycrystal appears similar to a grain boundary. The sample was then grown at
1825oC for 2-8 h. Figure 6.8 B shows the sample after 2 h. From this image, it is apparent that
the growing crystal nucleates at multiple points along the seed/polycrystal interface. As growth
continues, the crystal grows both laterally along the interface and vertically into the
polycrystalline matrix. Figure 6.8 C shows that after 8 h, the growing crystals have coalesced
into a single growth front that moves through polycrystalline matrix. In these images, the growth
front shows no signs of faceting and the boundaries between individual grains and the growing
crystal are curved. In Figure 6.8 C, two pores that are 4-5 times as large as the average pore size
in the polycrystalline matrix can be observed in the grown crystal.
As the growing crystal sweeps thorough the ceramic material, pores within the
polycrystalline matrix are intersected by the crystal boundary. Because the free energy of a pore
located at a grain boundary is lower than the free energy of a pore entrapped within a
grain/crystal, the pore will continue to move with the boundary if its mobility is greater than the
mobility of the crystal boundary. As growth continues, pores coalesce on the growing crystal
boundary decreasing the number of pores observed along the boundary but increasing their
average size. The mobility of an individual pore is inversely proportional to its radius9, and,
therefore, the pores eventually reach a critical radius where their mobility is insufficient to
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Figure 6.8: 5 wt% Nd:YAG ceramics grown for 0, 2, and 8 h at 1825oC

continue moving with the growing crystal boundary. At this point, the pore is entrapped in the
grown crystal. Pores were not observed in SCC crystals grown in fully dense ceramics.
Figure 6.9 shows the growth kinetics of two crystals with 5 at% and 8 at% Nd3+ grown by
the solid state method. The 5 at% Nd:YAG sample is the sample shown in Figure 6.8. The 8 at%
Nd:YAG sample was doped with 0.028 wt% SiO2 and sintered at 1750oC . As shown in Eq.
(6.6), the driving force for growth of a grain is the size difference between that grain and the
average grain size in the material. During crystal growth, the matrix grains coarsen, reducing
both the driving force and growth rate for SCC crystal growth. For example, the matrix grains in
the 8 at% Nd:YAG sample coarsened from 3 μm to 10 μm over the 64 h growth process.
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Figure 6.9: Growth distance vs. time for 8 and 5 at% Nd:YAG ceramics grown at 1850oC and
1825oC respectively.

To better understand the solid state SCC process, we apply kinetic models developed for
EGG to the data in Figure 6.9. Rödel and Glaeser showed that the growth distance (ΔL) of a
rapidly growing grain in a polycrystalline matrix could be modeled by:28
∆𝐿 = 𝑘𝑒𝑓𝑓 𝑡

1

𝑛 𝐸𝐺𝐺

(6.9)

where keff is the effective rate constant for the growing crystal and nEGG is the observed growth
exponent for the exaggerated grain (which is, in this case, the growing SCC crystal). Dillon et
al. 10 derived an equation to describe the growth of an exaggerated grain into a polycrystalline
matrix in terms of exaggerated and normal grain growth kinetics:
∆𝐿 =

𝑘𝐸𝐺𝐺
𝑘

1

𝑛

𝑛
𝑡
𝑛−1
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𝑛−1
𝑛

(6.10)

where kEGG is the grain growth constant for the exaggerated grain, k is the grain growth constant
of the normal grains, and n is the grain growth exponent for the population of normal grains
according to:
𝐺 𝑛 − 𝐺𝑜 𝑛 = 𝑘𝑡

(6.11)

where Go is the grain size at t=0. Comparing Eqs. (6.10) and (6.11) shows that 𝑘𝑒𝑓𝑓 =
and 𝑛𝐸𝐺𝐺 =

𝑛
𝑛−1

𝑘 𝐸𝐺𝐺

𝑛

1

𝑛−1

𝑘

𝑛

. In Chapter 3, it was shown that matrix grain growth in 0.035-0.28 wt% SiO2

content Nd:YAG fits to n=3 kinetics due to solute drag effects. According to Eq. (6.11), matrix
coarsening with cubic kinetics would imply SCC crystal growth kinetics with nEGG = 3/2. The
data from Figure 6.9 was fit to nEGG=1, 4/3, 3/2, 2, 3, and 4. nEGG = 3/2 provided the best fit for
both samples (R2=0.992 for the 5 at% Nd:YAG samples and R2=0.997 for the 8 at% Nd:YAG
sample), as shown in Figure 6.10.

Figure 6.10: Kinetic data fit to nEGG=3/2 for 5 and 8 at% Nd:YAG ceramics grown at 1825oC
and 1850oC for 2-64 h.
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keff was calculated for each crystal and found to be 23.4 μm/h2/3 and 28.7 μm/h2/3 for the
5 and 8 at% Nd:YAG samples respectively. While the two samples were grown at two different
temperatures, the 25oC temperature difference accounts for only 0.1% of the difference in the
growth rates, assuming they are Arrhenius and the activation energy for growth is similar to the
values determined in Chapter 3 (~ 1200 kJ/mol). Therefore, the growth rate difference should be
attributed to other factors. Note that the 5 at% Nd:YAG ceramic contained 0.14 wt% SiO2 while
the 8 at% Nd:YAG sample contained only 0.028 wt% SiO2. As shown in Figure 3.11, k increases
with increasing SiO2 content. Therefore, samples with the same amount of surface SiO2 doping
but different SiO2 contents in the ceramic have different
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and keff leading to higher growth

rates in samples with lower SiO2 content (and thus lower k) in the ceramic material.
SEM EDS was used to determine the spatial distribution of Nd3+ in the grown crystals.
Figure 6.11 shows a line scan across the grown crystal/polycrystal boundary in 8 at% Nd:YAG
grown at 1850oC for 64 h. The total growth length of the crystal 460 μm. The Nd3+ content in
the grown crystal, at the grown crystal/polycrystal boundary, and in the polycrystal are all
identical within spatial resolution of SEM EDS. As noted previously, single crystals grown by
the Czochralski process have a segregation coefficient that results in a concentration difference
between the grown crystal and the melt. Because the solid state SCC process does not involve a
liquid phase, no segregation coefficient exists and Nd3+ is uniformly distributed throughout the
grown crystal.
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Figure 6.11: EDS line scan across the grown crystal/polycrystal boundary in 8 at% Nd:YAG
grown at 1850oC for 64 h. The total growth distance was 460 μm. The starting ceramic material
was provided by Konoshima Chemical Inc. The Nd3+ as described by the manufacturer was 8
at%, however the average Nd3+ content determined by EDS over both the grown crystal and the
polycrystalline matrix was 10.4 at%.

6.4.2 Liquid Phase Single Crystal Conversion
While it is clear from the literature29,30 that SiO2 doped YAG can form a liquid phase and
exhibit EGG for 5 wt% SiO231, there has been no systematic study of the conditions leading to
EGG. To study EGG in highly SiO2 doped 1 at% Nd:YAG ceramics, samples were doped with
0.5, 1, 2.5 and 5 wt% SiO2 and sintered in vacuum at 1500, 1600, and 1700oC for 10 h. Figure
6.12 shows the occurrence of EGG as a function of silica content and sintering temperature.
EGG was only observed in 2.5 and 5 wt% SiO2 doped samples.
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Figure 6.12: The occurrence of exaggerated grain growth in 0.5-5 wt% SiO2 content 1 at%
Nd:YAG sintered at 1500-1700oC for 10 h. Green markers indicate that EGG was observed,
black markers indicate normal grain growth.

Figure 6.13 shows a microstructure from the center of a 5 wt% SiO2 doped 1 at%
Nd:YAG sample sintered at 1600oC for 10 h. The microstructure consists of exaggerated grains
with localized regions of fine grained material occupying spaces between exaggerated grains.
EDS (Figure 6.14) showed that exaggerated grains were YAG composition, but no Nd3+ was
detected (the detection limit for Nd3+ is ~ 2 at% in Nd:YAG). The inset in Figure 6.13 shows a
region of fine grained material located between exaggerated grains. The average grain size in this
region was 4 μm.
EDS (Figure 6.14) showed that the grains are YAG with a high silica content liquid phase
located at triple junctions and between grains. The Nd+3 content in this region was found to be ~
5 at% by EDS, suggesting that a segregation coefficient exists in the system.
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Figure 6.13: SEM image of exaggerated grain growth in 5 wt% SiO2 doped 1 at% Nd:YAG
sintered at 1600oC for 10 h. Regions between exaggerated grains (inset) had an average grain
size of 4 μm.

\
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Figure 6.14: EDS scans of the center of an exaggerated grain and a fine grained section of the
microstructure (inset in Figure 6.15)

The grain boundary morphology is difficult to determine in Figure 6.13 because the
microstructure is affected by grain impingement. Isolated exaggerated grains in the
microstructure show clear faceting, as observed in Figure 6.15.
The number density of exaggerated grains increased with both increasing SiO2 content
and temperature. For example, the number density of exaggerated grains in 2.5 and 5 wt% SiO2
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doped 1 at% Nd:YAG sintered at 1600oC for 10 h was 22 and 31 exaggerated grains/mm2,
respectively. The effect of silica content on EGG nucleation can be directly observed in

Figure 6.15: SEM image of an isolated exaggerated grain in 5 wt% SiO2 content 1 at% Nd:YAG
sintered at 1600oC for 10 h.

Figure 6.16 which is an SEM image of the edge of a 5 wt% SiO2 doped 1 at% Nd:YAG. In this
image, the number of exaggerated grains decreases with increasing proximity to the sample edge.
Because the samples were buried in a pure YAG frit during sintering, it is believed that silica
diffused into the frit creating a concentration gradient between the sample edge and sample
center. At the sample center, both SiO2 content and EGG nucleation density are high relative to
the sample edge.
From these experiments, it is clear that EGG nucleation can be controlled with a
combination of temperature and SiO2 content. These results indicate that increasing temperature
and/or SiO2 content decreases 𝛥𝐺𝑐 leading to increased numbers of exaggerated grains.
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Figure 6.16: SEM image of a region near the sample surface in 5 wt% SiO2 content 1 at%
Nd:YAG sintered at 1600oC for 10 h. The number of exaggerated grains decreases with
increasing proximity to the sample surface because SiO2 content is lower at the surface.

With the conditions leading to EGG in Nd:YAG well established, we now apply these
conditions to nucleating and growing SCC crystals. No crystal growth was observed in 0.5 wt%
SiO2 doped samples at any temperature. For 2.5 and 5 wt% SiO2 doped samples, EGG consumed
the matrix material near the seed crystal/polycrystal boundary and no growth over 50 μm was
observed. Samples surface doped with 1 wt% SiO2 showed extended crystal growth at 1600,
1650, and 1700oC. The maximum growth distance achieved was 1.5 mm at 1600oC for 60 h.
It is important to note the difference between these crystal growth samples and the
samples where EGG was studied because EGG was not observed in 1 wt% SiO2 doped samples
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in EGG experiments while the same dopant content led to extended crystal growth in the SCC
samples. In the EGG samples, SiO2 was uniformly doped throughout the microstructure by
adding it to the ceramic powder during ball milling. For the SCC samples, SiO2 was applied at
the top surface. Therefore, for the same SiO2 doping level, the effective SiO2 concentration near
the sample surface/seed crystal in the SCC samples was substantially higher than the
concentration in the EGG samples.
Figure 6.17 shows SEM micrographs that are illustrative of the liquid phase SCC process.
The growing crystal nucleates at points of intimate contact with the seed crystal. The crystal
grows both vertically into the polycrystalline matrix and horizontally across void space caused
by surface defects between the seed crystal and polycrystalline matrix. Crystals that nucleate on
opposite sides of a void grow together to form a single growth front that then moves through the
polycrystal. Variations in growth distance along the grown crystal are associated with voids at
the bonded interface indicating that these are regions where the crystal grew laterally across the
void. No pores or second phases are visible in the growing crystal, and fracture surfaces reveal
that both the growing crystal and the polycrystalline matrix are clearly faceted (Figure 6.18).
As the crystal grows, incidences of EGG in the polycrystalline matrix become
increasingly prevalent and exaggerated grains frequently impinge on the growing crystal, as
shown in Figure 6.19. Virtually no growth is observed after the crystal contacts an exaggerated
grain in the matrix.
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Figure 6.17: SEM images of an SCC crystal in 1 wt% SiO2 surface doped 1 at% Nd:YAG grown
at 1600oC for 1 h.
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Figure 6.18: SEM image of a fracture surface at the interface between the grown crystal and the
polycrystalline matrix. The sample is 1 at% Nd:YAG surface doped with 1 wt% SiO2 and grown
at 1600oC for 60 h. The total growth distance was 1.6 mm
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Figure 6.19: SEM images of an SCC crystal grown into a 1 at% Nd:YAG ceramic at 1600 oC for
40 h. The growth distance is 1.2 mm, and an exaggerated grain can be seen impinging on the
grown crystal (inset).
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The increasing prevalence of exaggerated grains as the crystal grows can be explained in
terms of SiO2 content. EPMA shows that the growing crystal contains about 0.12 wt% SiO2 and
the composition remains constant along the growth direction of the crystal. Therefore, the SCC
crystal contains less SiO2 than the polycrystalline matrix. Because the total SiO2 content in the
system must remain constant, SiO2 concentration in the polycrystalline regions must increase as
the crystal consumes the sample volume. As shown in the EGG experiments, increasing SiO2
content decreases 𝛥𝐺𝑐 leading to more EGG in the sample matrix. Attempts were made to
control the liquid phase content and EGG by burying samples in SiO2 doped YAG frit during
crystal growth, but no difference in EGG nucleation density or crystal growth difference were
observed in these samples.
Figure 6.20 shows growth kinetics for a crystal grown in 1 at% Nd:YAG with 1 wt%
SiO2 surface doping at 1600oC for 2-60 h. Growth distances were calculated only for samples
where impingement with exaggerated matrix grains was not observed. After 60 h, the crystal
grew 1620 μm and the growth rate decreased with time. During growth, matrix grains coarsened
from 4 μm to 5.3 μm indicating that matrix coarsening was virtually non-existent.
Phenomenological models of interface controlled grain growth predict that the system should
coarsen with parabolic kinetics (n=2), and Figure 6.21 shows the matrix grain growth rate fit to
n=2 where R2 is 0.993. For matrix coarsening according to n = 2, Eq. (6.11) predicts that the
growing crystal should have nEGG = 1. However, Figure 6.20 clearly shows that growth distance
is not linear with time. The growth distance data was fit to nEGG = 1, 1.5, 2, 3, and 4. n=2
provided the best fit to the data with R2 = 0.999, as shown in Figure 6.22.
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Figure 6.20: Growth distance vs. time for 1 wt% SiO2 surface doped 1 at% Nd:YAG SCC
crystal grown at 1600oC for 2-60 h.

Figure 6.21: Average matrix grain size vs. time1/2 for 1 wt% surface doped 1 at% Nd:YAG
grown at 1600oC for 2-60 h.
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Figure 6.22: Growth distance vs. time1/2 for 1 wt% surface doped 1 at% Nd:YAG grown at
1600oC for 2-60 h.

The discrepancy between the predicted growth exponent and observed growth exponent
can be resolved by considering the effect of SiO2 content on crystal and matrix growth rates.
Eq. (6.8) shows that interface controlled growth is not dependent on liquid phase volume in the
material indicating that the matrix growth rate, which is interface controlled, should not be
strongly affected by increasing SiO2 concentration as the crystal grows. The growing crystal,
however, grows according to the diffusion limited rate, Eq. (6.6) which decreases with increasing
liquid volume fraction. Therefore,

𝑘 𝐸𝐺𝐺
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decreases with time as the crystal grows leading to the

non-linearity observed in Figure 6.20 and Figure 6.22.
Figure 6.23 shows the in-line transmission of a 1.5 mm thick Nd:YAG SCC single crystal
grown at 1600oC for 60 h. Figure 6.24 is an image of two SCC single crystals grown at 1600oC
for 60 h The in-line transmission at 1064nm was 80%. Figure 6.25 shows the absorption
coefficient for both a 1 at% Nd:YAG ceramic and an SCC crystal grown from 1 at% Nd:YAG
175

ceramic. The absorption coefficient for the SCC crystal is 40% lower than the ceramic at each
absorption line. Because absorption coefficient is linearly proportional to Nd3+ content, the Nd3+
in the grown crystal is lower than in the original polycrystalline ceramic, suggesting that a
segregation coefficient exists in the liquid phase SCC process. This observation is supported by
the fact the Nd3+ content was found to sharply increase in liquid phase regions between
exaggerated grains. Figure 6.26 shows the fluorescence spectra from the seeded surface and the
growth front of an SSC crystal. The total fluorescent intensity at the growth front is higher than
the fluorescent intensity near the seed crystal. This indicates that Nd3+ content increases as the
crystal grows, further supporting the hypothesis that a segregation coefficient exists between the
growing crystal and the liquid phase.

Figure 6.23: In-line transmission of a 1.5 mm thick Nd:YAG crystal grown by the liquid phase
SCC method at 1600oC for 60 h
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Figure 6.24: Image of SCC crystals grown at 1600oC for 60 h. Samples are not in contact with
the text below. Opaque areas at the edges and corners are sections of polycrystalline material
that was not converted to single crystal during growth.

Figure 6.25: Absorption coefficient vs. wavelength for a 1 at% Nd:YAG ceramic (blue line) and
an SCC crystal grown from 1 at% Nd:YAG ceramic (red). The SCC crystal was grown at
1600oC for 60 h
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Figure 6.26: Fluorescence spectra from the seeded surface and the growth front of an SSC
crystal. The increased fluorescence intensity at the growth front indicates a higher Nd3+
concentration.

6.5 Conclusions
Two different SCC methods have been demonstrated for Nd:YAG ceramics. The solid state
method produces crystals up to 460 μm thick and relies on a mobility difference between the
crystal growth front and the normal grains in the ceramic material. EDS shows that no Nd3+
segregation coefficient exists in 8 at% Nd:YAG single crystals grown at 1850oC for 64 h.
Exaggerated grain growth in highly SiO2 doped 1 at% Nd:YAG ceramics was found to depend
on both SiO2 content and temperature. Surface doping 1 at% Nd:YAG ceramics with 1 wt% SiO2
lead to extended crystal growth up to 1.5 mm at 1600oC. As the crystal grows, SiO2 content
increases in the polycrystalline matrix leading to increased incidences of EGG as well as
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decreased growth kinetics for the single crystal. Single crystals grown by the liquid phase
process are highly transparent, but a segregation coefficient exists for Nd3+.
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Chapter 7
Summary and Future Work

7.1 Summary
7.1.1 Effect of SiO2 on Densification and Microstructure Development in Nd:YAG
Transparent Ceramics

The effects of SiO2 doping on densification and microstructure development were
explored in 0.035-0.28 wt% SiO2 doped 1 at% Nd:YAG ceramics vacuum sintered between
1484oC and 1750oC.

29

Si magic-angle spinning nuclear magnetic resonance (MAS-NMR) and

high resolution transmission electron microscopy (HRTEM) were used to determine the
chemical bonding environment of Si4+ in samples sintered between 1600oC and 1750oC. MASNMR showed that Si4+ substitutes onto tetrahedrally coordinated Al3+ sites and HRTEM images
of grain boundaries showed no grain boundary second phases for all silica levels. Electron
energy loss spectroscopy (EELS) detected the presence of Si at both grain boundaries and grain
interiors. From the MAS-NMR, HRTEM, and EELS data, it is concluded that Si+4 enters solid
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solution with the YAG lattice by substituting onto tetrahedrally coordinated Al3+ sites both at
grain boundaries and within the Nd:YAG grains.
Densification at the exceptionally high densities required to achieve transparency (>
99.9%) was limited by a small population of large pores that result from green forming.
Colloidal green forming, like tape casting, led to more densifying sintering trajectories and
smaller average grain sizes at identical densities than dry pressing. This is because colloidal
green forming methods produce more homogeneous, higher density green bodies with fewer
large defects. Pores that were larger than the average grain size shrunk during densification
confirming that pores that are large relative to the average grain size are thermodynamically
unstable during sintering. The densification rate increased with increasing silica content.
Samples with 0.28 wt% SiO2 doping sintered to > 99.9% density at 1600 for 2 h while sample
with 0.035 wt% SiO2 doping required sintering at 1750oC for 2 h to achieve 99.9% density.
Coarsening was limited by a solute drag mechanism, as suggested by cubic grain growth
kinetics and TEM energy dispersive x-ray spectroscopy observations of increased Nd3+
concentration near grain boundaries. Grain boundary mobility increased with increasing SiO2
content and was explained by Si4+ substitution leading to vacancy formation on the Y3+
sublattice. The increased vacancy concentration led to increased grain boundary diffusion rates,
and thus increased grain boundary mobility.
By preferentially increasing grain boundary diffusion rates relative to lattice diffusion
rates, increasing SiO2 content led to increasingly coarsening sintering trajectories. The changing
sintering trajectory provides a basis for controlling grain size in Nd:YAG ceramics. For
example, highly transparent, coarse grained (18 μm average grain size) 0.28 wt% SiO2 doped 1
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at% Nd:YAG ceramics were sintered at 1600oC for 8 h while fine grained (2.8 μm average grain
size) transparent ceramics were achieved by sintering 0.035 wt% SiO2 doped 1 at% Nd:YAG
ceramics at 1750oC for 8 h.
7.1.1 Low Temperature Transient Liquid Phase Sintering of B2O3-SiO2 doped Nd:YAG
Transparent Ceramics
To study the effects of liquid phase chemistry on densification and microstructure
development, 1 at% Nd:YAG ceramics were doped with 0.34-1.35 mol% B2O3-SiO2 and sintered
between 1100oC and 1700oC. Dilatometric measurements show that B2O3-SiO2 additions
increase densification rates relative to SiO2 doping during intermediate stage sintering. The
increased densification rates were explained by III-coordinated B3+ forming non-bridging oxygen
in a liquid phase that is present between 1330oC and 1400oC thereby decreasing liquid viscosity
and increasing diffusion rates.
Mass spectrometry shows that B3+ is not present in samples sintered above 1500oC.
During final stage densification, B2O3-SiO2 doped samples have a more densifying sintering
trajectory than SiO2 doped samples because they have lower SiO2 content after B3+ vaporization
than similar SiO2 doped samples.
The increased densification kinetics during intermediate stage sintering led to highly
transparent (84% in-line transmission at 400 nm) samples sintered as low as 1600oC. Because of
the lowered sintering temperature, highly transparent B2O3-SiO2 doped 1 at% Nd:YAG ceramics
could be sintered in flowing O2 in a standard Al2O3 tube furnace. The ability to sinter to
transparency in a flowing O2 atmosphere may facilitate production scale up of Nd:YAG ceramic
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laser gain media to meter scale dimensions by eliminating the need for refractory metal vacuum
furnaces.
7.1.2 The Effects of SiO2 Doping on Color Centers and Solarization in Transparent
Nd:YAG Ceramics
Because color centers have been shown to limit the performance of transparent ceramics
in both laser and scintillator applications and Si4+ has been identified as a source of color centers
in YAG single crystals, optical absorption spectroscopy and electron spin resonance were used to
study the effects of SiO2 doping on color center formation in Nd:YAG transparent ceramics.
Thermally induced color centers were studied in sintered 0.035- 0.28 wt% SiO2 doped 1
at% Nd:YAG ceramics both after sintering and after annealing in air. The primary color centers
in sintered samples were F- and F+- centers as evidenced by optical absorption in the 250 nm to
400 nm wavelength range and the presence of an electron spin resonance peak at g = 1.9977.
Annealing in air at 1600oC for 10 h eliminated both the optical absorption and ESR line
associated with the F+-centers showing that thermally induced color centers may be reduced
and/or eliminated by annealing in an oxidizing atmosphere.
Inductively coupled atomic emission spectroscopy showed that there was 55-65 ppm Fe
in the Nd:YAG samples, and both optical absorption and ESR showed that Fe3+ formed during
the air anneal. Considering that annealing both oxidizes Fe2+ and eliminates color centers, it was
concluded that thermally induced color center formation is controlled by reduction of variable
valence ion impurities. This hypothesis was supported by ESR showing that the g = 1.9977 line
was not present in higher purity samples after sintering. Optical absorption data showed that
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color center density is similar in 0.035 wt% and 0.28 wt% SiO2 doped samples and thus it is
concluded that SiO2 doping has little or no effect on thermally induced color center formation.
Ultraviolet (UV) light induced color center formation was studied by irradiating samples
with a 248 nm laser. Irradiated samples had increased optical absorption from 250 nm to 800 nm
which was associated with F-aggregate centers such as F2 and F2+ -centers. Two overlapping
electron spin resonance lines were observed at g = 1.9987 and g = 2.0232. These lines have been
previously attributed to F+- and Oh- center formation. Oh- center formation is consistent with
solarization models that predict UV induced color centers form by two photon absorptions
promoting electrons from the valence band to the conduction band. Air annealing eliminated
optical absorption and ESR lines associated with color centers, but samples irradiated after
annealing had substantially increased optical absorption compared to the initial irradiation. SiO2
content did not affect irradiation induced color center formation, as shown by similar optical
absorption and ESR spin counts for 0.035 wt% and 0.28 wt% SiO2 doped 1 at% Nd:YAG
samples.
7.1.3 Single Crystal Conversion of Nd:YAG Ceramics
In order to develop a processing method that retains the benefits of ceramic processing
but allows access to non-cubic crystal systems for optical applications, single crystal conversion
(SCC) was studied in Nd:YAG ceramics. By utilizing exaggerated grain growth, single crystals
could be nucleated at and grown from seed crystals diffusion bonded to the surface of dense, fine
grained Nd:YAG ceramics. Both solid state and liquid phase SCC methods were demonstrated
for Nd:YAG ceramics.
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The solid state method utilized localized SiO2 doping to increase grain boundary mobility
at the seed crystal/polycrystal interface. Single crystals in 4 and 8 at% Nd:YAG were grown
between 1750oC and 1850oC. The maximum growth distance was 460 μm after 64 h at 1850oC.
Growth was limited by coarsening in the polycrystalline matrix material. Energy dispersive x-ray
analysis showed that no segregation coefficient exists between the matrix and growing crystal.
Therefore, heavily Nd3+ doped (up to 8 at%) YAG single crystals with uniform dopant
distribution may be produced by the solid state SCC method.
Exaggerated grain growth (EGG) in highly SiO2 doped 1 at% Nd:YAG ceramics was found
to depend both SiO2 content and temperature. Doping 1 at% Nd:YAG ceramics with 2.5 and 5
wt% SiO2 led to EGG in samples sintered at 1600oC for 10 h. Both the normal and exaggerated
grains in the microstructure were faceted. In faceted, liquid phase sintered systems, exaggerated
grains may be nucleated by a size advantage i.e., placing a large grain in the microstructure will
lead to EGG. Therefore, an SCC crystal could be nucleated by diffusion bonding a single crystal
to the surface of 1 at% Nd:YAG ceramics. Surface doping with 1 wt% SiO2 led to extended
crystal growth of up to 1.5 mm when heated at 1600oC for 60 h. Crystal growth was limited by
EGG in the matrix material. EDS and optical absorption indicate that a segregation coefficient
does exist between the liquid phase and growing crystal leading to an Nd3+ concentration
gradient in the grown crystal and decreased Nd3+ content relative to the polycrystalline matrix.
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7.2 Future Work
The goal of this work was to improve the processing and performance of Nd:YAG
transparent ceramics by studying the effects of sintering aids on defects, densification, and single
crystal conversion. To that end, there are several clear paths for future work that apply to both
Nd:YAG ceramics for high power laser applications and using YAG and Nd:YAG ceramics as
model systems for fundamental sintering studies.
Recently, Otsuka et al.1 showed that laser performance of Nd:YAG ceramics is affected
by grain size. They showed that dynamic instabilities occur during continuous wave operation in
coarse grained (> 10 μm) ceramics but are not present in fine grained ( < 2 μm) ceramics. They
proposed that thermally induced birefringence causes light scattering in coarse grained ceramics,
while fine grained materials are have small enough grains to not affect the 1.06 μm wavelength
laser light. However, the powder processing route, green forming, SiO2 content and processing
conditions were not identical between the fine grained and coarse grained samples because they
were supplied by different vendors. In Chapter 3, it was shown that SiO2 content and sintering
temperature can be used to control the average grain size in Nd:YAG transparent ceramics. Thus,
laser experiments could be performed on a set of samples with varying grain size, but with
control over powder source, green forming method, SiO2 content, and sintering conditions. This
would lead to more robust conclusions about the causes of dynamic instabilities observed in
Nd:YAG ceramics during laser operation. Similar studies, where samples with different average
grain sizes are driven to thermal failure (i.e. thermal shock) in laser experiments, could be used
to determine whether the increased fracture strength associated with finer grain sizes has a
measureable effect on the maximum output power of ceramic lasers.
188

In Chapter 3, solute drag was found to affect grain growth in 1 at%Nd:YAG ceramics,
but the Gibbsian interfacial excess of Nd3+ ions was determined for only 0.14wt% SiO2 doping.
To further elucidate coarsening mechanisms in YAG, Nd3+ segregation should be determined as
a function of SiO2 content.
Processing transparent Nd:YAG ceramics may also allow for important fundamental
studies of densification at exceptionally high densities. While there are many sintering studies of
final stage densification from 92%-99% relative density, there has been very little investigation
of sintering at densities greater than 99%. Densification from 99% to 99.99% is critically
important for achieving highly transparent ceramics. Therefore, detailed sintering studies at
exceptionally high densities with a focus on inter-pore spacing, pore size distribution, and
relative densification and coarsening rates would provide significantly improved understanding
of sintering at densities greater than 99%. In particular, laser light scattering should be employed
to more accurately determine density and pore size distribution in sintered materials. Also,
because transparent ceramics transmit light, it may be possible to equip a specialized furnace
with a laser scatterometer that measures density and pore size distribution in real time during
sintering. This would produce a unique data set that may provide significantly enhanced
understanding of densification at exceptionally high densities.
The recent development of two-stage sintering2 to limit coarsening during sintering has
re-introduced questions about the interplay between coarsening and densifying mass transport
mechanisms during sintering. In Chapter 3, it was shown that the average grain size (2.8 μm) in
0.035 wt% SiO2 doped 1 at% Nd:YAG samples sintered to transparency at 1750oC for 8 h was
only 14 times greater than the starting particle size (200 nm), which is similar to grain growth
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observed by the two-step sintering method. Further, it was also shown in Chapter 3 that sintering
trajectory, and therefore relative coarsening and densification rates can be controlled with SiO2
doping. Grain boundary mobility could also be modified using other rare earth (RE) elements in
the Lanthanide series because they all substitute onto the Y3+ 24(c) site and their relative
diffusivities are well characterized and decrease with increasing atomic weight. Therefore, SiO2
doped YAG, Nd:YAG, and RE:YAG ceramics are perfect model systems to study the
relationship between coarsening and densification during sintering and could provide a more
fundamental understanding of the physical mechanisms that give rise to densification without
coarsening.
In Chapter 4, the enhanced densification associated with B2O3-SiO2 doping was ascribed
to liquid phase mechanisms during intermediate stage densification. However, there has been no
study of the kinetics of liquid phase formation or the kinetics of Si4+ substitution into the YAG
lattice (which ultimately eliminates the liquid phase). By directly studying these reactions, it may
be possible to develop other transient phase liquid sintering aids for Nd:YAG and other
transparent ceramics that reduce processing temperature and increase laser performance. Because
B3+ vaporizes during sintering, the effects of sample thickness on B3+ removal should be studied
as a prelude to scaling up the process to larger sample dimensions.
The presence of luminescence quenching color centers and associated decreased light
yield observed in transparent scintillator ceramics makes their performance fall well below that
of Czochralski grown single crystals. Chapter 5 established that impurity ions largely control
color center formation in Nd:YAG ceramics, but there is some evidence that grain boundaries act
as electron traps and color center sources in transparent ceramics3-5. Therefore, color center
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formation should be explored as a function of grain size and local probes should be used to study
electronic structure and optical properties of grain boundaries. For example, near field scanning
optical microscopy may be used with transparent ceramics to probe the optical properties of
grain boundaries with 50 nm lateral resolution and may be able to elucidate important optical
loss mechanisms, particularly color centers, that occur at grain boundaries.
To better understand the SCC process, HRTEM should be used to study the grown
crystal/polycrystal interface in both the solid state and liquid phase SCC processes. For the solid
state process, studying the growing crystal interface could provide important data that further
elucidates the mechanisms leading to increased grain boundary mobility with increased SiO2
content. This data could also be used to determine why Ikesue and Aung6 were able to grow
single crystals up to 3 mm using a solid state process, while the crystals in this work were limited
to 460 μm. For the liquid phase process, TEM and HRTEM could be used to study the chemistry
of the liquid phase and determine whether the chemistry can be altered to mitigate or eliminate
the segregation coefficient for Nd3+ observed in Chapter 6. TEM EDS or electron probe
microanalysis of the grown Nd:YAG crystals could also quantify the observed segregation
coefficient.
To study the effects of grain boundaries and optically active ion grain boundary
segregation on laser properties, SCC Nd:YAG single crystals could be directly compared to
ceramics and Czochralski grown single crystals in thin disk laser systems where limited
thickness of the SCC crystals does not limit performance. Finally, the single crystal conversion
(SCC) methods explored in Chapter 6 should be applied to non-cubic materials. Because of its
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similar chemistry and technological importance, YAlO3 would be an excellent candidate for
future studies.
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