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ABSTRACT
The addition of nanofiller into a polymer matrix will dramatically change the physical
properties of polymer. The introduction of nanofiller makes the polymer more applicable
in many industries, such as automobile tires, coatings, semiconductors, and packaging.
The altered properties are not the simple combination of the characters from the two
components. The interactions in polymer nanocomposites play an important role in
determining the physical properties.
This dissertation focuses on the mechanical properties of polymer nanocomposites
(silica/poly-2-vinylpyridine) above their glass transition temperature Tg, as a model for
automobile tires, which utilize small silica particles in crosslinked rubber far above Tg.
We also investigate the impacts of the interaction between particle filler and polymer
matrix on the altered mechanical properties.
Dielectric relaxation spectroscopy (DRS) is used to study the glassy bound polymer
layers formed around the particles. The results show evidence of the existence of
immobilized polymer layers at the surface of each nanoparticle. At the same time, the
thickness of the immobilized polymer layers is quantified and formed to be around 2 nm.
Then we consider particles with glassy bound polymer layers are bridged together (either
rubbery bridge or glassy bridge) by polymer chains and form small clusters. Clusters
finally percolate to form a particle-polymer network as loading fraction increases.
Rheology is used to study the network formation, and to predict the boundary of rubbery
bridge and glassy bridge regimes. The distance between particles determines the type of
polymer bridging. The particle spacing larger than Kuhn length makes flexible (rubbery)

	
  
bridge with rheology described by a flexible Rouse model for percolation. When the
spacing is shorter than the Kuhn length (~ 1nm), stiffer bridge forms instead, which is
called glassy bridge. The mechanical differences between rubbery bridge and glassy
bridge, and the effect of Mw on the formation of glassy bridge, are also discussed.
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Chapter 1
Introduction
Polymer nanocomposites are a material class that consists of polymer as the matrix and
nanoparticle as the filler. The addition of nanoparticles is expected to improve the
physical properties (e.g., mechanical properties, electrical properties, thermal properties,
and gas permeability) 1 of polymers. In this thesis, our focus is on the mechanical
reinforcement of polymer melts (far above Tg) with spherical particles, a system that
imitates SiO2 in polyisoprene (Tg = -63°C) of automobile tires. The study of mechanical
reinforcement of nanocomposites can be dated to three decades ago, when Toyota’s
Central Research and Development Laboratories used montmorillonite nylon-6
nanocomposites for automobile timing belt covers. 2
Despite over 30 years in application, the mechanism of property improvement for
nanocomposites is still not well understood. There is general agreement that the
interactions between fillers and matrices are critical in determining the mechanical
improvement. Figure 1-1 3 summarizes mechanical strength in systems with different
interactions: hydrodynamic effect, filler-polymer interaction, and filler-filler interaction.
Besides, interactions strongly depend on both nanoparticle dispersion 4 and size 5-‐7.
Particle dispersion is associated with the type of interaction. Filler-filler interaction is
stronger than filler-polymer interaction, and filler-polymer interaction is stronger than the
hydrodynamic effects. Particle size determines the surface area to volume ratio and
curvature, while the interaction occurs on the particle surface. In general, stronger
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interaction will lead to higher mechanical strength (modulus). Our work is mainly
focused on filler-polymer interaction.

Figure 1-1: Shear modulus vs. strain for nanocomposites with different types of
nanoparticles at different levels of dispersion.	
  3

1.1 Hydrodynamic Effect:
A hydrodynamic effect occurs, when there is little interaction between nanoparticles and
polymers. But polymer chain still becomes stiff, because particles perturb the
entanglement mobility of the chains. 8 In other words, an increase of modulus is caused
by the addition of nanoparticles (Equation 1.1):

G* = G0* (1+ c1φ + c 2φ 2 + ...)
ϕ: filler loading fraction, c: coefficient

€

(1.1)
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Einstein, Batchelor, and Brady analyzed the effect of hydrodynamic interaction with
particles to conclude c1 = 2.5 and c2 = 5.2-7. 9,	
  10 Nevertheless, higher order terms having
unknown coefficients also contribute to modulus, especially at high ϕ. 10,	
  11 To address
the problem, the equation is modified to the Einstein-Guth-Gold equation12:

G* = G0* (1+ 2.5φ +14.1φ 2 )

(1.2)

€
1.2 Filler-Filler Reinforcement:
When filler-polymer interaction is weaker than filler-filler interaction, there will be a
phase separation, and particles will aggregate, especially at high filler loadings, to form
clusters or chain-like structures. When particles percolate and form a particle-particle
network, the nanocomposite will behave like a gel; the critical filler loading, at which the
nanocomposite acts as a solid when the polymer matrix is liquid, is the so-called gel point
ϕ*. Figure 1-2 shows a schematic view of filler-cluster structures. 13

	
  

Figure 1-2: Schematic view of filler-cluster configurations in rubber based on the
kinetical aggregation model. Structure in each circle represents an individual cluster.	
  13

Filler –aggregation structure is very tenuous. One phenomenon observed in materials
with filler aggregation is called the Payne effect. The Payne effect describes the nonlinear behavior of modulus: as shown in Figure 1-3 starting with small strain amplitude,
modulus decreases rapidly with increasing strain. 14 The reduction of modulus is
interpreted as a result of structure breakdown. Fillers are aggregated via van der Waals
interactions or hydrogen bonds. Under deformation, the aggregated structure is broken
reversibly and reformed.

4	
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Figure 1-3: Schematic view of the influence of filler-filler interaction on mechanical
modulus of polymers under shear deformation, the Payne effect.

The break-reform process also leads to another typical phenomenon, physical aging.
Physical aging is one manifestation of glassy dynamics. With physical aging, modulus is
evolving continuously with time (shown in Figure 1-4). Since the filler-filler structure is
very tenuous, after the breakdown, fillers are difficult to move around each other to
rearrange. Therefore, the system will reach a metastable state instead, while gradually
reforming the connections broken by some past deformation. In linear viscoelasticity
measurement, both storage and loss modulus have a weak power law in frequency. 15	
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Figure 1-4: Schematic view of the influence of physical aging on mechanical modulus of
polymers on the time scale

1.3 Filler-Polymer Reinforcement:
Once filler-polymer interaction is stronger than filler-filler interaction, filler-polymer
structure will dominate the mechanical properties in the nanocomposite system. The
mechanism of filler-polymer reinforcement is still in debate. At one extreme, Long and
co-workers 16 used the fact that chain immobilization occurs around particles. They
suggested that the mechanical reinforcement results when the particles with the glassy
“bound” polymer layer percolates. A second scenario proposed by Goritz 17, and
elaborated by Sternstein 18, is that the particles form a flexible network, with the polymer
chains forming a flexible “bridge” between the particles. In this dissertation, we find that
flexible bridges are at work for small enough loadings of particles that the nearest
neighbor particle is more than a Kuhn length (~ 1nm) away, while the Long/Lequeux
glassy bridges are seen at higher loadings.
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The interfacial region where polymers interact with particles is called the glassy bound
polymer layer. It has been observed by various techniques (e.g., differential scanning
calorimetry, dielectric relaxation spectroscopy, and thermally stimulated depolarization
current), that the polymer chains’ dynamic mobility decreases with the introduction of
nanoparticles. The presence of the interfacial region is often attributed to enthalpic
attraction between the hydroxyl groups on the particle surface and specific groups on the
polymer chain. 19 The reduced chain mobility can lead to drastically different properties,
such as change of glass transition temperature (Tg) and mechanical reinforcement.
The change of Tg is determined by the filler-polymer interaction. A strong interaction
leads to an increase of Tg, while a weak interaction might result in a decrease of Tg,
although nanocomposites with weak filler-polymer interaction usually also have poor
dispersion. 20 Many research groups have observed negligible change of Tg in polymer
nanocomposites 21, but there is still no consensus on a Tg gradient near a solid surface. A
schematic Tg gradient is shown in Figure 1-5. 22
A combination of NMR and mechanical techniques 23, as well as DRS (dielectric
relaxation spectroscopy) experiments 6,	
  24 have shown the presence of different polymer
mobility domains in polymer nanocomposites, which indirectly support the existence of a
few nm glassy polymer layer adsorbed to the nanoparticle surface. But some research
groups reported only negligible differences of Tg in both bound layers and bulk
polymers.25
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Figure 1-5: Schematic view of glass transition temperature gradients near the particle
surface. Rsi: particle radius; Vimm: the volume of the immobilized polymers at the solid
surface; e0: a thickness for the immobilized spherical shell corresponding to Vimm; Vg: the
volume of glassy bound polymer layer	
  22

Mechanical reinforcement caused by filler-polymer interaction is similar to that caused
by filler-filler interaction. A reinforcing network is formed, when particles with glassy
bound polymer layers percolate. However, it does not mean that a glassy bound polymer
layer does not exist in nanocomposites by filler-filler interactions. In filler-filler
reinforced systems, particles are connected directly. If there is an attraction between
polymer and particle, polymer will adsorb on the solid surface and form an immobilized
spherical shell layer, which is shown in Figure 1-6. 26,	
  27
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Figure 1-6: Schematic model of bound polymer layer around the particle clusters	
  26

A polymer that plays a role in binding particles together is called a bridging polymer.
Mechanical reinforcement is associated with the dynamic mobility of a bridging polymer.
Particle size, loading fraction, and polymer molecular weight are critical factors in
determining the connecting bridge formation: the gap size and the maximum bridge
length. 28,	
  29 Once the adjacent particles are close enough, glassy bound layers on each
particle will overlap, dramatically reducing the dynamic mobility of the bridging
polymer. Figure 1-7 shows the schematic view of overlap of glassy bound layers on two
adjacent particles. 30 The smaller gap size leads to the slower dynamic mobility of the
bridging chain. When the gap size falls smaller than the segment size of polymer matrix,
the bridging chain will no longer be flexible. 5 We call it the “glassy polymer bridge”.
A schematic view of nanoparticles connected by glassy polymer bridges and rubbery
(flexible) polymer bridges are shown in Figure 1-8. Particles with glassy polymer bridges
are difficult to move around. Physical aging and Payne effect can be expected in those
nanocomposite systems.
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Figure 1-7: Schematic view of overlap of glassy bound layers on two adjacent particles.
κ: stiffness; d: distance to the solid surface.	
  30

Figure 1-8: Schematic view of nanoparticles connected by two rubbery (flexible) polymer
bridges (left) and nanoparticles connected by two glassy polymer bridges (right). In both
cases, the two particles are coupled, but only when the distance between particles is
larger than the Kuhn length, can the bridge be flexible.

1.4 Motivation
As previously discussed, the interaction between filler and polymer plays an important
role in determining the mechanical properties of nanocomposites, making the materials
applicable in industries, such as automobile tire, coatings, and packaging. Glassy bound
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polymer layer is the region where fillers interact with polymer chains. However,
particle dispersion will alter the type of interactions in the system. Our group and our
collaborating groups have previously studied the effect of particle dispersion on
mechanical reinforcement in nanocomposites containing polystyrene and polystyrene
grafted silica. 29, 31 The incompatibility of the silica core and the grafted polystyrene
chains drives particles to self-assemble, leading to various dispersion states of particles.
To remove dispersion as a factor, poly-2-vinyl-pyridine (P2VP) is used to replace
polystyrene as the polymer matrix. P2VP has a very similar chemical structure to
polystyrene, showing in Figure 1-9. The pyridine group, which has a favorable
interaction with silica surface, allows P2VP adsorbing on silica in solution and that leads
to a nanocomposite, which avoids particle-particle contact. P2VP is an amorphous
polymer, with Tg at around 98°C. The polymer is soluble in acetic acid and lower
alcohols. The P2VP- SiO2 system is to model automobile tires, where SiO2 is often added
as reinforcing filler. Understanding the polymer- SiO2 interaction in a simple system will
help the future studies of more complicated systems, in which polymer does not have a
strong attraction to SiO2, such as natural rubber polyisoprene – SiO2 system. In this work,
we will discuss segmental dynamics of polymer melts near the solid surface, and
mechanical reinforcement via filler-polymer network.

Figure 1-9: Chemical structure of P2VP
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Chapter 2
Segmental Dynamics of Polymer Melts with Spherical
Nanoparticles
This chapter has been published in ACS Macro Letters 2014, 3, 773-777.
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2.1 Introduction
Some physical properties (e.g. mechanical, electrical, thermal, and barrier properties) of
polymers are dramatically altered by the addition of nanofillers.1 While the exact
mechanism of these changes is still controversial, there is a general agreement that the
polymer-filler interaction, which is concentrated in a region near the polymer-filler
interface, is crucial.2 Various experimental techniques (e.g. differential scanning
calorimetry, dielectric relaxation spectroscopy and thermally stimulated depolarization
current)3 suggest the existence of an interfacial region by observing decreases in the
polymer chains’ dynamic mobility with the introduction of nanoparticles. The presence of
the interfacial region is often attributed to enthalpic attraction among the hydroxyl groups
on the filler surface and specific groups on the polymer chain.3 The layer of polymers
affected by the nanoparticle is within a few nanometers from the filler surface. Therefore,
experimentally resolving this dynamic change is challenging.
Addition of nanofillers has been reported to have a negligible influence on the local
segmental relaxation function and relaxation times of polymer matrices.4 Recent studies
have shown that the curvature of nanoparticles affects the interactions between polymers
and nanofillers, and thus affects the bound polymer layer5-7. In 1974, Meissner used a
random-process model to estimate the processes involved in the polymer-filler
interaction, discussing the changes of bound layer thickness with filler concentration,
filler surface area, and reactivity of the filler surface.8 Garvey et al. stated that the
(volume per surface area) of the bound layer decreases with increasing curvature, by
assuming the (bound layer mass per surface area) is independent of curvature.9 Baker et
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al. further illustrated that larger curvature allows more polymer segments to access,
and be immobilized, by the surface. 10 Harton et al. used mean-field theory to predict that
the bound layer thickness could decrease by a factor of 2 when the planar surfaces are
reduced to small nanoparticles.7 Clearly, bound polymer layer thickness is influenced by
particle size. However, unless the thickness is comparable to the particle size, the
curvature effect should not too significantly influence the bound layer thickness. Klonos
et al. found that the bound layer thickness for titania/poly(dimethylsiloxane) (PDMS)
nanocomposites is twice as large as that for PDMS/silica nanocomposites, which they
attributed to stronger interactions:11 TiO2 has higher dielectric constant (ε∞) than SiO2,
and this affects Hamaker constant, leading to larger van der Waals force. Although the
larger size of the TiO2 particles may also play a role, they suggest that the bound layer
thickness would also be affected by other factors, such as the properties of filler and
polymer. How those factors act together to influence the bound layer thickness is what
really matters in the study of this bound layer mechanism, and is investigated herein.
In this letter, dielectric relaxation spectroscopy (DRS) in the frequency range of 10-1 to
107 Hz is used to investigate the segmental relaxation of poly-2-vinylpyridine (P2VP)
with silica nanoparticles, whose interaction with P2VP is strong.7,12 The thickness of the
bound polymer layer surrounding each silica nanoparticle is estimated from the reduction
in the magnitude of the segmental relaxation in the presence of silica nanoparticles with
different sizes and loadings. The bound layer thickness is found to weakly increase with
particle size and discussed in relation to changes in interfacial curvature.
2.2 Experimental Section
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Nanocomposite systems containing silica nanoparticles (generously donated by Nissan
Chemicals), with radii of R = 7, 11.5, 25, and 50 nm, well-dispersed in the P2VP matrix
(Mw = 105,000; Mw / Mn = 1.08; Tg = 371 K; Polymer Source, Inc.) are investigated at
various concentrations. The samples were prepared by solution casting from either 2butanone (for R = 7 and 25 nm particles) or isopropanol (for R = 11.5 and 50 nm
particles) with pyridine (Sigma-Aldrich) as dispersant (Pyridine acts as a Lewis base,
accepting a proton from silica, leaving silica with a negative charge and pyridinium
counterions, that charge-stabilize nanoparticles in solution.). Ultrasonication was applied
during the mixing of silica and P2VP in solution to improve dispersion. After removal of
the solvent, the polymer nanocomposites were then characterized by transmission
electron microscopy (TEM) to determine the dispersion state of the nanoparticles in the
polymer matrix. The samples were then molded into thin discs at 150°C, and sandwiched
between two freshly polished brass electrodes with diameters of 15 and 25 mm for the
dielectric measurements. Samples were annealed under vacuum at 120°C for 12 hours
prior to the measurements on a Novocontrol GmbH Concept 40 Broadband Dielectric
Spectrometer with a Quatro temperature control system (temperature precision of 0.1°C).
The dielectric data were normalized by requiring the same dielectric permittivity at the
highest frequency. This normalization is needed to correct for minor changes of sample
thickness/electric capacity due to the thermal expansion during the measurements.
2.3 Results and Discussion
Figure 2-1(a) shows the angular frequency dependence of dielectric loss ε" from 120°C
to 170°C for nanoparticles of radius R = 7nm and weight fraction w = 40 wt% in
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P2VP/silica nanocomposites. The main peak is assigned to the segmental α relaxation.
Towards the low frequency side, the DC conductivity is evident as ε" ~ 1/ω. The
broadening at the highest frequencies is due to more separated α and β processes at lower
T, because the incoming β-relaxation has weaker temperature dependence than the αrelaxation (A comparison of the dielectric mode distribution at different T is shown in
Figure 2-6.). Therefore, different nanocomposites are examined at a single T = 130°C =
Tg + 32°C where the α-relaxation can be fully resolved and cleanly separated from the
conductivity at lower frequency and the β-relaxation at higher frequency.

Figure 2-1: Dielectric loss ε" (ω) as a fucntion of angular frequency ω from 120°C to
170°C for a nanocomposite melt comprised of 40 wt.% of R = 7nm silica in P2VP.

The frequency-domain Havriliak-Negami (HN) function is used to fit the dielectric
segmental relaxation of polymers and other glass-forming liquids.13
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ε * (ω ) = ε ∞ +

Δε

(1)

[1 + (iωτ HN )α ]γ

ε∞ is the dielectric permittivity at high frequency before the α-relaxation, Δε is the
dielectric relaxation strength of the α-relaxation, while α and γ are the two shape
parameters of the HN function.
The HN function (eq 1 with four parameters) can approximate the frequency domain
counterpart of the Kolrausch-Williams-Watts (KWW) function in the time domain (with
only three parameters) using an additional restriction on the two shape parameters α and
γ (eq 2) as derived by Alvarez et al.14

γ = 1 − 0.812(1 − α )0.387
β = (αγ )1/1.23

(2)
(3)

With this constraint in place, the fits involve three parameters: the HN characteristic time
τHN, the β stretching exponent and the dielectric strength Δε. Since the dielectric loss of
the α-relaxation is affected by conductivity at low ω, their fitting to the KWW equation is
done on the derivative formalism defined as εder(ω) = −π/2×dε(ω)/dlnω.15
Figure 2-2 shows εder of the α-relaxations at T = 130°C for P2VP/silica nanocomposites
with the same nanoparticle radius R = 7nm at different weight fractions w (from 0 to
60wt%) as indicated. The symbols are the experimental results multiplied by a factor of
A as indicated, to avoid overlapping of the plots. For w = 0, the red curve is the KWW fit
of pure P2VP with β = 0.57. For comparison, that KWW fit of pure P2VP εder,P2VP is
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multiplied by the volume fraction of P2VP in the system, φP2VP = (1w)/ρP2VP/[w/ρparticle+(1-w)/ρP2VP] with the density ρP2VP = 1.15g/cm3 and ρparticle = 2.2g/cm3,
and added for comparison with experimental results at each w, as the red curves.
Compared with φP2VPεder,P2VP, the experimental εder shows broader distribution and lower
intensity as loading fraction is increased.
To quantify the change after adding particles, the experimental results are fit with β, Δε,
and τHN as three fitting parameters. The dielectric strength of the segmental relaxation,
Δε, directly measures the amount of free polymer, assuming there is no difference
between the dielectric strength per unit volume of the bulk polymer and nanocomposite
matrix. Therefore, by comparing the difference between Δε of P2VP and P2VP/silica, the
volume fraction of free polymer in nanocomposites can be calculated:

φfree =

Δε
Δε P2VP

(4)
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Figure 2-2: Dielectric derivative formalism εder(ω) = −π/2×dε'(ω)/dlnω at T = 130°C
(symbols) for nanocomposites with the same particle radius R = 7nm and different weight
fractions w as indicated, multiplied by scale factor A for clarity, also indicated. Pure
P2VP (top curve) is fit to KWW (red curve) to obtain εder,P2VP and φP2VPεder,P2VP is compared
with each data set as the red curves. Finally, KWW fits of P2VP/silica nanocomposites
(black curves with β as indicated) are added for comparison.
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Since the system consists of only nanoparticles, polymer in the bound layer and free
polymer, (1−φfree)/φparticle corresponds to a ratio of volumes of a particle + bound layer
shell and that of the particle alone. Then, the radius of each nanoparticle + bound layer
shell is [(1−φfree)/φparticle]1/3R, and the bound layer thickness is:
⎧⎛ 1 − φ ⎞1/ 3 ⎫
⎪
⎪
free
δ = R ⎨⎜
⎟⎟ − 1⎬
⎜ φ
⎪⎩⎝ particle ⎠
⎪⎭

(5)

In eq 5, each particle is assumed to be identical and homogenously dispersed, as
confirmed in TEM measurements (see Figures 2-3 (b), (c), and (d)) where no particle
clusters are observed for filler with R = 11.5, 25, and 50nm, even at the high loading
fraction of w = 40wt%.
Figure 2-3 (a) shows the calculated bound layer thickness δ for all the P2VP/silica
nanocomposites, having R = 7, 11.5, 25, and 50nm at T = 130°C, plotted against weight
fraction of silica. The uncertainty of δ decreases with decreasing particle size leading to
more particle-polymer interface per unit volume. It is noted that the bound layer thickness
is not sensitive to a change of loading fraction, possibly because the particles are well
separated even at high loading (see TEM images in Figure 2-3). In the inset of Figure 23(a), the average of δ for the same particle at different loading fraction, δ , is plotted
against particle radius R: It is noted that δ is in a range of 1 to 3nm and decreases slightly
with decreasing R.
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Figure 2-3: (a) Bound layer thickness δ (calculated at reference temperature 130°C) as a
function of particle weight fraction w. Inset: Average bound layer thickness δ as a
function of particle radius R. Solid line is prediction of eq 6 with δ ∞ = 1.5nm . Right
panels: (b), (c), (d) TEM images of P2VP/silica nanocomposites with different radius R =
11.5, 25, and 50nm at the same high loading w = 40wt%.

One possible explanation for this decrease is the curvature of the particles. To explain the
role of curvature, consider a simple case where a unit of interface is assumed to confine a
fixed amount of segments. Assume a bound layer of thickness δ∞ can be formed for a flat
interface. Then, for a particle of radius R, the volume of confined segments is δ∞4πR2,

	
  

27	
  

leading to a volume of a particle + bound layer shell 4πR3/3+ δ∞4πR2, and bound layer
thickness:

δ (R) = (3R 2δ ∞ + R 3 )1/3 − R

(6)

Note that δ(R) = δ when R >> δ , where a flat interface can be assumed. In the inset of
∞

∞

Figure 2-3 (a), the curve is δ(R) calculated from eq 6 with δ∞ = 1.5nm the Kuhn segment
length of P2VP. This simple calculation reflects the trend observed for the particle size
dependence of average bound layer thickness. Nevertheless, one should note that the
decrease of δ with R is stronger than the simple prediction, meaning a unit area of the
more curved surface effectively confines a smaller amount of segments than a unit area of
the flatter surface.

	
  

Figure 2-4: (a) KWW shape parameter β as a function of particle weight fraction w for
the P2VP/silica nanocomposites with R as indicated at T = 130°C. (b) KWW shape
parameter β at 130°C as a function of the total particle surface area per unit volume
3φparticle/R.

To further check this point, in Figure 2-4 (a), the KWW shape parameter β is plotted
against loading fraction w. Note that β decreases with increasing loading and also with
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decreasing R, both leading to larger total surface area of interface per unit volume.
Figure 2-4(b) tries to normalize the change of interface area per unit volume for different
particle sizes: since the average surface area of particles per unit volume of
nanocomposites can be written as AV = φparticleS/V, where S = 4πR2 and V = 4πR3/3 are the
surface area and volume per particle, respectively, leading to AV = 3φparticle/R. In Figure 24 (b), β is plotted against AV = 3φparticle/R. At the same AV, β is lower for larger R,
meaning that larger particles broaden the segmental mode distribution more after AV has
been properly normalized. This result is in accordance with a conclusion from the inset of
Figure 2-3: a unit area of flatter surface can constrain more polymer segments.
Figure 2-5 compares the bound layer thicknesses obtained for PDMS/Silica,11
PDMS/Titania,11 and P2VP/Silica from DRS, and for P2VP/Silica from
thermogravimetric analysis (TGA).12 (In Ref 12, dynamic light scattering (DLS) and
transmission electronic microscopy (TEM) were used to determining size of absorbed
polymer layer that increases with the radius of gyration of the polymer chains. The
adsorbed layer is not compared in Figure 2-5 because it is conceptually different from the
bound layer determined in this study.) Interestingly, the bound layer thickness extracted
from TGA is comparable to that from DRS, meaning that the chains with segments
strongly absorbed to the particles are comparable to those being immobilized. The bound
layer thickness is comparable to the Kuhn length (= 1.5nm) of adsorbed polymer and
decreases as smaller particles are used. For PDMS/Silica and PDMS/Titania, the overall
trend is the same: δ increases weakly with R. Klonos et al. argued that the
particle/polymer energetic interactions are stronger in the case of titania/PDMS than
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silica/PDMS, leading to the larger δ for the former.11 Nevertheless, they utilized
larger titania particles than silica particles, and this size difference may account for their
observations.
Predictions of Eq 6 (thick solid curves, also shown in the inset of Figure 2-3) capture the
overall trend: all experimental data are bracketed in two sets of predictions at two
limiting conditions δ = 1.25 (lower bounds) and 4nm (upper bounds). In comparison to
∞

the predictions, δ decreases more abruptly with R in DRS and TGA, meaning a unit of
more curved interface immobilizes fewer segments. The stronger decrease of δ with R
revealed in the experiments suggests two important points for application of
nanocomposites: (1) a possibility to tune the bound layer thickness by changing the size
of nanoparticles and (2) sufficiently small particles (smaller than R = 7nm) might have
negligible bound layer and act simply as plasticizers for the polymer matrix.
Recently, Holt et. al. also evaluated the bound layer thickness via DRS for similar
P2VP/silica nanocomposites.16 They concluded an interfacial thickness of δ = 4-6nm for
nanoparticles with R = 15nm, which is about two times the bound layer thickness
determined in current study. Holt et. al. separate the broadened dielectric α process into
two overlapping parts; a component far from the particles that is unaffected (but smaller
in magnitude) by the particles and a very broad bound layer process (see Figure 2-4d in
Ref 16). Their assumption thus naturally leads to a significantly thicker bound layer
estimation. Herein the analysis is based on a single process broadening as particles are
added and attributes the reduction of dielectric intensity to immobile segments in the
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bound layer. There is also a far slower dielectric process in εder, detailed in Figure 2-6,
as reported by Papadopoulos et al.17 for pure P2VP and noted also in Holt et. al.’s work
(Figure 2-4b in Ref 16), whose origins are unclear but has been suggested to originated
from charge separation18 and there is no trend of the magnitude of this slower process
with particle loading.

Figure 2-5: Bound layer thickness δ as a function of particle radius R for the P2VP/silica
inferred from DRS and TGA;12 PDMS/silica11 and PDMS/titania11 inferred from DRS;
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predictions from Eq 6 (solid curves) with bound layer thickness on a flat surface δ =
∞

1.25 (lower bounds) and 4nm (upper bounds).

Figure 2-6: Comparison of dielectric loss ε" (ω) as a function of angular frequency ω
from 120°C to 170°C for a nanocomposite melt comprised of 40wt% of R = 7nm silica in
P2VP: ε" at different T are multiplied by T/Tr and shifted along the ω axis by aT to be
compared with ε" at Tr = 130°C.

2.4 Summary
In summary, dielectric relaxation spectroscopy was used to study the main segmental α
relaxation of a series silica hydrophillic nanoparticles in polar P2VP polymer matrices
with various silica sizes and concentrations. It is noted that smaller silica particles and
higher filler concentrations slow down and broaden the segmental relaxation
significantly. Furthermore, dielectric intensity of the α-relaxation is lower for
nanocomposites than that expected from the volume fraction of the polymer matrix and

	
  
dielectric strength of the bulk P2VP. The decrease of dielectric intensity is attributed to
segments immobilized in the bound layer, thereby allowing an evaluation of the bound
layer thickness by dielectric relaxation spectroscopy. It is noted that the relationship
between the bound layer thickness and particle size suggests a possibility to tune the
bound layer thickness by changing the size of the nanoparticles.
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Mechanical Reinforcement of Polymer Nanocomposites from
Percolation of a Nanoparticle Network
This chapter has been published in ACS Macro Letters 2015, 4, 398-402
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3.1 Introduction
It is well known that the addition of nanoparticles (NPs) can mechanically reinforce a
polymer matrix.1, 2 The mechanism of reinforcement, however, remains in debate. At one
extreme, Long and coworkers 3, 4 used the fact that chain immobilization occurs around
NPs – they suggested that mechanical reinforcement results when the NPs with the
“bound” glassy layer percolate. A second scenario proposed by Goritz,5 and elaborated
by Sternstein,6-8 is that the NPs form a flexible network, with the polymer chains forming
the “bridges” between the NPs. A simple way to resolve the mechanism of reinforcement
is to study NPs in a polymer melt far above Tg, in the limit where the chains and the NPs
have a strong favorable interaction with each other. In this case, the improvement in
mechanical properties on the addition of NPs can be described by critical percolation, as
the polymer-particle bonds are effectively permanent (having lifetime much greater than
1000 s). With increasing NP concentration, there is a transition from a sol-like suspension,
where NPs with their adsorbed bound polymers form separated branched structures, to a
gel-like ensemble, where most NPs form a network percolating across the whole
system.1, 9-11
To understand this connectivity transition and its relationship to mechanical
reinforcement, two basic questions should be addressed: (1) How do the NPs percolate?
and (2) How is the percolation related to the mechanical properties? The first, “static”,
question can be asked in more specific ways as (a) What is the probability for a cluster to
include n NPs? and (b) What is the size of the percolated structure? Although electron
and atomic force microscopies have been frequently used to visualize such percolated NP
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structures, it is difficult to define precisely the three-dimensional percolated structure 1, 2,
12-14

Scattering is also frequently used to study the structure, in particular the fractal

dimension in reciprocal space. While lower fractal dimension is reported for fumed
silicas,15, 16 consistent with the fractal dimension of 2.53 for critical percolation.
Compared with experiments, simulation can more easily define the percolated structure,11,
12

but this result is found to strongly rely on the assumed interparticle potential.

According to computer simulation combining mean-field theory with Monte Carlo
simulations,11 critical percolation theory is the relevant theory here in the strong
interaction limit. The second question is on dynamics, which are also controlled by the
interaction potential between NPs, but in the strong-interaction limit that we focus on
here, where the interaction far exceeds the thermal energy kBT, the bridges between
particles become effectively permanent on the time scale of our measurements.
3.2 Critical Percolation Model
Here, an analytical theory is developed to predict the linear viscoelasticity corresponding
to the sol-gel transition of NPs based on critical percolation.17 We assume that the
complex modulus of the nanocomposite is the sum of two contributions: one from the
surrounding polymer matrix and the other from the particle network bridged by polymer
*
*
+ GPN
chains, i.e., G * = Gpolymer
.

The simplest assumption, which follows from recent computer simulations, is that the
modulus of the polymer with the NPs have the same mode distribution of relaxation times
*
*
as the bulk polymer: Gpolymer = κ Gbulk , where k (>1) is a factor characterizing the increase
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in the polymer’s modulus due to the presence of the NPs. In general, k can be expressed
*
*
= 1+ c1φ + c2φ 2 + ... . Einstein, Batchelor and Brady
/ Gbulk
as a function of f, κ = Gpolymer

analyzed the effect of hydrodynamic interaction with immobile particles to conclude c1 =
2.5 and c2 = 5.2-7. 10, 18-20 Nevertheless, higher order terms having unknown coefficients
also contribute to k , especially at high f.9, 10, 21-23 To address this problem,
phenomenological equations such as the Guth-Gold equation or Krieger-Dougherty
equation are frequently used as substitutes.24, 25
Here, fmax is calculated by accounting for that fact there exists an interfacial region where
segmental mobility of polymer chains is greatly reduced. The existence of this interfacial
bound layer, has been suggested by various experimental techniques.14, 26-32 The bound
thickness was reported to vary between d =1-5 nm depending on the size of spherical NPs,
chemistry of polymer, and strength of NPs/polymer interaction. In good agreement, our
recent studies using TGA and dielectric spectroscopy suggests d =1-4nm for the
silica/poly(2-vinyl pyridine) nanocomposites, the model systems studied in this letter.14, 33
Due to the immobile bound layer, the effective filler volume fraction would be feff =
f(r+d)3/r3 for NPs with bound polymer.
In summary, the modulus of the polymer matrix is expressed by Guth-Gold equation as 24
*
*
Gpolymer
= κ Gbulk

(1a)

2
, with φeff = φ ( r + δ ) / r 3
κ = 1+ 2.5φeff + 14.1φeff

3

(1b)
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The particle network part of the modulus is expressed using the static and dynamic
scaling of critical percolation:34, 35 (1) The number density of clusters of n NPs is

P(n) ~ n −τ for 1 ≤ n ≤ nchar with 𝜏= 2.2 for critical percolation; nchar ~ |f-fc|-1/s with f and fc
being the volume fraction of NPs and that at the gel point, respectively, and s = 0.45 for
critical percolation. (2) The cluster size R of associated NPs as function of n is R(n) ~
1/d f

n

, with df the fractal dimension (larger df means a denser structure; df = 2.5 for critical

−( 2+d f )/d f
percolation). (3) The cluster’s relaxation rate 𝜀(n) ~ D(n)/[R(n)]2~ n
, where D(n)

~ n-1 is the diffusion coefficient of a cluster containing n NPs.
The modulus at the relaxation time of a cluster of n NPs is proportional to the fraction of
clusters having more than n NPs: GPN (n)  n −1 ∫

nchar

n

nP(n)dn ~ n −τ +1 , assuming that the

number of relaxation modes of each cluster is proportional to n. A combination of GPN(n)
−( 2+d f )/d f
− d (τ −1)/( 2+d f )
~ n-t+1 and relaxation frequency e(n) ~ n
gives GPN(t) ~ t f
(~ t-2/3 for

critical percolation), meaning G*PN ~ (iw)u with u=df(t-1)/(2+df) (= 2/3 for critical
percolation) in the frequency domain. More specifically, the complex modulus of the
particle network G*PN can be written as eq 2a when the NPs have not yet formed a
percolated network (i.e., below the
), and eq 2b when the network has been formed (above the gel point):34

*
GPN
(ω ) =

iω GPN
2−τ
1− nchar

d f ( τ −1)
df
⎡ε
⎤
ε0
2+d
2+d
0
f
f
ε / ε0
ε
/
ε
⎢
⎥
dε
d
ε
0
2−τ
− nchar
⎢∫
⎥
∫
iω + ε
ε
iω + ε
ε ⎥
⎢ ε char
ε char
⎢⎣
⎥⎦

(

)

(

)

for f < fc (2a)
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d f ( τ −1)
⎡ ε
⎤
2+d f
0
ε
/
ε
⎢
⎥
d
ε
0
*
1−τ
GPN
(ω ) = GPN ⎢ iω ∫
+ nchar
⎥
iω + ε
ε
⎢ ε char
⎥
⎢⎣
⎥⎦

(

)

for f ≥ fc (2b)

with: (I) df = 2.5, τ = 2.2 for critical percolation;
(II) nchar ≅ |f-fc|-1/s with s = 0.45 for critical percolation, and fc specifying the volume
fraction corresponding to the gel point.
−(2+d f )/d f

(III) e0 = 1/td and ε char ≅ ε 0 nchar

, with td being the terminal relaxation time of the

surrounding polymer matrix. The former equation is reasonable when particle size is
larger than the entanglement mesh size of polymer matrix. For a non-entangled polymer
matrix, e0 = 1/td may need to be modified, which is considered as a future work.
In eq 2, the amplitude GPN is the only parameter to be specified. To this end, focus is
placed on the modulus per particle, i.e., GPN normalization by vparticlekT with vparticle being
the number density of particles. 36-38 Previous studies revealed a power law dependence
GPN ~ f m, with m ≈3-5 for strong particle-particle interactions.9 In this study, the particles
bridged by polymer chains are assumed to store the stress, with GPN = vparticlekBTnb 36-38
and nb the number of bridges per particle. de Gennes predicted that the density (number
per area) of bridging chains ~ h-2, where h = rf(f) is the distance between two plates of
size r. Then, the number of bridges per particle is nb = S/h2 = 4pr2/{rf(f)}2 = 4p/f(f)2, with
S = 4pr2 the surface area of each particle.39
Considering a particle should occupy a volume of V ~ r3/f, the average distance between
particle surfaces would be hav = V1/3 - 2r ≈ 2r(f-1/3 -1), i.e. f(f) = 2f-1/3 -2. Nevertheless,
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particles are not uniformly distributed and bridge density should be controlled by the
mean nearest-neighbor distance. Torquato, Lu, and Rubinstein analyzed the nearest
neighbor probability density function to obtain an expression allowing numerical
calculation of the mean nearest-neighbor distance as:40

{

}

hnear = 2r ∫ exp −φ ⎡⎣ 8 (1+ φ ) ( x 3 − 1) − 6φ (3 + φ ) ( x 2 − 1) + 12φ 2 ( x − 1) ⎤⎦ / (1− φ )3 dx
1
∞

(3)

where hnear can be analytically approximated as hnear ≈ r(1-f)3/[6f(2-f)] for f > 0.2.
(IV) the amplitude GPN = vparticlekBT nb, with nb ≅ 4pr2/hnear2. This expression is valid
only if hnear is in the range between segment size b and chain size R of the matrix. Since
the mean size of bridging chains is ~ hnear, the volume per bridge is (hnear2/b2) × b3, and
the ratio of volume of bridges per particle and particle volume Vparticle = 4pr3/3 is ~nb ×
(hnear2/b2) × b3/Vparticle = 3b/r, meaning that the volume fraction of bridging chains is 3fb/r,
which is usually smaller than f since b < r/3.

Figure 3-1: Schematic illustration of polymer and particle network components of storage
modulus as functions of angular frequency w.
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Figure 3-1 schematically illustrates G'polymer and G'PN as functions of angular frequency w
based on critical percolation. With NPs present, G'polymer has the same relaxation
frequency, e0, but larger amplitude compared with that of the bulk polymer, from
hydrodynamic coupling with the less mobile NPs. The relaxation of the NP clusters G'PN
is activated by that of G'polymer. G'PN then has a power law viscoelasticity with slope 2/3
that continues until the cutoff frequency echar of the largest cluster, followed by either a
terminal relaxation below the gel point or a network modulus above the gel point.
3.3 Experimental Section
To test the validity of this model of mechanical relaxation for nanocomposites, silica NPs
(Nissan Chemicals) with various radii r (= 7, 11.5, 25, and 50 nm) were well-dispersed in
a poly(2-vinyl pyridine) matrix (P2VP from Polymer Source, Mw = 94,000; Mw / Mn =
1.10; Tg = 368 K), with the weight fractions w of NPs varied from 0-50wt%,
corresponding to volume fractions f up to 34%. The P2VP is chosen due to its strong
hydrogen bonding interaction to the silica surface, which facilitates the uniform
dispersion of the NPs in the polymer,1, 14. In particular, we believe that a bound layer of
polymer with a long lifetime forms at the particle surface – for larger concentration the
bound chains that bridge across two NPs, which are permanent on the time scales of our
measurements, lead to the formation of NP clusters and ultimately at large enough
concentrations into a NP gel mediated by the bound P2VP chains.
3.4 Results and Discussion
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Figure 3-2: Storage modulus G' (top panels) and loss modulus G" (bottom panels) at
180°C, of silica/P2VP nanocomposites with particle sizes r = 7, 11.5, 25, 50 nm and
volume fraction f as indicated. Thin solid curves are predictions. Thick solid lines
indicate the lines G' ~ G" ~ wu, with G"/G' = tan(up/2) and u = 2/3 for critical percolation
expected at the gel point φc. Inset of Panel (a2) shows the dependence of φc on particle
size r of the volume fraction of NPs at the gel point. φc is determined from raw G' and G"
data at low w, as explained in Figure 3-3. Insets of Panels (b2), (c2), and (d2) are TEM
images of the nanocomposites with f = 26%.

Figure 3-3: Determination of gel point as cross point of G' and G"/tan(π/3) at w =
0.01rad/s, the lowest frequency commonly measured for all the nanocomposites in this
study. G" is normalized by a factor of tan(π/3) because when gel point is achieved where
G' ~ G" ~ wu, the phase angle would be d = up/2 = π/3 for u = 2/3 of the critical
percolation. The cross point is (fc, Gc), where fc is the gel point. G' = Gc (w/0.01)2/3 and
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G" = G"/tan(π/3)×(w/0.01)2/3 represent the low w power law at the gel point, as denoted
in thick red lines in Figure 3-2.

For the polymer part of the modulus, the bound layer thickness d gives the effective
volume fraction feff. Since our recent studies suggest d =1-4nm for the same silica/P2VP
nanocomposites, a reasonable choice d =2nm is made here for all the
nanocomposites.14, 33
For the particle network component of the modulus, the gel point must first be
determined. In LVE, the gel point is identified from a low frequency power law as G' ~
G" ~ w u, with u = 2/3 for critical percolation.35, 41-44 This feature allows a determination
of fc where G' and G"/tan(π/3) cross at low frequency, as explained in Figure 3-3, which
yields fc = 16, 22, 29, and 34 (± 5)% for r = 7, 11.5, 25, and 50nm, respectively. fc is
plotted against r in the inset of Figure 3-1 (a2). The powers G' ~ G" ~ w 2/3 at the gel point
fc are shown in thick red solid lines in Figure 3-2. Meanwhile, the characteristic time for
particle motion (III) e0 = 1/td is reasonable when NPs are considerably larger than the
entanglement mesh size of the polymer matrix. Here, the diameter of particles 2r ≥14nm
is larger than entanglement length a = 11nm for P2VP (calculated from a2 = <R2>/M ×
Me with <R2>/M = 6.6×10-3nm2 for P2VP in a q-solvent45 and Me = 27000 for P2VP46).
In addition, (IV) GPN ≅ vparticlekBTnb with nb= 4pr2/hnear2 is based on an assumption of
flexible bridges: this assumption is valid only if hnear is in between the segment and chain
sizes of the matrix polymer, i.e., in between Kuhn length b ≈ 1nm and the end-to-end
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distance R = {<R2>/M × M}0.5 = 25nm (see Figure 3-4).3, 4 In other words, the particles
should neither be too crowded, so that the bridges remain flexible, nor too sparse, so that
particle-particle bridges can form. We define two critical concentrations f* and f**, at
which hnear = b and R, respectively. Using the analytical approximation b = hnear ≈ r(1f*)3/[6f*(2-f*)] (the asymptotic expression of eq 3 can be used since f* > 0.2 is expected),
there is an analytical solution for f*:
f*=1 + 2b/r -b2/{r2g(b/r)} – g(b/r), with g(x) = {-8x3+(9x2-48x4)1/2+3x}1/3 (4)

Figure 3-4: Comparison of the mean nearest-neighbor distance hnear between particles and
segment (dashed line) and chain (solid line) size of the polymer matrix for
nanocomposites. Filled and unfilled symbols corresponds to hnear > b and hnear < b,
respectively.
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In Figure 3-5, f is plotted against r for all nanocomposites in this study to create a phase
diagram. f* and f** from numerical calculation (eq 3) are shown as the thin solid black and
dashed curves, respectively, while f* from eq 4 is shown as a thick solid orange curve for
comparison. Both f* and f** increase with r, where f* separates regimes of rubbery flexible
bridges and glassy bridges, and f** separates flexible bridge and no bridge regimes. It is
obvious that all the nanocomposites in this study have sufficient particle concentration for
bridges to form. Nevertheless, for small particles at high loading, the bridges are
predicted to become non-flexible and glassy, see the unfilled symbols for f ≥ f* (hnear ≤ b),
which is likely responsible for the failure of our prediction for the two highest content
samples with r = 7nm, and the highest content sample with r = 11.5nm in Figure 3-2,
considering that rubbery bridges is one vital assumption of our flexible percolation model.
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Figure 3-5: Concentration f plotted against particle size r (symbols). Thin solid and thin
dashed black curves represent critical concentration f* and f** obtained from numerical
calculation (eq 3), at which the mean nearest-neighbor spacing equals the Kuhn length b
= 1nm and chain size R = 25nm, respectively. Thick solid orange curve is f* from
analytical calculation (eq 4).

3.5 Summary
In summary, a parameter free analytical model is proposed to predict the LVE of
hydrophilic NPs well-dispersed in a polar polymer matrix with strong interactions
between the particles and the polymer, using critical percolation of NPs. This model is
applicable for particles that are neither too crowed nor too sparse, so that the flexible
bridges form between particles. The limit where particles form glassy bridges when they
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are too close is evident in our LVE data for small NPs at high loading, exactly as
anticipated by our phase diagram (Figure 3-5) and perhaps described by other models3,4
but that is left for future work.
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Chapter 4
Glassy Polymer Bridges in Polymer Nanocomposites: Effects of
Polymer Molecular Weight
4.1 Introduction
Nanoparticles have been used to enhance the mechanical property of amorphous
polymers for decades1, while the mechanism of reinforcement is still controversial. Long
et al. proposed an immobile polymer layer around nanoparticles 2: mechanical
reinforcement occurs when the nanoparticles with the glassy polymer layers percolate. 3
Another scenario suggested by Goritz 4, and elaborated by Wang 5 and Sternstein 6, is that
polymer chains “bridge” between the nanoparticles and form a flexible polymernanoparticle network. In either scenario, the strong interactions between nanoparticles
and polymer chains are thought to explain the mechanical reinforcement. The
interactions are associated with the dynamics of polymer melts. In our previous work,
the effects of the dispersion, size and loading fraction of nanoparticles have been studied
to understand the polymer dynamics and thus the mechanical reinforcement in polymer
nanocomposites. 7, 8 Those results indicate that the distance between two nanoparticles
can be tuned to adjust the dynamics of polymer melts, while the distance is controlled by
polymer bridges. Therefore, the molecular weight of the polymer matrix plays an
important role in the mechanical properties of polymer nanocomposites. Molecular
weight strongly affects the entanglement of polymer chains. 9 However, most studies in
nanocomposite systems are based on flexible polymer bridges.
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Our recent work 7 successfully used critical percolation of nanoparticles to predict the
linear viscoelasticity of polymer nanocomposites, where the polymer-particle bridge is
still flexible. We also predicted the boundary of the glassy bridge regime in a particle
concentration phase diagram (Figure 3-5). The concept of glassy bridge was originally
from the assumption of glassy polymer layers, which have been observed by various
experimental techniques (e.g. differential scanning calorimetry, dielectric relaxation
spectroscopy, thermally stimulated depolarization current, and nuclear magnetic
resonance) 10 The overlaps of glassy layers of nanoparticles result in the formation of
glassy bridges across two nearby nanoparticles. 11 In the scenario of glassy bridges, the
mean nearest-neighbor distance of particles is shorter than the Kuhn length of polymer. 7
In this paper, we are going to study the effect of molecular weight of polymer matrix on
the formation of glassy bridges, and mechanical reinforcement that results from glassy
bridges.
To recap the critical percolation model from our previous work 7, polymer
nanocomposites are considered to be the simple combination of free polymer matrix and
particle network bridged by polymer chains. In the particle network, a cluster includes
several nanoparticles with bound glassy polymer layers. At the gel point, clusters
percolate to form a network. The modulus of nanocomposites is the sum of the modulus
*
of those two components, i.e., G* = G*polymer + GPN
.

The modulus of the polymer matrix is expressed by the Guth-Gold equation as 12
€
*
(bulk: the bulk polymer)
G*polymer = κGbulk

€

(1a)
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(1b)

κ = 1+ 2.5φ eff +14.1φ eff2

€

with effective filler volume fraction φ eff = φ (r + δ ) 3 /r 3 (ϕ: filler volume fraction; r:
particle radius; δ: thickness of glassy polymer layer)
€
*
The modulus of the particle network GPN
can be written as eq 2a when nanoparticles

have not yet formed a percolated network (i.e., below the gel point), and eq 2b when the

€
network has been formed (above
the gel point): 13

*
GPN
(ω ) =

€

€

iωGPN
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1 − n char
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for ϕ < ϕc (2a)
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⎥
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*
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GPN
(ω ) = GPN ⎢iω ∫
+ n1−
char ⎥
ε
⎢ ε char iω + ε
⎥
⎣
⎦

(ω: frequency; n char : number density of largest clusters, n char

for ϕ ≥ ϕc (2b)

| ϕ- ϕc|-1/σ with σ = 0.45
−(2+d f )/ d f

for critical percolation; ε: clusters’ relaxation rate, ε0 = 1/τd and εchar ε0 n char

with τd

€
€
being the terminal relaxation time of surrounding polymer matrix; d f : fractal dimension,

€
d f = 2.5 for critical percolation; τ = 2.2 for critical percolation)

€
Notably, our critical percolation model is based on an assumption of flexible bridges;
€
namely, the mean nearest-neighbor distance of particles is in between the segment and
chain sizes of polymer matrix. For systems with the mean nearest-neighbor distance
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shorter than the segment size (Kuhn length), we predicted particles were connected by
glassy polymer bridges (not flexible).
4.2 Experimental Section
To test our glassy bridge boundary prediction, linear viscoelasticity measurements were
conducted on the same nanocomposite systems as studied in our previous paper.7
Nanocomposite systems containing silica nanoparticles (Nissan Chemicals), with radius
of r = 7 nm, well-dispersed in the P2VP matrix (Mw = 94,000; Mw / Mn = 1.10; Polymer
Source; Mw = 219,000; Mw / Mn = 1.11; Scientific Polymer Product, Inc.; Mw = 35,900;
Mw / Mn = 1.07; Scientific Polymer Product, Inc.; Tg = 368 K) are investigated at various
loading fractions. The samples were prepared by solution casting from 2-butanone with
pyridine (Sigma-Aldrich) as dispersant. Ultrasonication was applied during the mixing of
silica and P2VP in solution to improve dispersion. The cast samples were molded into ~1
mm thick and 7.9 mm/3 mm diameter parallel plates on Advanced Rheometric Expansion
System ARES-LS rheometer (Rheometric Scientific). The linear strain amplitudes were
verified by strain amplitude sweeps. Time sweeps were run right after the 1000-second
stress relaxation measurements.
4.3	
  Results	
  and	
  Discussion
Figure 4-1 shows the linear viscoelasticity results (storage and loss modulus, G’ and G”,
vs. angular frequency ω for silica nanoparticles in P2VP with Mw = 219,000, and Mw =
35,900) at 180 °C. The predictions from the critical percolation model are shown as the
thin solid curves. The agreement between the experimental data and predicted results at
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loading fractions below 26 %, supports our previous conclusion 7 that the nanoparticle
gelation obeys critical percolation with bridging chains. The glassy polymer bridge
boundary was predicted at around 26 % loading fraction for P2VP nanocomposites with
silica particle size of r = 7nm, regardless of the molecular weight 7. In the glassy bridge
regime, critical percolation, which is based on the assumption of flexible bridges, is
expected to fail for the prediction. The deviations at/above 26 % observed in Figure 4-1
agree with our previous results of P2VP nanocomposites with Mw = 94,000 7. The overall
results confirm our prediction that the formation of glassy bridges is independent of
molecular weight of polymer matrix. However, the impact of molecular weight on the
modulus of nanocomposites with glassy bridges and flexible bridges is quite different.
Figure 4-2 compares the modulus of nanocomposites with different polymer molecular
weights. In the glassy bridge regime, at the same loading fraction, the modulus (G’ and
G”) of nanocomposites with different molecular weight of P2VP, is very close to each
other. At 31 % loading, the power-law response becomes independent of molecular
weight (G’ ~ ω0.25), which confirmed with our previous prediction that molecular weight
has little impact on the glassy bridges formation. But in the flexible bridge regime,
molecular weight affects the modulus quite a lot. This is because the mean nearestneighbor distance of particles is in between the segment and chain sizes of the polymers,
when flexible bridges dominate. With lower molecular weight of P2VP, the chain size is
smaller and polymer is more difficult to form bridges across the particles. Then the
mechanical reinforcement is diminished as the number of bridges decreases.

	
  

Figure 4-1: Storage modulus G’ (top) and loss modulus G” (bottom) of P2VP/SiO2
nanocomposites with polymer molecular weight Mw = 219,000 and 35,900, at 180 °C.
Thin solid curves are predictions from critical percolation model.
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Figure 4-2: Comparison of linear viscoelasticity of P2VP/SiO2 nanocomposites with
polymer molecular weight Mw = 219,000; 94,000 and 35,900, with 26 vol% and 34 vol%
filler loadings, at 180 °C

Figure 4-3 displays the time sweep results from glassy state to rubbery state. Figure 4-4
presents the strain sweep results at 180 °C. The samples studied in both figures have
nanoparticles connected by glassy polymer bridges. In Figure 4-3, as the peak position of
loss modulus indicates, the glassy bridges extend to higher temperature, comparing to Tg
= 368 K of the pure polymer. Molecular weight of polymer matrix has little impact on the
peak position or broadening. The tough “leathery” region is the transition from glassy
modulus to rubbery modulus. The comparisons of the transition for nanocomposites with
rubbery bridges and glassy bridges will be discussed in our later work. In Figure 4-4, the
yield strain (2 ~ 3 %) is similar among samples with different molecular weight. But in
the nonlinear regime, both storage and loss moduli of the low molecular weight sample
decline faster than those of high molecular weight sample, as strain amplitude is
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increasing. In the measured strain window, the Mw = 94,000 sample shows the liquidlike behavior at around 8% strain, and the Mw = 35,900 sample starts to flow even earlier.
Apparently, nanocomposites with higher molecular weight are more tolerant of
deformation in the nonlinear regime (slightly weaker Payne effect). By comparing the
results among nanocomposite systems with different molecular weight of polymer matrix,
we can conclude the molecular weight has little impact on either the relaxation transition
from glassy state to rubbery state or the yield strain of polymers in rubbery state, when
particles are close enough to form glassy bridges. In other words, with glassy bridges,
nanocomposite systems at the same loading fractions are very similar to each other,
regardless of molecular weight. The results are consistent with the linear visoelasticity
comparisons in Figure 4-2.
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Figure 4-3: Storage modulus G’ (solid) and loss modulus G” (hollow) of 34 vol% SiO2
nanocomposites with P2VP molecular weight Mw = (219,000; 94,000; and 35,900), from
100°C to 180 °C, at frequency of 1 rad/s. These temperature sweeps increased T in 2°C
steps every minute.
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Figure 4-4: Storage modulus G’ (left) and loss modulus G” (right) of 34 vol% SiO2
nanocomposites with P2VP molecular weight Mw = (219,000; 94,000; and 35,900),
against strain amplitude, at 180 °C, at frequency of 0.1 rad/s.

To further study the deformation, stress relaxation in Figure 4-5 (left) is measured at
180 °C, with an initial strain of 3 %, which is slightly higher than the yield strain. Within
the first 0.1 seconds, the modulus has a rapid drop, due to the structural breakdown. But
nanocomposites with lower molecular weight of P2VP have the modulus decrease faster.
The result indicates the nanocomposite with larger molecular weight of polymer matrix
has a larger tolerance of structure deformation. At longer time, the slopes of the
relaxation G (t) curves are very similar across all three samples, which is consistent to the
slopes of terminal relaxation in the linear viscoelasticity measurements at the glassy
bridge regime. However, the modulus of the higher-molecular-weight sample is larger,
because the structure is not broken down as much as that of the lower-molecular-weight
sample. After 1000 seconds of stress relaxation following the step strain, the
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measurement is switched to time sweep from stress relaxation. It is crucial to note that
when the stress relaxation test is ended, the ARES-LS applies a second step in strain with
amplitude -3% to return to the position at which oscillatory shear is done. As shown in
Figure 4-5 (right), the storage modulus increases with time, while the increment of loss
modulus is much smaller. The modulus recovery continues even beyond our measured
time window. This is known as rheological aging, a typical manifestation of glassy
dynamics. The applied strain induces the structure disorder. Nanocomposites with glassy
bridges are so tenuous that particles bounded by rigid polymer chains are too difficult to
move around each other to rearrange. The system has energy barriers, which cannot be
overcome by thermal motion alone with a low strain applied. So the system reaches a
metastable state and evolves constantly. Sollich et al. introduced the SGR (soft glassy
rheology) model to study the features of aging in linear viscoelasticity measurements14: in
the systems of dense emulsions, foams, and onion phases15, the ratio of G’~G” is constant,
and the power law frequency of G’ and G” approaches zero. These features match very
well with our linear viscoelasticity results in Figure 4-1, where the power law frequency
of G’ and G” is 0.2~0.3 in the glassy bridge regime.
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Figure 4-5: (left) Stress relaxation measurements for 34 vol% SiO2 nanocomposites with
P2VP molecular weight Mw = (219,000; 94,000; and 35,900): initial strain = 3%,
temperature = 180 °C. (right) Time sweep measurements right after the 1000-sec stress
relaxation measurements for 34 vol% SiO2 nanocomposites with P2VP molecular weight
Mw = (219,000; 94,000; and 35,900): frequency = 1 rad/s, temperature = 180 °C.

4.4 Summary
In summary, linear viscoelasticity measurements and critical percolation of nanoparticles
with bridging chains are used to study the impact of molecular weight on the formation of
glassy polymer bridges. With loading fraction of 26 vol% and 34 vol%, silica particles
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with r = 7nm are connected by glassy bridges of P2VP polymer chains. As expected by
the phase diagram of Figure 3-57, the formation of glassy bridges is independent of the
molecular weight of the polymer matrix. However, the non-linear rheological results
show that the nanocomposites with higher molecular weight polymers are more tolerant
of structure deformation and are able to recover at a faster rate from the structure
breakdown.
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Chapter 5
Mechanical Reinforcement of Polymer Nanocomposites via
Glassy Polymer Bridges
5.1 Introduction
Nanoparticles have been added to improve the mechanical properties of amorphous
polymers for many years, but the mechanism of the reinforcement is still in debate. In
general, the immobile polymer layer and the flexible polymer-nanoparticle bridge
network	
  were proposed to explain the improved mechanical strength. In the first scenario,
a small amount of polymer matrices interact with particle fillers and form a few nm
glassy polymer layer bounded to the particles. It is suggested by various experimental
techniques (e.g., differential scanning calorimetry, dielectric relaxation spectroscopy, and
thermally stimulated depolarization current)	
  1,	
  2 that the term of “glassy” is referred to the
reduced segmental mobility of polymer chains, due to the attractive interactions between
particles and polymers. Long, Lequeux and coworkers suggested that the mechanical
reinforcement is originated from this glassy layer. 3 In the second scenario, flexible
polymer chains were proposed to connect at least two nearby particles and formed the
polymer-particle bridges, which gives rise to the reinforcement. 4 In either scenario, a
polymer-particle network is expected to form, when a percolation happens. Beyond that,
the system shows a solid-like behavior. However, the origin of this network formation is
another controversial debate in the open literature. Some experimental data suggest that
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the overlap of glassy polymer layers is the primary reinforcing mechanism. 5 But some
people believe the strong interaction of filler particles is the main reason that results in
reinforcement, accompanying polymer-particle interactions.	
  6
In our most recent paper7, we proposed particles with glassy polymer layers connected by
polymer bridges to form smaller clusters first, and then at the gel point clusters percolate
to form a network. When the mean nearest-neighbor distance of particles is in between
the Kuhn length and chain size of polymer chain, the bridge is flexible, called rubbery
polymer bridge. The critical percolation model discussed in our recent work successfully
predicts the linear viscoelasticity of polymer nanocomposites with rubbery bridges. When
the distance between particles falls below the Kuhn length, our prediction fails. In this
situation, we describe the nanocomposite system with glassy polymer bridges, whose
properties are just beginning to be explored. And the differences of mechanical properties
between glassy polymer bridge and rubbery polymer bridge have also not been discussed.
In this chapter, we are using rheology to study mechanical properties of nanocomposites
with glassy polymer bridges to understand the origin of network formation based on our
suggested polymer-particle interaction model. While Chapter 4 explored the effects of
polymer molecular weight, in this chapter we fix Mw = 219,000 and explore the
viscoelastic response at high loadings in more detail.
5.2 Experimental Section
Rheological measurements were conducted on nanocomposite systems containing silica
nanoparticles (Nissan Chemicals), with radius of r = 7 nm, well-dispersed in the P2VP
matrix (Mw = 94,000; Mw / Mn = 1.10; Polymer Source; Mw = 219,000; Mw / Mn = 1.11;
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Scientific Polymer Product, Inc.; Mw = 35,900; Mw / Mn = 1.07; Scientific Polymer
Product, Inc.; Tg = 368 K). The samples were prepared by solution casting from 2butanone with pyridine (Sigma-Aldrich) as dispersant. Ultrasonication was applied
during the mixing of silica and P2VP in solution to improve dispersion. The cast samples
were molded into ~1 mm thick, 7.9 mm and 3 mm diameter parallel plates on Advanced
Rheometric Expansion System ARES-LS rheometer (Rheometric Scientific).
5.3	
  Results	
  and	
  Discussion
Figure 5-1 shows the “master curves” of viscoelasticity in the linear strain regimes, which
were verified by strain amplitude sweeps. The measurements were conducted within the
temperature range of 180 ~ 100 °C. Master curves of storage moduli G’ were obtained by
time-temperature superposition, horizontally shifting each storage modulus plot at
various temperatures. Then the shift factors of the master curves of storage moduli G’
were used to compile the “master curves” of loss moduli G” and tan (δ). According to the
phase diagram in our previous work	
  7, in P2VP nanocomposite systems with 18 vol%, 26
vol% and 34 vol% 7nm SiO2 loading, particles with glassy bound layers are considered to
connect with each other by rubbery polymer bridges, rubbery/glassy polymer bridges (on
the boundary between the two types of polymer bridges), and glassy polymer bridges,
respectively. The three samples show very similar glassy modulus at high frequency,
meaning that filler loading has little impact on the glassy modulus (Gg). Actually, one
would expect Gg to grow linearly with nanoparticle content. The reinforcement of
strength is due to particle-polymer network instead of chain-chain interaction. The shift
factor of storage modulus works very well to construct the master curve of loss modulus

	
  

74	
  

and tan (δ), when particles are connected by rubbery polymer bridges (18 vol%). But
when the connecting polymer bridges turn from rubbery to glassy, the loss modulus and
tan (δ) no longer obeys time-temperature superposition. The failure in time-temperature
superposition results in part from polymer aging, which slows down with temperature. 8
During the aging, the relaxation of free volume continuously decreases with time, as a
material is evolving towards a lower potential energy state. 9 But particles with glassy
bridges are too tenuous to rearrange. So at each temperature of measurement, the system
no longer evolves into its original equilibrium state, but into a metastable state. In other
words, the activation energy is now temperature dependent. And therefore, the master
curve cannot be generated by time-temperature superposition.
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Figure 5-1: Master curves of (a) storage modulus G’ (open symbols) and loss modulus G”
(solid symbols), and (b) tan (δ) of P2VP/SiO2 nanocomposites with polymer molecular
weight Mw = 219,000, using data acquired from 180°C to 100°C.
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Another manifestation of aging is shown in Figure 5-2, the time sweep measurements.
We see the modulus is evolving even after the previous 1000-sec stress relaxation, as the
structure with glassy polymer bridges is not able to reach the equilibrium state. One may
argue that the aging could also be caused by filler agglomeration that might lead to a
network of particles in direct contact. Kalfus and Jancar10 studied the modulus recovery
in the case of polymer matrix with long chains. Their results, based on the percolation
concept in which however the filler agglomeration is excluded, show that the recovery is
determined by the polymer chain relaxation near the particle surface. Their previous
studies11 also show that the direct filler network is not a first-order contribution to the
viscoelastic response of polymer nanocomposite with colloidal fillers. Moreover, in our
previous work	
  2, we did not observe a profound reduction in the thickness of the glassy
bound layer (thickness reduction by: direct filler contact vs. bound layer overlap that
leads to the formation of glassy polymer bridges). Surprisingly, the modulus of the 18
vol% sample, whose bridging polymer is considered rubbery, is also evolving. That may
tell us there are a small amount of glassy polymer bridges mixing in the system. Notably,
18 vol% is still below the gel point. So the modulus recovery of the 18 vol% sample is
supporting our “clusters-to-network” assumption in our percolation model7. As shown in
our previous work2,	
  7, we know particles are not perfectly dispersed, meaning that the
distances between particles are not uniform. As the size of clusters increases, at some
point, some particle-particle separation distances may fall below the Kuhn length. Then
the polymer bridge becomes glassy. However, the glassy bridging does not dominate in
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the clusters with a low filler loading. Most of the polymer bridges that percolate in
clusters are still flexible. Therefore, our percolation model still predicts the modulus of
rubbery-bridge nanocomposites.

Figure 5-2: Time sweep measurements in linear regime after the 1000-sec stress
relaxation measurements for 18 vol% (black) and 34 vol% (red) 7nm SiO2
nanocomposites with P2VP molecular weight Mw = 219,000: frequency = 1 rad/s,
temperature = 180 °C. Notably, the ARES-LS applies a second step in strain with
amplitude -3% to return to the position at which oscillatory shear is done, after the stress
relaxation test.

The aging behavior indicates the growth in stiffness of polymer melts, which we also
observe in Figure 5-3, the temperature sweep measurements. In Figure 5-3 (a), when loss
modulus transits from the glassy region to the leathery region, the peak is broadening and
the position is shifting to higher temperature, as the filler loading increases. With glassy
polymer bridges, the storage-loss crossover point disappears, meaning that the elastic
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solid-like behavior is dominant. This behavior is consistent with the results in linear
viscoelasticity measurements (Figure 5-1). The leathery region of 18 vol% sample with
rubbery polymer bridges is very narrow, and the rubbery region appears at around 120 °C.
In comparison, the 34 vol% sample with glassy polymer bridges is much more tolerant of
high temperature, with no rubbery region seen in our measured temperature window. The
performance of heat tolerance implies the potential applications of particle-polymer
glassy-bridge network in automobile tire and coating industries. The change of the
glassy-to-leathery transition is more clearly shown in tan (δ), Figure 5-3 (b). tan (δ) is
quite small for the samples with glassy bridges, which is also observed in Figure 5-1 (b).
That means there is not as much dissipation and glassy bridges should then decrease the
rolling resistance of automobile tires.
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Figure 5-3: Temperature sweep measurements: (a) storage modulus G’ (hollow) and loss
modulus G” (solid), and (b) tan (δ) of 18 vol%, 26 vol%, 34 vol% 7nm SiO2
nanocomposites with P2VP molecular weight Mw = 219,000, from 100 °C to 180 °C, at
frequency of 1 rad/s. (26 vol%, 34 vol%: using 3mm diameter plates; 18 vol%: using
7.9mm diameter plates)

	
  

80	
  

Strain amplitude dependence of modulus is observed in strain sweep measurements
(Figure 5-4). The modulus of the 34 vol% sample with glassy polymer bridges starts to
decrease as increasing strain amplitude at around 2 ~ 3% strain (0.1 rad/s). The yield
strain is much lower than samples with rubbery bridges. The result of strain amplitude
dependence is a strong indication of the Payne effect.	
  12 This kind of behavior is caused
by structure breakdown, 13 where the polymer chains desorbed from the particle surface
under a relatively high strain. In the nonlinear strain regime, the sample with glassy
bridges shows a stronger strain amplitude dependence than those with rubbery bridges.
This is due to the higher mechanical strength of glassy polymer bridges. As breaking up
the network structure containing glassy bridges, the strength loss is faster.
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Figure 5-4: Strain sweep measurements: storage modulus G’ (hollow) and loss modulus
G” (solid) of 0 vol%, 12 vol%, 18 vol%, 26 vol%, 34 vol% 7nm SiO2 nanocomposites
with P2VP molecular weight Mw = 219,000, against strain amplitude, at 180 °C, at
frequency of 0.1 rad/s.

5.4 Summary
In summary, since the rheological behavior of polymers is very sensitive to the structure,
rheology offers the means to study the origin of network and to differentiate two types of
bridging polymers leading to network formation. Linear viscoelasticity results and the
rheological aging show the evidence of glassy polymer bridges at high loadings (26 vol%
and 34 vol%). And the glassy bridge structure is more tolerant of high temperature: not

	
  
only is Tg increased, but the leathery region is also broadened. Furthermore, the
physical aging property supports our previous cluster-to-network assumption.
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Chapter 6
Conclusions
6.1 Summary
This dissertation is dedicated to study the effect of filler-polymer interaction on the
mechanical reinforcement of polymer melts (far above Tg) with spherical particles, a
system that imitates SiO2 in polyisoprene (Tg = -63°C). The addition of nanofillers is
expected to alter mechanical properties of the polymer and make it applicable in
industries like coatings, paints, and automobile tires. Unfavorable interaction between
filler and polymer usually causes a dispersion problem and phase separation, with
disastrous consequences for the mechanical properties of a material. To solve the
dispersion problem, the P2VP-silica system is chosen, because the strong polymer-filler
interaction should maintain dispersion. This dissertation alters the factors, such as filler
loadings, particle sizes, and polymer molecular weights, to explore the impacts on the
mechanical reinforcement.
In Chapter 2, we investigated the impact of spherical silica nanoparticles on the
segmental dynamics of polymer melts by DRS. The addition of nanoparticles broadens
the segmental dynamics with effects of both particle sizes and filler loadings. Glassy
bound polymer layer thickness is quantified by the difference in magnitude of the
segmental dynamics of pure polymer and nanocomposites. The theoretical models
suggest that the glassy bound layer thickness in the case of strongly adsorbing polymer
may increase with particle size in the range 1 ~ 4 nm. In systems, where polymers do not

	
  
have a strong attraction to particles, the glassy bound layer thickness may decrease.

86	
  

Study of the bound layer thickness in systems with different filler-polymer interaction
strength may be considered in the future. Quantitative analysis of the glassy bound layer
sheds light on the role of bridging polymers playing in mechanical reinforcement. In
nanocomposites, if we consider that mechanical reinforcement is contributed by both
mobile polymers and particles that are bounded by glassy polymers, bound layer
thickness, providing the information of the amount of mobile polymers and glassy
polymers, can be used to study the reinforcement in melt rheology far above Tg.
In Chapter 3, we used rheology to study the linear viscoelasticity of polymer
nanocomposites. Silicas, well dispersed in P2VP melts, can form fractal structures via
polymer bridging, leading ultimately to a network structure analogous to a colloidal gel.
The linear viscoelastic response of nanocomposites can be quantitatively predicted by a
parameter-free model in which the stress is a simple sum of contributions from the
polymer matrix and the particle structure linked by flexible bridging polymer chains. The
nanoparticle contribution is modeled using critical percolation, and the polymer part is
enhanced by the presence of particles, owing to hydrodynamic interactions. The
boundary of glassy bridges, which result in stronger reinforcement, is predicted for the
smallest particles at the highest loadings (see Figure 6-1	
  1). Mechanical strength is much
higher in the predicted glassy bridge regime than in the rubbery bridge regime. The high
mechanical strength in the glassy bridge regime is what we are looking for in automobile
tires. But the validity of the glassy bridge boundary needs to be further tested in future
rheology studies.
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Figure 6-1: The particle concentration phase diagram of polymer bridges in SiO2-P2VP
nanocomposites.	
  1
In Chapter 4, we used the linear viscoelasticity experiments to test our previous predicted
polymer bridge boundary by changing the molecular weight of the polymer matrix.
Varying molecular weight allowed us to better test the percolation model with flexible
bridges in Chapter 3. The results show that molecular weight of P2VP has little impact on
the formation of glassy polymer bridges in the range Mw = 35,900 to Mw = 219,000,
supporting the previous result that bridge boundary is determined by the Kuhn length of
the polymer matrix. The validity of bridge boundary in the phase diagram of Figure 6-11,
can be applied to other polymer nanocomposites, including our imitated automobile tires.
In Chapter 5, we focused on the mechanical differentiations of two types of bridging
polymers: glassy bridging polymer and rubbery bridging polymer. The linear
viscoelasticity results and the rheological aging show the evidence of glassy polymer
bridges for nanocomposites with small particles at high loadings, as expected by
Figure 6-1. Nanocomposites with glassy bridges have Tg slightly shifted to a higher
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temperature, and have greatly broadened the region of the glassy-to-rubbery transition.
Nanoparticles connected by glassy bridges show very similar mechanical properties, such
as rheological aging and Payne effect, as automobile tires. The result showing SiO2
connected by glassy P2VP bridges more tolerant of high temperature (temperature higher
than Tg by around 80°C) is also important for the imitation of automobile tires.
Temperature of rubber increases, while a tire is rolling on the road. The intolerance of
high temperature could result in a flat tire due to the dramatic loss of mechanical strength.

6.2 Future Work
6.2.1 Method Improvement
Although DRS provides a sensitive method to quantify glassy bound polymer layer, the
glassy layer thickness results shown in Chapter 2 contain large error bars. One of the
reasons is that it is difficult to precisely calculate the area under the alpha relaxation peak,
due to the overlap of the alpha and beta relaxations. Ideally, the impact of the beta
relaxation can be subtracted from the area we used to calculate the glassy layer thickness.
But in reality, due to the limitations of the measurement, we were unable to measure the
dielectric loss at a much higher frequency regime to obtain a complete beta relaxation. In
order to get a full beta relaxation, we need data below Tg, and it usually does not change
shape with temperature so that it might enable proper subtraction of beta. Therefore, the
subtraction of the beta relaxation is inapplicable, and we were unable to precisely
calculate the area under the alpha relaxation peak. This is possibly where the large errors
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come from, and if the beta relaxation were more carefully subtracted in future studies,
the errors should get smaller.
Small angle neutron scattering (SANS) can be used as a more precise alternative to
quantify the bound layer thickness. SANS is valuable in providing the information of the
size and internal structure of particle, such as a core-shell particle structure. Particles with
glassy bound polymer layers can be considered as core-shell structures as well. We can
label bound polymers with isotope deuterium, and then mix particles with bound
polymers with unlabeled P2VP as matrix to prepare nanocomposites. Since SANS is
highly sensitive to hydrogen, it measures directly the distance between the particle
surface and the bound layer plane, leaving no interference when calculating the shell
thickness. Furthermore, the size distribution from SANS might provide more solid
evidence to support our cluster-to-network assumption and thus help to find out the origin
of network formation.

6.2.2 Particle Size Effect
In this thesis, we studied four particle sizes. The smallest particle has a radius of around 7
nm. In the size range we studied, with the same filler loadings, we observed that the
mechanical reinforcement decreases while increasing particle size, because smaller
particles simply have a larger surface to volume ratio. However, in Chapter 2, we also
observed the thickness of the glassy bound layer, which plays an important role in the
mechanical reinforcement, decreases with particle size. According to Figure 6-22, by
extending the trend line from the measurements, we can propose that when the particles

	
  
90	
  
are sufficiently small (< 4 nm), the glassy bound layer could be negligible. Therefore,
we can expect the mechanical reinforcement is not always increasing, when particle size
is decreasing. If we are able to reduce the particle size even further, we might be able to
find out the size that maximizes the mechanical reinforcement, and as well as to provide
the additional evidence of the presence of glassy bound layer. Since mechanical
improvement increases while decreasing particle size within the size range (7 nm ~ 50
nm) we studied in Chapter 3, the optimal size can be expected at around 5 ~ 6 nm, if our
extrapolation to δ = 0 at R = 4 nm is valid.

Figure 6-2: Average bound layer thickness δ as a function of particle radius R. Solid line
is a prediction of bound layer thickness based on the assumption of no curvature impact
(eq. 3.6) and the dashed line is a simple fit to the four data points we have, which
extrapolates to δ = 0 at R = 4 nm2

6.2.3 Physical Aging

	
  
In both Chapter 4 and Chapter 5, we observed nanocomposites with glassy polymer
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bridges experienced physical aging after a shear deformation. However, the structure
change is not clear. For example, under the deformation, bridging polymers might be
desorbing from the particle surfaces, and cause the direct interaction of particles. It will
be interesting to study the change of the glassy bound layer thickness during the physical
aging. The particle distance studied by SANS may provide us the structural information:
whether the type of polymer bridges is changed or not, while polymer bridges are
reforming during physical aging. One might expect the dielectric methods developed in
Chapter 2 to help quantify the changes in glassy bound layer thickness but the errors are
currently too large.

6.2.4 Other Silica-Polymer Nanocomposites
SiO2-P2VP system is studied to imitate automobile tires. But unlike P2VP, natural rubber
polyisoprene has very weak interactions with SiO2, due to the polarity difference of the
two components. It is not clear whether the tire industry modifies either polyisoprene or
the surface of SiO2 to enhance interaction. To fill the gap between the imitation and SiO2P2VP nanocomposites, it is worthwhile trying other SiO2-polymer systems, such as
phenolic novolac resin and neoprene, in which the filler-polymer interactions are weaker
than in SiO2-P2VP nanocomposites. Figure 6-3 shows the chemical structures of phenolic
novolac resin, neoprene and polyisoprene, the interaction strength with SiO2 decreasing
from left to right. With a weaker interaction, polymer chains take fewer active sites on
SiO2 surface. Then the glassy bound layer may become thinner, which may require more

	
  
particle surfaces or higher filler loadings to form glassy bridging network. It will be
interesting to study how interaction strength affects the glassy bridge boundary, and
eventually transiting to a natural rubber-SiO2 system.

Figure 6-3: Chemical structures of (a) phenolic novolac resin, (b) neoprene and (c)
polyisoprene

92	
  

	
  
6.3 Reference:

(1)

93	
  

Chen, Q.; Gong, S.; Moll, J.; Zhao, D.; Kumar, S. K.; Colby, R. H. ACS Macro
Letters 2015, 4, 398.

(2)

Gong, S.; Chen, Q.; Moll, J.; Kumar, S. K.; Colby, R. H. ACS Macro Letters 2014,
3, 773.

	
  
	
  

VITA
Shushan Gong
Shushan Gong was born and raised in Quanzhou, China. She attended Xiamen University
in 2004 and graduated with a bachelor degree in Chemistry in 2008. The same year she
joined Department of Chemistry at University of South Carolina-Columbia, and earned a
master degree in 2010. After that, she came to the Pennsylvania State University and
worked with Professor Ralph H. Colby on mechanical reinforcement of polymer
nanocomposites.
	
  

