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ABSTRACT
The sintering behaviors of silicon carbide (SiC) and boron carbide (B4C) based materials
were investigated using an emerging sintering technology known as field assisted sintering
technology (FAST), also known as spark plasma sintering (SPS) and pulse electric current
sintering (PECS). Sintering by FAST utilizes high density electric current, uniaxial pressure, and
relatively high heating rate compared to conventional sintering techniques.
This effort investigated issues of scaling from laboratory FAST system (25 ton capacity)
to industrial FAST system (250 ton capacity), as well as exploring the difference in sintering
behavior of single phase B4C and SiC using FAST and conventional sintering techniques
including hot-pressing (HP) and pressure-less sintering (PL). Materials were analyzed for
mechanical and bulk properties, including characterization of density, hardness, fracture
toughness, fracture (bend) strength, elastic modulus and microstructure. A parallel investigation
was conducted in the development of ceramic matrix composites (CMC) using SiC powder
impregnation of fiber compacts followed by FAST sintering.
The FAST technique was used to sinter several B4C and SiC materials to near theoretical
density. Preliminary efforts established optimized sintering temperatures using the smaller 25 ton
laboratory unit, targeting a sample size of 40 mm diameter and 8 mm thickness. Then the same
B4C and SiC materials were sintered by the larger 250 ton industrial FAST system, a HP system,
and PL sintering system with a targeted dense material geometry of 4×4×0.315 inches3
(101.6×101.6×8 mm3). The resulting samples were studied to determine if the sintering dynamics
and/or the resulting material properties were influenced by the sintering technique employed.
This study determined that FAST sintered ceramic materials resulted in consistently higher
averaged values for mechanical properties as well as smaller grain size when compared to
conventionally sintered materials. While FAST sintered materials showed higher average values,
in general they also showed consistently larger variation in the scattered data and consequently
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larger standard deviation for the resulting material properties. In addition, dynamic impact testing
(V50 test) was conducted on the resulting materials and it was determined that there was no
discernable correlation between observed mechanical properties of the ceramic materials and the
resulting dynamic testing.
Another study was conducted on the sintering of SiC and carbon fiber reinforced SiC
ceramic matrix composites (CMC) using FAST. There has been much interest recently in
fabricating high strength, low porosity SiC CMC‟s for high temperature structural applications,
but the current methods of production, namely chemical vapor infiltration (CVI), melt infiltration
(MI), and polymer infiltration and pyrolysis (PIP), are considered time consuming and involve
material related shortcomings associated with their respective methodologies. In this study, SiC
CMC‟s were produced using the 25 ton laboratory unit with a target sample size of 40 mm
diameter and 3 mm thickness, as well as on the larger 250 ton industrial FAST system targeting a
sample size of 101.6×101.6×3 mm3 to investigate issues associated with scaling. Several sintering
conditions were explored including: pressure of 35-65 MPa, temperature of 1700-1900°C, and
heating rates between 50-400°C/min. The SiC fibers used in this study were coated using
chemical vapor deposition (CVD) with boron nitride (BN) and pyrolytic carbon to act as a barrier
layer and preserve the integrity of the fibers during sintering. Then the barrier coating was coated
by an outer layer of SiC to enhance the bonding between the fibers and the SiC matrix.
Microstructures of the sintered samples were examined by FE-SEM. Mechanical properties
including flexural strength-deflection and stress-strain were characterized using 4-point bend
testing. Tensile testing was performed on the larger 101.6×101.6×3 mm samples. The
microstructures of samples sintered using the 25 ton laboratory FAST system showed a reduction
in porosity and good adhesion between the fiber-fiber and fiber-matrix interface. The
microstructures of samples sintered on the 250 ton industrial FAST system showed a reduction in
porosity, but there was visible reaction of the fiber and fiber coatings with the surrounding
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matrix. Additionally, there was significant radial cracking of the fibers visible in the
microstructures.
There is gap in the understanding of sintering behavior between laboratory and industrial
scale FAST systems. The vast majority of publications on FAST sintering have been primarily
focused on small sample geometries (20 mm diameter, less than 3 mm thick). A study was
coordinated to investigate the thermal properties during heating and cooling using a 250 ton
industrial FAST system at 900°C using B4C and SiC materials inside the graphite die assembly.
The thermal properties were then compared to the resulting material properties of the identically
sintered B4C and SiC to approximately 94% relative density, at a temperature of 1950°C, pressure
of 45 MPa, 10 minute hold, and heated at a rate of 100°C/min. The study determined that at
900°C there were significant thermal gradients within the system for the examined materials, and
that these gradients correlated well with the material property difference of the samples sintered
at higher temperatures where the gradients are presumably larger due to an increase in radiative
heat loss. The observed temperatures throughout the graphite were significantly different between
B4C and SiC. These temperatures also correlated well with the material properties of the sintered
products which showed more substantial variation for B4C when compared to SiC which was
overall less affected by thermal gradients. This was attributed to the intrinsic thermal conductivity
difference between the two subject materials which was manifested as thermal gradients
throughout the material and graphite die assembly. Additionally, both the observed temperature
gradients throughout the graphite die assembly and the difference in temperature reading between
the optical pyrometer and thermocouples were significantly larger for the 250 ton FAST system
than previous publications have demonstrated experimentally or via modeling of smaller
laboratory scale systems.
The findings from this work showed that relative to conventional sintering methods, the
FAST process demonstrated comparable or improved material and mechanical properties with a
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significantly shorter processing cycle. However, the results demonstrated on the 25 ton laboratory
scale unit were significantly different compared to results for the same materials sintered using
the 250 ton industrial scale unit. The temperature gradients observed on the 250 ton FAST unit
were significantly larger than previous reports on smaller FAST units. This result showed future
efforts to scale up the FAST sintering process while maintaining similar results will require
careful attention to minimizing temperature gradients. This could potentially be achieved by
reducing radiative heat loss during processing and/or optimizing the graphite die design and
implementing heat spreaders in specific locations dependent on the host material‟s thermal and
electrical properties as well as the sample geometry.
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Chapter 1
Introduction

1.1

Refractory ceramics and carbides
Ceramic materials as defined by Barsoum are, “solid compounds that are formed by the

application of heat, and sometimes heat and pressure, comprising at least two elements provided
one of them is a non-metal or a nonmetallic elemental solid. The other element(s) may be a
metal(s) or another nonmetallic elemental solid(s)” [1]. It is therefore true that the oxides,
carbides, borides, silicides, and nitrides of all metals are considered to be ceramics [1].
This research investigated the sintering behavior of two specific ceramic matrix materials namely
boron carbide (B4C) and silicon carbide (SiC). Both B4C and SiC are polycrystalline solid
ceramics rather than single crystal solids. In a single crystal solid the repeating lattice structure
extends across the entire sample. A polycrystalline solid is composed of several single crystal
structures with different orientations bound together; these individual crystallites are called
grains. The orientation of the atomic lattice of two adjacent grains is different from each other.
This difference in orientation causes a small space between grains on the order of a nanometer.
This space is known as a grain boundary [1]. Figure 1-1 shows a schematic of a polycrystalline
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solid as well as an optical image depicting a typical microstructure of a polycrystalline solid.

Figure 1-1: (a) Schematic of a polycrstalline solid (b) Typical microstructure of a
polycrystalline solid [1]

Sintering both B4C and SiC to near theoretical density is difficult due to its low
sinterability. The low sinterability is a result of the very strong primary bonding between boron
and carbon, or silicon and carbon atoms in their respective lattice, as well as the relatively high
melting point of B4C (2460°C) and SiC (decomposes 2823 °C) [2-4]. The high
melting/decomposition temperatures cause B4C and SiC to have relatively high sintering
temperatures. The phase diagrams for B4C and SiC are shown in Figure 1-2 and Figure 1-3
respectively [3]. The primary bonding between boron and carbon, or silicon and carbon atoms in
their respective lattice is covalent in nature, making B4C and SiC covalent ceramics rather than an
ionic ceramic. It is well known that ionic bonding is a weaker bond than covalent bonding. The
bond type and strength is an import material characteristic because many material properties
including hardness, melting temperature, and the activation energy for diffusion are dependent on
the atomic bonding characteristics.
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Figure 1-2: The phase diagram for B4C with a melting temperature of 2460°C [3]

Figure 1-3: The phase diagram for SiC showing the decomposition temperature of 2823°C
[3]
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Unlike ionic bonding, covalent bonding takes place by the sharing of electrons between
atoms in a lattice. A schematic of this sharing behavior in a covalent molecule can be viewed in
Figure 1-4. It is the strong covalent nature of the bond between boron and carbon, or silicon and
carbon atoms in their respective lattices that cause the materials to exhibit many interesting
properties. One such property is the high hardness; in fact B4C and SiC are two of the hardest
materials behind diamond and cubic boron nitride [5]. The density and hardness of various
materials utilized in applications that require high hardness and light weight (low bulk density)
are given in Table 1-1. It is well known that hardness varies depending on material homogeneity,
crystal structure, and defects which can make it difficult to compare results. For this reason,
hardness values reported in Table 1-1 are given as a range. Some other interesting mechanical
properties displayed by B4C and SiC include high strength and creep resistance even at high
temperatures, as well as relatively low bulk density [6, 7].
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Figure 1-4: Simplistic model of covalent bonding between carbon and hydrogen in a
methane molecule

Table 1-1: Hardness and density information for common refractory ceramics
Materials
Diamond
Cubic Boron Nitride
B4C
SiC
Al2O3
TiC
SiN
BN

Density
gm/cc
3.51
3.4
2.52
3.21
3.93
5.21
2.97
3.48

Hardness Range
(kg.mm)
7000-10000
3500-5000
2900-3500
2800-3000
1500-2000
1800-2300
1800-2300
2500-3000
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1.2

Silicon Carbide
SiC has many attractive thermal, electrical, chemical, and nuclear properties making it an

ideal candidate for various applications. A few notable characteristics include high thermal
conductivity and thermal shock resistance [8], high critical electric field strength and good carrier
mobility [9], it is resistant to many chemicals as well as to oxidation [10], and has a low nuclear
activation [9].The crystallographic structures of SiC are usually discussed as two groups because
of its numerous polytypes. The polytypes of SiC take several well-known forms including the
cubic zinc-blende, hexagonal and rhombohedral crystal structures. The hexagonal (nH-SiC or 4HSiC and nR-SiC or 6H-SiC) polytypes are most often classified together as α-SiC [11]. The cubic
zinc-blende structure has only one polytype associated with it and that is the 3C-SiC polytype,
this polytype is commonly known in literature as β-SiC. Figure 1-5a shows a schematic of the
crystallographic structure of β-SiC. β-SiC is symmetrically the simplest SiC polytype with a
cubic structure having a 3-layer repeat in the unit cell [12]. The common hexagonal crystal
structure (6H-SiC) known as α-SiC is depicted in Figure 1-5b, where each silicon atom is bonded
to four carbon atoms. There is less interest in using β-SiC for mechanical or thermal applications
due to it being thermodynamically unstable at temperatures greater than 1700°C. β-SiC is formed
by a chemical vapor deposition process below temperatures of 1700°C [12]. If β-SiC is exposed
to temperatures between 1700-2000°C it begins to transform into α-SiC because α-SiC is the
more thermodynamically stable crystallographic configuration [12]. Therefore, sintering β-SiC to
a high density would be difficult and would yield no significant benefit in material properties. For
these reasons, α-SiC was chosen as the focus for the subsequent investigations on non-reinforced
and fiber reinforced CMC materials.
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Figure 1-5: A schematic of (a) cubic zinc blende, 3C-SiC or β-SiC (b) hexagonal, 4H/6H-SiC
or α-SiC [1]

These unique properties allow SiC to be used for many applications. Dense SiC is often
used in structural and mechanical applications, especially in harsh environments owing to its
superior mechanical properties [8]. Some of the applications of SiC include high-temperature gas
turbines, cutting tools, armor, as well as others. Some applications that rely on properties other
than mechanical properties include high temperature semiconductor applications due to electrical
properties and low coefficient of thermal expansion [10], astronomical applications as a highly
reflective material, chemically resistant parts in cryolithic melts [10], SiC heating elements, and
as a coating layer around nuclear fuel in high temperature reactors [9].
In addition to the low sinterability due to covalent bonding, SiC also exhibits a low selfdiffusion rate making sintering SiC even more challenging [2]. For this reason, SiC is commonly
sintered with additives that act as sintering aids to improve the diffusion of the material during
sintering. For all experimentation performed on SiC for this dissertation involved the addition of
sintering aids to improve the solid state sintering mechanisms. The most common additives for
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the enhancement of solid state mechanisms are free carbon (C) and boron carbide (B4C).
However, the carbon and boron additives enhance the sintering in different ways. The effect that
each material has on the sintering process has been of much interest and has been the core focus
of many research efforts [7, 10, 13-16]. The remainder of this section will concentrate on
outlining the effect that boron (B4C) and carbon additives have on the solid state sintering
behavior of SiC.

Solid State Sintering of Silicon Carbide: Effect of Carbon

Stobierski et al thoroughly studied the effect of carbon on the sintering of SiC [16]. It is
well documented in literature that the addition of a few volume percent of carbon is necessary to
activate the sintering process of SiC. Prior to this work, many hypothesized that the main role of
carbon was to help reduce oxide impurities on the grain boundaries; however no thermodynamic
calculations or experimental results supported this hypothesis [16].
To examine this phenomenon, Stobierski et al sintered several SiC samples while varying
the carbon content. In this experiment they monitored weight-change and oxygen content. In
these experiments the samples were sintered at 2150 C and held there for 30 or 60 minutes
depending on sintering technique [16]. The microstructures of all samples were characterized by
SEM imaging. After carrying out these experiments, the authors were able to make several
interesting conclusions.
Figure 1-6 shows the oxygen content of SiC samples with no additives and with 3 wt.%
of carbon added. The SiC sample containing 3 wt% carbon showed lower oxygen content than the
sample without carbon additives at temperatures less than 1400C, but as the temperatures neared
the sintering temperature of SiC the difference in oxygen content was negligible. From this
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observation it was concluded that oxide impurities are reduced regardless of the presence of
carbon; also, any benefit that carbon has on eliminating oxide impurities occurs below the
sintering temperature (below 1400C). Therefore, it is expected that the addition of carbon
enhances the sintering of SiC by other mechanisms [16].

Figure 1-6: Oxygen content of SiC samples as a function of temperature for samples
containing (a) 3% carbon; and (b) no added carbon [16]

The weight changes for several powder compositions with respect to temperature can be
found in Figure 1-7. From these plots, it was determined that samples containing no added carbon
underwent more significant weight changes as temperatures approached the sintering temperature
of SiC. This indicated that carbon additives were active during the sintering process and impacted
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the weight-loss of the samples. Through analysis of the results, Stobierski et al. determined that
carbon prevented the evolution of gaseous products of chemical reactions or the thermal
decomposition of SiC [16]. The chemical reaction for carbon-free samples proceeds in the
following way:

SiO2 + nSiC = Si

+ SiO

+ (n-1)SiC [16]

Where silicon (Si) and silicon monoxide (SiO) evaporate from the system. However,
when carbon is added to the SiC system the volatile products in the system, namely Si and SiO
become chemically bonded with carbon and the byproduct becomes carbon monoxide which
leaves the system in the gaseous phase. The chemical reaction for SiC samples with carbon
additives proceeds in the following way:

SiO2 + nSiC + 3C = (n+1)SiC + 2CO

[16]
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Figure 1-7: Weight-loss of SiC as a function of temperature for several powder
compositions [16]

Figure 1-8 shows the resulting microstructure for three different powder compositions.
From these three images it can be determined that with increasing amounts of carbon additives,
the grain growth was suppressed. Between sintering temperatures of 1600 C and 2000 C the
addition of carbon to SiC limited the weight loss of the sample and arrested the grain growth.
This conclusion indicates that the addition of carbon to SiC modifies mechanisms of mass
transport [16]. The authors goes on to conclude that the chemical bonding of silicon by carbon
lead to lower weight losses and the chemical immobilization of silicon by carbon limited surface
diffusion, which is known to be an ineffective mechanism for porosity elimination [16].
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Figure 1-8: SEM images of sintered SiC with a) 1 wt%, b) 4 wt%, and c) 16 wt% carbon

13

Solid State Sintering of Silicon Carbide: Effect of Boron

Another common additive for solid state sintering of SiC is boron. However, boron has a
completely different effect on the sintering process of SiC when compared to carbon additives.
The way that boron influences the sintering of SiC has been investigated by several authors [7,
13, 15]. Stobierski et al took similar approach to examining the effect of boron on the sintering of
SiC [15]. In the study, composition of boron was varied in the SiC starting powder, and sintered
the powders under the similar conditions using several methods. After sintering, they thoroughly
examined the microstructure of the resulting samples and made several interesting conclusions.
In the study, the amount of boron added to the SiC powder composition was varied from
0 wt.% to 4 wt.% [15]. The methods of sintering included pressure-less sintering, hot-pressing,
and hot isothermal pressing. All samples were sintered at 2150 C with holding times of 30 or 60
minutes depending on sintering technique. After measuring the apparent density of all the
resulting samples Stobierski et al, found that regardless of the sintering technique employed,
there was an observed maximum density at low boron content (<0.5 wt %) followed by a
continuous decrease in density as boron content increased from 0.5-4 wt % [15]. Those results are
shown in Figure 1-9. Additional boron content resulted in a slight decrease in density for all
techniques used.
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Figure 1-9: Apparent density of sintered samples as a function of the boron content by wt%
for several sintering methods [15]

From analyzing the microstructure of the resulting samples, Stobierski et al separated the
effect of boron on the sintering of SiC into three separate phases. The first area of consideration is
when boron content is between 0- 0.2 wt%. At these levels of boron concentration, the resulting
microstructure showed a significant amount of porosity. The author‟s showed a slight decrease in
porosity (increase in density) as boron concentration increased from 0-0.2 wt%. The grains for
these dopant levels had nearly isometric shapes; there was also no evidence of discontinuous
grain growth [15].
Figure 1-10 shows the microstructure of SiC sintered with 0.025 wt.% and 0.1 wt.%
boron. The micrographs show grain sizes around 1 m. Microstructure from Figure 1-10(b) has
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slightly larger grains and less porosity when compared to Figure 1-10(a). In this dopant range, it
appeared as if increasing the amount of boron in the powder composition triggered densification
mechanisms earlier.

Figure 1-10: SEM image of sintered SiC with A.) 0.025 wt.% and B.) 0.1 wt.% Boron [15]
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The second dopant range considered by Stobierski et al., was when boron additives were
between 0.2 wt.% and 0.5 wt.%. They found that at these levels, porosity drops off by one order
of magnitude and the grain size increases noticeably. Once again the grain shapes were isometric
in nature for most samples. However, as the boron composition approached 0.5 wt.%, there were
some indications of discontinuous grain growth, determined by comparing grain width to grain
length.[15]
The perimeters of most grains were still comprised of straight edges. Figure 1-11(a)
shows a SiC sample containing 0.2 wt.% boron exhibiting decreased porosity, increased grain
size, and isometric grain shapes. Figure 1-11(b) shows a SiC sample with 0.4 wt.% boron with
similar characteristics. This image does show the onset of discontinuous grain growth in a few
select grains, but porosity and grain shape are still comparable to Figure 1-11(a).
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Figure 1-11: SEM micrographs of sintered SiC containing A) 0.2 and B) 0.4 wt.% boron
[15]

The third dopant range considered by Stobierski et al, was when the powder composition
contained more than 0.5 wt.% boron [15]. At these dopant levels, the discontinuous grain growth
became increasingly pronounced. The tendency of a sample to exhibit discontinuous and
directional grain growth increased with increasing amounts of boron dopant. When boron levels

18
exceed 1.0 wt.%, the sample was composed entirely of elongated grains. Figure 1-12 is an SEM
micrograph of SiC sintered with (a) 0.5 and (b) 4.0wt.% boron. From these images it is easy to
see the increase in discontinuous grain growth with increasing boron content. Also, there was a
distinct change in grain boundary shape. The grain boundaries, in the other two dopant ranges,
were made up of mostly straight edge grain boundaries, where as in this dopant range the
boundaries show curves. Figure 1-13 shows the curved grain boundary, which drives
discontinuous grain growth.
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Figure 1-12: SEM images of sintered SiC with (a) 0.5 and (b) 4.0 wt.% boron additive [15]

20

Figure 1-13: SEM image of SiC with 4 wt.% boron having curved grain boundaries [15]

In this study Stobierski et al separated the effect of boron additives on the sintering of
SiC into three distinct categories by analyzing the resulting microstructure of the samples. In the
first dopant range samples exhibited poor densification; this could be the result of transport
mechanisms competing with the dissolution of boron in SiC [15]. When boron dopants exceeded
0.5 wt.% the resulting microstructures showed evidence of sintering in the presence of a liquid
phase because of the discontinuous grain growth in the direction of convex curvatures [15].
Boron additives ranging from 0.2-0.5 wt.% showed the highest densification of SiC without the
signs of discontinuous grain growth, making this the optimum dopant range for sintering of SiC.
In this range, the microstructures of the sintered material were characteristic of sintering in the
solid state due to the isometric shape of the grains and no evidence of discontinuous grain growth
[15].
In summary, the sintering of SiC and SiC CMC composites for this dissertation involved
the addition of carbon in the form of an organic binder and boron in the form of B4C to improve

21
the overall sinterability of the SiC materials. A research grade SiC powder with approximately
4%Vol B4C + organic binder (carbon) additives was acquired from Morgan AM&T for this
research effort.

1.2

Boron Carbide
The complex crystal structure of B4C has been extensively studied and reported on in

scientific literature [17-22]. The B4C crystal structure has 12-atom icosahedra at the vertices of a
rhombohedral lattice unit (space group: R3m, lattice constants: a = 0.56 nm and c = 1.212 nm), as
well as 3-atom chains which connect the icosahedra along the (111) axis. Most materials
described as B4C are in fact a complex combination of structures composed of the B4C hexagonal
lattice structure and the B12C3 rhombohedral structure with depleted carbon. Both crystal
structures are shown in Figure 1-14.
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Figure 1-14: Boron carbide lattice showing the B4C hexagonal lattice structure and the
B12C3 rhombohedral structure with depleted carbon

Unlike SiC, B4C does not decompose near sintering temperatures. Therefore, it is not
necessary to include additives to maintain stoichiometric B4C. Sintering of B4C without additives
occurs through solid state sintering mechanisms which are discussed in Chapter 2. B4C shows
many superior material properties when compared to SiC, specifically when considering dynamic
impact resistance. In general, B4C exhibits higher hardness and lower bulk density (lighter
weight), which are two primary criteria for impact resistant materials. However, B4C has one
major shortcoming which is a complex and poorly understood response to dynamic compression.
Under certain dynamic loading conditions, B4C will exhibit significant decrease in dynamic
impact resistance when compared to other materials. Most recent literature has cited a possible
phase transformation in the material and/or at the grain boundaries forming a brittle glassy phase
during the dynamic loading event [23]. However, research in this area is inconclusive due to
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difficulty probing the material during failure due to the high strain rate and short duration (nano
to micro seconds) of the event. The failure mechanisms and material property response during
dynamic loading is discussed further in Chapter 4.

1.3

Field assisted sintering technology
Over the past several decades, ceramic sintering was performed using some variation of

indirect radiative heat with or without externally applied pressure (uniaxially applied by
hydraulics or isostatically applied using a high pressure gas chamber). The conventional sintering
methods include pressure-less sintering, hot pressing, and hot isostatic pressing. They are
commonly referred to as conventional sintering methods due to the fact that they have been
highly researched and are the primary techniques used for commercial sintering purposes. This
research is concentrated sintering using a novel method known as field assisted sintering
technique (also spark plasma sintering). More specifically, this research focused on the sintering
of B4C, SiC, and SiC-SiC ceramic matrix composites sintered by using the FAST technique. The
difference in heating method employed is the primary difference between FAST and conventional
sintering methods and any material property differences observed post-sintering are directly or
indirectly associated with the difference in heating. Conventional sintering utilizes indirect
radiative heating which requires long processing times, slow throughput, and high energy
consumption. The FAST sintering technique utilizes a graphite die filled with powder which is
uniaxially pressed using a hydraulic press, while simultaneously passing high-density DC current
through the die assembly and/or the powder. This heating effect is known as resistive or joule
heating which allows the FAST technique to utilize shorter heating cycles (high heating rate)
when compared to conventional sintering techniques. A schematic and photograph of the FAST
system is shown in Figure 1-15. In the last decade, the FAST technique has become an attractive
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alternative for sintering high temperature ceramic materials because of shorter processing which
has implications on material properties and throughput which are discussed in detail later in the
chapter.

Figure 1-15: A schematic and photograph of the 25 ton laboratory scale FAST system

The high temperatures that are often involved in FAST sintering are monitored by
focusing an optical pyrometer on the inside of the graphite punch near the center of the powder
sample. Figure 1-16a shows a schematic of the FAST unit utilized in this research. The pyrometer
is mounted at the top of the entire unit and is focused down through a hole in the top punch that
stops just above the powder. It should be noted that some FAST systems focus the pyrometer on
the outside of the graphite die to measure the temperature. Vanmeensal et al studied the
temperature distribution in a FAST unit and showed both theoretically and experimentally that
the temperature distributions inside a graphite die are not homogeneous [24]. However, the
temperatures within the die could be controlled far better by focusing the pyrometer on a hole
through the top punch, rather than on the outside of the graphite die. Figure 1-16a shows the die
and pyrometer setup that was used in this research for both the 25 ton laboratory and 250 ton
industrial FAST units. This setup is preferred over the alternative setup shown in Figure 1-16b,
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because the temperature is comparatively uniform. Uniform sintering conditions are crucial in
order to increase the reproducibility of the sintering process.

Pyrometer

Sample

Pyrometer

Figure 1-16: A schematic of the graphite die assembly with the optical pyrometer (a.)
mounted on the top and focused on the center of the sample and (b.) mounted on the side
and focused on the center of the edge of the sample

To date, the FAST sintering process has been used to explore many different potential
applications including functionally graded materials, highly dense and homogeneous
nanocrystalline metals and ceramics, biomedical materials, thermoelectric semiconductors, joined
dissimilar materials (brazing effect), growing large crystals and more which make the potential
applications for the technology both vast and diverse [25-28]. Later in this chapter a more indepth comparison of FAST sintering and conventional sintering will be explored to investigate
possible advantages of FAST sintering.
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The FAST technique has been used to sinter many ceramics such as ZrO2, Al2O3,
Ba2TiO3, and several others [29-31]. In many cases, FAST sintering has been characterized by
rapid densification to high theoretical density in much shorter times when compared to
conventional sintering methods [29-31]. The FAST technique has generated interest in the
ceramics community because the process uses faster heating rates which allows for a shorter
overall sintering time and a presumed reduction in grain size [29-32]. It is important to note that
the majority of the research exploration by the sintering community has been carried out on small
laboratory scale FAST systems producing samples with 20mm diameter and thickness less than 3
mm. This scale of work would be unacceptable for most industrial and commercial applications.
A more comprehensive effort to address scaling issues and their effect on material properties and
performance is necessary to ascertain a more realistic comparison of sintering techniques.

The FAST technique has been used to demonstrate several improvements in material
properties such as improvements in optical transmission[33], mechanical performance[34, 35],
electrical properties[36], and oxidation/corrosion resistance[34, 37] . These results while
promising are not well understood. In fact, the majority of research performed using current
assisted sintering techniques are essentially parametric studies which yield some significant
improvement in a material property upon “post-mortem” (post-fabrication) characterization. Few
fundamental studies have been performed on possible mechanisms leading to material
improvements, and of those studies fewer still have been performed on high temperature carbide
ceramics (i.e. SiC, B4C, TiC, TaC, ZrC, HfC). The possible mechanisms for the observed
improvements in material properties using the FAST technique will be discussed in greater detail
in Chapter 2.
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1.4

Summary and Discussion
The detailed investigations discussed in later chapters are primarily focused on the

sintering behavior of SiC, B4C, and composites. It is therefore important to understand the lattice
structures and material properties of those materials in order to understand the material selection,
sintering additives, and sintering behaviors which will be discussed. The studies described in this
document were focused on three primary areas which are broken into three chapters. The first
area of focus was on investigating the sintering behavior of SiC-SiC fiber reinforced composites
using the FAST sintering method. This work examined the sintering behavior, the
microstructures, and the resulting material and mechanical properties associated with sintering the
composites on a small scale FAST unit (ϕ=40 mm, t= 2 mm) and a large scale FAST unit
(4”×4”×0.315”). These results from both units are compared and discussed in further detail in
Chapter 3.
The next area of focus outlined in Chapter 4 was to investigate the sintering behavior of
single phase SiC and B4C materials sintered by FAST, hot pressing, and pressureless sintering.
The resulting sintered materials were characterized to compare microstructures, material
properties, mechanical properties, and effectiveness for impact resistance. Additionally, this study
examined the results for materials sintered on small and large scale FAST units for comparison.
Results from Chapter 3 and Chapter 4 showed some interesting complexities associated
with scaling FAST sintered materials from a small sample size to a larger sample size which
required further examination. Therefore, Chapter 5 investigated the thermal properties during
sintering using the larger industrial scale FAST unit and the impact of the thermal properties on
the resulting material properties of SiC and B4C materials.
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Chapter 2
Sintering of Ceramics: Background and Theory

2.1

Introduction
In order to understand this work it is necessary to have a good understanding of the sintering

process. Unfortunately, the sintering process occurs in such a way that it is difficult to observe and
therefore fully understand. Sintering is also difficult to understand because there are multiple mechanisms
involved which behave differently from one system to another. For this reason, gaining a better
understanding of the sintering process has been the primary focus of many publications over the last
several decades. Many models exist to explain sintering phenomena and more importantly why sintering
occurs. The next few sections will summarize the sintering process and attempt to concentrate on the
sintering of ceramics and the solid state sintering process, as these concepts are most relevant to this
research. This chapter will attempt to explain the sintering phenomenon using both thermodynamic laws
and visual schematics to gain a full understanding of the process.
Sintered ceramic parts are created much differently than most commercially available metal parts
other than those fabricated by powder metallurgy. To create a metal part it is necessary to melt the metal,
and then cast it, and then often times the casted metal must be forged to get good density and then
machined into a final part. Ceramics must be prepared differently due to their refractory and brittle
material properties. In order to create a dense ceramic material, it is usually necessary to start with a finegrained powder. The powders typically undergo extensive processing to change the shape, size, or surface
area. Then the powders are pre-molded into a desired shape or they are placed inside a mold to be sintered
into a dense material. Barsoum defines sintering as “the process by which a powder compact is
transformed to a strong, dense ceramic body upon heating” [1].
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The purpose of sintering is to create a material with certain material characteristics. These
material characteristics that are of interest can be altered by producing a specific type of microstructure,
and microstructure is altered by adjusting process parameters like temperature, pressure, holding time,
and heating rate [38]. This is the reason most publications set out to gain a better understanding about the
relationship between process parameters, microstructures, and material properties. If these relationships
can be fully understood, then the material can be tailored to meet the necessary property restrictions for a
given application. For example, Table 2-1 shows a list of commonly desired properties associated with
the necessary microstructure characteristics.

Table 2-1: Desired microstructures for optimizing properties[1]

There are two types of sintering that can take place during the sintering of ceramic materials:
liquid phase sintering and solid state sintering. Liquid-phase sintering occurs at a high enough
temperature and pressure for one or more of the powder component(s) to form a liquid phase on the grain
boundary while another powder component(s) stays in the solid state. This differs from solid-state
sintering, where the powder components stay in the solid phase and no liquid is formed. Figure 2-1 shows
a schematic of liquid and solid state sintering.
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Figure 2-1: Schematic of a.) liquid-phase sintering; b.) Solid-state sintering [1]

2.2

Diffusion during sintering

Mechanisms of Diffusion:

Consolidation of a powder compact during sintering occurs by mass transport. Mass transport
during solid state sintering is facilitated by the movement of atoms from one place to another in a
crystalline lattice structure. This process is only possible because crystalline and polycrystalline solids
contain defects. Defects control the rate of mass transport and therefore have a significant impact on the
sintering process.
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Atomic Diffusion via Point Defect Mechanisms:

Solid state sintering theory describes three types of mechanisms by which atoms can diffuse in a
crystal lattice[1]. The vacancy mechanism takes place when one atom from a regular lattice site moves to
an adjacent vacant lattice site, leaving a vacancy in the previous lattice site. The vacancy mechanism is
shown schematically in Figure 2-2(a). The interstitial mechanism for atomic diffusion takes place when
an atom or ion (usually smaller in atomic size) moves from an interstitial site (irregular site in between
regular lattice sites) to another interstitial site as shown in Figure 2-2(b). The interstitialcy mechanism
involves the interstitial atom moving into a regular lattice site and forcing that atom to occupy an
interstitial site. This mechanism is shown schematically in Figure 2-2(c). Out of these mechanisms, the
vacancy mechanism has the largest impact on the solid state sintering process of polycrystalline solids
due to the large concentration of vacancy defects at the particle surface and at the crystal grain
boundaries, which will be discussed in more detail later.

Figure 2-2: Schematic representation of atomic diffusion mechanisms present during solid state
sintering, including (a) vacancy mechanism, (b) interstitial mechanism, and (c) intersticialcy
mechanism. Redrawn from Rahaman et al. [38].
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After establishing the mechanisms by which atoms can diffuse through a solid crystal, it is then
necessary to consider the onset of atomic diffusion. To visualize this onset, consider the schematic
presented in Figure 2-3(a,b,c) along with the corresponding change in free energy described in Figure
2-3(d). This schematic shows that there is a distinct high energy barrier that must be overcome if an
interstitial atom is to jump from one site to another. This high energy barrier is present for all forms of
atomic diffusion. Therefore, in order to invoke the diffusion process this energy barrier must be
overcome. The energy necessary to initiate the onset of diffusion is called the activation energy or the
energy of migration [39]. Atomic diffusion is a thermally activated process, and depends on temperature;
but activation energy for diffusion is not temperature dependent. The kinetic equation that describes this
phenomenon is described in Equation 2-1 where D is the diffusion coefficient expressed in cm2/s, D0 is
the pre-exponential factor (or prefactor), a material constant based on a given system, Q is the activation
energy which is also material dependent measured in kJ/mol, k is Boltzman‟s constant, and T is the
temperature. Typical values for activation energy during sintering can range from approximately 10-100‟s
of kJ/mol depending on the material. Values for activation energy and the prefactor are determined
experimentally for a given material [39].

Equation 2-1 [39]
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Figure 2-3: Schematic diagram describing the jump of an atom from one lattice site to another. The
atom location is shown in (a,b,c) and the corresponding change in free energy is shown in (d) [38].

2.3

Global driving force for sintering
Sintering of particles occurs due to a lowering of the free energy within the sintering system. Any

phenomenon that causes a lowering of free energy is commonly referred to as a driving force for
sintering. The three primary global driving forces involved in sintering are the curvature of particle
surfaces, an externally applied pressure, and a chemical reaction [38]. These three driving forces are
depicted in Figure 2-4. It can be generally stated that the driving force associated with chemical reaction
is much greater than that associated with external pressure, which is much greater than that associated
with reduction of surface free energy (curvature). The next section gives a more quantitative explanation
of the energy difference associated with each driving force.
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Figure 2-4: Schematic of the three driving forces that govern sintering: Surface free energy,
External pressure, and chemical reaction[38]

The first two driving forces, surface free energy associated with particle curvature and applied
pressure will be discussed in detail because they pertain to the experiments in this dissertation. The
chemical reaction forces will be briefly reviewed as a driving force for sintering however it was not
utilized in this research because it is difficult to control.

Driving force associated with a chemical reaction:

Sintering in the presence of a chemical reaction is known to be a driving force for sintering;
however it is not commonly utilized because controlling the resulting microstructure is extremely
difficult. For this reason, sintering in the presence of a chemical reaction was not performed. To
understand this concept let us consider an example proposed by Rahaman et al [38]. The change in free
energy accompanying a chemical reaction is given by Equation 2-2, where R is the gas constant, T is the
absolute temperature, and Keq is the equilibrium constant for the reaction. To compare with the energy
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values determined for curvature and pressure later in the section, let R =8.3 J/mol, T = 1000K, and Keq
=10. This results in ΔG ≈ 20,000 J/mol, which is several orders of magnitude larger than the other two
driving forces for sintering, and explains why it would be very difficult to control homogeneity and
characteristics of the resulting microstructure with such a relatively large driving force present. The lack
of control over the process is the definitive reason that the approach is not used.

G o  RT lnK eq

Equation 2-2 [38]


Driving force associated with externally applied force:

An externally applied pressure contributes significant driving force for sintering in most cases
where a chemical reaction is not utilized. Surface curvature is still a contributing factor in the presence of
an external pressure, but for most cases it is smaller than the driving force provided by the applied
pressure. To illustrate this concept, let us consider an example proposed by Rahaman et al [38]. It is a fact
that external pressure can do work on a system of particles and, for 1 mol of particles, the work done can
be approximated by Equation 2-3, where W is the work done, pa is the applied pressure, and Vm is the
molar volume. In this case, W represents the driving force for densification due to the application of an
external pressure. For pa = 30 MPa, which is a typical value of the stress applied during sintering, and Vm
= 25 x 10-6 m3, then W = 750 J. This number is one order of magnitude larger than the value calculated
for the driving force of surface free energy associated to curvature.

W  paVm



Equation 2-3 [38]
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Driving force associated with reducing surface free energy:

Sintering can occur without the presence of an externally applied pressure or a chemical reaction.
The surface curvature of the powder particles is a driving force for sintering and is capable of leading to
densification. Let us consider an example given by Rahaman et al to understand how surface curvature
can lead to densification [38]. Consider one mole of powder consisting of spherical particles with a
radius, a. The number of particles, N, is given by the expression in Equation 2-4. Where ρ is the density
of the particles, which are assumed to contain no internal porosity, M is the molecular weight and Vm is
the molar volume.

N

3M
3Vm

4a3  4a3

Equation 2-4 [38]

The surface area of the particle system is then given by Equation 2-5.



SA  4a2 N 

3Vm
a

Equation 2-5 [38]

If γsv is the specific surface energy (surface energy per unit area) of the particles, then the surface free



energy, Es, associated with the system of particles is given by the expression in Equation 2-6.

ES 

3 svVm
a

Equation 2-6 [38]

In Equation 2-6, Es represents the decrease in surface free energy of the system if a fully dense



body were to be formed from the mole of particles and considered a driving force for sintering. Consider
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a generic system with the following assumed values to determine an energy value; take γsv = 1 J/m2, a = 1
µm, and Vm = 25 x 10-6 m3, then Es = 75 J/mol of material. This value was referred to in previous sections
as being several orders of magnitude smaller than the energy associated to a chemical reaction (~20,000
J/mol) and one order of magnitude smaller than the energy associated to 30 MPa of external pressure (750
J/mol). It is important to note the dependence of Es on the particle size. For example, if we considered a
powder with having a radius of a= 10 nm instead of a= 1 µm then the driving force associated with
surface free energy would increase from 75 J/mol to 7500 J/mol. This is one reason that there is great
interest in sintering with smaller size powders, as the particle size decreases and approaches zero, Es
increases drastically (inverse relationship shown in Equation 2-6).

Reduction of surface free energy:

There are two phenomena that contribute to the reduction of surface free energy within a given
sintering system. According to Barsoum et al, the overall surface free energy of a system is decreased by
having a reduction of the total surface area causing an increase in the average size of the particles in the
given system that leads to a phenomenon known as coarsening. The surface free energy can also be
reduced through the elimination of solid/vapor interfaces and the creation of grain boundary area,
followed by grain growth, which leads to densification [1]. Figure 2-5(a) shows a schematic of shrinkage,
which occurs by densification and then grain growth. Figure 2-5(b) shows a schematic of coarsening
where the large particles grow.
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Figure 2-5: Two ways to achieve lower free energy. (a) Densification followed by grain growth
resulting in densification. (b) Coarsening where large grains grow at the expense of the smaller
ones.[1]

These mechanisms are present in all sintering systems and are in competition with each other to
reduce the surface free energy of the system. In a system where densification mechanisms are dominant,
pores begin to decrease in size, which causes the compact to become denser. If the mechanisms that lead
to coarsening are dominant then the pores and grains get larger with time. If large pores form in a system,
then it can be kinetically difficult to remove them; in fact large pores can become thermodynamically
stable, making them nearly impossible to remove [1].
To fully understand the effect of coarsening and densification mechanisms on resulting grain size
and density, it will be useful to consider the plots in Figure 2-6. These plots show density variation as a
function of grain size. The trajectory labeled Z shows that if near theoretical densities are desired, then
coarsening should be suppressed until densification can occur. However, even after densification has
occurred, coarsening will take place in the form of grain growth. If the coarsening is only slightly
suppressed, the sintering will follow the trajectory labeled Y, which shows a combination of the two
mechanisms occurring simultaneously. If coarsening is not suppressed at all, and only a small amount of
densification takes place, then the sintering will follow trajectory X.
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Figure 2-6: Grain size versus density trajectories for densification (x), coarsening (z), and a
combination (y) [1]

It is also important to consider the dihedral angle between grain boundaries when discussing
densification. For densification to occur it is necessary for the grain boundary energy to be less than twice
the solid/vapor surface energy. The expression that relates these two can be found in Equation 2-7, where
γgb is the grain boundary energy, γsv is the solid/vapor surface energy, and ϕ is the equilibrium dihedral
angle. This equation implies that the dihedral angle has to be less than 180° for densification to occur.
Figure 2-7(a) is a schematic depicting the dihedral angle between two grains pressed against each other.
Similarly, Figure 2-7(b) is a schematic depicting the dihedral angle inside a pore surrounded by three
joined grains.
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 gb  2 sv cos


2

Equation 2-7 [1]



Figure 2-7: (a) Equilibrium dihedral angle between two grains. (b) Dihedral angle inside a pore.[1,
38]

2.4

Local Driving Force for Sintering
The three global driving forces discussed in the previous section were the reduction of surface

free energy associated with curvature, externally applied pressure, and the addition of a chemical reaction.
This section will take a closer look at the reduction of surface free energy on the atomic scale. The
reduction in surface free energy occurs because of differences in surface curvature. There are two factors
that play a role in this phenomenon. The inherent curvature difference in a powder compact has an effect
on the partial pressure and the vacancy concentration. A quantitative approach will be employed to
understand these effects.
To understand the effect of curvature, consider the well-known Gibbs-Thompson equation. By
simply rearranging the equation, it can take the form shown in Equation 2-8, where Δµ is the chemical
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potential difference, µcurv is the chemical potential at a curved surface, µflat is the chemical potential at a
flat surface, γsv is the solid/vapor surface energy, ΩMX is the volume of a formula unit for compound MX,
and the curvature, κ, is dependent on the geometry of the particle; e.g., for a sphere of radius ρ, κ=2/ ρ.[1]
From Equation 2-8, it can be shown that curvature has a significant effect on the partial pressure and on
vacancy concentration.

  curv   flat   svMX 

Equation 2-8 [1]



At equilibrium conditions, this chemical potential difference translates to a difference in partial
pressure above the curved surface resulting in Equation 2-9, where k is the Boltzmann constant, T is the
absolute temperature, Pcurv is the pressure over a curved surface, and Pflat is the pressure over a flat
surface.

  kTln

Pcurv
Pflat

Equation 2-9 [1]

Combining Equation
2-8 and Equation 2-9 yields Equation 2-10 shown below.

ln

Pcurv
 
  MX sv
P flat
kT

Equation 2-10 [1]

Consider when Pcurv≈ Pflat, then Equation 2-10 simplifies to Equation 2-11.



P Pcurv  Pflat
 

  MX sv
Pflat
Pflat
kT



Equation 2-11 [1]
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For a sphere of radius ρ, κ=2/ ρ, and Equation 2-11 can be reduced to Equation 2-12 shown
below.

 2MX  sv 
Pcurv  Pflat 1

kT 


Equation 2-12 [1]

It should be noted in these equations that the radius of curvature for a concave surface is negative



and conversely the radius of curvature for a convex surface is positive. This equation predicts that the
pressure of a material above a convex surface is greater than the pressure over a flat surface, and the
opposite is true of a concave surface [1]. To further understand this, consider three atomic schematics
diagrams as proposed by Barsoum et al located in Figure 2-8. Upon analyzing Figure 2-8, it can be
determined that P1< P2< P3, therefore it makes sense that an atom sitting in a concave surface is less
inclined to escape into the gas phase corresponding to a lower partial pressure; and an atom on a convex
surface is more inclined to escape into the gas phase corresponding to a higher partial pressure.

Figure 2-8: Effect of curvature on equilibrium pressure [1]

The second important result of Equation 2-8 is that curvature of particles or pores have a
significant effect on the equilibrium vacancy concentration. Equation 2-13 defines the equilibrium
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concentration of vacancies, C0, where Q is the enthalpy of formation, T is absolute temperature, k is the
Boltzmann constant, and K‟ describes the entropy of formation. [1]

 Q 
C0  Kexp  
 kT 

Equation 2-13 [1]

Consider again that the chemical potential of an atom under a curved surface must be greater or



smaller than that of an atom under a flat surface. This energy difference must be taken into consideration
when forming a vacancy. Equation 2-14 describes Equation 2-13 when an energy difference is taken into
consideration.

 Q   
   
Ccurv  Kexp 
 C0 exp  MX sv 
 kT 

kT 

Equation 2-14 [1]


Assuming now that γsv ΩMX κ << kT, Equation 2-14 can be reduced to the form found in Equation
2-15. Equation 2-15 is also equivalent to Equation 2-16.

 MX  sv 
Ccurv  C0 1 


kT 

Equation 2-15 [1]



Cvac  Ccurv  C0  C0

MX  sv
kT

Equation 2-16 [1]

2-16 describes the relationship between vacancy concentrations similar to the way
Equation
partial pressures were described. The radius of curvature for a concave surface is negative and conversely
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the radius of curvature for a convex surface is positive. This equation predicts that the vacancy
concentration under a concave surface is greater than that under a flat surface, which is greater than that
under a convex surface. This difference in vacancy concentration creates a flux of vacancies, which is
dependent on curvature. This phenomenon is shown schematically in Figure 2-9.

Figure 2-9: Schematic showing vacancy flux on a curved surface [38]

2.5

Sintering Mechanisms
Atomic diffusion mechanisms determine the paths by which atoms must diffuse during the

sintering process. These paths or methods by which matter can transfer from one place to another during
sintering are often called the mechanisms of mass transfer. There are many different mass transfer
mechanisms discussed in solid state sintering theory; including vapor transport, viscous/creep flow,
volume/lattice diffusion, surface diffusion, and grain boundary diffusion. All mechanisms of mass
transport are shown schematically in Figure 2-10. All paths lead to an overall reduction of surface free
energy as described in the previous section, however not all paths lead to densification of the powder
compact.
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The general thought experiment for this concept is to consider the source and sink of the transport
mechanism. For densification to occur the radius of the three given particles (shown in Figure 2-10) must
shrink, i.e. the center of the particles must get closer to each other. The only possible way for this to
happen is if matter is transferred from the bulk or grain boundary to the sink. Any material exchange with
the particle surface will result in coarsening and/or grain growth. Each mechanism also has a rate
associated with it based on the defect concentration. In solid state sintering, especially of high
temperature ceramics, the most significant matter transport rates are associated with the surface, grain
boundary, and lattice diffusion. The likelihood of vapor transport becomes more significant when liquid
phase sintering is employed and the creep mechanism is most active on materials with very low creep
resistance. Now consider the defect nature of the remaining mechanisms of matter transport. It has long
been accepted in sintering theory that a material (or particle) surface is not atomically flat or ordered.
Therefore, many defects will be present at the material surface. Similarly, a grain boundary is defined as a
region of lattice mismatch and disorder with higher defect concentration than the surrounding grains.
Therefore, it is generally accepted that the diffusion coefficient for surface diffusion (Ds) is greater than
the grain boundary diffusion (Dgb), which is greater than the lattice diffusion (Dl); i.e. Ds > Dgb >Dl [38].
Recall Equation 2-1

Equation 2-1 [39] discussed in the previous diffusion section.

From Equation 2-1

Equation 2-1 [39] it is possible to make some assertions about the

activation energy for each mechanism. For a given material and temperature, the activation energies for
the mechanisms are described as Qs < Qgb < Ql. This concept provides the motivation to utilize high
heating rates during sintering. If the activation energy for surface diffusion (which leads to grain growth)
is the lowest, then it will also be the first to be activated during a heating cycle. With slow heating rates
(less than 10°C/min) the length of time, where surface diffusion is the only active mechanism, increases
greatly. This concept will be discussed later as it is often difficult to separate heating rate effects on mass
transfer, with current induced effects on mass transport during the FAST processing of materials.
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Figure 2-10: Schematic of the six mechanisms that contribute to the sintering of a polycrystalline
powder compact.[38]

2.6

Sintering stages
To understand sintering of a powder compact from a green density to near theoretical density, it is

convenient to break the process down into different sintering stages. The three stages of sintering that are
commonly discussed in literature as introduced by Coble et al [40]. Breaking the sintering process down
into stages based on changing geometry makes it easy to visualize how porosity elimination and
densification take place.
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Figure 2-11: (a) Initial stage of sintering; (b) Near the end of the initial stage noted by necking; (c)
Intermediate stage; (d) Final stage [1]

The three stages of sintering for polycrystalline materials are the initial stage, the intermediate
stage, and the final stage. The first stage of sintering begins with the assumed spherical particles in
contact with each other and nears an end when there is significant neck growth. During this stage of
sintering, porosity in the powder compact is continuous. This stage of sintering is usually associated with
densities ranging from 60 to 65 percent. The change from Figure 2-11(a) to Figure 2-11(b) is
representative of the initial stage of sintering. Also, Figure 2-12 is a micrograph of a powder compact in
the initial stage of sintering.
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Figure 2-12: Micrograph of the initial sintering stage [38]

The initial stage of sintering is characterized by the formation of necks as the radius of the
particles shrink and the center of the particles get closer together resulting in densification. The schematic
representation of this model is shown in Figure 2-13 [40, 41].

Figure 2-13: Geometrical parameters including original particle radius (R), radius of the pore (r),
area of the neck surface (A), and volume of the neck formed (V) for the two-sphere (3D) or twocircle (2D) model [38, 40].
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The intermediate sintering stage begins when there is uniform neck growth throughout the
powder compact and ends before the pore channels close off. This stage of sintering is also characterized
by continuous porosity similar to the initial stage. The intermediate stage of sintering is typically
associated with densities ranging from 65 to 90 percent. As particles get closer to the final stage of
sintering they are no longer modeled as spherical in shape. At this point particles are modeled as
tetrakaidecahedrons. Each edge of the tetrakaidecahedron is thought to have a continuous channel of
porosity separating grains from each other. This concept can be visualized schematically in Figure
2-11(c). Figure 2-14 also shows a micrograph shows a partially sintered powder compact that represents
what is known as the intermediate stage of sintering.

Figure 2-14: Micrograph of the intermediate sintering stage [38]

The final stage of sintering begins when the porosity channels that were described in the
intermediate stage are pinched off. Therefore, this stage of sintering differs from the initial and
intermediate stage because of the absence of continuous porosity. The shape of the porosity still left in the
compacted powder is either circular if it is located inside a grain or lenticular if it is located between
grains and on the grain boundary. The final stage of sintering is typically associated with densities greater
than 90 percent. The particle shape in the final stage of sintering is also modeled as a tetrakaidecahedron
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with porosity located at the corners of the grain boundaries but not extending along the edges. This
concept can be visualized schematically in Figure 2-11(d). Figure 2-15 also shows a micrograph of a
sintered powder compact during the final stage of sintering.

Figure 2-15: Micrograph of the final sintering stage[38]

2.7

Overview of FAST Sintering
Over the past 60 years, thermally activated mechanisms that cause mass transfer during the

sintering process have been examined and are now well understood. Investigations into the fundamental
mechanisms leading to mass transfer and consolidation during solid state sintering were first made during
the 1950-1960‟s by several authors [41-44]. This research laid the foundation which evolved into the
modern understanding of the sintering process which was discussed in previous sections of this chapter.
Since this time, the fundamental sintering research has shifted focus from establishing mass transport
mechanisms to determining methods of activating the mass transport process.
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In the last several decades, methods that utilize pressure, chemical reaction, secondary phase
formation, and electrical current have been given significant consideration as possible ways to manipulate
the activation of sintering. The most common methods of sintering used since the 1950‟s are pressure-less
sintering (PL), hot-pressing (HP), and hot isostatic pressing (HIP). Almost all fundamental sintering
research investigating mass transport mechanisms have been performed using some variation of these
techniques.
Methods of using electric discharge or current to aid the sintering process dates back to patents as
early as 1933 [45, 46]. From this time up until the early 1990‟s there were only a few reports of sintering
using electric current [47-49]. However, in the last few decades this topic has seen a significant increase
in interest and number of publications throughout the academic community. Currently, the technique of
employing high density electric current as a means of resistively heating a powder to perform sintering
has been given numerous names in the literature. During the initial commercialization of the technique, it
was known as spark plasma sintering (SPS). SPS is currently referred to in literature by several names
including pulsed electric current sintering (PECS), current-activated pressure assisted densification
(CAPAD), and field assisted sintering technology (FAST). The dispute about the process name was
brought about because many researchers believe to have demonstrated no existence of plasma during
typical operation of the system. The most notable work in this area was performed by Hulbert et al. [50,
51]. The study used several different materials with varying properties and made observations using
characterization techniques including in situ atomic emissions spectroscopy (AES), direct visual
observation, and in situ ultra-fast voltage measurements. No plasma or sparking phenomenon was
observed in this study. This result along with many other similar results has led most researchers to
change the name of the technique. However, it should be noted that a local, non-uniform sparking
phenomenon was reported under ideal conditions outside of a sintering system by Kuramoto et al. using
copper spheres and an optical microscope but the local sparking had no effect on the uniform neck
formation observed [52]. This result suggests that the existence (or non-existence) of sparking or plasma
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formation may be secondary or trivial compared to other current driven mechanisms leading to mass
transport.
The FAST process has been used to demonstrate many interesting material properties which were
discussed in the introduction section and we know the possible mechanisms for improving material
properties using the FAST technique must stem from the method of heating (electric current and/or the
electric field created by said current). The influence of electric current effects during sintering can be split
into two categories, thermal effects due to the electric current heating method and non-thermal effects due
to the electric current heating method.

FAST sintering mechanisms: Thermal effects

The physical method used to apply heat to the powder compact during the sintering process is one
key difference between conventional sintering techniques and current assisted techniques like FAST.
Conventional sintering methods use an external heat source relying on radiation and/or convection to heat
the powder. This typically limits the system to heating rates below 10°C/min but most commonly around
5°C/min [53]. In contrast using the FAST technique it is possible to reach heating rates as high as
1000°C/min; however most research in the area has reported using heating rates on the order of several
100°C/min. This high heating rate is achieved by passing high density continuous (or pulsed) DC current
which resistively (Joule) heats the graphite die compact and the powder housed within the die. Using high
heating rates has several implied advantages over relatively slow rates. The activation energy for surface
diffusion, a non-densifying mechanism leading to grain growth, has a lower activation energy than
densifying mechanisms like grain boundary diffusion. By heating the powder compact quickly it is
possible to minimize or bypass the length of time that surface diffusion is the only active mechanism.
Also, reaching sintering temperature quickly and then rapidly cooling further reduces the effect of surface
diffusion. This concept is visualized in Figure 2-16, where Tm is the melting temperature of an arbitrary
material. Most materials sinter to full density in the range of 0.5-0.7Tm. As heating rate drops below
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50°C/min and approaches 5°C/min the time to reach the desired temperature increases significantly. The
usefulness of high heating rate to reduce the effects of grain growth quickly becomes apparent.

Figure 2-16: The effect of heating rate on time to reach 0.5 x Tm for two temperatures [53]

Several publications over the last decade have presented data on the advantages of high heating
rates associated with using joule heating methods. Two experiments by Zhou et al. and Shen et al.
characterize the heating rate effects on densification and grain growth of alumina [54, 55]. Recent
modeling and experimental verification by Olevsky et al. on aluminum concludes that high heating rates
minimize the effects of surface diffusion and enhance the effects of grain boundary diffusion during
FAST sintering [56, 57].

Another proposed thermal influence on sintering due to electric current is that of high local
heating due to joule heating at particle contacts where electrical resistance is high. Figure 2-17 shows a
schematic diagram showing the electric current path along the particle surface, as well as the high
temperature generated at particle interfaces due to increased resistance and subsequent joule heating
effects which take place. At particle contacts, electric current is forced through a significantly smaller
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cross sectional area causing a significant increase in resistance, high localized temperatures, and then the
onset of diffusion and sintering. There has been speculation in recent literature that these temperatures
could potentially be high enough to melt and/or evaporate impurities at the particle surface, leading to an
increase in mass transport and improved sinterability [58]. A secondary implication of this phenomenon is
that localized thermal gradients will translate to gradients in the local vacancy concentration during
particle neck formation. A previous section introduced the dependence of vacancy concentration on
temperature, so by influencing local temperature it is possible to influence mass transport at the particle
contacts. Olevsky et al. have modeled this phenomenon and demonstrated the influence of thermal
gradients on localized atomic diffusion for an Al2O3 system [57]. The results from that work are shown in
Figure 2-18.
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Figure 2-17: A schematic diagram showing the electric current path along the particle surface, as
well as the high temperature generated at particle interfaces due to increased resistance and
subsequent joule heating effects which take place.
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Figure 2-18: Contribution to shrinkage rate from different mechanisms of mass transport for an
alumina powder; Assumptions: E=300 V/m, applied stress  = 30 MPa, heating rate 200 K/min,
grain size = 0.5 µm [57]

FAST sintering mechanisms: Non-Thermal effects
The effect of electric current on mass transfer, also called the electromigration phenomenon has
been well studied and documented for metal materials [59-61]. Figure 2-19 shows a schematic diagram of
the electromigration effect (electron wind effect) where atoms are pushed in the direction of the applied
current due to a momentum transfer from the moving electrons to the host ions. This effect has received
significant consideration by the semiconductor community in order to improve reliability of integrated
circuits. In the last decade, there has been a notable increase in interest surrounding electromigration
effects in current aided sintering techniques [53, 58, 62-64]. Bertolino et al. demonstrated that
electromigration effects were responsible for greatly increasing the phase formation in an Al/Au system
indicating that diffusion (sintering) could be enhanced in an ionic material [62]. However, due to the
nature of the momentum transfer from electron to ion (ionic conduction); it is generally accepted that
electromigration effects do not take place in semiconducting or insulating materials. The exception to this
is for highly doped semiconducting materials as was demonstrated by Cahen et al. [65].
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Figure 2-19: A schematic diagram of the electromigration effect (electron wind effect) where atoms
are pushed in the direction of the applied current due to a momentum transfer from the moving
electrons to the host ions.

The non-thermal current effects on mass transfer are not limited to electron wind related
phenomena. Other research has investigated the effect of current on the defect (vacancy) concentration
and the activation of defect mobility during sintering. Garay et al. showed that the activation energy for
the formation of a secondary phase decreased with increasing current for a Ni-Ti system [63]. Kumar et
al. demonstrated that applying an electric current to a Cu/Al alloy resulted in a higher vacancy
concentration when compared to no current [66]. The authors then performed collaborative work on a
Ni3Ti system and observed the annealing of point defects [67]. Using positron annihilation spectroscopy
(PAS) they observed that the application of current increased the annealing rate of point defects. They
attribute this result to a calculated 24% decrease in the activation energy for defect mobility.
Another fundamental study in the area of current assisted sintering was performed by Frei et al. in
which they experimentally observed the neck formation of copper spheres as a function of varying
applied electric current [68]. In this experiment, the temperature and current are decoupled by removing
the graphite die and ensuring all current must pass through the copper spheres. The authors found that
increasing current resulted in increased neck formation of the copper spheres indicating the improvement
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of mass transport mechanisms. The improvement in mass transfer was a result of decreased activation
energy for mobility and/or diffusion.

2.8

Thermal Gradients and Scalability of FAST Sintering
During FAST sintering, the temperature inside the graphite die is monitored by a pyrometer

focused through a hole in the center of the top graphite punch. This setup helps to control the heat
distribution inside the graphite die and prevent large heat gradients. Preventing large heat gradients
improves the reproducibility of the FAST sintering process. However, there currently is no literature
available on the scalability of the FAST process or how increasing the scale may affect temperature
gradients and/or sintering behaviors. Therefore, this section is focused on the current literature on thermal
gradients during FAST sintering.
Anselmi-Tamburini et al investigated the behavior of heat and current distribution in a graphite
die [69]. In this study, the authors modeled the current and temperature distribution inside the graphite die
for a 20 mm diameter, 3mm thick samples of non-conducting alumina (Al2O3) and conducting copper
(Cu). As discussed in the previous section, there may be mass transport advantages for FAST sintering
due to electrical current passing through the sintered powder. In the following study, the authors looked at
current distribution to try to understand the effect on the sintering process.
The current distribution in the die depends on the die geometry and scale, as well as the thermal
and electrical properties of the die and the sample materials. Figure 2-20 shows the current distribution
inside a graphite die and 3mm thick sample of Al2O3 and Cu at room temperature with an applied voltage
of 5V. The current distribution in each sample was significantly different during preliminary heating
especially within the sample. This means that any Joule heating effects will not occur in the nonconducting alumina sample at this temperature. Current distribution through the copper sample was
opposite, where much of the current passed through the sample causing Joule heating effects immediately.
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For both the copper and alumina, the highest current density occurs in the exposed area of the upper and
lower graphite punch. This difference in current distribution should also lead to a difference in
temperature distribution [69].

Figure 2-20: Current distribution in the SPS die for alumina and copper samples. Applied voltage
=5V [69].

As mentioned, the temperature distribution during the FAST sintering process is important for
reliable and reproducible results. Large temperature gradients within the sample could lead to
homogeneity issues within the sample. Since temperature gradients are the main concern of this section,
we will consider the results for the alumina samples in greater detail because the temperature gradients
will be larger for a thermally and electrically insulating material. Anselmi-Tamburini et al examined the
heat distribution inside a graphite die with a 3mm alumina sample after a period of 9 and 150 seconds at a
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constant current of 1000A. The results from this model can be found in Figure 2-21, where A and B are
the temperature distribution and heat flux after 9 seconds; and C and D are the temperature distribution
and heat flux after 150 seconds. It can be seen that there are temperature gradients at the onset of heating.
After 9 seconds, the temperatures are on the order of 10‟s of degrees Celsius. However, after a short time
(150 s) the temperature gradient across the sample and within the die is quite small according to these
results [69]. Based on the results of this model, the authors plotted the radial temperature gradient for
copper and alumina after 9 seconds, which showed the most significant gradient observed in the study.
Those results are shown in Figure 2-22, which shows the maximum observed radial gradient across the
sample (from 0.0 to 0.01 meters) was approximately 10°C.
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Figure 2-21: Calculated temperature distributions (a and c) and heat flux distributions (b and d)
for a 3mm thick, non-conducting (alumina) sample. Constant applied voltage of 4V. (a) and (b)
after 9 s; (c) and (d) after 150 s. [69]
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Figure 2-22: Calculated radial temperature distributions for non-conducting (alumina) and
conducting (copper) samples [69].

Anselmi-Tamburini et al also considered the heat rate generation in the copper and alumina
sample to see if the conductivity of the sample had any effect on the heat generation. Figure 2-23 shows
the heat rate generation for alumina and copper samples after 9 seconds. After a period of 9 seconds, the
majority of the global heat generation was created within the graphite die. This implied that conducting
samples did not contribute to global heat generation [69]. This demonstrated that the conductivity of the
sample sintered by the FAST technique did not affect the temperature gradients within the graphite die in
a significant way. It should be noted that the authors considered bulk samples; therefore Joule heating
effects and other particle contact phenomena could have been overlooked in the temperature and current
models. However, on a macroscopic scale it appeared that large temperature gradients due to material
properties should not be an issue at this scale based on these results.
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Figure 2-23: Calculated distribution of the heat rate generation inside the die for (a) nonconducting alumina; and (b) conducting copper samples

It is important to note that these results were based on a 20 mm diameter, 3 mm thick sample;
which is also by far the most common sample size and geometry reported on in the available literature
focused on FAST sintering. Based on this study and similar reports, there appears to be relatively small
gradients associated with FAST sintering. However, there are some significant gaps in the current
understanding of FAST sintering. To date there is no literature which examines the scaling of the FAST
process from smaller to larger sample size, and more importantly the influence of scaling on several areas
including the sintering behavior, the resulting material/mechanical properties, the thermal properties and
temperature gradients associated with sintering a larger sample, and the impact of thermal and electrical
conductivity of the sintered material as the sample size increases. The next several chapters will discuss in
detail several experiments which were conducted to explore these gaps in understanding.
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Chapter 3
SiC Fiber Reinforced SiC Ceramic Matrix Composites by FAST

3.1

Introduction
SiC is commonly used in high temperature applications because it has unique material properties.

Some of these properties include high hardness, high strength and creep resistance at high temperatures,
high thermal conductivity and thermal shock resistance, excellent resistance to oxidation and corrosion,
and low bulk density making it an interesting material for light-weight structural applications [5-8, 10,
70]. However, non-composite SiC has not been widely used as a primary structural material because it is
brittle in nature and exhibits low fracture toughness as well as high flaw-sensitivity [71, 72].
Fiber reinforced SiC composites have been the focus of many studies in recent years in order to
overcome the brittle behavior of most ceramics for high temperature structural applications. The fracture
behavior of fiber reinforced CMCs have been widely studied and it is well documented that fiber
reinforcement increases the fracture toughness and flaw-sensitivity through crack deflection, fiber pullout, and crack branching effects [73-76].
There are a wide variety of methods used to fabricate fiber reinforced CMCs. The most
commonly used techniques include chemical vapor infiltration (CVI), polymer infiltration and pyrolysis
(PIP), melt infiltration (MI), and hot pressing (HP) [77-80]. CVI, PIP, and MI techniques are often used
to fabricate fiber reinforced CMCs because they are well established methods; however the composites
fabricated with these techniques often result in porosity of 10-20%, and unreacted residual silicon
depending on the method used. These processes all require long processing times (hours to days) with
high rejection rates [81]. The hot pressing technique is an alternative method to increase the density of the
composites and in turn the mechanical properties, but it also has shortcomings. Hot pressing SiC to high
density typically requires long processing cycles at high temperature and/or the use of oxide sintering
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aids. The fibers cannot withstand prolonged exposure to temperatures in excess of 1500°C without
damaging the fibers and reducing the mechanical properties of the CMC.

3.2

Objectives
The FAST process is an ideal candidate to fabricate SiC CMCs because it combines compaction

to near theoretical density (low porosity) with short processing cycles to minimize fiber damage due to
reaction with the matrix or deterioration of fiber properties associated with long exposure to high
temperatures. This study explored the fabrication of non-composite SiC and SiC fiber reinforced SiC
composites using the FAST technique. The FAST technique was used to rapidly sinter both monolithic
and fiber reinforced ceramic composite matrices in order to improve the density, relative through-put,
while demonstrating comparable mechanical properties of conventionally fabricated SiC CMCs. The
study explored ceramic fiber reinforcement by both using SiC fibers and carbon fiber materials. Sintering
was first explored using the small laboratory scale FAST unit targeting samples with a diameter of 40 mm
and a thickness of 3 mm.
The sintered materials were sectioned and polished to examine microstructure and assess the amount of
porosity, and observe the shape and integrity of both the fibers and the fiber coatings after high
temperature sintering. The sintered materials also underwent 4-point bend testing to examine flexural
strength and failure characteristics. The load-displacement relationship was considered for failure
evaluation, and it was determined that the materials demonstrated pseudo-plastic deformation
characteristic of fiber reinforced composites. Therefore, fiber reinforcement increased the fracture
toughness and flaw-sensitivity through crack deflection, fiber pull-out, and/or crack branching effects.
SEM images of the fractured samples showed significant fiber pull-out during failure.
The materials and processing conditions were then down-selected based on mechanical
performance, porosity, and material availability. The selected materials were then sintered using the large
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industrial scale FAST unit targeting a sample size of 4×4×0.12 inches (101.6×101.6×3mm). The sintered
materials were sectioned, polished, and the microstructures were examined using SEM to similarly
determine the amount of porosity, and observe the shape and integrity of both the fibers and the fiber
coatings after high temperature sintering. The larger samples were mechanically tested using tensile
testing. The microstructures and mechanical performance of the materials sintered on both FAST units
were compared and found to be significantly different. The results from these experiments are discussed
at length in this chapter.

3.3

Experimental
In this study, the density of the non-composite SiC material was determined by the well-known

archemede‟s method; the densities of the SiC-SiC and SiC-C fiber reinforced materials were calculated
using micrometer measurements. Hardness measurements were taken for non-composite SiC using a
LECO M-400-G1 hardness tester unit with a Vickers hardness indenter. A 500 gram load and a hold time
of 15 seconds were used during hardness testing. The microstructure, porosity size, porosity distribution,
and grain size were analyzed using a Leo 1530 Field Emission Scanning Electron Microscope. The FESEM is a fully software controlled high resolution SEM with an In-lens detector. The grain size was
determined from the resulting SEM micrographs using the line intercept method. Four-point bend testing
was performed on the fabricated CMC samples according to ASTM C1341. The flexural strength was
determined from this data, and the resulting fracture surfaces were analyzed using SEM.
The submicron SiC powder used to fabricate the non-composite sample was supplied by SaintGobain Corporation. The trade name of the powder productused was SiC FCP15RTP which contains a
proprietary blend of resin (C) and boron carbide (B4C) and required no additional processing. The average
particle size was 0.9 µm which was confirmed using particle size analysis (Malvern Instruments –
Zetasizer) and SEM (Leo 1530 Field Emission Scanning Electron Microscope) equipment. Figure 3-1
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shows an SEM image of the as-received SiC FCP15 RTP powder. Figure 3-2 shows the particle size
distribution of the as-received SiC FCP15 RTP powder determined using a light scattering technique. The
SiC fiber reinforced CMC‟s were impregnated using a vacuum slurry impregnation technique and a slurry
blend of the SiC powder, water and a dispersant to optimize fiber loading prior to sintering. Targeted fiber
loading (volume percent of fiber compared to matrix material) for all CMCs studied was 35%. A
schematic is shown in Figure 3-3 which illustrates the method used to fabricate the samples. First a
layered fiber compact (also called a preform) was placed in containment. Then a SiC liquid slurry was
introduced to the containment. The containment was sealed and a vacuum was applied to pull trapped air
from the preform impregnated those areas with SiC liquid slurry. Lastly, the containment was heated to
remove any remaining liquid, leaving an impregnated fiber compact.

Figure 3-1: An FESEM image of the as-received SiC FCP15 RTP powder, individual particles
appear to be on the order of 0.1 to 2 µm with agglomerations on the order of 1 to 10 µm
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Figure 3-2: Shows the reflected light intensity of the powder dispersed in water recorded using
Malvern Instruments – Zetasizer. The resulting intensity curve was then processed to determine the
z-average size which was 0.9 µm.
The as-received SiC FCP-15RTP powder was also tested using an X-ray diffractometer with CuKα source to determine the crystallographic orientation of the starting powder. Figure 3-4 shows the Xray diffraction (XRD) results for the as received SiC FCP-15RTP powder. The intensity of the diffracted
X-rays was plotted as a function of the angle (2θ). The peaks act as a fingerprint which was then
compared to known standards. The known standard is designated by the gray vertical lines. The red lines
represent the known reflection angles for Moissanite-6H – SiC also commonly known as α-SiC. The
black spectrum represents the experimentally determined intensity as a function of two-theta. The XRD
results showed no secondary phase above the detectable limit of approximately 2 wt %.
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Figure 3-3: Shows schematic of the liquid slurry process used to impregnate the woven SiC fiber
preforms with SiC powder.
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Figure 3-4: shows the relationship between angle of incidence (2θ) and the intensity measured by Xray diffraction for the as received SiC FCP-15RTP powder

Two commercially available types of SiC fibers (Tyranno-SA and Sylramic-iBN) and one carbon
fiber (T300) were explored in this effort. Tyranno Fiber SA is a polycrystalline SiC fiber containing a
small amount of Aluminum, produced by decomposing and sintering of the amorphous Si-Al-C-O fiber.
Sylramic-iBN fibers start with basic Sylramic fibers which are near stoichiometric polycrystalline fibers
with boron and carbon additives to aid sintering. Those fibers are then processed using a proprietary
treatment developed at NASA to pull excess boron from the internal fiber structure to the fiber surface,
resulting in a thin (order of 1-10 nm) boron nitride (BN) coating on the fiber. Both SiC fibers were then
coated by Hyper-Therm HTC (Huntington Beach, California) with a pyrolytic carbon coating as well as
an additional layer of SiC. The pyrolytic carbon and SiC coatings were applied using chemical vapor
deposition (CVD). The T300 carbon fibers used in this study were also coated using the same
methodology and coating thicknesses. Figure 3-5 shows an SEM image of the T300 carbon fibers, the
crenulated fiber structure and the pyrolytic carbon and SiC coatings. An SEM image of the Tyranno-SA
SiC fiber coated with pyrolytic carbon and SiC is shown in Figure 3-6 and a similar SEM image of the
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Sylramic-iBN SiC fibers coated with pyrolytic carbon and SiC is shown in Figure 3-7. All micrographs
show good adhesion between the fibers and the coating layers. These woven fibers were then layered and
impregnated with a blend of SiC powder using a liquid impregnation technique previously discussed.
After drying the compacts were sintered in the laboratory scale (25 ton) FCT Systeme GmbH, Spark
Plasma Sintering Furnace (FCT HPD25-2) or the industrial scale (250 ton) FCT Systeme GmbH, Spark
Plasma Sintering Furnace (FCT HPD250). The minimum and maximum sintering temperatures were
determined based on the lowest temperature SiC could be sintered to relative density greater than 90%
and the maximum temperature the fibers could potentially with stand without being damaged. Based on
literature and previous knowledge of the materials, the samples were sintered between 1800 and 2000°C
under a pressure of 45-80MPa. All of the samples were heated at rates of 100°C/min for the laboratory
system, and for the industrial system an incremental heating rate was used: 100°C/min up to 1400°C,
50°C/min up to 1700°C, and then 25°C/min up to the hold temperature. Sintering times of 2-20 minutes
were studied.

Figure 3-5: An SEM image of T300 carbon fibers with CVD deposited coatings and the crenulated
fiber structure
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Figure 3-6: An SEM image of Tyrano-SA SiC fibers with CVD deposited coatings

Figure 3-7: An SEM image of the Sylramic-iBN SiC fibers with CVD deposited coatings
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3.4

Results and Discussion

Laboratory Scale 25 ton FAST system
Initial experiments were performed using the laboratory scale FAST unit to examine the sintering
behavior of SiC to establish a structure-property relationship for the SiC RTP used as the matrix
component in the SiC fiber reinforced composites [82, 83]. One SiC sample was sintered for a baseline
comparison in this study; the processing temperature and material property results for the sintered noncomposite SiC are shown in Table 3-1. The sample was sintered at 1900°C under a pressure of 55 MPa
for 15 minutes and heated at a rate of 100 °C/min. The density of the resulting sample was 98.8% as
determined by the well-known archemedes method. The sample was also found to have a Vicker‟s
hardness of 2662.6 and an average grain size of 2.90 µm. Figure 3-8 shows an SEM image of the
microstructure for the material. Figure 3-9 shows a sintering plot for the sintered non-composite sample.
This chart shows the temperature and relative piston displacement over the course of the sintering
process. Several sections of the plot are highlighted to pronounce important changes that occur during the
sintering process. To start, the sample underwent expansion (negative travel) due to the thermal expansion
of the powder compact. At 1000°C, the temperature was held while the pressure was applied which
resulted in compression/shrinkage (positive travel) due to particle rearrangement during pressing. As
heating continued to approach the sintering temperature, the rate of neck formation and subsequent
densification exceeded the rate of thermal expansion. The onset of rapid densification occurred around
1450°C. Then rapid shrinkage occurred between 1450-1900°C followed by a decay in the shrinkage rate
as the material approached theoretical density.

Table 3-1: Sintering conditions and result summary for the non-composite SiC FCP15-RTP
material
Temperature

Pressure

Hold Time

Heat Rate

Density

Hardness

Grain size

°C

MPa

min

°C/min

%

Vickers

µm

1900

55

15

100

98.80

2662.6

2.90
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Figure 3-8: An SEM micrograph of the non-composite SiC FCP15-RTP material

The SiC fiber reinforced composites were sintered on the laboratory scale system using several
conditions to determine the behavior of the composite under each condition. An emphasis was placed on
reducing porosity between the fibers, ensuring good interface between the fibers and the matrix, and
maintaining the integrity of the barrier layer (pyrolytic carbon) to prevent the fibers from sintering with
the matrix. Table 3-2 shows a summary of all the processing conditions that were explored during this
study, as well as the mass and physical geometries before and after sintering. This data was used to
determine percent compaction after sintering. The samples were labeled „A‟ or „B‟ followed by a number,
„A‟ and „B‟ were used to denote the two fiber loadings (matrix volume percent of fiber) explored in this
study which were A=25% loading and B=35% loading. After sintering, all the samples were imaged using
a FESEM and the resulting micrographs were compared to determine behavior changes under different
processing conditions. Both polished and fracture surface images were examined in this study.
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Figure 3-9: A chart showing the temperature and piston during the course of the sintering time for
the non-composite SiC sample
Table 3-2: A summary of all the processing conditions that were explored during this study, as well
as the mass and physical geometries before and after sintering. (A=25% and B=35% fiber loading)
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Figure 3-10 shows a FESEM image of a polished SiC matrix reinforced with woven Tyrano SiC
Fibers. The barrier coating seems to be intact after the sintering process which should allow for fiber pullout during flexing. This sample (A2) was sintered at 1750°C, 80 MPa, 20 minutes. The micrograph shows
that the pyrolytic carbon barrier layer stayed intact during the sintering process which led to minimal
breakdown of the SiC fibers. The micrograph also shows a mostly dense SiC matrix surrounding the SiC
fibers. A fracture surface for the same fiber composition is also shown in Figure 3-10. The fracture
surface shows similar evidence that the pyrolytic carbon barrier layer seems to have survived during the
sintering process, and the fracture surface shows evidence of fiber pull-out during the loading and failure
of the sample. Figure 3-11 shows a high magnification FESEM image of the Tyrano-SA fracture surface
which shows the nano-grain structure of the fiber and coating were maintained through the sintering
process. A similar result was found upon examining the T300 carbon fiber reinforced samples and the
Sylramic iBN fiber reinforced samples. Figure 3-12 shows a polished surface and a fracture surface of the
T300 carbon fiber reinforced samples. The images show a dense SiC matrix surrounding the carbon fiber
sample. The micrographs also show that the pyrolytic carbon coating survived the sintering process and
facilitated a visible fiber pull-out effect during loading and failure of the sample which leads to a tougher
composite. Similarly, Figure 3-13 shows the polished and fracture surfaces of a Sylramic iBN fiber
reinforced SiC composite. These micrographs also show a dense SiC matrix surrounding the SiC fibers,
as well as an intact pyrolytic carbon coating.
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Figure 3-10: FESEM images of a polished and fractured SiC matrix reinforced by woven TyranoSA SiC fibers. This sample was sintered at 1750°C, 80 MPa, 20 minutes. The polished and fracture
surface both show a dense SiC matrix surrounding the SiC fibers. The micrographs also show that
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the pyrolytic carbon coating survived the sintering process and facilitated visible fiber pull out
during loading and failure.

Figure 3-11: High magnification SEM image of Tyranno SA fracture surface shows nano-grain
structure was maintained post-sintering.
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Figure 3-12: FESEM images of T300 carbon fiber reinforced SiC matrix. This sample was sintered
at 2000°C, 80 MPa, 20 minutes. The polished and fracture surface both show a dense SiC matrix
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surrounding the SiC fibers. The micrographs also show that the pyrolytic carbon coating survived
the sintering process and facilitated visible fiber pull out during loading and failure.

Figure 3-13: FESEM images of Sylramic iBN fiber reinforced SiC matrix. The sample was sintered
at 1900°C, 80 MPa, 20 minutes. The polished and fracture surface both show a dense SiC matrix
surrounding the SiC fibers. The micrographs also show that the pyrolytic carbon coating survived

81
during the sintering process and facilitated visible fiber pull out during loading and failure which
led to improved toughness.

After examining the microstructures of the pre-sintered fibers and the post-sintered
fibers; several observations were made. For all fiber types sintered in the study, there was no visible
distortion of the fiber shape or reaction between the fiber and the matrix material. In all samples, a clear
distinction between fiber, coating, and matrix were visible. There was no visible cracking of the fibers
and/or the surrounding matrix prior to mechanical testing. Additionally, upon mechanical testing and
failure of the material, the fracture surfaces showed that there was consistent separation between the fiber
and the pyrolytic carbon coating, i.e. fiber pull-out known to be a toughening mechanism during
mechanical loading. These observations are important for a later discussion of the similar materials
sintered on the industrial scale FAST unit which result in severely different microstructures. To
summarize, the microstructures showed that the fibers and coatings used in this study did not undergo any
observed change in shape deformation, cracking, and/or reaction with the matrix material.

Four-point bend testing was performed on the sintered materials to determine if the fiber
reinforcement improved the toughness and would accommodate deflection of the SiC composites during
loading and to determine flexural strengths (also known as ultimate tensile strength). A picture of the 4point bend test fixture and a SiC fiber sample deflecting under pressure is shown in Figure 3-14. The
non-composite sample had the highest strength, but non-composite ceramics have poor toughness (brittle)
making them unreliable for applications due to abrupt failures associated with high flaw sensitivity. The
4-point bend test results for the T300 carbon fiber reinforced SiC composites, the Tyrano-SA SiC fiber
reinforced SiC composites, and the Sylramic-iBN SiC fiber reinforced SiC composites are summarized in
Table 3-3, Table 3-4, and Table 3-5 respectively. The tables show the corresponding sintering conditions
for each sample along with the density, porosity, and flexural strength. The T300 carbon fiber reinforced
composites showed the highest overall strength. The Sylramic-iBN reinforced materials showed the
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lowest strength which was approximately 30-40% lower than the same matrix material reinforced with the
T300 and Tyrano-SA fibers. The microstructure and fracture surface of the Sylramic-iBN composites
showed that the fiber and coating integrity were not compromised during sintering; therefore the asreceived fiber properties must have had inconsistency associated with the complex fabrication process.

Figure 3-14: A picture of the 4-point bend test in progress showing visible deflection.
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Table 3-3: A summary of sintering conditions for the T300 carbon fiber reinforced SiC matrix, and
the resulting density, porosity, and flexural strength determined by 4-point bend testing. (A=25%
and B=35% fiber loading)
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Table 3-4: A summary of sintering conditions for the Tyrano-SA SiC fiber reinforced SiC matrix,
and the resulting density, porosity, and flexural strength determined by 4-point bend testing.
(A=25% and B=35% fiber loading)

Table 3-5: A summary of sintering conditions for the Sylramic iBN SiC fiber reinforced SiC matrix,
and the resulting density, porosity, and flexural strength determined by 4-point bend testing.
(A=25% and B=35% fiber loading)
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Table 3-6 shows a summary of the best mechanical performance of each type of fiber
reinforcement of the SiC matrix material along with the baseline non-composite SiC material for
comparison. Calculated failure strains from mid-point displacement for all FAST sintered SiC fiber
reinforced composites exceeded 0.2% strain, and for the T300/FAST SiC exceeded 0.8% flexural strain.
The 4-point bend test load-displacement curve for the non-composite and fiber reinforced materials are
shown in Figure 3-15, Figure 3-16 and Figure 3-17. Figure 3-15 shows linear elastic loading followed by
a brittle failure (fast fracture) behavior that is most commonly exhibited during failure of a ceramic
materials. Figure 3-16 and Figure 3-17 show similar linear elastic loading, followed by a crack bridging
and load redistribution stage, and then a pseudo-plastic deformation characteristic of fiber reinforced
materials. No microstructure damage was observed in any of the fiber reinforced samples after FAST
processing that would adversely impact fiber pull-out during failure. This was attributed to the rapid
heating and cooling as well as the short processing times which limited the exposure of fibers to high
temperatures.

Table 3-6: A summary of the best mechanical performance of each type of fiber reinforcement of
the SiC material and the baseline non-composite SiC material for comparison. (A=25% and B=35%
fiber loading)
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Figure 3-15: Load vs displacement curve from the 4-point bend testing of non-composite SiCFCP15RTP

Figure 3-16: Load vs Displacement curve from the 4-point bend testing of T300 sample B7, two
bend-bar samples were machined from each sintered sample for testing.
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Figure 3-17: Load vs Displacement curve from the 4-point bend testing of Tyrano-SA sample A1,
two bend-bar samples were machined from each sintered sample for testing.

Industrial Scale 250 ton FAST system
After demonstrating flexural properties comparable to conventional methods of fabrication using
the laboratory scale 25 ton FAST system, the next objective was to scale up the sample size using the 250
ton industrial size FAST system. The focus was to fabricate 4”x 4” (commercial-scale) CMC composites
to compare results. Due to fabric availability and cost, four preliminary samples were sintered. The
processing conditions for each sample and the resulting densities are shown in Table 3-7. The resulting
bulk densities were comparable to samples sintered using the lab scale system. However, the
microstructural analysis of the samples showed local areas with notably different results when compared
to the lab scale system.
Three Sylramic iBN fiber reinforced samples were sintered and examined. Each sample had
different fiber loading (volume percent of fiber in the sample). Samples were labeled accordingly as
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Sylramic-LD (low density), Sylramic-ID (intermediate density), and Sylramic-HD (high density) to
denote approximately 25, 30, and 35 volume percent fiber respectively. The Sylramic-LD sample is
shown in Figure 3-18. There were many areas of radial fiber shearing, fiber deformation, and poorly
densified SiC matrix. These characteristics are shown in optical micrographs of the resulting polished
microstructure for the Sylramic-LD sample. The Sylramic-ID sample showed broken and deformed
fibers, but the SiC matrix was mostly densified, as shown in Figure 3-19. The Sylramic-HD sample
showed similar characteristics as the Sylramic-ID sample, including broken and deformed fibers, with
mostly densified SiC matrix. These described features are shown in Figure 3-20. The T300 carbon fiber
sample showed no signs of radial shearing or locally porous SiC matrix; however the carbon fibers were
thermally damaged and in many areas there were no traces of the CVI coatings. These results are located
in Figure 3-21.
All the microstructure results from materials sintered using the 250 ton industrial system were
notably different than the results shown for materials sintered on the laboratory scale system. All SiC
fiber reinforced samples showed fiber shearing and non-homogeneous densification of the matrix SiC
material. The T300 carbon fiber reinforced sample showed a high degree of uniform densification and no
fiber shearing, however the fibers thermally reacted with the surrounding SiC matrix material. All 4”x 4”
samples sintered on the industrial FAST unit, were sintered using similar processing conditions as the
samples sintered on the laboratory scale system (ϕ=40 mm). These results were a precursor to the
investigation of localized and non-uniform heating phenomena associated with the industrial scale FAST
system discussed in Chapter 5.
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Table 3-7: Processing summary for 4" x 4" fiber reinforced SiC composites.
Sample

Temperature
(°C)

Pressure
(MPa)

Dwell
(min)

Heating Rate
(°C/min)

Relative Density
(%)

Sylramic iBN-LD
SiC Fiber

1900

45

20

50 up to 1300°C;
25 up to 1800°C;
10 up to 1900°C

93

92.6

Sylramic iBN-ID
SiC Fiber

1900

45

25

50 up to 1300°C;
25 up to 1800°C;
10 up to 1900°C

Sylramic iBN-HD
SiC Fiber

1900

45

25

50 up to 1300°C;
25 up to 1800°C;
10 up to 1900°C

94.8

T300
Carbon Fiber

2000

45

25

50 up to 1300°C;
25 up to 1900°C;
10 up to 2000°C

97.9
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Figure 3-18: Sylramic-LD SiC showing (A.) broken fibers and (B.) deformed fibers and unsintered
SiC matrix material. The sample was sintered at 1900°C, 45 MPa, 20 minutes.
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Figure 3-19: Sylramic-ID SiC showing (A.) broken fibers and (B.) deformed fibers with more
densified SiC matrix. The sample was sintered at 1900°C, 45 MPa, 25 minutes.
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Figure 3-20: Sylramic-HD SiC showing (A.) broken fibers and (B.) deformed fibers with more
densified SiC matrix. The sample was sintered at 1900°C, 45 MPa, 25 minutes.
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Figure 3-21: T300-Carbon fiber in SiC showing (A.) intact fibers with sintered matrix and (B.)
thermally damaged fibers with and areas with no CVI coatings. The sample was sintered at 2000°C,
45 MPa, 25 minutes.
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The sintered samples were sectioned and machined into 3 specimens per sample to characterize
tensile strength. Table 3-8 summarizes the averaged tensile strength results for the tested specimens. The
tensile strength results for all specimens tested were low. The low tensile strength results were attributed
to the excessive amount of fiber cracking visible in the microstructure as well as some localized areas of
unsintered matrix material. The cause of these results is believed to be large thermal gradients within the
sample during sintering.
The stress-strain relationship for each specimen was also examined. The results for each material
tested are shown in Figure 3-22 through Figure 3-25. From the stress-strain relationship of the tested
specimens, it is clear that the percent strain (elongation) of the Sylramic-iBN materials shown in Figure
3-22, Figure 3-23, and Figure 3-24 were significantly limited due to the observed radial cracking. The
material withstood only a small amount of strain before exhibiting brittle failure similar to a monolithic
ceramic material. The stress-strain relationship for the T300 carbon fiber reinforced material shown in
Figure 3-25, demonstrated higher percent strain (elongation) during loading compared to the SylramiciBN materials. However, the overall tensile strength of the material was significantly lower than
anticipated based on flexural strength results from the laboratory scale testing. The significantly lower
strength was believed to be a consequence of the significant fiber-matrix reaction shown in Figure 3-21.
Further investigation was necessary to fully understand the issues related to scaling from the laboratory
scale to the industrial scale system.
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Table 3-8: Summary of ultimate tensile strength and standard deviation for 4" x 4" fiber reinforced
SiC composites.

Sample

Relative
Density
(%)

Avg Tensile Strength
(Ksi)

Std
Deviation

Sylramic iBN-LD
SiC Fiber

93

20.3

4.6

Sylramic iBN-ID
SiC Fiber

92.6

24.5

0.8

Sylramic iBN-HD
SiC Fiber

94.8

18.0

1.9

T300
Carbon Fiber

97.9

17.3

2.0

Stress-Strain: Sylramic iBN-LD
30
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25
20
15
10
5
0
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0.4
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Figure 3-22: Stress-strain relationship for tensile strength testing of the 4" x 4" fiber reinforced SiC
composites. All specimens were machined from the same Sylramic iBN-LD sample sintered by
FAST.
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Figure 3-23: Stress-strain relationship for tensile strength testing of the 4" x 4" fiber reinforced SiC
composites. All specimens were machined from the same Sylramic iBN-LD sample sintered by
FAST.
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Figure 3-24: Stress-strain relationship for tensile strength testing of the 4" x 4" fiber reinforced SiC
composites. All specimens were machined from the same Sylramic iBN-LD sample sintered by
FAST.
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Figure 3-25: Stress-strain relationship for tensile strength testing of the 4" x 4" fiber reinforced SiC
composites. All specimens were machined from the same Sylramic iBN-LD sample sintered by
FAST.

3.5

Conclusions
The FAST process was used to demonstrate a novel approach to CMC fabrication. From a

materials advantage, FAST is a potentially beneficial approach to sintering SiC CMCs because it
combines compaction to near theoretical density (low porosity) with short processing cycles to minimize
the fiber-matrix reaction and minimize grain growth. A nano-grained fiber structure is essential to retain
the fiber plasticity necessary to display the desired pseudo-plastic behavior of final SiC-SiC CMC
material. Also, from the processing side, current SiC CMC fabrication techniques require days to
manufacture; where the FAST process can reduce the time to hours or minutes depending on size. This
study explored ceramic matrix fiber reinforcement by using both SiC fiber and carbon fiber materials.
Sintering was first explored using the small laboratory scale FAST unit targeting samples with a diameter
of 40 mm and a thickness of 3 mm. The SEM microstructures and fractographs for materials sintered on
the small laboratory unit showed no damage to the fiber or coating during the sintering process. Images of

98
the fracture surface showed separation of the fiber and coating, followed by fiber pull-out which is known
to be a primary mechanism to improve flaw sensitivity and strain of CMC materials. High resolution and
magnification FESEM images of the internal fiber structure showed that grain size of the fiber material
was not significantly impacted during sintering and remained on the same order of magnitude (~200-500
nm). Additionally, fiber shape and integrity were not significantly impacted by the sintering process.
The resulting sintered materials also underwent 4-point bend testing to examine flexural strength and
failure characteristics. The load-displacement relationship was considered for failure evaluation, and all
materials showed pseudo-plastic deformation during failure which is characteristic of fiber reinforced
composites. Therefore, fiber reinforcement increased the fracture toughness and flaw-sensitivity through
crack deflection, fiber pull-out, and/or crack branching effects. The flexural strengths of the materials
were comparable or higher than reported literature values for CVI SiC materials.
The materials and processing conditions were then down-selected based on mechanical
performance, porosity, and material availability. The selected materials were then sintered using the large
industrial scale FAST unit targeting a sample size of 4×4×0.12 inches (101.6×101.6×3mm). The sintered
materials were sectioned, polished, and the microstructures were examined to determine the amount of
porosity, and observe the shape and integrity of both the fibers and the fiber coatings after high
temperature sintering. The resulting microstructures for all Sylramic-iBN fiber reinforced materials
showed significant radial shearing of the fibers after FAST sintering using the large industrial scale
system. Additionally, there was a significant amount of fiber shape deformation and localized areas of
unsintered SiC matrix material. The microstructure of the T300 carbon fiber reinforced material showed
no fiber shearing, or shape deformation during sintering. However, the T300 carbon fiber sample showed
a significant amount of fiber, coatings, and matrix reaction after FAST sintering. The larger samples
sectioned and several specimens from each sample were machined for tensile testing. The observed
tensile strengths were significantly low when compared to the observed flexural strengths. Also, the
stress-strain relationship for the Sylramic-iBN materials showed very low strain percentages and the
failure was more characteristic of a non-composite material due to excessive fiber shearing within the
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internal structure. The T300 material showed higher strain percentages more characteristic of fiber
reinforced CMC materials; however the overall strength remained low.
Both the microstructures and mechanical performance of the materials sintered on the large
industrial scale FAST unit were significantly different compared to materials sintered on the laboratory
scale FAST unit. The non-uniformity of the microstructures may be indicative of high thermal gradients
present in the materials which could potentially cause mechanical (shearing) damage and deformation of
fibers due to thermal stresses as well as cause localized reaction and areas of unsintered material as a
result of non-uniform heat distribution and sintering. Further investigation is needed to confirm this
theory.
In summary, the liquid slurry impregnation followed by FAST sintering was a viable and novel
approach to CMC fabrication. The FAST samples sintered using the 25 ton laboratory scale system (at
ϕ=40 mm) demonstrated pseudo-plastic behavior and mechanical properties similar to conventional
techniques. These samples also had relatively low porosity in comparison (5-10%). However, when
scaled up to the 250 ton industrial scale system (101.6×101.6×3mm), the microstructure results and
mechanical properties were notably different and unexpectedly worse due to fiber shearing, nonhomogeneous densification, fiber shape distortion, and/or thermal reaction of the fibers with the matrix
material. These results were a precursor to the systematic investigation of localized heating and thermal
gradients discussed in Chapter 5.
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Chapter 4

Microstructure and Mechanical Performance Relationship of SiC and B4C Ceramics Materials
sintered by FAST

4.1

Introduction
Recently, there has been much interest in sintering SiC and B4C because they are light weight and

structurally robust materials [8, 84-86]. Bulk properties for the hard materials are shown in Table 4-1
[5].These physical properties, hardness and low bulk density, combined with the commercial availability
make these two materials relatively resistant to high strain rate dynamic loading, and ideal for lightweight applications. However, sintering SiC and B4C to near theoretical density is difficult due to its low
sinterability. The low sinterability is a result of the very strong covalent bonding between silicon or boron
joined with carbon atoms in the lattice as well as a low self-diffusion rate [2]. Sintering requires long
process times with several steps involved when using conventional methods of sintering; therefore an
alternative approach facilitating shorter processing cycles and smaller grains could potentially improve
the performance of the materials.
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Table 4-1: Material property data for ceramic materials that have high hardness and low bulk
density.
Density

Hardness

gm/cc

(kg.mm2)

Diamond

3.51

7000-10000

Cubic Boron Nitride

3.40

3500-5000

B4C

2.52

2900-3500

SiC

3.21

2800-3000

Al2O3

3.93

1500-2000

TiC

5.21

1800-2300

SiN

2.97

1800-2300

Materials

To date, there have been no systematic experiments published that investigate FAST sintering
phenomenon on a large sample size (4×4×0.315 inch). The current study is focused on sintering identical
B4C and SiC powders with more realistic geometries using FAST, hot-pressing (HP), and pressureless
sintering (PL). Materials will be analyzed for mechanical and bulk properties, including characterization
of density, hardness, fracture toughness, fracture (bend) strength, elastic modulus, microstructure and
impact resistance during dynamic loading [87-91]. Dynamic testing was performed in accordance with the
method reported by Campbell and Salvia [32]. Results were analyzed to determine if any correlation
existed between structure-properties relationship of SiC and B4C materials and impact resistance.
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4.2

Objective
The objective of this study was focused on four areas: (i) Understanding the sintering process

including material and mechanical property distribution across large sized samples (4×4×0.315 inch) of
B4C and SiC materials sintered by FAST. (ii) Compare the material properties of FAST sintered B4C and
SiC with the same identical starting materials sintered by hot-pressing (HP), and pressureless sintering
(PL), respectively. (iii) Based on the dynamic loading experiments, explore the relationship between the
resulting mechanical properties and the impact resistance of the different materials studied. (iv) Compare
the 4×4×0.315 inch B4C and SiC materials with previous work on the 25 ton laboratory scale system.

4.3

Experimental
Three B4C powders were investigated in this study. Two research grade B4C powders (average

diameter of 0.7 and 1.5 µm) were acquired from Boron Carbide (India) Pvt. Ltd. Another commercially
available B4C powder (average diameter of 1.0 µm) was acquired from H.C. Starck GmbH with the trade
name B4C HD-15. The suppliers reported particle size was analyzed prior to sintering using particle size
analysis according to ASTM B822. Figure 4-1 through Figure 4-3 show the results from the light
scattering test and the corresponding particle size analysis. Figure 4-1 shows the particle size analysis of
the B4C coarse grained (labeled 1.5 µm) powder acquired from Boron Carbide India Pvt. Ltd. Analysis of
the powder according to ASTM B822 resulted in a mean size of 4.26 µm and a median size of 3.79 µm.
Figure 4-2 shows the particle size analysis of the B4C coarse grained (labeled 1.5 µm) powder acquired
from Boron Carbide India Pvt. Ltd. Analysis of the powder according to ASTM B822 resulted in a mean
size of 4.26 µm and a median size of 3.79 µm. Figure 4-3 shows the particle size analysis of the B4C HD15 grade (labeled 0.5 µm) powder acquired from H.C. Starck. Analysis of the powder according to ASTM
B822 resulted in a mean size of 1.72 µm and a median size of 1.19 µm. Table 4-2 shows a summary of
calculated D10, D50, and D90 values for the three B4C powders studied. These “D” values represent the
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diameter of the particle size when 10, 50, and 90 percent of the powder‟s mass is below the corresponding
threshold size; i.e. D50= 1.0 µm, means that for the given powder 50 percent of the powders mass is below
1.0 µm.

B4C India-Fine

Figure 4-1: Particle size analysis of the B4C fine grained (labeled 0.7 µm) powder acquired from
Boron Carbide India Pvt. Ltd. Analysis of the powder according to ASTM B822 resulted in a mean
size of 1.48 µm and a median size of 0.96 µm.

B4C India-Coarse

Figure 4-2: Particle size analysis of the B4C coarse grained (labeled 1.5 µm) powder acquired from
Boron Carbide India Pvt. Ltd. Analysis of the powder according to ASTM B822 resulted in a mean
size of 4.26 µm and a median size of 3.79 µm.
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B4C HD-15, H.C. Starck

Figure 4-3: Particle size analysis of the B4C HD-15 grade (labeled 1.0 µm) powder acquired from
H.C. Starck. Analysis of the powder according to ASTM B822 resulted in a mean size of 1.72 µm
and a median size of 1.19 µm.

Table 4-2: Summary of calculated D10, D50, and D90 values for the three B4C powders studied.

Due to the spray dried nature of the SiC powder, it was difficult to disperse the powder in a
liquid. Therefore, SEM imaging (Leo 1530 Field Emission Scanning Electron Microscope) was used to
investigate the 1 µm research grade SiC powder with less than 4Vol% B4C+carbon additives which was
acquired from Morgan AM&T. Figure 4-4 shows an SEM image of the SiC spray dried, 1 µm research

105
grade SiC powder. The image shows the 10-50 µm spherical agglomerates typical of a spray dried
powder. Figure 4-5 also shows an SEM image of the SiC spray dried, 1 µm research grade SiC but at a
higher magnification which shows the 200nm - 3µm particles that make up the spherically spray dried
agglomerates.

Figure 4-4: An SEM image of the SiC spray dried, 1 µm research grade SiC powder with less than
4Vol% B4C+carbon additives which was acquired from Morgan AM&T. The image shows the 10-50
µm spherical agglomerates typical of a spray dried powder.
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Figure 4-5: The large SEM image of the SiC spray dried, 1 µm research grade SiC powder with less
than 4Vol% B4C+carbon additives which was acquired from Morgan AM&T. The image shows a
high magnification image of the 200 nm - 3 µm particles that make up the spherically spray dried
agglomerates shown in Figure 4-4.

Starting powder masses were determined based on a targeted sample size of 4×4×0.315 inch
using (250 ton) FCT Systeme GmbH, Spark Plasma Sintering Furnace (FCT HPD250). In parallel, the
two powders (0.7 and 1.5 µm) from Boron Carbide (India) Pvt. Ltd. were hot pressed for direct
comparison. The SiC powder was pressureless sintered for comparison.

The bulk densities of the samples were calculated using the Archimedes‟ method as outlined by
ASTM B962-08. Hardness measurements according to ASTM E384 were taken using a Leco Model V1100-C hardness tester unit with a Vickers hardness indenter. A 1 kg load was used during hardness testing
of all samples. The polished samples and fracture surfaces were analyzed using a Leo 1530 Field
Emission Scanning Electron Microscope. The grain size was measured according to ASTM E112 using
the line intercept method. The fracture strength and fracture toughness were measured according to
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ASTM C1161B and ASTM C1421A respectively, using an Instron 5866 table-top load-frame. Figure 4-6
shows a schematic diagram of the test fixture used to determine fracture strength and fracture toughness
as per ASTM C1161B and ASTM C1421A (L=40 mm for both tests).

Figure 4-6: shows a schematic diagram of the test fixture used to determine fracture strength and
fracture toughness as per ASTM C1161B and ASTM C1421A (L=40 mm for both tests).

Elastic modulus was calculated from the measured ultrasonic velocities in the materials
according to ASTM E494-95 using a Tektronix TDS 3052B two channel oscilloscope. Measurements
were taken evenly in all four corners of the sample and once in the middle, for a total of 5 measurements
per sample. Multiple samples were measured to ensure consistency between sintering runs. Figure 4-7
shows a schematic diagram of an initial pulse followed by 7 echoed pulse waves. By measuring the
thickness of the sample and then the time difference between the echoes it is possible to calculate the
velocity of the wave packet in the material. Elastic modulus can be calculated using the ultrasonic
velocity of two different wave packets traveling through the material. Longitudinal and transverse (shear)
wave packets are used according to ASTM E494. By knowing the thickness and density of the sample
material it is possible to determine the time of flight, wave velocity, Poisson‟s ratio, and then use the
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information to calculate an elastic modulus for the sample. Equation 4-1 shows the method used to
calculate Poisson‟s ratio and the elastic modulus, where vl represents the longitudinal wave velocity and

vs represents the transverse wave velocity.

Figure 4-7: shows a schematic diagram of an initial pulse followed by 7 echoed pulse waves. By
measuring the thickness of the sample and then the time difference between the echoes it is possible
to calculate the velocity of the wave packet in the material.

Equation 4-1 [ASTM E494]

Dynamic test was also performed on 8-tile sets of each material sintered by different techniques.
The dynamic test results were divided by the areal density and then normalized prior to reporting;
therefore the results show relative differences in performance rather than quantitative information.
Dynamic testing was used for measuring the effective impact resistance of each material. As discussed,
impact resistance is dependent on material properties including hardness, density, strength, toughness, and

109
elastic modulus. However, the relationship of those dependencies is still poorly understood; therefore the
most widely accepted method of measuring impact resistance involves dynamic testing or proof testing of
the materials where the materials undergo several dynamic events until the failure point is observed.

4.4

Background
This study was preceded by several experiments [82, 92-95] that focused on examining the

material properties, mechanical performance, and impact resistance of SiC and B4C materials sintered
using a small laboratory scale FAST. These studies focused on establishing structure property
relationships for FAST sintered ceramics, explored the effects of FAST sintering using extreme heating
rates, and investigated mechanical property influences on impact resistance of small scale (ϕ=40 mm, t =8
mm) ceramic materials. Structure property relationships were established for SiC and B4C materials prior
to considering impact resistance and material performance.
The effect of processing conditions, including pressure, temperature, heating rate, and hold time
on the resulting material and mechanical properties of the sintered product; including density, grain size,
hardness, and porosity distribution were examined. Samples were sintered at temperatures of 1750, 1900,
2000, and 2100°C under a pressure of 15 and 45 MPa. The holding time and heating rate was 15 minutes
and 100°C/min respectively, for all samples in this set of experiments. Similarly, the samples were
characterized for density, hardness, and grain size. These results are shown in Figure 4-8, Figure 4-9, and
Figure 4-10.
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Figure 4-8: SiC density versus sintering temperature relationship, while heating rate and hold-time
were held constant at 100°C/min and 15 minutes respectively [82, 93].

The relationship between density and temperature for SiC is shown in Figure 4-8. By examining
this graph, it appears at high pressure (45MPa), sintering density increases as temperature increases and
then plateaus as the experimental density approaches the theoretical density. However, for the low
pressure sintering (15MPa), abnormal densification behavior was observed. The densification behavior
was characterized by a large increase in density between 1700-1900°C followed by a slight decrease in
density as temperature increased from 1900-2100°C. This behavior was attributed to large temperature
gradients across the sample when sintering with a low applied pressure due to poor particle surface
contact. This was confirmed by examining the variation in the grain size and hardness results at low
pressure shown in Figure 4-9 and Figure 4-10 respectively. These two charts show significant variation
for samples sintered at 15 MPa applied pressure compared to samples sintered at 45MPa. At higher
temperature, atomic diffusion rate is relatively higher but without added pressure, the higher diffusion rate
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causes a more pronounced effect of surface diffusion on the overall system and therefore more
pronounced grain growth. It was also discussed in Chapter 2 that hardness has an inverse dependence on
the grain size of polycrystalline materials through the well-known Hall-Petch equation.
Figure 4-10 shows the relationship between temperature and hardness sintered under 15 and 45
MPa. The plots show a general increase in hardness as temperature was increased. Samples sintered at 15
MPa showed the largest increase in hardness as temperature increased. However, hardness of all samples
sintered at 15 MPa were lower than samples sintered at 45 MPa. This correlates well with the significant
increase in density observed in Figure 4-8. As temperature increases, the difference in the hardness value
decreases between the samples. At high temperature it is difficult to get any meaningful structureproperty relationship out of the results due to overlapping error. The overlapping error bars in Figure 4-9
represent the standard deviations of the plotted averages.
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Figure 4-9: Averaged grain-size versus temperature relationship, while heating rate and hold-time
were held constant at 100°C/min and 15 minutes respectively. The dotted line represents the
starting powder size. The error bars at each point represent the standard deviation of the grain-size
measurements [82, 93].
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Figure 4-10 shows the relationship between grain size and temperature for samples sintered under
pressures of 15 and 45 MPa at different temperatures. The starting powder size is designated by the dotted
line on the chart. The grain size appears to increase linearly as temperature increases at both pressures.
The grain growth was more extreme for samples sintered at low pressure 15 MPa which was discussed
earlier. Both samples showed a general increase in grain size with temperature, this is due to the increase
in mass transport and diffusional processes at elevated temperatures as explained previously. These
processes contribute to densification, but also cause coarsening and grain growth.
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Figure 4-10: Hardness versus temperature relationship, while heating rate and hold-time were held
constant at 100°C/min and 15 minutes respectively. The error bars represent the standard
deviation of the measurements [82, 93].

Figure 4-11A shows a FE-SEM micrograph of a sample sintered at 1900°C under a pressure of 45
MPa for 15 minutes and heated at a rate of 100°C/min. The sample resulted in a fine grain, equiaxed
microstructure with an average grain size of 3 microns; just 2 microns larger grain size than that of the
initial starting powder particle size which indicates that non-densifying mechanisms that lead to grain
growth were significantly suppressed. Figure 4-11B shows a FE-SEM micrograph of the sample sintered
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at 2100°C, 15 MPa, 15 minutes, and heated at a rate of 100°C/min. The sample shows large variation
between smaller and larger grains, indicating the presence of exaggerated (anisotropic) grain growth [82,
93].

Figure 4-11: (A) An FE-SEM micrograph of a sample sintered at 1900°C under a pressure of 45
MPa for 15 minutes and heated at a rate of 100°C/min. The sample resulted in a fine grain,
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equiaxed microstructure with an average grain size of 3 microns. (B) An FE-SEM micrograph of
the sample sintered at 2100°C, 15 MPa, 15 minutes, and heated at a rate of 100°C/min. The sample
shows large variation between smaller and larger grains, indicating the presence of exaggerated
(anisotropic) grain growth [82, 93].

Considering Figure 4-8 through Figure 4-11, it is evident that there is significant grain growth
during low pressure sintering (at 15 MPa). The grain size increased very rapidly (~400% increase) as
compared to grain size of the material sintered at 45 MPa as a function of sintering temperature.
Anisotropic grain growth also occurred and grains with high aspect ratios were observed. A similar
finding was observed by the Grasso et al for WC sintered by SPS while varying pressure [96]. It was
observed that as the densification rate increased with pressure, sintering temperature and time could be
reduced and thus grain growth was suppressed. Furthermore, grain growth was suppressed by increasing
the pressure as observed during sintering by FAST (Figure 4-10). This indicated that external pressure
played an intrinsic role during FAST sintering, i.e. function of electric field, thermal gradient and internal
heat generated. These factors are dependent upon interface and contact resistance that is reduced by
increasing the pressure.
It is important to mention here that under low pressure FAST sintering (15 MPa); fewer grains act
as seeds for fusing together contributing towards the large grain size/growth. Under high pressure
(65MPa), more grains act as seeds for sintering paired with grain boundary diffusion and lattice diffusion
from the grain boundary leading to high population of grain sintering and more densification per unit
area. All these factors contribute to higher density with smaller grain size.
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Figure 4-12: SEM of B4C powder supplied by Saint-Gobian and H C. Stark. The powder shape is
similar but the H.C. Stark powder had smaller particle size, which was consistent with the particle
size analysis.

Similarly, monolithic B4C and composite materials were explored by Singh et al in several
unpublished studies. Two B4C powders were investigated, the Norbide grade B4C powder supplied by
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Saint Gobain and the HS grade B4C powder supplied by HC Stark. Figure 4-12 shows SEM images of
B4C powder supplied by Saint-Gobian and H C. Stark. The powder shape was similar for both materials;
however the H.C. Stark powder had smaller particle size, which was consistent with the particle size
analysis.
Microstructures of the sintered materials were examined by well-known polishing techniques
followed by electrolytically etching with 1% KOH to expose the grain boundaries by preferentially
etching. Figure 4-13 shows an SEM micrograph of FAST sintered Norbide and HS-grade B4C materials.
Both micrographs show highly dense microstructures (>99.5% relative density) sintered at 2050°C, 35
MPa, (ϕ=40 mm, t =8 mm).
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Figure 4-13: A SEM micrograph of FAST sintered Norbide and HS-grade B4C materials. Both
micrographs show highly dense microstructures (>99.5% relative density) sintered at 2050°C, 35
MPa, (ϕ=40 mm, t =8 mm).

After process optimization was performed for the different material systems, 8 samples were
sintered at the optimized sintering condition for each material composition under investigation. These
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sintered materials were then tested using the depth of penetrations test and the results were normalized
using a merit rating to show relative performance. A schematic of this technique developed by Rosenberg
et al is shown schematically in Figure 4-14. This test was used to investigate the penetration resistance of
the sintered materials, and gauge the materials using commercially available materials (in current use).
The depth of penetration test, like all impact resistance tests, acts as a proof test. In other words, the
specific application requires testing outside the laboratory due to the fact that the impact resistance of a
material system has not yet been fully understood. To date, there has been no general consensus on
correlation or dependence of impact resistance on material properties like density, hardness, strength,
toughness, and elastic modulus. The most widely used test to study impact resistance is the V50 test,
which was not used for the preliminary investigations due to sample size restrictions.

Figure 4-14: A Schematic depicting the depth of penetration test developed by Rosenberg et al. An
aluminum block is impacted with and without the tested material, based on the relative difference
in depth of penetration a differential efficiency (Δe) is calculated as described.
The merit rating (Δe) results from depth of penetration testing on the 40 mm tiles are summarized
in Figure 4-15. Several powder compositions from different suppliers were sintered in this study, and the
test also included many commercially available tiles which are color coded as orange/green in the chart.
The B4C samples sintered by FAST are light purple and the SiC samples sintered by FAST are red. These
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results demonstrated that comparable results were attainable using the FAST process with much shorter
processing times when compared to the commercially available samples. After obtaining comparable
results in the depth of penetration test on the 40mm samples, efforts were made to fabricate larger 4” x 4”
samples to demonstrate a more realistic scale for applications and transition to the preferred V50 test to
gauge impact resistance.

Figure 4-15: Summary of merit rating results from depth of penetration testing on 40 mm
tiles produced using the laboratory scale 25 ton FAST system.

4.5

Results and Discussion
For each material, 8 tiles (4×4×0.315 inches) were sintered; after sintering the density of

each tile was measured. Those average measured density for each material sintered is shown in
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Table 4-3. Table 4-3 shows a summary of the measured densities for each material using the wellknown Archimedes method and the calculated relative density based on each materials respective
theoretical density. The resulting density of the 1.5 µm B4C India powder sintered by HP was
2.52 g/cc (100% of theoretical); the same powder sintered by FAST resulted in densities greater
than 99% of theoretical density, the average of all samples sintered was 2.507 g/cc (99.5% of
theoretical). For all SiC powder samples sintered by PL sintering the resulting density was 3.123
(97.3% of theoretical); the same powder sintered by FAST resulted in densities greater than 99%
of theoretical, the average of all samples was 3.203 g/cc (99.8% of theoretical).

Table 4-3: Summary of the resulting density and relative theoretical density for all
materials in this study.
Material

Density (g/cc)

Relative Density (%)

B4C India (0.7 µm) HP

2.517

99.9

B4C India (1.5 µm) HP

2.517

99.9

B4C India (1.5 µm) FAST

2.507

99.5

B4C HD-15 FAST

2.504

99.4

SiC Pressureless Sintered

3.123

98.1

SiC FAST

3.203

99.7

The grain size measurements were calculated using several micrographs across different
locations of the samples using the linear intercept method. The average grain size in microns is
shown for each material in Figure 4-16. The error bars represent the standard deviation of the
averaged measurements from different locations across the sample. The FAST sintered 1.5 µm
B4C India samples had a smaller averaged grain size when compared to the HP sintered samples.
Similarly, the FAST sintered SiC samples also had a smaller averaged grain size when compared
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to the PL sintered samples. The smaller averaged grain size is due to the significantly shorter
processing times. The FAST samples spend less than 1 hour at elevated temperatures where grain
growth can occur. It is also important to note that the error is significantly larger for both
materials sintered by FAST. This error indicates larger variation in grain size at different
locations across the sample. The B4C HD-15 material sintered by FAST had the smallest
averaged grain size. There was significantly less grain growth for the B4C HD-15 when compared
to the B4C India material, even though the B4C HD-15 material had a slightly higher sintering
temperature to reach full density, the remaining FAST processing conditions were the same
including pressure, dwell time, and heating rate. At this point the cause was unknown and
required further investigation; the cause was narrowed down to potential metallic impurities in
the starting powder and/or secondary phase formation associated with oxide contamination. Both
were explored later in the study. Figure 4-17 and Figure 4-18 show sintering plots of the
processing parameters including temperature, force, and shrinkage due to densification
(displacement) as a function of the processing time for B4C India coarse 1.5 µm and B4C HD-15
material, respectively. Figure 4-19 shows a sintering plot of the processing parameters including
temperature, force, and shrinkage due to densification (displacement) as a function of the
processing time for the Morgan spray dried SiC material.

122

Figure 4-16: A chart showing the averaged grain size for each material after sintering using
the linear intercept method. The error bars represent the standard deviation of the
measured data set.

Figure 4-17: A sintering plot showing the processing parameters including temperature,
force, and shrinkage due to densification (displacement) as a function of the processing time
for B4C India coarse 1.5 µm material .
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Figure 4-18: A sintering plot showing the processing parameters including temperature,
force, and shrinkage due to densification (displacement) as a function of the processing time
for B4C HD-15 material .

Figure 4-19: A sintering plot showing the processing parameters including temperature,
force, and shrinkage due to densification (displacement) as a function of the processing time
for the Morgan spray dried SiC material .
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The polished micrographs for the B4C and SiC materials are shown in Figure 4-20
through Figure 4-25. Figure 4-20 shows an FESEM image of the polished microstructure for the
HP sintered B4C India fine grained powder. Figure 4-21 shows an FESEM image of the polished
microstructure for the HP sintered B4C India coarse grained powder. Figure 4-22 shows an
FESEM image of the polished microstructure for the FAST sintered B4C India coarse grained
powder. Figure 4-23 shows an FESEM image of the polished microstructure for the FAST
sintered B4C HD-15 grade powder. Figure 4-24 shows an FESEM image of the polished
microstructure for the PL sintered SiC spray dried powder. Figure 4-25 shows an FESEM image
of the polished microstructure for the FAST sintered SiC spray dried powder. The grain
morphology does not appear to change significantly between FAST and HP/PL sintering. In both
cases the microstructures appear to have equiaxed grains. The FAST sintered materials tended to
have smaller averaged grain size likely due to the shorter time at temperature. The FAST sintered
materials also had larger variation in the grain measurements in comparison. It is also important
to note the change in magnification for the B4C India and B4C HD-15 materials, the HD-15
material had significantly smaller grain size compared to all India materials studied.
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Figure 4-20: An FESEM image of the polished microstructure for the HP sintered B4C
India fine grained powder.

Figure 4-21: An FESEM image of the polished microstructure for the HP sintered B4C
India coarse grained powder.
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Figure 4-22: An FESEM image of the polished microstructure for the FAST sintered B4C
India coarse grained powder.

Figure 4-23: An FESEM image of the polished microstructure for the FAST sintered B4C
HD-15 grade powder.
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Figure 4-24: An FESEM image of the polished microstructure for the PL sintered SiC spray
dried powder.

Figure 4-25: An FESEM image of the polished microstructure for the FAST sintered SiC
spray dried powder.
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Hardness measurements were taken using a Vicker‟s Hardness indenter and a 1 kg load.
The results for each different material are shown in Figure 4-26. The individual data points are
also included on the plot to show the scatter for each material. The standard deviation of the data
set was calculated and is displayed on the graph as error bars. The results showed consistently
higher averaged values for materials sintered by FAST; however these averaged values were
within the standard deviation for all materials included in the study. For the materials sintered by
two different techniques, i.e. B4C India (1.5 µm) sintered by HP and FAST and SiC sintered by
PL and FAST, the samples sintered by FAST showed larger scattering and standard deviation in
the Vickers hardness values.

Figure 4-26: The resulting Vicker's hardness number, including the averaged values, the
scattered values and the standard deviation for each sintered material. The load was 1 kg
and time was 15 seconds.
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Elastic modulus was calculated by measuring the ultrasonic velocity of two different
wave packets traveling through the material. Longitudinal and shear wave packets travel through
the sample material. By knowing the thickness and density of the sample material it is possible to
determine the time of flight, wave velocity, Poisson‟s ratio, and then use the information to
calculate an elastic modulus for the sample. The averaged elastic modulus value for each material
in the study is shown in Figure 4-27. The individual values are shown in the graph denoted as the
scatter as well as the standard deviation for the averaged elastic modulus value. The B4C India
(1.5 µm) material showed higher averaged values when sintered by FAST compared to the values
when sintered by HP; however the averaged values were within the standard deviation. Similarly,
the SiC material sintered by FAST showed a 10% increase in elastic modulus when compared to
the material sintered by PL. It is also important to note that the scatter and standard deviation of
the elastic modulus values are once again larger for all materials sintered by FAST. The typical
reported elastic modulus values for conventionally sintered SiC are between 410-450 GPa, and
for B4C they are between 440-475 GPa [4, 97].
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Figure 4-27: A chart of the averaged values, the scattered values and the standard deviation
for the measured elastic modulus (GPa) of all sintered materials.

Flexural strength was measured for all materials in this study. The results are shown in
Figure 4-28. The FAST sintered B4C HD-15 material resulted in the highest averaged flexure
strength at 601 MPa. This strength result is higher than similar reported values likely due to the
significantly smaller grain size achieved by FAST sintering [98]. Other researchers have also
shown similar trends where in flexural strength increases with decreasing grain size [98]. The HP
and FAST sintered B4C India 1.5 µm materials resulted in a slight variation of the averaged
flexural strength but the difference was well within the error of the measurement. The HP B4C
India 0.7 µm material resulted in a significantly lower averaged strength and a very large range in
the data set. The resulting fracture surfaces were investigated, and the microstructures showed
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secondary phase precipitation scattered across the sample. Figure 4-29 shows a fracture surface of
the B4C India 1.5 µm HP material with visible precipitation as shown by the arrows. The
secondary phase is the result of metallic and oxide impurities present in the material. Some of
these suspected impurities were confirmed by EDS analysis shown in Figure 4-30. The flexural
strength of the SiC materials showed a slight increase in strength for the material sintered by
FAST when compared to the PL sintered material. The increased strength and hardness reported
for the FAST SiC are likely a result of the smaller grain size achieved by FAST sinterering.

Figure 4-28: A chart showing the average, scatter, and standard deviation for the measured
strength values of each material.
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Figure 4-29: An SEM micrograph showing a fracture surface of the B4C India 1.5 µm HP
material with visible precipitation within the matrix. EDS of one such precipitate is shown
in Figure 4-30.
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Figure 4-30: SEM photographs of the HP B4C (India) showing (a) precipitate
contamination in the matrix and (b) corresponding EDS.
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Figure 4-31: A chart of the averaged values, the scattered values and the standard deviation
for the measured fracture toughness of all sintered materials.

The averaged fracture toughness for each material studied is shown in Figure 4-31. The
values for B4C HD-15 material showed the lowest toughness of all the B4C materials studied with
an average of 3.0 MPa·m1/2. This value is similar to other reported fracture toughness studies on
commercially available B4C materials [88, 98]. In general, B4C is known to exhibit poor
toughness due to the inherently brittle nature of the material. The FAST sintered B4C India 1.5
µm material showed the highest toughness with an average of 5.3 MPa·m1/2, which is about a
60% increase in toughness when compared to the same powder sintered by HP. It is important to
note that the range for this data set, and in general the error in the toughness measurement is
higher for all materials sintered by FAST when compared to HP. The resulting fracture surfaces
for the HP and FAST sintered B4C India 1.5 µm are shown in Figure 4-32a and Figure 4-32b.
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There were several differences between the two fractured materials. The FAST sintered surface
was resulted in intergranular fractures, whereas the HP material showed a mixture of
transgranular and intergranular fractures. Additionally, the FAST sintered sample had less visible
secondary phase reaction when compared to the HP samples. This is likely due to the
significantly longer time that the HP material spends at elevated temperature which allows
.impurities to precipitate in the matrix. The measured fracture toughness of the SiC materials
were comparable to other recently reported values [99]. The FAST sintered SiC resulted in higher
averaged values, but also had a wider range in the data set, once again showing that there appears
to be more significant variation across the FAST sintered materials.
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Figure 4-32: (a.) shows a SEM micrograph of fractured B4C India 1.5 µm HP material; and
(b.) shows a SEM micrograph of fractured B4C India 1.5 µm FAST material.
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In order to improve the performance of ceramic tiles, it is necessary to understand the
failure mechanisms involved during impact. The dynamic impact event is thought to occur in
several stages all in rapid succession (on the order of nano to micro seconds) [87, 98, 100]. (1)
The metallic projectile strikes the ceramic face generating kinetic energy at the impact location;
(2) a shock wave is produced in the ceramic material. Tensile, compressive and shear stresses are
concurrently generated in the ceramic; (3) circumferential (cone) and radial cracks form in the
ceramic, (4) the ceramic imparts stress back on the projectile, (5) projectile is deformed, shattered
or eroded, (6) the projectile or fragments can continue to penetrate the ceramic or can be stopped
through a defeat mechanism known as “interface defeat”. Hauver et al were the first to observe
the phenomenon known as interface defeat [101]. To date, the static material properties of a
ceramic cannot be directly correlated with the materials performance during dynamic testing.
Therefore, there is an ongoing discussion in the ceramic protection community as to what degree
each material property has an impact on the penetration resistance [102]. The most commonly
characterized properties are density, hardness, fracture toughness, fracture (bend) strength and
elastic modulus [87, 89-91, 102]. However, it is evident from the above results there is no direct
relationship density, hardness, fracture toughness, fracture (bend) strength, elastic modulus and
dynamic tests. However, density, hardness plays an important role for high strain rate behavior of
the material.
As mentioned above that the dynamic testing, i.e., ballistic testing was done similar to the work
reported by Campbell and Salvia [32]. It is essential to find a good correlation between
microstructure, mechanical properties and ballistic resistance properties. The V50, in theory, is
the projectile velocity at which the probability of said projectile penetrating through the
composite backing plate is 50%. This value was taken as the mean of the two highest velocity test
at which the projectile did not fully penetrate the composite backing plate and the two lowest
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velocity test at which the projectile fully penetrated the backing plate. The V50 results were
divided by the areal density of the material and then normalized between ±1 based on the relative
performance; these results are shown in Figure 4-33. V50 results are comparable within the
experimental error of ±3% for all ceramic tiles produced by either PL, HP, or FAST for both
materials (SiC and B4C). It was observed that the exit velocity of projectile can be measured in
all HP and PL ceramic tiles, i.e. projectiles exits the target along the line of sight of the impact
and passes through the exit chronographs thus allowing the velocity to be recorded. In contrast,
the exit velocity of projectiles is difficult to measure if projectiles yaw (turn) upon impact and
exit on an angle, i.e., yawing and increased projectile fragmentation in all FAST ceramic tiles
indicative of increased dwell time upon impact. This may be associated with surface topography
or grain structure phenomena in the FAST ceramic tiles and may have contributed to increased
scatter observed in the V50 data. Additional data points should be obtained to further refine the
V50 data.
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Figure 4-33: A chart of the normalized dynamic results divided by the areal density of the
material for each material studied.

4.6

Conclusions
FAST sintered ceramic materials showed consistently higher averaged values for

mechanical properties as well as smaller grain size when compared to conventionally sintered
materials. While FAST sintered materials showed higher averaged values, in general they also
showed consistently larger variation in the scattered data and consequently larger standard
deviation for the resulting material properties. Also, the authors found no discernable correlation
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between static mechanical properties (hardness, fracture toughness, flexural strength) and
dynamic properties (i.e., impact resistance).
FAST sintering showed a notable difference in fracture behavior when compared to HP
of identical B4C material. FAST was characterized by less secondary phase reaction and
intergranular fracture modes, while HP showed significant secondary phase reaction and a
mixture of transgranular and intergranular fracture modes. The difference in fracture behavior is
attributed to impurities in the starting material which were confirmed by EDS. HP process
requires significantly longer time at elevated temperature which would allow for more secondary
phase formation. The change in fracture behavior resulted in significantly higher averaged
fracture toughness for FAST sintered materials.
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Chapter 5
Thermal Property Investigation of Carbide Ceramic Materials using the Field Assisted
Sintering Technique

5.1

Introduction
Due to the fact that FAST utilizes high heating rates and a relatively novel heating

mechanism (joule heating), many researchers have sought to gain a better understanding of the
thermal properties within the graphite die during FAST sintering [24, 69, 103, 104]. Both
experimental and modeling approaches have been taken to characterize and confirm thermal
gradients during sintering. To date, most attempts at modeling and/or experimental verification
have focused on small laboratory scale systems, and have been successful in demonstrating that
thermal gradients during FAST sintering have a dependence on electrical and thermal
conductivity of the sintered material, contact resistances at the die walls, depth of
plungers/punches during sintering, and the size of the sample and die body [24, 53, 69, 103, 104].
The goal of this study is to investigate the thermal gradients during FAST sintering using a large
industrial scale system, and compare the results with previous works carried out on laboratory
scale systems.

5.2

Objective
This study investigated thermal gradient properties during heating using a large industrial

scale 250 ton field assisted sintering (FAST) system, also known as spark plasma sintering (SPS),
at 900°C using B4C and SiC materials inside the graphite die assembly. The same materials were
then intentionally sintered using the described system while targeting 94% of each materials
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respective theoretical density to compare microstructure, porosity and hardness in different
locations across the material. The study aimed to characterize the thermal gradients at relatively
low temperatures (800-1000°C), when compared to the sintering temperature of the two materials
(~2000°C). Any observed thermal gradients at relatively low temperature were expected to
increase as temperatures approached sintering temperatures (1800-2000°C) due to an increase in
radiative heat loss. The relationship between thermal gradients and resulting material properties
were explored for the sintered B4C and SiC materials. To date, there have been no publications or
experiments to characterize the sintering phenomenon using an industrial scale 250 ton FAST
system. Publications have focused on documenting improved material properties achieved on
smaller systems (most commonly ϕ=20mm, t=3mm), without considering issues related to
scaling. Therefore, a comprehensive study of scaling and material selection was undertaken to
better understand the in situ thermal properties of the sintering environment and the possible
effects on resulting material properties.
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5.3

Experimental

Figure 5-1: An image of the 250 ton FCT Systeme GmbH, Spark Plasma Sintering Furnace
(FCT HPD250) used for this study.

A 250 ton FCT Systeme GmbH, Spark Plasma Sintering Furnace (FCT HPD250) was
used for this study. A 4”× 4” square graphite die set was selected for the experiments. The
graphite die and punches were machined so that two thermal couples could be placed in the upper
and lower punch, 5 mm in the vertical axis from the sample material. Dense (>99%) silicon
carbide (SiC) and boron carbide (B4C) materials with dimensions 4”×4”×0.315”
(101.6mm×101.6mm×8mm) were loaded into the graphite die to simulate the material property
behavior of each material during FAST sintering. SiC is considered to be an electrical
semiconductor with relatively high thermal conductivity, whereas B4C is an electrically and
thermally insulating material. The two thermocouples were placed in three locations and these
locations correspond to three separate cycles; the center of the of the upper/lower punch, 3 mm
inside the upper/lower punch, and 3 mm outside the upper/lower punch and into the die body in
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order to capture temperature readings at the desired locations. Additionally, the temperature is
measured, by an optical pyrometer focused on the bottom of a bore-hole 8 mm from the sample
surface. The majority of the publications that focus on FAST sintering typically report this
pyrometer temperature reading as the sintering temperature for the experiment. As mentioned in
the introduction, previous work has shown that the actual temperature can deviate from the
pyrometer reading. Figure 5-2shows a schematic diagram of the graphite die set and the
thermocouple locations that were investigated in this study. Due to the temperature limitations of
the thermocouples, the samples were heated to 900°C and held for 25 minutes in order for the
temperature to reach a steady state, and then the sample was cooled to room temperature, the
thermocouples were adjusted and the cycle was repeated. This method was used for both
materials, SiC and B4C.

Figure 5-2: A schematic diagram of the 4”×4”×0.315” graphite die set used for this study
along with the locations of the six different thermocouple readings taken for each material.

The thermocouples were then removed from the graphite die set, and SiC and B4C
powders from the same suppliers were sintered using the FAST process. The objective was to
sinter these materials to a density of approximately 94% of their respective theoretical densities to
study porosity distribution and material properties across the sample. The resulting samples were
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then sectioned and the material properties were examined to compare the resulting material
property gradients with the thermal gradients recorded using the thermocouples. The sintered
samples were then cut into 16, 1”×1” squares and the well-known Archimedes‟ method was used
to determine the density of the sectioned materials. Additionally, model V100-C1, Leco, (Tokyo,
Japan) with attached Vicker‟s hardness indenter with a 1 kg load was used to measure the
hardness. Hardness was measured along the horizontal axis as a function of distance from center
to edge; these measurements were taken 0.1 mm from the top and bottom surfaces of the sample
in 1 mm intervals across the sample.

5.4

Results and Discussion
Two validation cycles were carried out prior to beginning experimentation for this study.

This was to confirm that there were no discrepancies in the thermocouple readings from top to
bottom. This was accomplished by going through one heating cycle, up to 900°C for 25 minutes,
and then cooling to room temperature before swapping the top and bottom thermocouple and
cycling again to confirm that both thermocouples used recorded the same temperature readings.
The resulting temperature verses time plots are shown in Figure 5-3. The thermocouple
temperature measurements from both heating cycles were in agreement with each other, and the
maximum temperature deviation between the readings was 3°C.
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Figure 5-3: Two charts showing the temperature verse time relationship of the two identical
heating cycles; where temperature was monitored by a thermocouple in the top and bottom
punch as well as by an optical pyrometer. The top and bottom thermocouples were
exchanged between cycles to validate the temperature readings.

After validation, the graphite die set was loaded with a dense sample (B4C followed by
SiC), and then three FAST heating cycles were carried out for each material. These experiments
resulted in thermocouple temperature readings in six different locations within the graphite die
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set. The results for the B4C and SiC materials are shown in Figure 5-4 and Figure 5-5,
respectively. The resulting temperature verse time plots for B4C and SiC are considerably
different, indicating a significant difference in localized heating and thermal gradients during
sintering for each material. Figure 5-6 shows a summary of the temperature verse distance from
the center of the sample. These temperature values represent the temperature readings at the end
of the 25 minute dwell time. The thermal gradient behavior was notably different for the two
materials studied. When the graphite die was loaded with SiC, the vertical gradients were
relatively smaller at ΔT= 3, 43, and 1°C at 0, 47, and 55 mm from the center respectively (i.e.
center, edge, and die wall). Also, with SiC loaded in the graphite die the temperature from center
to edge (horizontal gradient) increased slightly on top and bottom, and then dropped off slightly
from edge of the material (47 mm from center) to the graphite die wall (55 mm from center).
When the graphite die was loaded with B4C, the vertical gradients were relatively larger at ΔT=
60, 25, and 1°C at 0, 47, and 55 mm from the center respectively (i.e. center, edge, and die wall).
Also, with B4C loaded in the graphite die the temperature from center to edge (horizontal
gradient) decreased on top and increased on the bottom, and then dropped off significantly
(135°C) from edge of the material (47 mm from center) to the graphite die wall (55 mm from
center). These results show significantly larger relative temperature gradients in both the
horizontal and vertical axis in comparison with previously publications reported values for
laboratory scale FAST units [24, 69, 103, 104].
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Figure 5-4: The temperature verse time relationship for three FAST heating cycles; where
temperature was monitored by two thermocouples and an optical pyrometer and the
graphite die was loaded with a dense B4C tile.
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Figure 5-5: The temperature verse time relationship for three FAST heating cycles; where
temperature was monitored by two thermocouples and an optical pyrometer and the
graphite die was loaded with a dense SiC tile.
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Figure 5-6: The temperature verse distance from the center of the sample. These
temperature values represent the temperature at the end of the 25 minute dwell time.

Figure 5-7 shows an image of the B4C sample locations that were focused on for
microstructure characterization. Figure 5-8 shows the resulting SEM micrographs at each of the
described locations. The micrographs show qualitative differences in the overall amount of
porosity from top to bottom and center to edge. The overall amount of porosity difference is least
distinguishable between A and B along the top of the sample. This relationship is consistent with
the thermocouple measurements in Figure 5-4 and Figure 5-6 which show a relatively smaller
temperature gradient from location A to B (ΔT=15°C). The SEM image of the microstructure at
location C shows a material with comparatively less porosity when compared to the
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microstructure image of location D. This relationship is also consistent with thermocouple
measurements in Figure 5-4, which show that in the bottom punch there is a relatively higher
temperature in the center when compared to the edge. The largest temperature difference
observed for the B4C material was recorded between the center of the top punch and the center of
the bottom punch (ΔT= 60°C). This relationship is also reflected in the microstructure showing
the most relative difference in porosity between microstructures from location A and C. This
result indicated that the bottom-center of the B4C sample (region C) sintered first which
correlates with the relatively higher temperature at that location shown in Figure 5-4, when
compared to the top-center of the B4C sample (region A).

Figure 5-7: An image of the B4C and SiC sample locations that were focused on for
microstructure characterization in this study.
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Figure 5-8: The resulting B4C SEM micrographs at each of the aforementioned
characterization locations A, B, C and D
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A similar approach was taken to investigate the SiC material across the sample. The
microstructure for SiC is shown in Figure 5-9. Qualitative analysis of the SiC microstructures did
not yield as significant change in the resulting microstructures when compared to the observed
changes in B4C. In other words, the change in visible porosity and/or grain size was less
pronounced for the SiC material when compared to the B4C material. In this way, it was
demonstrated that the SiC material was less impacted by the external thermal gradients in the die.
This was attributed to the significant difference in thermal and electrical properties of the selected
materials, the thermal conductivity and electrical resistivity for dense sintered materials: B4C ≈
30-40 W/mK, 1-10 Ω·cm and SiC ≈ 100-150 W/mK, 10-1000 Ω·cm [4, 105].
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Figure 5-9: The resulting SiC SEM micrographs from characterization locations A and C.
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The same samples were then used to examine hardness difference and compare them to
the recorded temperature difference in the thermocouple analysis. The hardness was measured
across the top and bottom of the sample from center to edge. The Vickers hardness number was
plotted as a function of distance from center to the edge of the material. The temperature recorded
at the end of the 25 minute hold was also plotted at specific horizontal locations throughout the
graphite die. The specific locations of interest for this analysis are shown as a schematic cross
section of the graphite die assembly and the sintered sample in Figure 5-10. This is a schematic
that shows the thermocouple locations (1, 2, 3 and 4) which are plotted along with the hardness
data from location A to B and C to D.

Figure 5-10: A schematic that shows the thermocouple locations (1, 2, 3 and 4) which are
plotted along with the hardness data from location A to B and C to D. These locations are
referenced in the subsequent figures and the analysis.
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Figure 5-11 shows the hardness and temperature data at the specified locations for the
B4C material. There was only a slight increase in hardness from A to B across the sample, this
correlates well with the relatively small increase in temperature difference (increase of 15°C)
between location 1 (913°C) and 2 (928°C). Similarly, there was a decrease in hardness from C to
D, which correlates well with the small decrease in temperature difference (decrease of 20°C)
from location 3 (970°C) to 4 (950°C). Recall that location 2 (B) and 4 (D) are 3 mm inside the
edge of the material. As the hardness measurements continued toward the edge of the material
there was a significant decrease in Vickers hardness number. This edge effect was attributed to
the maximum observed temperature drop (135°C) from the edge of the sample to the graphite die
wall shown in Figure 5-11. The largest observed hardness difference from top to bottom was
between point A and C; this also correlated well with the thermocouple measurements at location
1 and 3 which showed the highest vertical temperature difference. There is an increase in
temperature (ΔT=60°C) from location 1 (913°C) and 3 (970°C). This temperature difference had
the most pronounced effect on both the hardness and the overall porosity from the microstructure
analysis.
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Figure 5-11: This chart shows the B4C hardness measurements taken from location A to B
and C to D horizontally across the sample. The corresponding thermocouple measurements
taken after the 25 minute hold at location 1, 2, 3 and 4 were also plotted for comparison.

A similar approach was taken with the SiC material focusing on the same locations.
These results are plotted in Figure 5-12, which shows the SiC hardness measurements taken from
location A to B and C to D horizontally across the sample; as well as the corresponding
thermocouple measurements taken after the 25 minute hold at location 1, 2, 3 and 4 plotted for
comparison. The SiC material showed slight increase in hardness from A to B and C to D, this
corresponds with the observed increase in temperature from 1 (933°C) to 2 (1024°C) and 3
(936°C) to 4 (978°C). Compared to the observed difference in material properties for the B4C
material, the SiC material properties including hardness and overall porosity in the microstructure
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were less influenced by the observed temperature difference. Additionally, there was less edge
effect in the hardness of the SiC material which is attributed to the much smaller decrease in the
die wall temperature shown in Figure 5-12 when compared to the die wall temperature observed
for B4C shown in Figure 5-11.

Figure 5-12: This chart shows the SiC hardness measurements taken from location A to B
and C to D horizontally across the sample. The corresponding thermocouple measurements
taken after the 25 minute hold at location 1, 2, 3 and 4 were also plotted for comparison.

This study confirmed that thermal properties during FAST sintering play an important
role on the resulting microstructure and material properties. The thermal gradients and resulting
material property were significantly dependent on the thermal and electrical properties of the
sintered material. B4C exhibited larger vertical (top to bottom) gradients in the thermocouple
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study which correlated well with the significant changes to the microstructure and hardness.
Conversely, SiC exhibited much smaller vertical gradients (top to bottom) but showed higher
horizontal (center to edge) gradients, but these gradients had less apparent effect on the
microstructure and hardness of the resulting SiC sample. It is imperative to note that the
temperatures were measured using thermocouples in this study which were recorded between
800-1000°C due to thermocouple limitations; the gradients observed at that relatively low
temperature (800-1000°C) would be even larger at sintering temperatures approaching 2000°C
due to an increase in radiative heat loss.

5.5

Conclusions
This study investigated thermal gradient properties during heating using a large scale 250

ton FAST system at 900°C using B4C and SiC materials inside the graphite die assembly. The
thermal properties were then compared to the resulting material properties of the identically
sintered B4C and SiC to approximately 94% relative density. The study determined that at 900°C
there were significant thermal gradients within the system for the examined materials, and that
these gradients correlated well with the material property difference of the samples sintered at
higher temperatures where the temperature gradients are presumably larger due to an increase in
radiative heat loss. It was also determined that the material property difference was more
significant for B4C when compared to SiC which was overall less effected by thermal gradients.
This is attributed to the significant difference in thermal conductivity of the two materials. This
was the first systematic investigation of thermal properties carried out on a large industrial size
FAST system.
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Additionally, both the observed temperature gradients throughout the graphite die
assembly and the difference in temperature reading between the optical pyrometer and
thermocouples were significantly larger for the 250 ton FAST system (targeting 4”×4”×0.315”
samples) than previous reports have documented for smaller systems (targeting diameter of 20
mm and a thickness less than 5 mm). It has been confirmed that scaling and material selection
must be well understood to produce homogeneous material properties throughout the sample
when sintering using a large industrial FAST system.

5.6

Future Efforts
The current and future efforts in this area will focus on minimizing temperature gradients

throughout the graphite die body (vertical and horizontal). A preliminary study using carbon fiber
composites (CFC) plates was carried out by incorporating CFCs in different locations throughout
the graphite die assembly using a similar approach in order to study methods of influencing
thermal properties during FAST sintering. CFC materials have interesting thermal and electrical
properties including low thermal and electrical conductivity in the through-plane but high thermal
and electrical conductivity along the in-plane direction. This allows the material to be used as a
simultaneous heater (high electrical resistance causes greater joule heating) and a heat spreader in
the radial plane (due to high thermal conductivity in that direction). The method proved to be
successful in influencing the observed thermocouple temperature inside the graphite die
assembly. Further work is necessary to observe how the temperature difference influences the
material properties. Recall from the discussion section Figure 5-5 shows the thermocouple
readings throughout the graphite die using no CFC plates. Figure 5-13 shows an identical
experiment except CFCs were placed on top and bottom as shown in the image. This
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demonstrated the ability to influence the temperature and further work is necessary to understand
how this could be used to influence material properties.
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RECALL: Figure 5-5: The temperature verse time relationship for three FAST heating
cycles; where temperature was monitored by two thermocouples and an optical pyrometer
and the graphite die was loaded with a dense B4C tile.
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Figure 5-13: Identical to the experiment shown in Figure 5-5 except carbon reinforced
carbon composites were placed on top and bottom as shown in the image.
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Chapter 6
Summary and Conclusions

6.1

Summary
In Chapter 3, it was explained how the FAST process was used to demonstrate a novel

approach to CMC fabrication. For high temperature CMC applications, FAST offers a potentially
beneficial approach to sintering SiC CMCs because it combines compaction to near theoretical
density (low porosity) with short processing cycles to minimize both the fiber-matrix reaction and
the grain growth (in the fiber as well as the matrix). A nano-grained fiber structure is essential to
retain the fiber plasticity necessary to display the desired pseudo-plastic behavior of a final SiCSiC CMC material. Also, from the processing side, current SiC CMC fabrication techniques
require days to manufacture; where the FAST process could reduce the time to hours or minutes
depending on size. This study explored ceramic matrix fiber reinforcement by using both SiC
fiber and carbon fiber materials. Sintering was first explored using the small laboratory scale
FAST unit targeting samples with a diameter of 40 mm and a thickness of 3 mm. The SEM
microstructures and fractographs for materials sintered on the small laboratory unit showed no
damage to the fiber or coating during the sintering process. Images of the fractured surfaces
showed separation of the fiber and coating, followed by fiber pull-out which is known to be a
primary mechanism to improve flaw sensitivity and the percentage strain that the CMC can
withstand. High resolution and high magnification FESEM images of the internal fiber structure
showed that grain size of the fiber material was not significantly impacted during sintering and
remained on the same order of magnitude (~200-500 nm). Additionally, fiber shape and integrity
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were not significantly impacted by the sintering process. The resulting sintered materials also
underwent 4-point bend testing to examine flexural strength and failure characteristics. The loaddisplacement relationship was considered for failure evaluation, and all materials showed pseudoplastic deformation during failure which is characteristic of fiber reinforced composites.
Therefore, fiber reinforcement increased the fracture toughness and flaw-sensitivity through crack
deflection, fiber pull-out, and/or crack branching effects. The flexural strengths of the materials
were comparable or higher than reported literature values for CVI SiC materials.
The materials and processing conditions were then down-selected based on mechanical
performance, porosity, and material availability. The selected materials were then sintered using
the large industrial scale FAST unit targeting a sample size of 4×4×0.12 inches
(101.6×101.6×3mm). The sintered materials were sectioned, polished, and the microstructures
were examined to determine the amount of porosity, and observe the shape and integrity of both
the fibers and the fiber coatings after high temperature sintering. The resulting microstructures for
all Sylramic-iBN fiber reinforced materials showed significant radial shearing of the fibers after
FAST sintering using the large industrial scale system. Additionally, there was a significant
amount of fiber shape deformation and localized areas of unsintered SiC matrix material. The
microstructure of the T300 carbon fiber reinforced material showed no fiber shearing, or shape
deformation during sintering. However, the T300 carbon fiber sample showed a significant
amount of fiber, coatings, and matrix reaction after FAST sintering. The larger samples sectioned
and several specimens from each sample were machined for tensile testing. The observed tensile
strengths were significantly low when compared to the observed flexural strengths. Also, the
stress-strain relationship for the Sylramic-iBN materials showed very low strain percentages and
the failure was more characteristic of a non-composite material due to excessive fiber shearing
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within the internal structure. The T300 material showed higher strain percentages more
characteristic of fiber reinforced CMC materials; however the overall strength remained low.
Both the microstructures and mechanical performance of the materials sintered on the
large industrial scale FAST unit were significantly different compared to materials sintered on the
laboratory scale FAST unit. The non-uniformity of the microstructures may be indicative of high
thermal gradients present in the materials which could potentially cause mechanical (shearing)
damage and deformation of fibers due to thermal stresses as well as cause localized reaction and
areas of unsintered material as a result of non-uniform heat distribution and sintering. A detailed
investigation into the localized heating phenomena and thermal gradient properties was discussed
in Chapter 5. This study showed that liquid slurry impregnation followed by FAST sintering is a
viable and novel approach to CMC fabrication. Additionally, FAST samples sintered using the 25
ton laboratory scale system (at ϕ=40 mm) demonstrated pseudo-plastic behavior and mechanical
properties similar to conventional techniques. These samples also had relatively low porosity in
comparison (5-10%).
When scaled up to the 250 ton industrial scale system (101.6×101.6×3mm), the
microstructure results and mechanical properties were unexpectedly and notably worse due to
fiber shearing, non-homogeneous densification, fiber shape distortion, and/or thermal reaction of
the fibers with the matrix material.
Chapter 4 covered a detailed study of the two exemplary non-composite carbide ceramics
for dynamic loading applications, namely SiC and B4C, the effect of sintering techniques
including hot pressing, pressure-less sintering and field assisted sintering on the resulting material
properties, as well as a comparison of scale between the smaller laboratory scale 25 ton FAST
unit and the larger industrial scale 250 ton FAST unit. FAST sintered ceramic materials showed
consistently higher averaged values for mechanical properties as well as smaller grain size when
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compared to conventionally sintered materials. While FAST sintered materials showed higher
averaged values, in general they also showed consistently larger variation in the scattered data
and consequently larger standard deviation for the resulting material properties. Also, the author
found no discernable correlation between static mechanical properties (hardness, fracture
toughness, flexural strength) and dynamic properties (i.e., impact resistance).
FAST sintering showed a notable difference in fracture behavior when compared to HP
of identical B4C material. FAST was characterized by less secondary phase reaction and
intergranular fracture modes, while HP showed significant secondary phase reaction and a
mixture of transgranular and intergranular fracture modes. The difference in fracture behavior is
attributed to impurities in the starting material which were confirmed by EDS. HP process
requires significantly longer time at elevated temperature which would allow for more secondary
phase formation. The change in fracture behavior resulted in significantly higher averaged
fracture toughness for FAST sintered materials.
As described, the SiC and B4C materials sintered on the larger 250 ton system had
relatively larger variation in the observed material properties compared to the conventional
materials. Additionally, the materials sintered on the 250 ton FAST system showed relatively
more variation and in some cases worse mechanical performance when compared to similar work
done on the 25 ton FAST unit. The cause of the material property variation was attributed to
potentially high-localized heating phenomena and higher thermal gradients in the 250 ton system,
which to this point had not been reported. A fundamental investigation of the heating and
phenomena in the 250 ton FAST system was discussed in Chapter 5.
Currently, there exists a significant gap in fully understanding the heating phenomena
within the FAST system and the subsequent sintering dynamics during processing, as well as the
role materials, scale and geometry effect both heating and sintering. Chapter 5 described a study
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that aimed to shed light on some of the obscurity surrounding the localized heating, thermal
gradients and the resulting material properties after FAST sintering. The analysis investigated
thermal gradient properties during heating using a large scale 250 ton FAST system at 900°C
using B4C and SiC materials inside the graphite die assembly. The thermal properties were then
compared to the resulting material properties of the identically sintered B4C and SiC to
approximately 94% relative density. The study determined that at 900°C there were significant
thermal gradients within the system for the examined materials, and that these gradients
correlated well with the material property difference of the samples sintered at higher
temperatures where the temperature gradients are presumably larger due to an increase in
radiative heat loss. It was also determined that the material property difference was more
significant for B4C when compared to SiC which was overall less effected by thermal gradients.
This is attributed to the significant difference in thermal and electrical conductivity of the two
materials. This was the first systematic investigation of thermal properties carried out on a large
industrial size FAST system.
Additionally, both the observed temperature gradients throughout the graphite die
assembly and the difference in temperature reading between the optical pyrometer and
thermocouples were significantly larger for the 250 ton FAST system (targeting 4”×4”×0.315”
samples) than previous reports have documented for smaller systems (targeting diameter of 20
mm and a thickness less than 5 mm). It has been confirmed that scaling and material selection
must be well understood to produce homogeneous material properties throughout the sample
when sintering using a large industrial FAST system.
The FAST techinique has numerous processing advantages and has been used to
demonstrate many interesting and previously unachieveable approaches to sintering; especially
high temperature materials and/or materials which are sensitive to long processing times; such as
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nanograined materials. Chapter 3 and Chapter 4 investigated novel processing techniques to
materials which otherwise require long processing times at high temperature. In these studies,
FAST sintered materials demonstrated comparable or improved material and mechanical
properties with a significantly shorter processing cycle. However, it was shown that scaling the
FAST sintering process requires more careful consideration to achieve similar results. Chapter 5
investigated the local heating phenomena, thermal gradients, and resulting material property
variation using the 250 ton system.

Appendix A
Joining of SiC and SiC Ceramic Matrix Composites by FAST
SiC materials have many applications as outlined in Chapters 1-4. Currently, there is
significant interest in using monolithic and composite SiC in high temperature applications found
in the aerospace and nuclear reactor industries. SiC is an ideal material to replace heavier
refractory metal components in such applications. However, joining and mounting of dense SiC
materials to form complex geometries or anchor to larger components is a major challenge. For
many applications, metal fasteners are inadequate because of low creep/melting temperature and
incompatible coefficient of thermal expansion (SiC CTE= 4.0×10-6 K-1). A preliminary
investigation was carried out on the joining of SiC and fiber reinforced SiC-SiC composites.
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Figure A-1: An FESEM image of the as-received SiC FCP15 RTP powder, individual
particles appear to be on the order of 0.1 to 2 µm with agglomerations on the order of 1 to
10 µm

The same SiC powder was used for this study, as was used in the study outlined in
Chapter 3. The powder was acquired from Saint Gobain Corporation and contained less than
4vol% B4C and organic binder (carbon). Figure A-1 shows an SEM image of the powder used in
this study for the joining of two dense SiC materials. For the SiC-SiC CMC joining experiments,
chemical vapor infiltrated Sylramic iBN composites were acquired from NASA Glenn Research
Center. The SiC-SiC CMC joining was done with and without an intermediate SiC powder layer
between the joined samples. The samples were sintered in the small 25 ton laboratory scale FAST
system. The sintering was done at relatively high temperature 1800-2200°C using high heating
rate (100-200°C/min) and short dwell times (5-10 minutes) to minimize the exposure at high
temperatures. Both monolithic and composite SiC samples were near theoretical density prior to
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joining. The samples were then machined to remove surface roughness and create near parallel
sample geometries. Samples were placed inside a 40 mm graphite die, one directly on top the
other.

Figure A-2: An FESEM image of two dense SiC samples joined at 2000°C, 35 MPa, 5
minutes using a heating rate of 200°C/min. The joint is located between the two parallel
dotted lines and the square highlights the following higher magnification image.
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Figure A-3: A higher magnification FESEM image of two dense SiC samples joined at
2000°C, 35 MPa, 5 minutes using a heating rate of 200°C/min.

Figure A-2 and Figure A-3 show FESEM images of two dense, SiC samples joined at
2000°C, 35 MPa, 5 minutes, using a heating rate of 200°C/min. Figure A-2 shows a lower
magnification image of the joint and Figure A-3 shows a higher magnification image of the
highlighted joint area. Both images show diffusion of material at the joint location, however there
was still visible porosity along the joint interface at this processing condition. Another SiC
sample was joined in the same way; however the temperature was increased to 2200°C for a short
time. Figure A-4 and Figure A-5 show FESEM images of two dense, SiC samples joined at
2200°C, 35 MPa, 5 minutes, using a heating rate of 200°C/min. Figure A-4 shows a lower
magnification image of the joint and Figure A-5 shows a higher magnification image of the
highlighted joint area. In both images, the joint is indiscernible indicating that at this processing
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condition visible porosity at the joint was successfully removed. The sample also appears to be
homogeneous throughout the microstructure.

Figure A-4: An FESEM image of two dense SiC samples joined at 2200°C, 35 MPa, 5
minutes using a heating rate of 200°C/min. The joint is located between the two parallel
dotted lines and the square highlights the following higher magnification image.
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Figure A-5: A higher magnification FESEM image of two dense SiC samples joined at
2200°C, 35 MPa, 5 minutes using a heating rate of 200°C/min.

Efforts were also made to explore the joining of woven fiber reinforced SiC-SiC
composites. Several dense Sylramic iBN samples were machined to remove surface roughness
and create parallel samples. Two joining approaches were explored. First the samples were joined
in direct contact with one another, one directly on top the other. The second approach involved
using a thin (~100 µm) layer of SiC powder between the CMCs as an intermediary layer. Figure
A-6 shows an FESEM image of two dense SiC-SiC CMCs with an intermediate SiC powder
layer, the samples were joined at 1800°C, 55 MPa, 10 minutes using a heating rate of 100°C/min.
This sample showed some neck formation between the powder layer and the SiC-SiC CMCs,
however there was a significant amount of visible porosity in the powder layer and at the powderCMC interface. This indicated that higher temperatures were necessary to remove the residual
porosity. Figure A-7 shows an FESEM image of two dense SiC-SiC CMCs with an intermediate
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SiC powder layer, the samples were joined at 1900°C, 55 MPa, 10 minutes using a heating rate of
100°C/min. This sample had significantly less visible porosity in the SiC powder layer and at the
interface between the SiC powder and the SiC-SiC CMCs. There was also notably more
deformation of the fiber structures near the interface where more diffusion and rearrangement
occurred. Figure A-8 and Figure A-9 show FESEM images of two dense SiC-SiC CMCs joined
in direct contact with each other; the samples were joined at 2000°C, 55 MPa, 10 minutes using a
heating rate of 100°C/min. Figure A-8 shows a lower magnification image of the interface, and
Figure A-9 shows a higher magnification image of the same area. Both images show that at
2000°C the visible porosity was successfully removed at the joint interface. Similar to the
previous samples, there was more deformation of the fiber structures closer to the joint location.

Figure A-6: An FESEM image of two dense SiC-SiC CMCs with an intermediate SiC
powder layer, the samples were joined at 1800°C, 55 MPa, 10 minutes using a heating rate
of 100°C/min.
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Figure A-7: An FESEM image of two dense SiC-SiC CMCs with an intermediate SiC
powder layer, the samples were joined at 1900°C, 55 MPa, 10 minutes using a heating rate
of 100°C/min.

Figure A-8: An FESEM image of two dense SiC-SiC CMCs joined in direct contact; the
samples were joined at 2000°C, 55 MPa, 10 minutes using a heating rate of 100°C/min.
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Figure A-9: A higher magnification FESEM image of two dense SiC-SiC CMCs joined in
direct contact; the samples were joined at 2000°C, 55 MPa, 10 minutes using a heating rate
of 100°C/min.
This preliminary effort explored the feasibility of joining monolithic and composite SiC
materials using the FAST process. The study was able to successfully join the materials and
remove the visible porosity from the joint interface. The resulting joined material appeared to be
homogeneous in microstructure. In order to complete this study, it is necessary to examine the
mechanical strength of the joint. The objective of this future effort is to demonstrate joint strength
comparable to the strength of the bulk material.
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Appendix B
Sintering of SiC with Vapor Grown Carbon Fibers

A preliminary study was carried out on the sintering of SiC with vapor grown carbon
fibers (VGCF) to determine the impact VGCFs on the resulting flexural strength of the sintered
material. As explained in Chapters 1 and 2, SiC powders include a small amount of carbon to
maintain stoichiometry due to evaporation of silicon monoxide and silicon instigated by a
reaction between silicon carbide and the native oxide layer at sintering temperatures. Also,
Chapter 3 discussed in depth the ways that fiber reinforcement of ceramic materials can improve
toughness, as well as prevents catastrophic failure due to crack propagation along grain
boundaries. The incorporation of VGCFs in SiC material could be an alternative to continuous
fiber reinforcement which is extremely costly. Such a material would be useful for high
temperature applications found in the aerospace and nuclear reactor industries to replace
refractory metal components in such applications.
The same SiC powder was used for this study, as was used in the study outlined in
Chapter 3. The powder was acquired from Saint Gobain Corporation and contained less than
4vol% B4C and organic binder (carbon). Figure B-1 shows an SEM image of the powder used in
this study for the joining of two dense SiC materials. Figure B-2 shows an FESEM image of the
vapor grown carbon fibers from Vectorply which were used in this study. The average fiber size
was reported as 1×10 µm which was also confirmed by SEM imaging. The samples were sintered
using the small 25 ton laboratory scale FAST system. Several compositions were explored,
including non-composite SiC (0%), 1, 3, 5, and 10vol% VGCF. The sintering was done at
relatively high temperature 2050°C using high heating rate (100°C/min) and short dwell times (15
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minutes) to minimize the exposure at high temperatures. The samples were then machined
according to the ASTM standard C1161.

Figure B-1: An FESEM image of the as-received SiC FCP15 RTP powder, individual
particles appear to be on the order of 0.1 to 2 µm with agglomerations on the order of 1 to
10 µm
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Figure B-2: An FESEM image of the Vectorply as-received 1×10 µm carbon fibers used in
this study

The four point flexural strength testing was performed according to the ASTM standard
C1161 (configuration A, L=25mm). Figure B-3 shows the resulting flexural strength (in MPa) for
several compositions of vapor grown carbon fiber as well as the standard deviation of the
resulting data sets. There was a clear relationship showing a decrease in flexural strength with
increasing volume percent of vapor grown carbon fibers. Additionally, the standard deviation
increased drastically as the concentration of VGCF was increased. Fracture surface analysis was
then carried out to determine the cause of the drastic decrease in strength.
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Figure B-3: A chart that shows the resulting flexural strength (in MPa) for several
compositions of vapor grown carbon fiber as well as the standard deviation of the resulting
data sets.
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Figure B-4: An FESEM image of SiC RTP + 0 vol% VGCF sintered at 2050°C, 65 MPa, 15
minutes using a heating rate of 100°C/min

Figure B-5: An FESEM image of SiC RTP + 1 vol% VGCF sintered at 2050°C, 65 MPa, 15
minutes using a heating rate of 100°C/min.
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Figure B-6: An FESEM image of SiC RTP + 3 vol% VGCF sintered at 2050°C, 65 MPa, 15
minutes using a heating rate of 100°C/min.

Figure B-7: An FESEM image of SiC RTP + 5 vol% VGCF sintered at 2050°C, 65 MPa, 15
minutes using a heating rate of 100°C/min.
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Figure B-8: An FESEM image of SiC RTP + 10 vol% VGCF sintered at 2050°C, 65 MPa, 15
minutes using a heating rate of 100°C/min.
Figure B-4 to Figure B-8 shows the FESEM images of all the compositions investigated
in this study. The non-composite SiC material showed a faceted (intragranular) fracture
commonly observed for ceramic materials with equiaxed grains. With the inclusion of 1 vol%
VGCF the fracture surface remained similar, however there were areas of agglomeration of the
VGCF observed at the grain boundary junctures (triple points). The 3 vol% VGCF sample still
showed predominantly transgranular fracture behavior; however there appears to be areas which
contain continuous VGCF. In some areas (dark areas shown in Figure B-6), the continuous VGCF
caused a very different fracture behavior which was characterized by large agglomeration pull out
of SiC material. The pull-out areas appear darker in the FESEM images. This behavior increased
more so for 5 vol% VGCF and at 10 vol% VGCF the large pull-out was clearly the dominant
fracture behavior across the sample as shown in Figure B-8. It appeared that low concentrations
of VGCF decreased the fracture strength of the material by sitting at the grain boundaries and
behaving as defects in the structure and not forming any bond with the matrix material. At high
concentration of VGCF the VGCFs formed continuous networks around large (10-100 µm)
sections of SiC, which upon applying pressure caused large areas of material to pull-out which
significantly weakened the flexural strength of the material. Also, Figure B-9 shows a high
magnification FESEM image of the VGCF sintered in the SiC matrix. In this image, it is clear
that the fiber structures were significantly damaged and that no fiber pull-out was observed
during the fracture. Future work in this area should focus on longer fibers with sacrificial fiber
coatings to facilitate fiber pull out during fracture and diffusion bonding between the coating and
SiC matrix material. Also, at high volume concentration of VGCFs agglomeration and formation
of continuous areas of VGCF were detrimental to the strength of the material. Uniform
distribution of the VGCFs throughout the matrix would be necessary.
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Figure B-9: A high magnification FESEM image of the VGCF sintered in the SiC matrix.
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Appendix C
High Purity Boron Carbide
After the investigation of B4C outlined in Chapter 4, it was apparent that metallic and/or
oxide contamination present in the resulting material had a significant effect on the resulting
impact resistance of the material according to the V50 test results. A follow-up study was
performed on a high purity B4C powder. The B4C HS grade powder was supplied by HC Stark.
Particle size analysis was performed with the same procedure outlined in Chapter 4. The particle
size comparison is shown in Table C-1. XRD analysis was also performed on the powders to
confirm that the B4C HS material had less secondary phase contamination. Figure C-1 and Figure
C-2 show the XRD analysis of the B4C HD-15 and B4C HS grade powders, respectively. Table
C-2 shows a summary of the XRD analysis for both materials. The B4C HS grade material had
98.4vol% primary B4C phase with no detectable amount of boron oxide (B2O3) whereas the B4C
HD-15 material had 97.2vol% primary B4C phase with larger amounts of both B2O3 and B(OH)3.
Both materials were sintered using the same sintering conditions; 2050°C pressing with 35 MPa
for 25 minutes. Again, a set of 10 tiles were produced for impact resistance testing (V 50) and all
samples for both materials had a relative density of 99.7% ± 0.2%.

Table C-1: A table showing a comparison of particle size for B4C HS and B4C HD-15 grade
powders supplied by HC Stark.
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Figure C-1: The XRD results for the B4C HD-15 powder supplied by HC Stark

Figure C-2: The XRD results for the B4C HS powder supplied by HC Stark
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Table C-2: A table showing a comparison of primary and secondary phase volume
percentages for B4C HS and B4C HD-15 grade powders supplied by HC Stark based on the
XRD analysis.

Figure C-3: Microstructure of the B4C HS material supplied by HC Stark
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Figure C-3 shows the microstructure of the B4C HS grade material supplied by HC Stark.
The microstructure showed an equiaxed grain structure and an average grain size similar to the
micrographs for B4C HD-15 shown in Chapter 4. The sample was also sectioned to measure the
hardness properties similar to the procedure outlined in Chapter 4. Figure C-4 shows the hardness
results from all the materials studied in Chapter 4 with the addition of the B4C HS sintered
material. The B4C HS FAST sintered material showed higher hardness than then all other
previously studied materials and had smaller deviation in the scattered hardness values. Figure
C-5 shows the V50 results of all the materials studied in Chapter 4 as well as the results for the
B4C HS material. The V50 measurements showed a significant increase in impact resistance
between B4C HS and B4C HD-15 materials. The improvement in the impact resistance was
attributed to the decrease in secondary oxide phase of the material. Future work will further
explore the effect of oxide contamination on the mechanical properties of the FAST sintered
materials and investigate whether oxide contamination effect on material property homogeneity
and/or the local thermal gradients during FAST sintering. This showed that FAST sintering of
B4C material was highly sensitive to secondary phase oxide contamination. Also, the results
showed less deviation in the scattered results indicating that oxide contamination may worsen the
inhomogeneity of FAST sintered materials by altering the localized heating and thermal gradients
during sintering.
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Figure C-4: A chart showing the hardness results for all the materials studied in Chapter 4
with the addition of B4C HS. Hardness indentation was done using a 1 kg load for 15
seconds.

Figure C-5: A chart showing the normalized V50 results for the materials studied in Chapter
4 as well as the B4C HS grade material.
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